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TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS—29TH ANNUAL 
CONVENTION, CHICAGO, OCTOBER 18 to 24, 1947 


OR purposes of record and for the benefit of members who were 

not in attendance at the Twenty-ninth Annual Convention of 

the Society, held in Chicago, October 18 to 24, 1947, the Programs 

of the Technical Papers and Educational Lectures together with the 
Reports of Officers for 1947 are herewith published in full. 


TECHNICAL PAPERS PROGRAM 


MONDAY, OCTOBER 20 


Ballroom, Palmer House—10:00 A.M. 
Joint Chairmen—J. H. Hollomon, General Electric Co., and 
H. S. VanVleet, American Can Co. 
The Effect of Carbon Content on the Hardenability of Boron Steels, by G. D. 
Rahrer and C. D. Armstrong, Carnegie-LIllinois Steel Corp. 
Tempering Effects and the Mechanical Equation of State, by J. C. Fisher and 
C. W. MacGregor, Massachusetts Institute of Technology. 
An Investigation of Tempered Chromium-Silicon Spring Steel, by H. J. Elmen- 
dorf, American Steel & Wire Co. 


International Amphitheatre—2:00 P.M. 
Joint Chairmen—J. E. Dorn, University of California, and 
A. O. Schaefer, The Midvale Co. 
The Induction Hardening of a Quality Controlled Iron, by C. F. Walton, Mee- 
hanite Metal Corp., and H. B. Osborn, Jr., Ohio Crankshaft Co. 
Some Factors Affecting the Induction Hardening of an Alloy Cast Iron, by 
J. R. Sloan and R. H. Hays, Caterpillar Tractor Co. 
A Study of the Metallurgical Characteristics of Three Induction-Hardened 
Steels Heated at Various Rates, by J. W. Poynter, Wright Field. 


TUESDAY, OCTOBER 21 


Session I 
Ballroom, Palmer House—10:00 A.M. 
Joint Chairmen—R. H. Aborn, U. S. Steel Corp., and 
L. P. Tarasov, Norton Co. 
The Dimensional Stability of Steel—Part I]—Further Experiments on Sub- 
atmospheric Transformations, by S. G. Fletcher, Latrobe Electric Steel Co., 
and B. L. Averbach and M. Cohen, Massachusetts Institute of Technology. 
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The Dimensional Stability of Steel—Part 11I1—Decomposition of Martensite 
and Austemte at Room Temperature, by B. L. Averbach and M. Cohen, 
a Institute of Technology, and S. G. Fletcher, Latrobe Electric 

teel Co. 

Acicular Transformations in Alloy Steel, by E. A. Loria, Mellon Institute of 
Industrial Research, and H. D. Shephard, Kerchner, Marshall and Co. 


Session II 
Red Lacquer Room, Palmer House—10:00 A.M. 
Joint Chairmen—W. E. Mahin, Armour Research Institute, and 
A. R. Troiano, University of Notre Dame 
Beryllium in Magnesium Casting Alloys, by J. R. Burns, Wright Field. 
The Heat Treatment and Properties of Some Beryllium-Nickel Alloys, by W. 
Lee Williams, U. S. Naval Engineering Experiment Station. 
Stretching Characteristics of Aluminum Alloy Sheet, by J. M. Taub, Los 
Alamos Scientific Laboratory. 


International Amphitheatre—2:00 P.M. 
Joint Chairmen—J. J. Kanter, Crane Co., and 
Clair Upthegrove, University of Michigan 
The Location of Alloying Metals in White Cast Iron, by H. A. Schwartz and 
James Hedberg, National Malleable & Steel Castings Co. 
Graphitization of Steel at Elevated Temperatures, by A. B. Wilder and J. D. 
Tyson, National Tube Co. 
Concept of the Hydrogen Potential in Steam-Metal Reactions, by Carl A. 
Zapffe, Baltimore. 


WEDNESDAY, OCTOBER 22 


Ballroom, Palmer House—10:00 A. M. 
A.S.M. Annual Meeting 


Edward De Mille Campbell Memorial Lecture, entitled “Ductility of Steels for 
Welded Structures”, by A. B. Kinzel, Electro Metallurgical Co. 
Chairman—Edgar C. Bain, Carnegie-Illinois Steel Corp. 


International Amphitheatre—2:00 P.M. 
Joint Chairmen—M. F. Judkins, Firth-Sterling Steel Co., and 
S. P. Watkins, Rustless Iron and Steel Corp. 
Cast Heat Resistant Alloys of the 26% Cr-20% Ni Type—Part I, by H. S. 
Ayery and C. R. Wilks, American Brake Shoe Co. 
The Cobalt-Chromium J Alloy at 1350 to 1800°F, by N. J. Grant, Massachu- 
setts Institute of Technology. 
Metallography of Hot-Dipped Galvanized Coatings, by D. H. Rowland, Car- 
negie-Illinois Steel Corp. 
Ballroom, Palmer House—8:30 P.M. 
Atomic Energy Program 
Auspices Atomic Energy Commission 
Uranium and Other Metals of Nucleonic Importance, by John Chipman, Massa- 
chusetts Institute of Technology. 


The Use of a Nuclear Chain Reactor, by Walter H. Zinn, Director Argonne 
National Laboratory. 


THURSDAY, OCTOBER 23 


International Amphitheatre—10:00 A. M. 
Joint Chairmen—Morris Cohen, Massachusetts Institute of Technology, and 
G. R. Fitterer, University of Pittsburgh. 
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Mechanical Properties of Metals at Low Temperatures; A Survey, by L. 
Seigle and R. M. Brick, University of Pennsylvania. 

Influence of Metallurgical Factors on the Mechanical Properties of Steel, by 
S. A. Herres and C. H. Lorig, Battelle Memorial Institute. 

The Fatigue Strength of Binary Ferrites, by E. Epremian, General Electric 
Co., and E. F. Nippes, Rensselaer Polytechnic Institute. 


International Amphitheatre—2:00 P.M. 
Joint Chairmen—H. C. Amtsberg, Westinghouse Electric Corp., and 
C. F. Pogacar, Mellon Institute of Industrial Research 
The Bend Test for Hardened High Speed Steel, by A. H. Grobe and G. A. 
Roberts, Vanadium-Alloys Steel Co. 
Effects of Grinding on Physical Properties of Hardened Steel Parts, by H. E. 
Boyer, American Bosch Corp. 
Recrystallization as a Measurement of Relative Shot Peening Intensities, by 
K. B. Valentine, Pontiac Motor Div., General Motors Corp. 


FRIDAY, OCTOBER 24 


International Amphitheatre—10:00 A.M. 
Joint Chairmen—W. E. Jominy, Chrysler Corp., and 
W. A. Pennington, Carrier Corp. 

Macrosegregation in Some Alloy Steel Ingots, by J. W. Spretnak, Carnegie 
Institute of Technology. 

The Distribution of Oxygen and Nitrogen in an Alloy Steel Ingot, by C. F. 
Sawyer, Vanadium-Alloys Steel Co., J. W. Spretnak and G. Derge, Car- 
negie Institute of Technology. 

Multiple Correlation Applied to Steel Plant Problems, by W. T. Rogers, 
National Tube Co. 


International Amphitheatre—2:00 P.M. 
Joint Chairmen—A. E. Focke, Diamond Chain & Manufacturing Co., and 
J. F. Kahles, University of Cincinnati 
Detection of As-Cast Austenite Grain Size in Heat Treated Cast Alloy Steels, 
by E. A. Loria, Mellon Institute of Industrial Research. 
The Effect of Silicon on the Properties of Cast Carbon and Carbon-Molybdenum 
Steels, by N. A. Ziegler, W. L. Meinhart and J. R. Goldsmith, Crane Co. 
The Effect of Homogenization on Cast Steels, by R. J. Marcotte and C. T. 
Eddy, Michigan College of Mining and Technology. 


EDUCATIONAL LECTURES 


MONDAY AND TUESDAY, OCTOBER 20 AND 21 


International Amphitheatre—4:15 and 8:00 P.M. 
Chairman—John T. Norton 


Introductory Physical Metallurgy—Four Lectures by C. W. Mason, Cornell 
University. 
WEDNESDAY, OCTOBER 22 
International Amphitheatre—4:15 and 8:00 P.M. 


THURSDAY, OCTOBER 23 
International Amphitheatre—4:15 P.M. 
Chairman—E. G. Mahin 


Copper and Copper Alloys—Three Lectures by O. W. Ellis, Ontario Research 
Foundation. 
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FUNDAMENTAL RELATIONS IN THE FRACTURING 
OF METALS 


A Seminar sponsored by the American Society for Metals, and co-ordinated 
by Case Institute of Technology, Palmer House, Chicago, October 18 and 19. 


SATURDAY, OCTOBER 18—10:00 A. M. 


Chairmen—George Sachs, Case Institute of Technology, and 
L. H. Donnell, Illinois Institute of Technology. 
General Introduction, by Maxwell Gensamer, Carnegie-IIllinois Steel Corp. 
(Presented by W. T. Lankford.) 
The Micro-Mechanisms of the Initiation of Fracture, by Clarence Zener, 
University of Chicago. 
Effects of Stress State on Fracture, by J. E. Dorn, University of California. 


SATURDAY, OCTOBER 18—2:00 P. M. 


Chairmen—C. S. Smith, University of Chicago, and 
D. F. Windenburg, David Taylor Model Basin. 
Effects of Strain on Fracture, by George Sachs, Case Institute of Technology. 
Notch Bar Tensile Testing, by J. D. Lubahn, General Electric Co. 
Metallurgical Aspects of Brittle Fracture Phenomena in Structures, by I. G. 
Slater, British Admiralty Delegation. 
Effects of Section Size on Fracture, by E. R. Parker, University of California. 


SATURDAY, OCTOBER 18—8:00 P. M. 


Chairmen—Finn Jonassen, National Research Council, and 
J. H. Hollomon, General Electric Co. 
Reduction of Data on Ductility of Steel, by W. P. Roop, Swarthmore College. 
Fracture Dynamics, by George Irwin, Naval Research Laboratory. 
Fracturing Characteristics of Low-Carbon Steel, by P. Shearin, North Carolina 
University. 


SUNDAY, OCTOBER 19—9:00 A. M. 


Chairmen—L. E. Grinter, Illinois Institute of Technology, and 
W. T. Lankford, Carnegie-Illinois Steel Corp. 


Fracture and Hydrostatic Pressure, by P. W. Bridgman, Harvard University. 

Effects of Structure on Fracture, by J. H. Hollomon, General Electric Co. 

Report on Conference on Mechanical Properties of Solids at the University of 
Bristol, by N. F. R. Nabarro, University of Bristol. 

New Testing Machines for Combined Stress Experiments, by J. Marin, Penn- 
sylvania State College. 


SUNDAY, OCTOBER 19—2:00 P. M. 


Chairmen—W. P. Roop, Swarthmore College, and 
J. E. Dorn, University of California. 

Time Effect in the Fracture of Materials, by E. Saibel, Carnegie Institute of 
Technology. 

Dislocation Theory of the Fatigue of Metals, by E. S. Machlin, National Ad- 
visory Committee for Aeronautics. 

Projected Experimental Study of the General Laws for Deviation From Elastic 
Behavior Under Combined Stresses, by L. H. Donnell, Illinois Institute of 
Technology. 

Correlations Between the Fracture of Metals in Shear With Their True Stress- 
Strain Properties, by T. A. Read, Frankford Arsenal. 
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ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 


Chicago, Wednesday, October 22, 1947 


The meeting was called to order by President Boegehold, who 
announced that the first order of business was the President’s report. 
He then asked Vice-President Foley to occupy the chair while he 
read his report. This is published in full beginning on page 6 
of this volume of TRANSACTIONS. 

VicE-PRESIDENT FoLtey: You have heard the report of the 
President. There being no objections, the report will stand approved 
as read. I now return the chair to the President. 

PRESIDENT BoEGEHOLD: The next order of business will be the 
annual report of the treasurer, Harold K. Work. 

Treasurer Work presented his report which appears in full 
beginning on page 10. 

PRESIDENT BoEGEHOLD: You have heard the report of the 
Treasurer. There being no objections, it will stand as read. The 
next order of business is the report of the Secretary. 

Secretary Eisenman presented his report which appears in full 
beginning on page 12. 

PRESIDENT BoEGEHOLD: You have heard the report of the 
Secretary. There being no objections, it will stand as read. 

PRESIDENT BoEGEHOLD: I am now pleased to recognize the 
Vice-President of the Society, Mr. Foley. 

Vice-President Foley gave an explanation of an addition to the 
Articles of Incorporation proposed and approved by the Board of 
Trustees which will permit the Society if it wishes to do so to use the 
new agencies now available or that may be developed at a later time 
to assist in the Society’s engineering educational activities. He then 
read the proposed addition, which follows, and moved its adoption: 


RESOLVED, that the Articles of Incorporation of American 
Society for Metals be and the same hereby are amended, by strik- 
ing out the Third Article thereof in its entirety, and by inserting, 
in lieu of said Third Article, a new Article reading as follows: 

Said corporation is formed for the purpose of advancing 
scientific and technical knowledge, particularly with respect 
to the manufacture, use and treatment of metals, through 
research, education, and the dissemination of information for 
the benefit of the general public. It shall have power to 
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acquire, hold, invest, reinvest, and dispose of real and per- 
sonal property exclusively for such purpose. For the accom- 
plishment of such purpose, it shall have power to own, con- 
trol and operate facilities of every kind and nature for dis- 
seminating knowledge and information to the general public, 
including facilities for broadcasting by radio, facsimile, radio- 
telegraph, television and similar processes, and shall have 
power to engage in all activities necessary or appropriate to 
the ownership, control and operation of such facilities. No 
part of the net earnings of the corporation shall inure to the 
benefit of any private shareholder or individual, and no part 
of its activities shall consist of carrying on propaganda, or 
otherwise attempting, to influence legislation. In the event 
of the dissolution of the corporation, the Board of Trustees 
shall dispose of its net assets, in trust, however, to further 
its purpose as above stated, without preference in favor of 
any member, officer, or trustee, upon such terms and condi- 
tions as the Board of Trustees shall determine. 


There being no discussion to the proposed amendment the mo- 
tion was unanimously approved. 

PRESIDENT BoEGEHOLD: The next order of business is the elec- 
tion of officers. (See page 18.) 

During the annual meeting, the members were saddened by 
President Boegehold’s announcement of the sudden death on October 
10, 1947, of William H. Phillips, vice-president in charge of sales, 
Molybdenum Corp. of America, Pittsburgh. Mr. Phillips was ASM 
National President in 1933-34, and also was a past chairman of the 
Pittsburgh Chapter. 

In memoriam, President Boegehold requested the audience to 
rise and stand in silence for a few moments. 


ANNUAL ADDRESS OF THE PRESIDENT 
ALFRED L. BoEGEHOLD, President 
Twenty-ninth Annual Meeting, Chicago, October 22, 1947 


T is with pleasure I present to you at this time a brief review of 
the activities and accomplishments of the Society for the year 
just past. The roster of chapters of the Society continues to expand. 
Last year at this time we had 67 chapters. Today we have 73 with the 
addition of chapters at Akron, Ohio; Chattanooga, Tenn.; Oak 








1948 PRESIDENT’S ADDRESS 7 


Ridge, Tenn.; Purdue University, Lafayette, Indiana; Rome, New 
York, and Western Ontario. 

The continually increasing number of ASM groups that gather 
regularly to discuss metals is a tribute to the educational work done 
by the Society in years gone by and to the broad range of interest 
covered by the Society’s activities. 

That the Society satisfies the needs of people holding a variety 
of positions in industry is realized from a survey of the types of 
occupations represented by the membership of the Society. One of 
the reasons for the hardy constitution of the Society is that it offers 
educational advantages to people in so many different occupations 
dealing in one way or another with metals. It is surprising how many 
branches of industry the Society serves. Following is a break-down 
of the membership into groups according to their occupations : 


Number Per Cent 


as ot ccc wccsoscsoccsncbee 1213 5.73 
Corporate officials and General Managers ............ 1716 
Plant and production managers, superintendents ...... 1349 
Plant and production personnel ....................-. 1229 4294 20.15 
Engineering Department Heads ..................... 1880 
i io sn in nu tin Mb diO Se oe eo Waenbe 738 2618 12.10 
Metallurgical and chemical Dept. Heads ............. 1564 
Metallurgical and chemical personnel ................ 4713 6277 29.43 
EE co et ec ee access akodapebes 97 43 
ieee ois 5 is pba denwe ae dbkdavdawbaiw eos 1700 7.90 
All other employees in metal using or producing 

PUG E., 264 ovavebacuas cuss ouseauene> 227 1.04 


Unclassified workers in Civil Service, Distributors, 
Agents, Consultants, Contractors, Trade Associa- 
tions, Educational Institutions, Libraries, Students, 
Armed Forces and miscellaneous ................ 4978 23.22 


Total (period ending 12-31-46) .............. 19,884 





The first time I saw this membership classification it was an 
eye-opener to me so I’m sure there are many here today who did 
not realize the many occupations other than metallurgical that are 
represented by our membership. All this, of course, comes about 
because the Society offers a membership to anybody who is interested 
in metals which repays the member handsomely through a generous 
educational service. It all goes to show how many people besides 
metallurgists are interested in metals; so we are glad our Society 
provides a place for them to appease their appetites. 

Another piece of information that startled me was that only 
about 20 per cent of the membership is permanent, while the other 
80 per cent turns over about every 8 years, or at the rate of about 
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10 per cent per year. This, at first glance, seems undesirable but in 
reality is probably a source of strength. Those who are not metal- 
lurgists undoubtedly can become sufficiently acquainted in 8 years 
with the phases of metals needed in their business, after which they 
drop out but are still old friends so that we have a continually in- 
creasing group of alumni that are acquainted intimately with the 
Society and its work and who probably see that those in their employ 
join up to get the same course of instruction they did while active. 

The diversification of interest was apparent in many of the 34 
chapters visited by the president this year. In one chapter that | 
visited there were only about six metallurgists out of 134 members so 
my technical talk for the evening underwent radical alteration when 
this fact was gleaned at the meeting of the Executive Committee at 
noon. 

I was greatly impressed with the educational activities carried 
on by many of the chapters. This is one of the greatest services 
that can, be rendered by the local chapters. Cooperation with tech- 
nical schools and vocational schools is carried on in numerous chap- 
ters. The New Jersey chapter this year held a series of lectures for 
the benefit of instructors in metallurgy in Essex County vocational 
schools. This was in addition to the regular series of educational 
lectures for chapter members. 

The Society is vitally interested also in the nature of formal 
metallurgical education provided by technical schools and colleges 
throughout the nation. A standing committee under the chairman- . 
ship of Dr. R. H. Mehl, called the Advisory Committee on Metal- 
lurgical Education, has devoted much thought to this question. Soon 
to be published will be reports from this committee on: 

Analysis of Curricula of Eight Institutions. 

Analysis of the Scope of the Metallurgical Field. 

Analysis of Occupations Dealing with Metallurgy. 


The four principal publications of the Society this year con- 
stitute an all-time high for quality, quantity and completeness. 

MetrAL Procress is the outstanding metallurgical publication in 
this country. In a recent survey for the Gray Iron Institute a com- 
parison of the number of subscribers to 6 leading magazines of inter- 
est to metal men showed Meta Procress in leading position with 
21,404 copies. 

The Merats Review in its new form contains a wealth of tech- 
nical data which alone is worth the cost of membership in the ASM. 
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TRANSACTIONS this year contained more technical papers than 
ever before; there being 67 of them which, with discussions, required 
2072 pages. 

Although the new Metrats HANDBOOK is not yet ready for dis- 
tribution, it will be, early in 1948, and when you receive it I am sure 
you will agree it was worth waiting for. You will have a whole 
library contained in one volume. All those who gave of their time 
and effort so unselfishly to revise the Metats HANpDBOOK have our 
warmest gratitude. Published during the year were four books: 


Electronic Methods of Inspection of Metals, by 7 authors. 
The Structure of Cast Iron, by Alfred Boyles. 

Surface Stressing of Metals, by 5 authors. 

ASM Review of Metal Literature for 1946. 


The National Metal Exposition and Congress at Atlantic City 
in 1946 was a highly successful affair. The Exposition was second 
in size only to the record show earlier in the year at Cleveland. 

The Western Metal Congress in March at Oakland, California, 
was the largest of the five of these shows started in 1928. So it can 
be seen that the Society is in a flourishing condition. 

At the 1946 annual convention dinner, honors were bestowed on 
outstanding men of the metal world, as follows: 

The President’s Medal was awarded to Kent R. Van Horn. 

The Henry Marion Howe Medal was awarded to Charles R. 
Austin and M. C. Fetzer for their paper “Factors Controlling Graph- 
itization of Carbon Steels at Sub-Critical Temperatures’. 

The Sauveur Achievement Award was made to Edgar C. Bain 
for his new approach to the heat treatment of steel. 

The ASM Medal for Advancement of Research was presented 
to Rufus E. Zimmerman, Vice-President in Charge of Research and 
Technology, United States Steel Corporation of Delaware. 

Once again we are gathered at the Annual National Convention 
and again we have the largest show ever assembled. The magic of 
our General Manager and Secretary is hotter than ever. We salute 
him again, as we have for more than 25 years. He has built up for 
the Society an enviable financial position which you will hear about 
presently, in detail, from our Treasurer. With William Eisenman 
at the helm, we can look forward to a Society noted for vigorous 
activity in the service of its members and for its great contribution to 
the Nation as a whole. 
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TREASURER’S REPORT 


Harotp K. Work, Treasurer 


Your Treasurer takes pleasure in submitting this report covering 
the fiscal year ended August 31, 1947. Following is a condensed 
comparative balance sheet which reflects the financial condition of 
the Society as of the dates shown: 


ASSETS 


Increase 

August 31,1947 August 31, 1946 Decrease* 
i ng i ae eae a ea $ 243,180.55 $ 148,607.73 $ 94,572.82 
IY cb cans. . ok Warten dane ey eau 1,213,187.25 1,106,723.88 106.463.37 
Cash surrender value of life insurance ... ee) ee ea 67,579.33 
Accounts Receivable ..........0..cccee. 63,867.02 126,387.70 62,520.68* 
Nee ee wa demel 68,012.26 65,441.95 2,570.31 
Db. oo Gone « a4 dae bl awe 6 Wem ue 4,933.17 7,227.63 2,294.46* 
a a ee 67,220.56 70,502.08 3,281.52* 
Office Furniture, fixtures and other equipment 39,479.86 35,229.71 4,250.15 
ee uebiwcecnaared 31,368.52 26,194.92 5,173.60 


$1,798,828.52 $1,586,315.60 $212,512.92 











LIABILITIES, RESERVES, AND SURPLUS 








i ans ees ubieth s Gest ed $ 47,863.65 $ 59,613.00 $ 11,749.35* 
ah ea ee ee 135,000.00 Se FP? ies we 
rn. . Ges ckhauee aaah enabn 194,482.55 167,830.00 26,652.55 
NE Files caspase wncssabbades caweuses 1,421,482.32 1,223,872.60 197,609.72 

$1,798,828.52 $1,586,315.60 $212,512.92 





*Indicates red figures 


The statement of income and expense for the past year is as 
follows: 


NS el a Bl. Ling stlcw oeeec ek $943,025.32 
aN ee ee 810,474.25 
Excess of Income over Expense ......... $132,551.07 


Net sales of the Metats HANDBOOK amounted to $12,683.98, 
and the sale of other technical books published amounted to 
$74,043.75. 

Gross income from membership amounted to $216,140.53, of 
which amount $88,536.15 was returned to the chapters. In addition 
to the assets of the national office, the chapters reported, at the end 
of the 1946-1947 fiscal year, total assets of approximately $179,000.00 
which is an increase of $770.00 over the previous year. 

Close contact with the investment market ts maintained by the 
Finance Committee, the Trustees, and other officers of the Society. 
Frequent conferences are held with the ASM fiscal agents, The 
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CONDENSED AUDITED BALANCE SHEET 


AMERICAN SOCIETY FOR METALS 
As of August 31, 1947 





ASSETS 
ee od eberaeeheee eee ness wens ee een $ 243,180.55 
TS a eek ce ebcescnewesieceos tes Oak 1,213,187.25 
i Cee PO occ s kc cccccesecseceseseeeet es ens 67,579.33 
Ee ee on cals were een eeunswak vscvouweees 63,867.02 
eC hone ceases wed abs s6eb ode aes eeeho<esésene i veer 68,012.26 
I De” ee EN dws coos cnesda dons «wie es's clewe.dae 4,933.17 
eT i es gw a weep eet be ieees.ve hewekte 67,220.56 
ee OG GE  PUEOEE. Cit ccc ccc cee ssceces nse veswersere 39,479.86 
ee cot mh datas deeb eben se eeaeb ab aes 31,368.52 

$1,798,828.52 

LIABILITIES, RESERVES, AND SURPLUS 
a ae teense re iwewedeossbevongsesuarts beh $ 47,863.65 
re A i ee ls Se hae abe aes cnet ecnennd © ceehe eaaae 135,000.00 
a eR ela eal oa alg ews Ge 6 uo 6 46-6 ien'e's. bis s'c.daidh's op ee 194,482.55 
to. er ie So Get ee eee bvnene cose now scdageeseaeaqed 1,421,482.32 

$1,798,828.52 
INCOME AND EXPENSE STATEMENT 
AMERICAN SOCIETY FOR METALS 
Year Ended August 31, 1947 
INCOME 
METAL Procress—monthly publication ...................-2-02: $377,421.43 
Metal Expositions .........0.cccccsccccccccrescccsesccssscccs 260,793.92 
i Se ei ee eR EEE ilk sme p 6 be es ideveed eee cb 128,274.68 
The Metats Review—monthly publication .................... 16,919.56 
i ee 12,683.98 
De ce ee setpambseekeumes ss 10,106.80 $806,200.37 
Books published (includes sales of THe Review or Meta LITERATURE 

ee ee De nec beeen bewodbescesccece 74,043.75 
eas sg ce a winded ceecese concs coerce 40,064.15 
Neen eee Td clea eee Obes sed ke hd a bin as €be a 8,422.68 
nics ag pie Be ee ue Cube 6 dev eeen 6,820.36 
ee Oe a epee Oh em beagle peseeset 4,461.83 
Increment in cash value and dividends on life insurance .......... 2,520.68 
Ce Te ccc techbateeseeteb dae iseesss 491.50 

I es Eh alk a mig walt olan reledble ane eel ea $943,025.32 
EXPENSES 
Metat Procress—monthly publication ............ $311,616.36 
National Metal Exposition—Atlantic City—Nov. 1946 117,207.77 
PAE EON, oc cece cscecccecccesese 66,086.04 
ee ie cca eaewecateeec oes 60,020.72 
ns ak aces dace O66 enedees ee snes 57,235.60 
The Metats Revirw—Monthly publication ........ 44,335.35 
Western Metal Exposition—Oakland, California— 
i Mi oo ete eShe ees eseebeceecvess 40,381.35 
EE Ce chong dbehedde Gecceseeccscceans ss 33,665.72 
EY AS Sy ee ee 21,799.65 
ea Sak gee 6 hime wees o6 «0 16,458.30 
SE GEE occas cc cccccsccecscceces 12,032.55 
RE OEE EEE eee 11,039.31 
eta eS Lew b cle ce ern ee 6 6b 0 ees 2,000.84 
eS eo cab ne sete 0 6 60.00 b oe 1,936.91 
re vewe te eocnnn be cl 1,609.13 
an, CUEX kvn.c thw eect sedecteonsss 854.53 $798,280.13 
Se EE IE, ng von ccdcese secs cccccces 6,768.51 
i Me ok tcc erecccescceces 2,387.60 
i i cre Wee eR bets ewceced¢ eGeeccosss 1,158.67 
a ee ee ee 520.00 
Miscellaneous merchandise, etc. ..............-..55. 511.80 
LEE LEE EEE POLIT OTT CETTE 373.40 
Research and educational contributions ............. 250.00 
ee as Cee ccc ehendeovereees 224.14 
a a de Savas aie ss lan ais dae Aare 4 dew Sreeeliny aimee on $810,474.25 


NET INCOME 


SU hee eSES 4b b.0940b id omenensen cen beweeuceee $132,551.07 
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Cleveland Trust Company, to consider investment problems. The 
investment portfolio now shows: 


As of As of % of 

Aug. 31, 1946 Aug. 31, 1947 Total 

Real Estate (Headquarters) ....$ 70,500.00 $ 67,220.00 5.3 
U. S. Government Bonds ....... 719,710.00 769,910.00 60.2 
Canadian Government Bonds .... 10,000.00 10,000.00 0.8 
ee sa wl 13,370.00 12,260.00 1.0 
UE ns ae 31,990.00 2.5 
So, ck on. oes eae an 18,550.00 18,550.00 1.5 
mal 270,720.00 297,000.00 23.4 
a 19,550.00 19,550.00 1.5 
Land Trust Certificates ........ 49,050.00 47,740.00 3.8 





$1,171,450.00  $1,274,220.00 100.0 


ANNUAL REPORT OF THE SECRETARY 
Witiiam H. EIsENMAN, Secretary 


The American Society for Metals on October 1, 1947, had a 
total membership of 19,830. Of this number 17,445 or 87.9% were 
the member classification; 1572 or 7.9% were sustaining members ; 
while 783 or 3.9% were junior members. There are 30 honorary 
and founder members. 


TRANSACTIONS 


Since the last National Metal Congress, Vols. 38 and 39 of the 
TRANSACTIONS were published and distributed to the membership in 
April 1947. These two volumes total 2072 pages and constitute 67 
articles with their discussions. 

Vols. 38 and 39 contain all of the papers presented at the 
November 1946 Convention held in Atlantic City and their dis- 
cussions together with other interim papers received during the year. 
The president, secretary and treasurer’s report for 1946 and other 
current items of record were included in Vol. 38, together with a 
report of the Convention. 


METAL PROGRESS 


Statistics show that no records were broken by METAL PROGRESS 
during the fiscal year of 1947. Revenue advertising, after having 
reached the unprecedented volume of about 2035 pages for both 1945 
and 1946, has declined 1744% to 1676 net (exclusive of 58% pages 
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of nonrevenue space)—a post-war drop that has been suffered in 
various degrees of intensity by all members of the engineering and 
industrial press. A slight reduction in the number of textual pages 
occurred ; the total for the 12 issues was 722 pages, second only to 
the preceding peak year of 1946 when editorial volume reached 832 
pages. It is necessary to record a judgment that the appearance of 
METAL PROGRESS is not as good as is our desire, a situation that is 
primarily due to the impossibility of securing the kind of paper we 
would like to use and the very unsettled labor relations in the 
engraving and printing industry. FEditorially, the various depart- 
ments to which the membership has been accustomed, have been 
adequately maintained. An innovation has been the publication with- 
out comment of verbatim extracts each month from important 
current documents on various aspects of atomic energy. Some of 
these have been of political nature, and some dealt with international 
relations—matters far from the traditional engineering field of METAL 
PRoGREsS, in the view of certain critics. However, the extracts carry 
a disclaimer to the effect that neither the Editor nor the national 
officers of the American Society for Metals agree or disagree with 
the opinions stated. They are printed in an effort to lay before our 
members some of the facts they will need to*have in mind when they 
must make sound decisions as citizens and as metallurgists on this 
most important problem of all mankind. 


METALS REVIEW 


As a result of a poll of Mretats Review readers taken in the 
summer of 1946, some sweeping changes have been made both in 
editorial content and in format. 

The overwhelmingly favorable reception given to the Review 
of Metal Literature (now in its fourth year of existence) was re- 
flected in the replies to the question, “Is the Review of Current Metal 
Literature helpful to you?’’—89.4% of those polled answered yes. 
A second question had to do with information about new products. 
Again 87.9% replied that such information was helpful, and 76.2% 
wished to have more of it. Many other suggestions and comments 
were gleaned in this poll, sorted, classified, counted, and boiled down 
into a set of general ideas and suggestions that formed the starting 
point for plans to make Merats Review still more useful and valu- 
able to ASM members. 
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The most important change in editorial content that resulted was 
the adoption of two new features—a special article in each issue 
critically reviewing the literature for the past 12 months in a specific 
field of the metal industry, and a second feature article describing 
new products, methods and equipment introduced by the manufac- 
turers during the past 12 months. The first is not only an informa- 
tive article, but a library index and invaluable adjunct to the Review 
of Current Metal Literature as well; the second constitutes virtually 
a where-to-buy guide. Each month a different subdivision of metal- 
lurgy is treated ; at the end of the year the entire field will have been 
studied and analyzed. The schedule of subjects treated since Jan- 
uary 1947 is as follows: 

January—Heat Treatment 

February—Nonferrous Metals, Production and Properties 
March—Machining and Machinability 

April—Foundry Practice 

May—tTesting and Inspection 

June—Cleaning, Finishing and Plating 

July—Welding 

August—Industrial Applications and Design 
September—National Metal Congress Issue 
October—Ferrous Metals, Production and Properties 


November—W orking (Rolling, Forging, Stamping, Presswork ) 
December—Instruments and Control 


Otherwise the editorial content remains the same as in the past; 
reports of chapter meetings and news of national activities form the 
backbone of each issue. In the months from October 1946 through 
September 1947, 265 reports of chapter meetings were published— 
an accomplishment made possible only by the willing efforts of chap- 
ter publicity chairmen and reporters. 

During the same period the Review of Current Metal Literature 
has been broadened and expanded (chiefly by an increase in foreign 
coverage) to a point where some 700 annotations are published 
monthly as against an average of about 450 per month during the 
past two years. Credit for the continued high standard of this service 
and for constant improvement should be given to Ralph H. Hopp, 
technical librarian at Battelle Memorial Institute, and his staff. 

A change in format was also adopted in January 1947 in re- 
sponse to an oft-repeated request for a publication that would be 
easier to handle, clip and file than the former tabloid newspaper 
measuring 11%4 by 17 inches in dimensions and carrying 20 to 24 
pages. Metats Review is now issued as an 8% by 11-inch, 56- 
page magazine-style publication. The Review of Current Metal 
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Literature is printed on one side of each sheet so that items can be 
individually filed for reference use. 


METALS HANDBOOK 


At long last we are able to present a favorable report on the 
publication of the new edition of the Merats HANDBOOK. 

This volume has been in the process of accumulation for over 
two years and has been delayed, first by inability of the printers to 
handle, then by the delay in preparation of certain sections of the 
book, then by inability to secure sufficient paper to print the required 
number of books, etc., but now we are able to report that the text 
has been completed, the printer is now engaged in correcting the 
page proofs and making the plates from which the 35,000 copies of 
the book will be printed, the paper is in the warehouse, and unless 
some catastrophe occurs, that is not now contemplated, copies of the 
Metats Hanpsook should be rolling from the bindery within three 
or four months. 

Every article in the Merats HANpsBook has been revised and 
brought up to date, while many new articles on many subjects have 
been added. 

The Metats HANpsook Committee, whose membership con- 
tinues the same as last year and will continue until this edition is in 
the hands of the members, has every confidence that you are going to 
be mighty proud of this auspicious work on the subject of Metals. 

The cost of this project will be approximately a quarter of a 
million dollars. 


BooxKs 


During the past fiscal year, a total of 17,711 books published 
by the Society was sold to members and others. This figure in- 
cludes 1082 ASM Merats HANDBOOKS. 

During this period seven new titles were added to our publication 
list. These are: 

ASM Review of Metal Literature—Vol. 3 

Acid Electric Furnace Steelmaking Practice, by Conrad C. Wissmann 

Electronic Methods of Inspection of Metals, by seven different authors 

Nonmetallic Inclusions in Steel, by M. Baeyertz 

Structure of Cast Iron, by Alfred Boyles 


Surface Stressing of Metals, by five different authors 
Introductory Physical Metallurgy, by C. W. Mason 


Many of the previous titles were reprinted. 
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The book “Copper and Copper Alloys” by O. W. Ellis is now in 
process of preparation and will be made available during the ensuing 
year. 


PUBLICATIONS COMMITTEE 


The Publications Committee for the year 1946-47 was made up 
of the following personnel: Walter Crafts, Chairman; R. H. Aborn, 
H. I. Dixon, A. L. Feild, J. H. Hollomon, R. P. Koehring, H. B. 
Osborn, Jr., F. N. Rhines, E. S. Rowland, G. A. Sellers, L. E. Simon, 
Gordon Sproule, R. L. Templin, A. R. Troiano, H. S. VanVleet, 
and Ray T. Bayless, Secretary. 

During the year and up to the present time the Committee has 
reviewed and approved 38 papers, 4 are now in the process of review, 
1 was returned to the author for condensation, and 11 were rejected. 

The Publications Committee held one formal meeting on July 
25, 1947, at which time the final arrangements for the technical pro- 
gram at this Convention were made. Of the 38 papers approved, 
at the request of the Board of Trustees, only 30 were selected to be 
preprinted and presented at this Convention. The balance along with 
those presented at this Convention will be published in Volume 40 of 
TRANSACTIONS. 


PREPRINTS 


The thirty papers being presented at this Convention were pre- 
pared in preprint form and distributed to those members of the 
Society who requested them. The total number of pages for the 
1947 preprints is 673. A total of 35,000 preprint copies was dis- 
tributed free to the membership. : 


EDUCATIONAL COM MITTEE 


The Educational Committee for the year 1947 was composed of 
the following personnel: John T. Norton, Chairman; C. R. Austin, 
G. M. Cover, G. R. Fitterer, H. B. Knowlton, J. G. Jackson, C. G. 
Stephens, R. D. Stout, and Ray T. Bayless, Secretary. 

This Committee did not hold a formal meeting during the year, 
due to the fact that the lecture program for this present convention 


had been arranged previously. The two lectures presented this year 
are: 
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“Introductory Physical Metallurgy” by Clyde W. Mason of 
Cornell University, and “Copper and Copper Alloys” by Owen W. 
Ellis of Ontario Research Foundation. 


TEN-YEAR SECRETARIES 


The Society has the privilege this year of honoring two men 
who have given long and faithful service to local units of the ASM. 
The arduous duties of a local secretary are well known to many 
of you, and it is certainly an indication of exceptional ability for them 
to have been able to sustain activities for a ten-year period. How- 
ever, in recognition of their endeavors, two such ten-year secretaries 
are this year attending the congress as guests of the Society. 
They are: 
John H. Birdsong of the Buffalo Chapter 
R. E. Christin of the Columbus Chapter. 


WESTERN METAL EXPOSITION 


It is a privilege to report to the membership, a fact which is 
well known but is repeated here so that it may become a part in the 
history of the Society, that the Western Metal Congress and Western 
Metal Exposition were held March 22 to 28, 1947, in Oakland, 
California. 

Through the splendid and active co-operation of the Golden Gate 
Chapter an exceptional meritorious technical program was arranged, 
with many speakers presenting series of lectures upon important 
topics. 

The twenty National Technical Societies having units on the 
Pacific Coast co-operated to carry to completion a program of uni- 
formly high standard. 

While the congress was in session, the fifth Western Metal 
Congress and Exposition was held in the Oakland Auditorium 
Building, thus providing an especially fine setting for the 204 exhib- 
itors participating in the exposition, which enjoyed an attendance of 
over 50,000 visitors. 


1947 NATIONAL METAL CONGRESS AND EXPOSITION 


A report on the present congress must necessarily be incomplete, 
but those of you who are here in attendance are cognizant of the fact 
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that this Congress and Exposition is continuing the long line of 
successful activities that have previously been the lot of this organ- 
ization. 

The outstanding success of the seminar on the “Fundamental 
Relations in Fracturing of Metals” marks the initial step in the 
establishment of a series of seminars to be held during succeeding 
conventions. 

The present policy of the board of trustees, limiting the number 
of papers that may be presented during the ten sessions of the con- 
vention, seems to have received the acclamation of that large group 
of individuals so faithful in their attendance at these technical 
sessions. 

The National Metal Exposition with the large number of exhib- 
itors is the largest in the history of these events. Its completeness 
and its diversification correspond with great minuteness to the 
various classifications and interests of the members of the Society. 
This Twenty-ninth Congress and Exposition will in a few days be- 
come another milestone in the ASM’s endeavor to be of service to 
its members and to industry. 


ELECTION OF OFFICERS 


PRESIDENT BoEGEHOLD: We will now proceed with the election 
of officers. Complying with the constitution, I appointed in March, 
1947 the following nominating committee, selected from the list of 
candidates, suggested by eligible chapters, prior to March 1, 1947: 


A. H. d’Arcambal, Chairman—Hartford 


C. K. Lockwood—Montreal R. J. Raudebaugh—Rochester 

T. G. Harvey—lIndianapolis W. E. Burndrett—Texas 

S. P. Watkins—Baltimore Arthur Winston—Saginaw Valley 
R. L. Dowdell—Northwest Floyd Anderson—Rocky Mountain 


The committee met in Chicago on May 20, 1947, and made the 
following nominations for the following offices : 


For PRESIDENT 
F. B. Foley, Supt. of Research, Midvale Co., 
Nicetown, Philadelphia—1 year. 
For Vice-PRESIDENT 
H. K. Work, Director of Research, Jones & Laughlin Steel Corp., 
Pittsburgh—1 year. 
For TREASURER 
E. L. Spanagel, Engineer Industrial Dept., Rochester Gas & Electric Co., 
Rochester, New York—2 years. 
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For TRUSTEES 
E. G. Mahin, Head Met. Dept., University of Notre Dame, 
Notre Dame, Ind.—2 years. 
C. M. Carmichael, Vice-President and Director, Shawinigan Chemicals, 
Montreal, Quebec, Canada—2 years. 


A report of these nominations duly appeared in the METALS 
Review, June 1947, 

I have been informed by the Secretary that no additional nomi- 
nations were received prior to July 15, 1947, for any of the vacancies 
occurring on the Board of Trustees. Consequently the nominations 
were closed. I now call upon the Secretary to carry out the provi- 
sions of the constitution in respect to the election of officers. 

SECRETARY EISENMAN: Conforming with the provisions and 
requirements of the constitution of the American Society for Metals, 
[ hereby cast the unanimous vote of the members for the election of 
the aforenamed candidates who were regularly nominated May 20, 
1947. 

PRESIDENT BoEGEHOLD: I declare the nominees as duly elected 
to their respective offices. 

President Boegehold then introduced the newly elected officers 
at which time President-Elect Foley gave a few words of acceptance. 

PRESIDENT BoEGEHOLD: Has anyone present anything to bring 
before this meeting? If not, a motion to adjourn is in order. 

President Boegehold then introduced Dr. E. C. Bain, Chairman 
of the Campbell Memorial Lecture meeting, who in turn introduced 
the lecturer, Augustus B. Kinzel, vice-president of the Electro Met- 
allurgical Co. and of Union Carbide and Carbon Research Labora- 
tories, Inc., New York, who presented his lecture entitled “Ductility 
of Steels for Welded Structures.” 


ASM ANNUAL DINNER 


On Thursday evening, October 23, members and guests assem- 
bled in the Grand Ballroom of the Palmer House for the Annual 
Dinner of the Society. The attendance was well over 700. 

Those persons seated at the speakers’ table were: A. S. Jame- 
son, International Harvester Co., Chicago—Chairman, Chicago 
Chapter, ASM; R. E. Christin, Columbus Bolt Works—Ten-Year 
Secretary, Columbus Chapter, ASM; J. H. Birdsong, Buffalo Test- 
ing Labs., Inc-—Ten-Year Secretary, Buffalo Chapter, ASM; E. L. 
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Spanagel, Rochester Gas and Electric Co.—1'reasurer-Elect, ASM ; 
C. M. Carmichael, Shawinigan Chemicals, Ltd., Montreal—Trustee- 
Elect, ASM; T. W. Lippert, The Iron Age, New York City; A. B. 
Kinzel, Electro Metallurgical Co., New York City—1947 Campbell 
Memorial Lecturer; F. P. Zimmerli, Barnes-Gibson-Raymond, De- 
troit—Recipient of Sauveur Award; W. E. Jominy, Chrysler Corp., 
Detroit—Trustee, ASM; C. H. Herty, Jr., Bethlehem Steel Co.— 
Trustee, ASM, Recipient of President’s Medal; John Chipman, 
Massachusetts Institute of Technology, Cambridge—Trustee, ASM ; 
C. R. Hook, American Rolling Mill Co., Middletown—Recipient of 
ASM Medal for the Advancement of Research; R. F. Bacher, Mem- 
ber of U. S. Atomic Energy Commission—Principal Speaker; A. L. 
Boegehold, General Motors Corp., Res. Lab., Detroit—President, 
ASM; W. P. Woodside, Park Chemical Co., Detroit—Past Presi- 
dent and a Founder Member, ASM; F. B. Foley, Midvale Co., ” 
Philadelphia—Vice-President and President-Elect, ASM; A. FE. 
White, University of Michigan, Ann Arbor—Past President and a 
Founder Member, ASM; C. H. Mathewson, Yale University, New 
Haven—Recipient of ASM Gold Medal; H. K. Work, Jones & 
Laughlin Steel Corp., Pittsburgh—Treasurer and Vice-President- 
Elect, ASM ; Clyde Williams, Battelle Memorial Institute, Columbus 
—President, American Institute of Mining and Metallurgical Engi- 
neers; W. A. Pennington, Carrier Corp., Syracuse—Recipient of 
Howe Award; Al. F. Cota, A. O. Smith Corp., Milwaukee—Presi- 
dent, American Industrial Radium and X-Ray Society; J. E. Dorn, 
University of California, Berkeley—Trustee, ASM; E. L. Shaner, 
Steel, Cleveland; A. E. Focke, Diamond Chain Co., Indianapolis— 
Trustee, ASM; E. G. Mahin, University of Notre Dame—Trustee- 
Elect, ASM; A. A. Engelhardt, C. H. Martin Co., Chicago—Secre- 
tary, Chicago Chapter, ASM; W. H. Eisenman, Secretary, Ameri- 
can Society for Metals, Cleveland. 





Presentation of President's Medal 


The annual presentation of the President’s Medal was made 
by A. L. Boegehold to Charles H. Herty, Jr., the twenty-sixth presi- 
dent, who served the Society so ably in 1946. 


Presentation of Howe Medal 


In honor of Dr. Henry Marion Howe, the distinguished scientist, 
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often called the dean of American metallurgists, the Board of 
Trustees in 1922 established the first of its medals. The rules gov- 
erning the award of this medal make the provision that it be awarded 
to the author or authors of the paper judged of highest merit, pre- 
sented before the ASM and published during any one year in the 
TRANSACTIONS of the Society. 

The 1947 medal was awarded to the author of the paper en- 
titled “A Mechanism of the Surface Decarburization of Steel’? which 
was published in Vol. 37 of Transactions, 1946, page 48. The 





The Howe Medal was designed by Hendrick Hilbom, chief designer of R. 
Wallace & Sons Mfg. Co. of Wallingford, Conn., the firm which has struck all of 
the medals so far*awarded. (Medal as shown is one-half actual size.) 


author who was honored is W. A. Pennington, who was presented a 
certificate, a gold medal and a bronze replica. 


Albert Sauveur Achievement Award 


In 1934 the Board of Trustees established an award consisting 
of a metal plaque and certificate in honor of Dr. Albert Sauveur, dis- 
tinguished metallurgist and for many years an honorary member of 
the ASM. The purpose of this award is to recognize a metallurgical 


‘achievement which has stood the test of time and stimulated others 


along similar lines to the extent that a marked basic advance has been 
made in the metal arts and sciences. The 1947 candidate was F. P. 
Zimmerli, chief engineer of Barnes-Gibson-Raymond, who was pre- 
sented by Charles H. Herty, Jr., following the reading of the citation 
of Mr. Zimmerli’s accomplishments. Dr. Herty then made the 
award. The citation is as follows: 
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“There are indeed few metallurgists today who are not 
fully aware of the benefits to be derived from the presence of 
favorable stress in the surface of parts and the role of shot 
peening in the generation of such stress. As short a time ago 
as ten years only a few metallurgists were giving this impor- 
tant subject serious consideration. About twenty years ago F. 
P. Zimmerli conceived the idea that shot peening could be used 
to advantage to increase the fatigue life of springs, and in 1929 
the company with which he is associated shipped production 
springs so treated. This is the earliest record of such produc- 
tion and marks the beginning of an industry-wide development, 
as well as an important new approach to the understanding 
and solution of problems of endurance in allied fields of met- 
allurgical engineering. 

“As obvious as the relationship between residual stress, 
shot peening, and service life may appear today, it was not 
conceded immediately by the engineering profession of 1929. 
In fact, a very considerable opposition to the principles involved 
had to be overcome. Mr. Zimmerli, however, with the perse- 
verance which belongs to those who have faith in their convic- 
tions, held to these principles. By 1935 recognition of the ad- 
vantages of shot peening springs came from, other engineers. 
Thus it is that the first wide use of shot peening in commercial 
application is to be found in springs. 

“The principle of shot peening to increase fatigue life is 
not restricted to springs. The work of Almen, Horger and 
Niefert which brings forth a clearer understanding of the 
effects of residual stresses grew out of Zimmerli’s work on 
shot peening springs. 

“In many cases, therefore, the application of the knowledge 
we now have on the subject of surface stress is dependent on 
the extensions of the original work, but is none the less based 
on Zimmerli’s early investigation. By personal contacts and 
publications Mr. Zimmerli energetically focused attention on’ 
the great possibilities of increased fatigue endurance by shot 
peening. In addition to being used almost universally on highly 
stressed springs, shot peening is gradually being adopted on a 
host of other parts. The method was used to great advantage 
in eliminating failures of military applications and was of ines- 
timable benefit to engineers and metallurgists in solving prob- 
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The Albert Sauveur Achievement Award. Engraved Stainless Stecl Plaque 
Mounted on Black Walnut Panel. Designed by D. S. Brown, Cleveland. 
(Plaque reproduced one-third actual size.) 


lems during the war. Its use on aircraft engines, rocker arms, 
connecting rods, gears, automotive universal joints, gun parts, 
track pins for tanks and many other parts, all goes back to the 
early convictions of F. P. Zimmerli.” 


Conferring of the ASM Medal for the Advancement of Research 


The 1947 ASM Medal for the Advancement of Research was 
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awarded to Charles R. Hook, president of the American Rolling Mill 
Co., in recognition of his consistent sponsorship, foresight, and influ- 
ence in financing and prosecuting metallurgical research, which have 
helped substantially to advance the arts and sciences relating to metals. 





Medal for the Advancement of Research Established in 1943. Designed 
by the Sculptress Elizabeth Seaver of New York City. (Medal is shown three- 
quarters actual size) 


In presenting Dr. Hook, Dr. John Chipman read the citation 
engrossed on the scroll which accompanies the medal. President 
Boegehold then conferred the award. 

The citation is: 

“During the forty-five years in which Charles R. Hook 
has been a part of the American Rolling Mill Company, that 
company has taken a leading role in the development of spe- 
cialty sheet steels and the means for their production. Research 
has been the guiding light throughout this period and within 
the councils of company management Charles R. Hook has 
always stood for an enlightened program of research. 

“Mr. Hook’s greatest interest has always been in the field 
of human relations. His success in this field stems from sin- 
cerity of purpose and from the application of principles best 
expressed in the slogan ‘Co-operation through understanding’. 
The success of organized industrial research, when considered 
from the early stages of laboratory investigation through to 
full commercial exploitation, depends upon co-operative effort 
not only within the company but far beyond in the field of 
public understanding. 

“Mr. Hook has received the highest academic recognition 
in doctors’ degrees from four of our leading universities. 
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Without himself using test-tube or microscope, Dr. Hook has 
created an environment in which scientific research has flour- 
ished. He has brought many of these researches to fruition in 
the products of his company with the consequent enrichment 
of the world’s technology in such items as ingot iron, trans- 
former steels, the continuous mill and a great variety of highly 
specialized sheet steels.”’ 


Conferring of Gold Medal of ASM 


The Gold Medal of the ASM, established in 1943, recognizes 
the recipient for outstanding metallurgical knowledge and great 
versatility in the application of science to the metal industry, as well 





The Gold Medal was designed by Walter Sinz, prominent Cleveland artist 


on the staff of the Cleveland School of Art. (Medal is shown three-quarters 
actual size) 


as exceptional ability in the diagnosis and solution of diversified 
metallurgical problems. Colonel A. E. White presented C. H. 
Mathewson, professor of metallurgy at Yale University, as the can- 
didate for the 1947 award. In presenting him, Colonel White read 
the citation engrossed on the scroll which accompanies the medal. A. 
L.. Boegehold then conferred the medal award upon Dr. Mathewson. 
The citation is as follows: 

“One of the milestones in physical metallurgy was a paper 
by Dr. C. H. Mathewson with Arthur Phillips in 1916 on the 
recrystallization of cold-worked brass on annealing. The pre- 
vailing view at that time was that plastic flow occurred by sim- 
ple translation. Dr. Mathewson proposed some mechanism of 
flow which produced new fragments. 

“Before 1916 the industry recognized the effects of vari- 
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ous degrees of cold reduction and different annealing tempera- 
tures on the properties of copper alloys. Dr. Mathewson estab- 
lished the basic principles of the various relationships and also 
demonstrated the effects on the resulting grain size. The eluci- 
dation of the fundamentals made it readily possible to develop 
rolling schedules and annealing treatments scientifically. 

“During 30 years as consulting metallurgist for the New 
Jersey Zinc Company, Dr. Mathewson was an integral part of 
the research group. He contributed to the thinking which led 
to the invention of the Zamak alloys for zinc-base die casting 
and other commercial alloys for rolling. 

“In 1921, C. H. Mathewson and W. B. Price developed a 
complete series of white gold alloys for the jewelry trade. 
These were the 10-12-14-18 carat compositions that are still the 
standard alloys. 

“Intensive investigations of plastic gilding of the common 
nonferrous metals as related to crystallographic considerations 
were conspicuously successful in extending the knowledge re- 
garding the manner in which metals accommodate themselves 
to applied stresses. The researches on slip and twinning in 
zinc had a significant effect on the rolling practices for zinc.” 


Address of the Evening 


Robert F. Bacher of the U. S. Atomic Energy Commission pre- 


sented the main address of the evening entitled “The Metallurgist 
and Atomic Energy.” 














DUCTILITY OF STEELS FOR WELDED STRUCTURES 


(1947 Edward DeMille Campbell Memorial Lecture) 
By Aucustus B. KINZEL 


DWARD DeMILLE CAMPBELL, in whose memory and 

honor this lecture was established, is, unfortunately, known to 
me only by his writings. These writings are models of clarity of 
thought, and range from the strictly classical based on concise and 
close reasoning from a series of well-established facts, to the more 
difficult type comprising the synthesis of generality based on assump- 
tions of fact with a large degree of uncertainty. The purely classical 
type of lecture is ever a joy in that its subject is firmly tied down, 
neatly wrapped up, and the conclusion stands for all time. The 
other type, in the opinion of many, is an even greater joy in that it 
is highly provocative, constructive, and pioneering in spirit. The 
study of Campbell’s work shows that he recognized the value of both 
types, and particularly that he recognized the difficulty of the latter. 
The former may be compared to Euclidian theory. From generally 
accepted axioms and well-proved facts comes an unvarying con- 
clusion. The latter may be compared to establishing a Euclidian 
geometry with an added axiom that the position of any point is 
indeterminate, although a probable position may be established. The 
difficulties of such a geometry are obvious, and so, too, are the diff- 
culties of dealing with any subject in which most of the “facts” are 
fraught with uncertainty. Such is the case in the field of ductility 
of steels for welded structures. 

Imagine attempting to give a classical lecture on a subject which 
has never been defined. It is of interest that several committees, 
working over the past years, have recognized that ductility is the 
essence of weldability but have failed to agree on a definition of weld- 
ability. This does not mean that the word has no meaning. The 
difficulty lies in that it is so all-embracing. An analogy is the word 
“machinability’. The only satisfying definition of machinability 
which I have ever heard is “the ability of a given piece to go through 

This is the twenty-second Edward DeMille Campbell Memorial Lecture 
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the machine shop without irritating the machinist’, and yet we all 
know what we mean by machinability. In dealing with ductility of 
steels as welded, it is first necessary to emphasize the oft-repeated 
statement that any steel which can be manufactured with sufficient 
ductility for use can be welded to give sufficient ductility, provided 
only that the welding engineer is not restricted in his application of 
welding processes and heat cycles. This, of course, begs the problem 
which is comprised in the question: “Can a given steel as welded by 
a given method, with or without pre- or post-heat, provide a weld- 
ment with properties adequate for the intended service?’ In this 
question we see at once an implied assumption that the unwelded 
steel has properties adequate for the intended service, and this leads 
to a concept which is a bit easier to handle—namely, will the weld- 
ment have properties not too different from the unwelded steel and, 
if so, which of these properties are critical with respect to the intended — 
service ? 

Broadly, there are two groups of properties of concern to. the 
engineer with respect to service performance. ‘These are strength 
and ductility. Under strength come many items such as proportional 
limit, elastic limit, yield strength, maximum strength, ultimate 
strength, and fatigue strength. Under ductility come the items 
elongation, reduction of area, impact strength, and plain and notch 
bend performance. The items under strength are relatively simple 
matters—they can be measured directly and precisely, they can be 
specified with assurance and they are used directly in the design. 
Items under ductility are not used in design. They are arbitrarily 
set on the basis of experience. In a properly designed structure, 
subject to static loading or slowly cyclic loading, ductility plays little 
role under normal conditions, but is a predominant factor in behavior 
and in the type of failure under abnormal conditions. The common 
household preserve jar and the tin can are cases in point. With 
adequate food preparation and normal handling, the glass jar fills 
its function to complete satisfaction. So does the tin can. However, 
in abnormal service, such as dropping the glass jar on the kitchen 
floor, the lack of ductility evidenced in the performance of the glass 
jar as compared to that of the.tin can is obvious, Again, if stored 
on the shelves for long periods, pressure may be generated in the 
containers if the contents were not properly prepared. In the case 
of the glass jar, external inspection shows nothing, but suddenly the 
glass may shatter. In the case of the tin can, a gradual bulge takes 
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place which gives warning of an abnormal condition. If nothing is 
done about it, finally a slit-like opening develops which relieves the 
pressure. In the instance cited, by and large no great harm is done 
by the shattering of the glass jar except to the housewife’s temper. 
The frequency of occurrence is so small as not to be a matter of 
concern, but if we go from the common household pressure vessel 
just described to a tank many feet in diameter, operating normally 
under high pressure and located midst operating personnel and 
expensive apparatus, the question of whether abnormal conditions 
can be sustained without failure and whether final failure is similar 
to that of the glass jar or the tin can is a matter of greatest concern. 
That behavior, under abnormal conditions, is a function of ductility. 
Thus we see that the essence of the weldability problem is ductility 
of the weldment. 


Properties of Steel 


Steel for welded structures must be reasonably ductile, me- 
chanically sound, and must not be hot short. Occasionally diffi- 
culties with mechanical soundness of a weldment are encountered 
due to excessive sparking or spitting or violent gas evolution from 
the steel in the welding. A very simple test for such behavior is to 
melt a small portion of the steel with the oxyacetylene torch and 
observe the behavior of the puddle. In general, this characteristic of 
the steel goes by heats, so no sampling problem exists. Except where 
very thin sections, such as sheets for barrels or drums, are involved, 
this factor is almost never serious. 

lLaminations and striations on plate are of concern in that differ- 
ential temperature stresses may cause separation at such planes. 
There is no generally accepted test for such laminations and striations. 
One way of testing for them consists in the Magnaflux check of a 
torch-cut edge. Gouging a strip instead of cutting may be used for 
the same purpose. This tests only the edge in question. Elsewhere 
in the plate serious striations or laminations may occur and would, 
of course, be undetected due to the inherently poor sampling. The 
application of supersonic or gamma-ray reflection devices to this 
problem gives promise of detection of laminations but not of stria- 
tions. The situation, however, is not as bad as the above might 
imply in that the steelmaker, with suitable furnacing and deoxidation 
techniques, can be reasonably sure that the material will be free from 
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the defects in question. The probability of material so defective get- 
ting into service can be reduced to an acceptable minimum by the 
combination of good steelmaking practice and limited testing of the 
plate or member. 

In addition to purely mechanical defects in a finished weldment, 
there are a number of metallurgical phenomena to be considered. 
One of these, which again is of lesser moment in that it occurs so 
rarely, is the matter of hot shortness. This phenomenon is charac- 
terized by lack of ductility in certain temperature ranges. Iron with 
extremely low carbon and high oxygen may exhibit the phenomenon 
at some 950°C (1740°F). A simple test for hot shortness consists 
of fastening one end of each of two strips of the steel rigidly to a 
rail or bar and in line. The fastening is such that the strips are 
parallel to the rail or bar and about 1 inch above it. The free ends 
meet and are welded above the center of the holding bar which is 
immersed in water. Cooling takes place under the restraint imposed 
by the fastening. Simple observation or a bend test is sufficient to 
determine whether cracking has taken place. As mentioned, this 
phenomenon is not of concern with respect to most steels fabricated 
for welding, and the test described need be applied only in special 
instances. 

More important is the tendency of some steels, mechanically 
sound and not hot short, to exhibit reduced ductility due to other 
causes. 

It has always been common practice to select steels for engineer- 
ing structures on the basis of yield strength and ultimate strength 
with due regard for ductility. The basic criterion of ductility has 
been elongation and reduction of area as measured in the static tensile 
test. Minimum values were set for these items based on experience 
with safe structures. These structures comprised a number of 
members joined by bolts or rivets, and in the joining process there 
was no major incidental heat treatment of the steel. If it were 
necessary for the structure as a whole to change dimensions due to 
localized overloading, slippage at the joints took place. With weld- 
ing, a new situation arises. No longer can the structure adjust its 
shape by means of slippage of the parts along the joints. Such 
adjustment can take place only by plastic flow of the material. More- 
over, a failure in a local section can propagate throughout the whole 
structure depending upon the stress conditions. The former criterion 
of ductility—namely, elongation and reduction of area of the steel 














1948 STEELS FOR WELDED STRUCTURES 31 


in a simple tensile test, is no longer an index of its actual behavior. 

This brings us to the crux of the matter. All rolled or forged 
steel and most cast steel will show an appreciable plastic deformation 
before failure under some service conditions. Under some other 
conditions all steels will show absence of plastic deformation before 
failure, i.e., brittleness. The prime factors comprised in the con- 
ditions are now well established 





rate of loading, stress distribution, 
and temperature. In engineering structures, be they bridges, ships, 
or tank cars, the rate of loading under normal service is of the order 
of magnitude comprised in static testing. The degree of restraint 
and stress concentration in such structures is extremely difficult to 
evaluate, but experience ‘indicates that it is rarely much worse than 
that comprised in a specimen with a sharp notch as commonly used 
in testing. The temperature of service is generally known and for 
most engineering structures can be considered atmospheric. This 
may frequently be as low as —10°C and occasionally as low as 
—40°C. Realizing the inadequacy of ductility measurements of 
the normal static tensile test as a criterion of behavior of complex 
welded structures, there has been a tendency among engineers to 
consider the notched bar impact test. This test brings in the factor 
of restraint and stress concentration to an important degree. How- 
ever, the rate of loading is much greater than normal for engineering 
structures, and until recently there has been little thought given to 
performing the test at a low temperature when considering atmos- 
pheric service. Moreover, it does not take into account one of the 
important factors in restraint—namely, total mass, as it is necessary 
to use a l-centimeter square cross section bar to represent not only 
Y%-inch bars but likewise material of much greater width and thick- 
ness. The correlation between notched bar impact results and per- 
formance of the heavier plate is far from quantitative. 


History 


The effect of hardening next to the weld as a result of the heat 
treatment incident to the welding operation is a major item which 
has been investigated intensively in the study of weldability (1), (2)'. 

Loss of ductility due to hardening may result in actual cracking 
in the heat-affected zone of the parent metal, which is commonly 
known as under bead cracking (3), or cracking in the deposited weld 


‘The figures appearing in parentheses pertain to the bibliography appended to this lecture. 
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metal due to the stresses produced by the combination of the normal 
temperature, restraint and the effect of changing volume due to 
transformation of the steel (4). Such cracks may occur during 
production or later in service. 

To a metallurgist there is nothing surprising about this phenom- 
enon. Rate of cooling on welding is frequently of the same order of 
magnitude as would be produced by water quenching, this by virtue 
of the conductivity and mass of the member being welded. Cooling 
rate on welding can be controlled within limits by variations in the 
welding process and by the use of preheat. Fortunately, this par- 
ticular phenomenon is now well understood. It has been the subject 
of intense investigation. The pertinent factors were summarized (5), 
and in 1943, as the result of the work sponsored by the Welding 
Research Council of the Engineering Foundation, partly financed by 
the Government and carried out by Lehigh University, a booklet 
entitled “Guide to Weldability of Steels’ was published by the 
American Welding Society, which deals with this subject in a com- 
prehensive manner (6). In a series of tables it relates welding con- 
ditions such as voltage, amperage and speed to the rate of cooling of 
steels of various cross sections in terms of Jominy hardness distance. 
This allows prediction of hardness resulting next to the weld, and 
by preparation and notch bend testing of a synthetic specimen of 
that hardness, an index of the ductility is obtained. The system is 
logical and, within limits, essentially practical as far as this single 
factor in weldability is concerned. In some instances it suffers from 
lack of precision in that it does not duplicate grain size, nor does it 
duplicate time-temperature conditions for carbide solubility. In most 
instances this duplication is sufficiently good so as not to be a matter 
of concern. It likewise suffers in that speeds differing markedly 
from those currently common in coated electrode welding give cooling 
rates which fail to correlate with those predicted. In some cases 
this deviation from true duplication of the welding cycle requires 
major modification of the system. The system does not differentiate 
between energy inputs obtained by different voltage-amperage com- 
binations, but again, except in special cases, this is of secondary 
importance. The importance of this work cannot be overemphasized 
in that, even granting a certain lack of precision and failure to apply 
over wide ranges of speed, it does give a highly satisfactory quan- 
titative picture of the hardening phenomenon involved in welding, 
relates it in a concise and quantitative manner to our usual heat 
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treating practices, and for most cases quantitatively shows the result- 
ant loss of ductility. Probably the most valid criticism of the system 
set forth in the Guide Book is found in the statement that it 
takes a Ph.D., plus a boy and a slide rule to apply it. This is an 
overstatement, but there is some truth in the implication. Further, 
it deals with only one factor in loss of ductility, i.e., hardness. Never- 
theless, it should be emphasized that it has probably done more to 
clarify thought in this field than any other single contribution. 

In addition to causing loss of ductility in the zone next to the 
weld, the thermal cycle incident to welding of the steel has another 
effect in that it may supplement stresses tending to crack the heat- 
affected zone as well as the deposited weld metal. This factor has 
likewise been investigated intensively by the same group at Lehigh 
under the same general auspices (7). Stout originated and tested 
specimens in which the degree of restraint could be quantitatively 
altered at will. Two plates with slots perpendicular to and extending 
from the outer edge toward the welding edge are welded using dif- 
ferent heat inputs and speeds and different welding rods for testing. 
By varying the depth of the slots, the degree of imposed restraint 1s 
controlled. The maximum degree of restraint which can be imposed 
without causing failure is an index of the cracking tendency. This, 
too, has done much to increase our understanding of the phenom- 
enon involved and is a most useful tool for study. The procedure, 
being cumbersome, precludes the use of this test in routine fashion. 
Again, while combining the effect of restraint and loss of ductility 
due to hardening, the test is not concerned with, nor does it give 
information on, loss of ductility by other phenomena. It does have 
the great advantage of having an accurate heat cycle corresponding 
to welding in that welding is actually used and no synthetic speci- 
mens are needed. 

Many attempts have been made to predict response to welding 
heat cycles by consideration of chemical analysis alone. One general- 
ity can be deduced from all of this work—namely, that in plain carbon 
or structural low-alloy steels of the SAE or high strength types, 
difficulties in welding are not to be expected if the carbon content 
is 0.14% or lower. With slightly higher carbon, whether or not 
difficulties will be encountered depends upon alloy content and the 
specific nature and mass of the steel. Work at Battelle Memorial 
Institute on weldability has demonstrated this nicely, but emphasizes 
the fact that with carbon appreciably higher than 0.14% the section 
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effect is so important that it may be dominant—that is, material 
which gives little trouble in %-inch section may require preheat in 
l-inch section. These limitations on the approach by chemical anal- 
ysis are so serious that we cannot expect to get a universal solution 
to the problem along these lines. 

Another series of attempts has been made to predict the effect 
of the heat of the welding cycle from rates of cooling and S-curves in 
the steels in question. Much of this has been done by Aborn and 
by the group at the Rensselaer Polytechnic Institute (8). While 
contributing to our fundamental knowledge and broadly reinforcing 
the principles and findings of the Lehigh Guide Book, this work, by 
its very nature, must be considered as research. The tools used 
therein are not for routine testing. Here again, loss of ductility by 
phenomena other than hardening is not taken into consideration. 

Much has been said, particularly of late, with respect to hydro- 
gen as a prime factor in promoting loss of ductility and cracks in 
weldments. That hydrogen is a factor has been well demonstrated, 
and on occasion it may be a contributing factor of such importance 
as to warrant isolation and control. However, in all but a very few 
special cases it would appear that hydrogen release takes place in 
materials in which ductility is already so greatly lowered that it 
would not be acceptable for most weldments in any event. Such 
hydrogen release takes place during fabrication and is not of concern 
once a sound weldment has been made. When it takes place in 
material which has sufficient ductility, the hydrogen release is effected 
without cracking. Nevertheless, the existence of this phenomenon 
must be recognized and given some consideration in any universal 
approach to weldability. 

Many tests have been devised and used in an attempt to inte- 
grate all factors in some empirical manner as well as to stress some 
factor other than hardening. 

The early tests for evaluating the suitability of a particular 
welding process for joining a particular type of material usually con- 
sisted of making a sample joint. The ductility of the resulting joint 
was then measured by tensile testing or bending. Such testing is 
still used in many applications for process approval, and the per- 
formance often depends upon the skill of the operator as much as 
upon the suitability of the process. 

In many of the early investigations of weldability the hardness 
developed in the heat-affected zone contiguous to a weld deposit was 
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measured. Usually the hardness of the heat-affected zone was ex- 
plored by means of a Rockwell or Vickers machine. Many data have 
been obtained from this simple test (1), (2). It is almost univer- 
sally used in research to supplement other tests. Any relationship 
between maximum hardness in the heat-affected zone and the duc- 
tility of the particular weldment has not been established. Too many 
other factors play a role. Metallographic structures resulting from 
the thermal cycle on welding were studied on the assumption that 
ductility can be predicted from an evaluation of these structures, but 
again the results are not quantitative. 


One of the widely used tests for evaluating weldability is the 
T-bend test sponsored by Bibber and described by Ellinger, Bissell 
and Williams (9). A double fillet T-shaped specimen is tested as a 
guided bend specimen without removing any metal from the face of 
the weld. A special jig is used for bending the specimens and the 
angle of the head of the T at maximum load is recorded together 
with the load and type of fracture at failure. Bibber and Heuschkel 
(10) have suggested the measurement of the energy absorbed in the 
bending as an additional index. It is interesting to note that the 
T-bend test was the first test to differentiate between high strength 
and low strength steels. This was also the first of the bend tests 
requiring consideration of mode of failure, that is, ductile or brittle. 
It was felt that those steels which failed with a brittle fracture were 
less desirable for a welded structure, even though the angle at maxi- 
mum load was satisfactory. The early investigators showed that the 
temperature of testing had an important effect on the angle of bend 
and mode of failure. It was felt that the T-bend test integrated in 
the performance of a welded joint, the quality of the base metal and 
the effect of the welding. There was no procedure for comparing 
base metal and welded specimens. Essentially, this testing procedure 
is applicable to comparatively low hardenability structural steels, such 
as used in ship construction. However, there has been at least one 
attempt to apply the test to materials with higher hardenability, such 
as steels used in aircraft construction. 


Cornelius and Fashsel (11) developed a notch bend specimen 
comprising a transverse bead weld with a parallel notch machined 
so that its apex touched the fusion line. The specimen was bent 
around a pin until the first appearance of a crack at the root of the 
notch. The angle of bend at failure was considered to provide a 
measure of the ability of the material in the heat-affected zone to 
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undergo plastic deformation. This specimen has been modified by 
various investigators in an attempt to develop a test method in which 
the effect of welding on the behavior of the plate material can be 
compared with that of the unwelded plate. The slow bend test is 
applicable to any thickness of steel plate, and the welding technique 
may be varied to suit practical limitations. It has been modified in 
a number of ways, including dimensions of the test specimen and the 
type of notch. Recently, Luther et al. (12) presented the results 
of an investigation of the effect of welding on the temperature at 
which a change from ductile to brittle failure occurred. It was found 
that for a number of steels the temperature at which there was a 
transition from a ductile to brittle type of fracture in the unwelded 
type of plate was raised by welding. 

Kommerell (13) and Bierett (14) suggested a modification of 
the bend specimens in which an unnotched longitudinal bead weld 
was used for determining the weldability of a structural steel. The 
German investigators stipulated only that the longitudinal bead weld 
specimen should not exhibit any signs of brittle fracture. American 
investigators have found the longitudinal bead weld slow bend test 
useful. The test has been modified by a notch across the weld bead 
in order to restrict the deformation to a small portion of the weld 
test specimen. This has increased the sensitivity of the longitudinal 
bend specimen so that it is reasonably satisfactory for study of struc- 
tural steels over a wide range of welding conditions. 

The relationship between service performance and the tempera- 
ture at which a bend specimen changes from ductile to brittle type 
of fracture has been realized by many investigators in this country. 
They have studied prime plate, and a few have shown the importance 
of the effect of welding on the transition temperature. One of the 
earliest investigations reported tests on the effect of temperature on 
the angle of bend of welded test specimens [Houdremont, Schon- 
rock and Wiester (15) |]. They showed an increase in angle of bend 
from less than 20°C to over 100°C as the temperature of testing 
increased from room temperature to that of boiling water. In this 
country a group at Massachusetts Institute of Technology, initially 
under the late Prof. A. V. de Forest (16), (17), (18), undertook 
to investigate this method of approach to the weldability problem. 
That work is still under way. Already it has shown that transition 
temperature of statically loaded notched bars is a most useful quan- 
titative measurement of ductility of that variety which seems to be 
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most important in welded structures. It has shown further that in 
some steels the zone of minimum ductility may exist not in the weld 
proper, or even in that adjacent area normally considered the heat- 
affected zone, but rather as much as % inch or more away from 
the weld. 

A great many other studies have been reported during the past 
few years. In a summary of welding tests of carbon and low-alloy 
steel, Luther, Jackson and Hartbower (19) point out the need for 
fundamental information relative to the phenomenon of transition 
temperature. Stout and his co-workers (20) have recognized the 
relationship of notch sensitivity to transition temperature in testing 
for weldability. In their work they investigated the effect of a num- 
ber of variables, and found a correlation between maximum hardness 
of the heat-affected zone and transition temperature. 

Luther, Jackson and Hartbower (19) reported the effect of 
welding on the transition temperature of a number of steels, but 
found difficulty in correlating results. Anderson and Waggoner (21) 
reported an investigation on the behavior of welded structural steel 
and on brittle fractures under service loading. They obtained a 
brittle fracture with some 2% elongation and reduction of area. 
They mentioned that due to restraint in a structure, accompanied by 
low temperatures, the yield strength of a structural steel can be 
raised to the ultimate strength, and that this eliminates the pos- 
sibility of yielding. 

There is a general trend in weldability testing to the use of low 
temperatures as a determining variable, and all of the recent inves- 
tigators consider that service performance of a steel or weldment is 
related to its transition temperature. 


Choice of Test Conditions 


Before proceeding with the further examination of these and 
other factors and their integration, consider a welded structure. 
Unless there is plastic flow to relieve concentrated stresses, the entire 
elastic energy of the loaded structure can be relieved only by a crack, 
and when such a crack starts, the material at its end is subjected to 
the force corresponding to the release of this energy. Failure with- 
out plastic deformation has an extremely low time factor so that. the 
force is of a very high order. 

In the past, the notched bar impact test has been used occasion- 
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ally as an index of the ability of material to deform plastically under 
service conditions. The correlation has not been satisfying. A new 
approach to the phenomenon of plastic deformation has resulted from 
the greater understanding provided by recent experimentation, such 
as the work at Watertown Arsenal by Hollomon and Zener (22). 
For ferritic-pearlitic steels, the interrelation of radius of the notch, 
rate of applied load, and temperature for plastic flow has been qual- 
itatively proved and quantitatively indicated. That-is, a given degree 
of plastic deformation of a notched specimen may be obtained in a 
given steel under a wide variety of conditions of notch radius, rate 
of loading, and temperature of testing. With any two of these 
picked at random for a given specimen, the amount of plastic de- 
formation which will result can be determined by fixing the third. 
Moreover, for a given notch and a given rate of loading for a given 
steel, there is a temperature above which failure will take place with 
some measurable plastic flow and below which failure will take place 
with negligible plastic flow. 

As most welded structures are not subjected to high rates of 
loading, for study of steels for welding it is natural to choose a rate 
which is commonly referred to as static—namely, a rate common to 
ordinary physical testing. Various notches might be used, but there 
is a standard V used in Izod specimens which seems to be sufficiently 
sharp for differentiation purposes and has the merit that it gives 
data which may be considered with respect to that vast mass which 
has been collected in standard notch impact testing without trans- 
lation with respect to notch sharpness. Temperature is conveniently 
variable. 

It has long been recognized that ductility of steel is affected by 
strain aging. The existence of this phenomenon in some steels and 
not in others is likewise well known. The steelmaker can produce 
steel in which strain aging phenomenon is either absent or so small 
as to be negligible whenever it is economically advisable to do so. 
The usual test for strain aging is simple. Stretch a specimen a few 
per cent, let it age at 200°C overnight or at room temperature for 
a few weeks, and subject it to a standard impact test. In the case 
of sheet finished by a pinch pass after final annealing, a cup test of 
the Erichsen or Olsen variety made several days later wiil establish the 
existence of the phenomenon. The average rimmed and semi-killed 
steels exhibit the phenomenon, and killed steels may or may not 
show it. This depends on the degree of deoxidation, using that term 
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in its broadest sense—namely, tying up of oxygen, nitrogen, or any 
other element which may react with such strongly oxide- and nitride- 
forming elements as zirconium, titanium, aluminum, calcium, vana- 
dium, and the like. Vanadium is even effective in rimming steels. 
Between the extreme case of the usual Bessemer rimmed steel ex- 
hibiting strain aging to a marked degree and a fully-killed low-alloy 
steel to which large amounts of zirconium or aluminum have been 
added with complete suppression of strain aging, there exists a broad 
region in which steels exhibit strain aging to a greater or lesser 
degree. It may well be that the steelmaker will learn how to control 
this phenomenon in a rimmed steel or in a semi-killed steel sufficiently 
for most welding purposes at less cost than can now be done with 
assurance in killed steels. This is a matter for the future. It is here 
mentioned in that such development would be greatly assisted by a 
generally accepted test for weldability. 

It has been noted that in addition to loss of ductility due to 
mechanical defects, hardening, rate of loading, and restraint, loss of 
ductility due to lowered temperature of service must be considered. 
The steel may normally have a high transition temperature or it may 
be raised by some phenomena encountered in fabrication. Grain 
growth in welding, hardening in welding, or straining before or 
during welding are cases in point. Loss of ductility due to lowered 
temperature may well be critical in welded structures, and in many 
instances may be more important than any reduced ductility at room 
temperature. Some types of reduction of ductility may be additive. 
Whether they are simply additive or logarithmically additive is not 
at the present known. Some of them are rarely found together. 
The strain-aged zone will probably never coincide with the zone of 
maximum hardening or with the zone of most probable existence of 
a mechanical defect. Broadly, however, all of the factors which 
reduce ductility should be integrated in a manner analogous to their 
integration in service behavior, and we are faced with the challenge 
of designing a test specimen and prescribing a test which will, in 
itself, comprise such integration. 


Principles of Test 
To integrate the more important of the factors discussed in the 


foregoing, a specimen should involve actual welding. This will pro- 
duce the heat cycle of concern, and power input, speed of welding, 
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and mass of the specimen should be variable to match the application 
in question. If the thickness of the test specimen be the same as the 
thickness of the plate intended for the welding, mass effect is auto- 
matically matched. If the heat input and rate of deposition be 
selected to match, the most severe welding condition to be encoun- 
tered in manufacture is duplicated. This much of the specimen and 
procedure can be readily standardized for the general case by the use 
of a single bead weld under prescribed conditions. By using a weld 
bead, all chemical and metallurgical effects, including the hydrogen 
effect, are reflected in the specimen. 

The matter of embrittling temperature of the steel either as ready 
for welding or as affected by the heat of welding is the next factor 
to be considered. By using a specimen with a longitudinal bead and 
sufficient width so that material which has been unaffected by welding 
heat as well as that which has been subjected to hypercritical, sub- 
critical, and all other temperatures down to atmospheric temperature, 
we at once comprise in this specimen all of the zones of interest with 
respect to heat treatment. By notching the specimen at right angles 
to the weld, each of the zones is notched. One item remains—the 
effect of strain aging. If this is of interest, then it is only necessary 
to strain the plate prior to deposition of the longitudinal bead. If 
this specimen be then tested in static loading as a beam simply loaded 
in the plane of the notch, we have a specimen comprising all notch- 
sensitive areas in the weldment and in which failure will be initiated 
by the most notch-sensitive area. 

We still have one variable as a determinant in matching the test 
to the service—namely, temperature. In research work various tem- 
peratures might be used, but for routine testing and specification 
purposes a single temperature could be established for most weld- 
ments with the proviso that the failure be of ductile character when 
the specimen is tested at that temperature. This would give a simple 
“go—no go” test. The matter of quantitatively specifying the char- 
acter of the failure with respect to ductility is important and is dealt 
with in the following. 


The Criterion for Ductility 


Given the experience and background in the field, the setting 
forth of the principles which must apply in the selection and use of 
a test specimen as outlined in the foregoing is a matter of pure logic. 
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However, selection of the actual test specimen which will yield nec- 
essary pertinent information and choice of the definition of ductile 
and brittle fractures is a matter which can be accomplished only by 
experimentation. This experimentation must answer two questions: 
First, will any obvious empirical specimen serve the purpose better 
than one following the principles set forth; and second, if not, what 
is the best design of specimen following these principles, and what 
is the best criterion of performance of that specimen? Accordingly, 
four steels were selected for preliminary survey and tested using 
T-bend specimens as well as a number of simple bend specimens of 
various dimensions and with notches of varying depth and radii. 
Weld beads were applied both transversely and _ longitudinally. 
Specimens were tested at various temperatures ‘down to —78 °C. 
The following list describes these specimens. Impact tests were 
omitted in this series as sufficient background was available as to 
the shortcomings of those tests. They were later used for com- 
parative purposes. 
1. 


> 


T-bend. 

Transversely bead-welded 11-inch width, notch 0.03-inch radius, 0.050- 
inch depth. 

3. Transversely bead-welded 11-inch width, notch 0.01-inch radius, 0.050- 
inch depth. 

4. Transversely bead-welded 1%-inch width, notch 0.01l-inch radius, 0.050- 

inch depth with side notches of 0.0l-inch radius and %-inch depth. 

Transversely bead-welded 3-inch width, notch 0.03-inch radius, 0.050- 

inch depth. 

6. Transversely bead-welded 3-inch width, notch 0.0l-inch radius, 0.050- 
inch depth. 

7. Longitudinally bead-welded 3-inch width, notch 0.03-inch radius, 0.050- 
inch depth. 

8. Longitudinally bead-welded 3-inch width, notch 0.01l-inch radius, 0.050- 
inch depth. 

9. Longitudinally bead-welded 3-inch width unnotched. 

10. Longitudinally butt-welded 3-inch width unnotched. 

11. Longitudinally butt-welded 3-inch width, notch 0.01-inch radius, 0.050- 

inch depth. 


uw" 


The T-bend test was rechecked, the thought being that using 
this test at low temperatures might well put it in the category de- 
sired. Machined T specimens were used as well as welded T’s. 
They are described in detail in a paper by Offenhauer and Koop- 
man (23). These tests showed that when applied to relatively 
unhardenable steels, the T-bend test did not differentiate between 
welded and unwelded specimens even when the tests were made over 
a range of temperature (Fig. 1). Relatively narrow simple bend 
specimens with large notch radii showed good duplicability, but went 
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through the ductile to brittle temperature range at temperature levels 
much lower than minimum service temperatures and too low to be 
practical for routine use. Results are typified in Fig. 2. In these 
tests the angle of bend was used as the index, as the criterion to be 
described later was not developed at that time. Wider specimens 
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Fig. 2—Comparison of Welded and Un- 
welded Notched Bar Specimens (1.5-Inch Width, 
0.03-Inch Radius Notch). Transverse weld. 


with a large radius notch and narrower specimens with a sharper 
notch, as illustrated by Figs. 3 and 4, pointed the way to the 3-inch 
wide and 0.01-inch radius notched specimen, results of which are 
illustrated in.Fig. 5. With this %4-inch plate specimen having the 
0.0l-inch radius of the standardized Izod notch and using a 4%4-inch 
span and a ram movement of 1 inch per minute, the embrittling 
phenomenon took place at practicable temperature levels. This work 
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led to the conclusion that either the longitudinally welded or trans- 
versely welded specimens having 0.01-inch radius notch and 0.05-inch 
depth could be used to indicate the transition temperatures, and that 
for most steels the temperature so indicated would be higher than 
—100°C. Further, the longitudinally welded specimen was more 
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Fig. 3—Comparison of Welded and Un 
welded Notched Bar Specimens (1.5-Inch Width, 
0.01-Inch Radius Notch). Transverse weld. 
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Fig. 4-——-Comparison of Welded and Un 
welded Notched Bar Specimens (3-Inch Width, 
0.03-Inch Radius Notch). 
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consistently reflective of welding effect than the similar transversely 
welded specimen. Consideration of the Massachusetts Institute of 
Technology results, showing maximum loss of ductility some distance 
from the weld, led to final selection of the specimen with the lon- 
gitudinal bead for engineering test purposes. 

In comparing these specimens it was not necessary to have a 
precise criterion of embrittlement. However, for use in determining 
quality, such precise criterion is necessary. Energy absorption, angle 
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Fig. 6—Embrittling Temperature as 


a Function of Total Energy Absorbed, 
0.16% Carbon Semi-Killed Steel. 
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Fig. 7—Embrittling Temperature as 
a Function of Ratio of Proportional Limit 
to Maximum Load (Yield Ratio), 0.16% 
Carbon Semi-Killed Steel. 


of bend, ratios of the area of crystalline-appearing to fibrous-appear- 
ing fractures, and ratio of load at proportional limit to maximum 
load were all examined. Typical curves are given in Figs. 6, 7, and 8. 
Study of the data based on observed fractures showed at once that 
while in many instances this could be used as a criterion for em- 
brittlement, in others the measurement of the area of fibrous fracture 
was not sufficiently precise. In many cases the nature of inter- 
mediate fracture made it impossible to give a sharp evaluation. 
Accordingly, this was rejected as an index. While the angle of bend 
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Fig. 8—Embrittling Temperature as 
a Function of Angle of Bend, 0.16% 
Carbon Semi-Killed Steel. 
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Fig. 9%—Embrittling Temperature as a 
Function of Lateral Contraction, 0.16% Carbon 
Semi-Killed Steel. Note: 0.03-inch lateral con- 
traction 1%. 








could be measured with precision, it did not correlate sufficiently well 
with the type of fracture. Consideration indicates that in addition 
to types of fracture, initial yield strength and rate of propagation of 
failure were determinant factors. Total energy obtained by plani- 
meter measurement of the area under the stress-strain curve in the 
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bend test was carefully checked. Here again, initial yield strength 
played too important a role. Moreover, laminations or striations 
completely confused the picture. Proportional limit ratio as a criterion 
suffered for the same reason. 

It was at this point that we once again resorted to reasoning 
from service performances. Examination of service failures shows 
the glaring crystalline facets in the fracture, invariably at the origin 
and frequently throughout the whole fracture. However, when the 





Fig. 10—Appearance of Fractured Notched Bend 
Specimen. Left—-Above embrittling temperature. Mid 
dle—-At embrittling temperature (1% contraction) 
Right——Below embrittling temperature. 


crack has not gone through the entire structure, some fibrous areas 
appear at the edges near the end of the fracture. Whenever this 
occurs there is a small but definite reduction in cross section of the 
plate materials. Once stated, the thought is obvious, contraction of 
cross section at the point of failure is the true criterion of material 
behavior on failure. This eliminates yield strength as a direct factor 
in the index, reduces cold work effect to negligible proportion, and is 
separate from the rate of propagation. Accordingly, the width of 
the specimen adjacent to the notch was measured with a micrometer 
caliper. The linear contraction of the specimen could be readily 
measured 3'5 inch below the notch and in the zone immediately adja- 
cent thereto. This has been termed “lateral contraction”. A number 
of steels were tested using lateral contraction as am index of per- 
formance. Typical results are shown in Fig. 9. They proved to be 
highly duplicable and gave excellent correlation at the embrittling 
temperature with service performance as otherwise predicted. 
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Transition Temperature and Embrittling Temperature 


The much-discussed transition temperature is difficult to define 
precisely. The best definition would appear to be that temperature 
at which the steel first fails with plastic deformation approaching 
zero under a given set of conditions. Aside from the practical fact 
that the experimental determination of such a temperature requires 
elaborate apparatus, such as that being used in the Massachusetts 
Institute of Technology research, the definition is lacking in that the 
conditions are not specified. For any given steel in a given stage 
of heat treatment, the transition temperature is a function of stress 
distribution and rate of loading. From an engineering standpoint 
we are interested in that condition in the average structure which 
results in failure without warning, commonly known as brittle failure. 
Consider the test specimen and procedure here proposed in relation 
to this. The sharp notch in a 3-inch wide specimen represents the 
worst probable stress distribution in such a structure. The rate of 
loading corresponding to the l-inch per minute motion of the ram 
in testing is of the same order of magnitude as rate of application of 
loading stresses for structures in “static” service. And finally, a 
measured contraction of 1% under these conditions broadly corre- 
sponds to the deformation measured in service failures at the section 
near the end of cracks which stop propagating. Again, cataloging 
the steels in line with experience, we note that the temperature cor- 
responding to 1% lateral contraction of the test specimen is about 
the same as the “transition temperature’ we would expect to find at 
low temperature under service conditions. It differs from any the- 
oretical transition temperature in that there is a factor of safety com- 
prising the difference between zero and 1% lateral contraction. For 
clarity and for engineering purposes we choose to define that tem- 
perature at which the specimen in question shows no more and no 
less than 1% lateral contraction parallel to the notch as the embrit- 
tling temperature. This. definition of embrittling temperature is 
based on engineering judgment by analogy with other indices for 
ductility. It should be emphasized that in all engineering design 
there is no absolute criterion for degree of ductility. All specifica- 
tions for ductility are of the same nature, arbitrary, even though 
resulting from considered judgment based on experience. 

Having decided on an apparently satisfactory test and a quan- 
titative index for ductility of steels to be welded, the next step was 
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Milled Notch 

0.05 Deep Plate 
0.0! Vertex Radius eines 
45° Angle 





Grind Plate Bead Weld 


Before Laying Bead 


Fig. 11—-Notched Slow Bend Test Specimen. 







Ram Body 





Reploceable > 
Ram Tip 


Holding Jig 
Fig. 12—Jig for Slow Bend Test. 


to test a wide variety of steels in various states to determine whether 
the test in general gave the type of result to be expected, and to 
attempt to explain steel behavior. 


Experimental Procedure 


In order to investigate the various factors comprised in both 
the test specimen and the embrittling temperature, a number of steels 
were obtained from commercial sources and a variety of steels were 
made in the laboratory. Due to the difficulty in obtaining commer- 
cial plate, the materials actually tested did not cover the entire range 
of those which we would have liked to include, and in some instances 
the amount was insufficient for all of the tests. However, the tests 
are sufficient for the purpose. As will be seen from Table I, which 
gives chemical analyses, a rimmed and a semi-killed carbon steel are 
included with the killed low-alloy and AISI steels. As some of these 
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were off-analysis heats, steels are reported by chemical composition 
with no other attempt to designate them as to type. It should be 
further noted that the chromium-copper-nickel steel has relatively 
low yield and ultimate strength. It was developed for use in the 
chemical industry at particularly low temperatures, and is not to be 
considered as a high yield strength structural steel. 

In the laboratories, 100-pound heats were prepared in induction 
furnaces, using a practice which had been developed over the years. 
It apparently has a major effect in improving transition temperatures 
of the resultant steel. Low-carbon steel scrap is charged and melted, 
and immediately after melting deoxidized with manganese and silicon. 
This is followed by an addition of graphite in excess of that re- 
quired to bring the carbon to the desired level, the heat is kept on 
at this time and a boil takes place almost immediately. When the 
carbon is at the desired level, silicon and manganese are added and 
the heat brought to proper pouring temperature. Aluminum, zir- 
conium, or other strong deoxidizer, is added immediately before 
pouring and is stirred into the metal. This detail, which might be 
considered redundant in a lecture of this type, is given because the 
level of embrittling temperatures for all of the laboratory steels was 
appreciably lower than that of similar commercial steels. Probable 
reasons for this will be discussed later. 

Each of the steels was submitted to the Charpy test using an 
Izod notch, and further submitted to notched and welded-bead 
notched tests at a series of temperatures down to —180 °C. 

Before proceeding to a discussion of results, the following detail 
is given regarding the specimen and jig used, and method of cooling. 
The specimen is shown in Fig. 11. The 3-inch width is convenient. 
The notch is located by indexing from the surface of the plate and 
cut with a fly cutter or a milling cutter, which should be checked at 
frequent intervals with a template gage. The thickness of the speci- 
men should be the same as that of the plate. The only dimensions 
which must be accurate pertain to the notch. The width of the 
specimen need not be accurate as shaping the edges adjacent to the 
notch provides parallel surfaces for direct measurement. A slight 
variation from 3-inch width is of no consequence since readings are 
taken before and after testing. 

The jig shown in Fig. 12 requires little explanation. While the 
radius of the ram head used in connection with the jig is given, this 
radius is not critical. The depression in the rollers to allow passage 
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of the deposited bead can be varied without effect on the results. 
The distance between roller centers and the diameter of the rolls 
should be held to a reasonable tolerance as these control the effective 
span of the specimen. However, this is not a critical factor in the 
results as far as minor changes are concerned. 

The span used requires some discussion in that with constant 
speed of ram head the rate of straining decreases as span increases. 
The pattern of stress distribution about the notch is probably changed 
only very slightly. A span of 4.5 inches was selected on the basis 
of the results. This span was applied to all thicknesses here inves- 
tigated, including l-inch plate. Results for 9-inch span on 1-inch 
thick plate are also shown. 

Methods of cooling specimens and ram head for test follow. For 
all test temperatures down to —78°C the use of acetone-dry ice 
mixtures is convenient and effective. From —78 to —150 °C a bath 
of petroleum ether cooled by liquid nitrogen circulating through a 
heat exchanger coil has been found to be most satisfactory. Below 
this temperature, specific mixtures are used for specific temperatures, 
as follows: —183 °C, liquid oxygen; —196 °C, liquid nitrogen. As 
indicated later, for most routine testing there is little need to go below 
—40°C, and the simple acetone-dry ice mixture gives a ready 
solution to that problem. 

Notched bend tests as described were performed on the plate as 
received for all commercial heats. As-rolled tests were not performed 
on the laboratory heats due to the special rolling conditions. All of 
the steels were tested in the normalized condition. The commercial 
steels were tested in the as-rolled and strain-aged state, and some 
steels were tested in the normalized and strained, and normalized and 
strain-aged state. In all welded specimens in which normalizing, 
straining and strain aging are involved, the operations were per- 
formed prior to deposition of weld beads. Tests were performed on 
plate specimens without welding as well as on plate specimens with 
longitudinal beads. For the major series, longitudinal beads were 
deposited with automatic equipment under standardized conditions 
—namely, 175 amperes, 26 volts and a speed of 6 inches per minute 
with ;*;-inch diameter E6010 electrodes. In addition to the work 
here cited, other tests correlative to the subject were carried out, 
and are reported in separate papers [Offenhauer and Koopman, and 
Jackson and Goodwin (23)]. The data are given in the tables, and 
some results are plotted on the accompanying graphs. Table I gives 
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Table Il 
Results of Tensile Tests of 0.375-Inch Tensile Specimens 
(Average of Two Tests) 
Specimens Machined Longitudinally to Direction of Rolling 





No. % El. % Red. 
of --Lb. Per Sq. In.~ in of Grain 
Steel Description Condition Y. P. Ult. Str. I%in. Area Size 


COMMERCIAL STEEL HEATS 
Plain Carbon Steels: 


16 %4-in., 0.16% C, rimmed A.R. 32,700 57,300 39.4 66.5 6,7 
16 %-in., 0.16% C, rimmed N 41,800 60,000 40.0 65.5 8,7 
10 %-in., 0.16% C, semi-killed A.R. 36,800 58,150 40.0 67.5 6,7 
10 %-in., 0.16% C, semi-killed N 40,450 57,700 41.3 70.1 6,7 
10 1-in., 0.16% C, semi-killed A.R. 33,450 53,950 40.7 68.3 6,5 
10 1-in., 0.16% C, semi-killed N 35,000 56,300 40.0 69.5 6,5 
11 %-in., 0.19% C, fully-killed A.R. 39,550 67,200 34.7 63.0 7,6 
11 %-in., 0.19% C, fully-killed N 47,200 68,600 37.0 67.0 8 
11 1-in., 0.19% C, fully-killed A.R. 33,600 61,800 38.6 64.2 5,6 
11 1-in., 0.19% C, fully-killed N 42,250 67,200 37.3 67.6 6,7 
12 %-in., 0.24% C, fully-killed A.R. 36,300 63,600 37.3 62.2 7,8 
12 %-in., 0.24% C, fully-killed N 42,700 66,300 36.6 64.2 8 
12 1-in., 0.24% C, fully-killed A.R. 31,150 63,800 36.6 60.4 6,5 
12 1-in., 0.24% C, fully-killed N 40,450 69,100 37.3 62.4 7,8 
13 %-in., 0.29% C, fully-killed A.R. 45,400 77,200 32.6 54.6 7,8 
13 %-in., 0.29% C, fully-killed N 48,650 80,900 32.0 60.0 8 
13 1-in., 0.29% C, fully-killed A.R. 40.500 78,200 32.0 58.7 6,5 
13 1-in., 0.29% C, fully-killed N 44,000 80,000 33.3 61.0 8,7 
Low Alloy, Structural Steels: 
g ¥%-in., 0.15% C, Mn-V-Ti A.R. 49,100 73,600 36.0 71.3 7.8 
g t%4-in., 0.15% C, Mn-V-Ti N 55,400 72,700 36.6 73.0 8 
9 1-in., 0.14% C, Mn-V-Ti A.R. 42,250 69,500 34.6 71.0 6,7 
9 1-in., 0.14% C, Mn-V-Ti N 52,700 69,100 38.6 73.3 8 
19 ¥%-in., 0.10% C, Cr-Ni-Cu A.R. 48,200 65,900 39.3 75.0 g 
19 ¥%-in., 0.10% C, Cr-Ni-Cu N 45,400 69,050 38.6 73.0 8 
19 1-in., 0.10% C, Cr-Ni-Cu A.R. 41,150 65,400 38.0 70.4 8 
19 1-in., 0.10% C, Cr-Ni-Cu N 41,800 68,600 38.0 69.3 & 











chemical analyses ; Table II tensile test results and grain size. Table 
III summarizes the results with respect to transition temperature and 
1% contraction of notched impact bars tested at various temperatures. 
Table VII* lists individual measurements on the V-notched simple 
bend bars with and without straining, aging, and welding, singly and 
in combination. In this table, maximum load, angle of bend, type 
of fracture, energy absorption, and ratio of proportional limit on 
bending to maximum load are included with lateral contraction at 
various temperatures. A full discussion of the data in this table 


will be found in the papers referred to above. Table IV sum- 


. *Table VII was included as an appendix to this lecture. Due to its great length, it 
is not herewith rn but copies may be secured through the American Documentation 
Institute, 1719 N St., N.W., Washington, D. C. See foot-note on page 80. 
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Table 11—(Continued) 

Results of Tensile Tests of 0.375-Inch Tensile Specimens 
(Average of Two Tests) 

Specimens Machined Longitudinally to Direction of Rolling 








No. . %El. % Red. 
of oe ; 7-Lb. Per Sq. In. in of Grain 
Steel Description Condition Y. P. Ult. Str. 1%in. Area Size 


COMMERCIAL STEEL HEATS 
Low Alloy, Structural Steels: 


4-117 51,800 65,400 





7 ¥%-in., 0.10% C, Cu-Cr-Ni-P A.R. 57,700 79,550 34.0 67.7 7,8 

7 %-in., 0.10% C, Cu-Cr-Ni-P N 48,200 78,200 36.0 73.1 8 
24* Y,-in., 0.14% C, Cr-Zr A.R. 52,910 80,200 43.0 ion 7 
24 ¥Y,-in., 0.14% C, Cr-Zr N 48,200 73,600 37.3 73.2 . 
25° %-in., 0.10% C, Cr-Zr A.R. 47,510 73,640 43.0 ace 7 
25 ¥Y%-in., 0.10% C, Cr-Zr N 45,400 69,300 38.0 74.0 a 
Alloy Steels: 
17 %-in., 0.28% C, SAE 4130 A.R. 35,600 72,000 35.3 65.7 8 
17 ¥,-in., 0.28% C, SAE 4130 N 60,000 117,200 24.0 49.3 8 
20 ¥%4-in., 0.30% C, NE 8730 A.R. 49,100 76,000 33.3 64.5 7 
20 4-in., 0.30% C, NE 8730 N 96,300 130,900 20.0 50.2 8 
21 1%4-in., 0.44% C, SAE 4140 A.R 118,100 152,250 16.0 44.2 
21 '4-in., 0.44% C, SAE 4140 N 121,800 160,000 15.6 43.6 
22 4 -in., 0.41% C, SAE 4342 A.R. 123,600 161,800 14.6 37.2 
22 t,-in., 0.41% C, SAE 4342 N 136,300 180,450 13.3 31.2 

EXPERIMENTAL STEEL HEATS 
Plain Carbon Steels: 
4-76  %%4-in., 0.10% C, fully-killed N 40,000 54,500 46.6 74.2 8,7 
4-77 %4-in., 0.18% C, fully-killed N 44,500 65,400 406 65.2 8.7 
4-78 %%-in., 0.30% C, fully-killed N 50,900 74,500 34.6 61.4 8,7 
Alley Steels: 
4-79 %4-in., 1.96% Ni, fully-killed N 53,600 63,600 40.0 71.2 8,7 
4-168 %-in., 0.52% Cr, fully-killed N 40,200 60,000 40.3 72.3 8,7 
4-80 \4-in., 1.02% Cr, fully-killed N 44,500 60,000 43.3 77.7 8,7 
4-81 %4-in., 1.02% Mn, fully-killed N 47,200 60,000 41.3 74.8 8,7 
4-82 \%4-in., 0.70% Si, fully-killed N 47,200 61,800 41.3 72.0 8,7 
v4 N 41.3 70.9 8,7 


-in., 0.12% V, fully-killed 





| 


| 
| 


marizes the results of lateral contraction measurements given in 
Table VII, with 1% contraction as the criterion for embrittling tem- 
perature. Graphs of lateral contraction data on some of the indi- 
vidual steels are given in Figs. 13 to 21. Hardness of all the steels 
at various temperatures to —180 °C was measured with a Rockwell 
C and reported as Vickers Brinell numbers in Table V. Maximum 
hardness in the weld zone is given in Table VI. 


Discussion of Results 


A glance at the tables or charts shows that all of the steels 
exhibit ductile behavior at some testing condition and brittle behavior 
at some other testing condition, temperature being the main factor 
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Table Ill 


Embrittling eae ne ng Determined by Charpy Vee 
otched Specimens; 1% % Contraction of Fracture 


Energy Siete 


Steel Embrittling (in Ft-Lbs 
No. Type Temperature at Emb. Temp. 

7 N* 0.10% Cu-Cr-Ni-P — 55°C 9 
10 N 0.16% C_ semi-killed — 24 7 
11 N 0.19% C _fully-killed — 56 6 
12 N 0.24% C _fully-killed — 30 6 
13 N 0.29% C _fully-killed — 29 7 
16 N 0.16% C rimmed — 28 10 
17 N 0.28% C SAE 4130 + 4 9 
17 0.28% G SAE 4130 + 12 8 
19 N 0.10% G Cr-Ni-Cu ~109 9 
19 0.10% C Cr-Ni-Cu —119 10 
21 N 0.44% C SAE 4140 + 60 10 
22N 0.41% C SAE 4342 + 60 11 
4-76 N 0.10% C fully-killed — 80 10 
4-77 N 0.18% C _fully-killed — 92 9 
4-78 N 0.30% C _fully-killed — 75 11 
4-79 N 1.96% Ni fully-killed —120 11 
4-80 N 1.02% Cr fully-killed —113 13 
4-81 N 1.02% Mn fully-killed —109 10 
4-82 N 0.70% Si_ fully-killed — 83 3.5 

*Normalized Plate. 
Table IV 


_ Embrittling Temperatures Based on 1% Contraction 


Condition of Specimen 








Code Prior to Welding 

AR. As-received 

N, Normalized 

Ss. Strained 2% (Permanent Set) 

A. Aged 16 Hours at 200° C 

Type of Specimen 

P. Plate (unwelded) 

LW. Longitudinally Welded Plate 

TW. Transverse Welded Plate 
No, of Plate Specimens—_—_——___~ 
Steel Description AR. N. Ss. S.A. N.S.A. 


COMMERCIAL STEEL HEATS 
_ Carbon Steels: 


\-in., 0.16% C, rimmed — 65 — 90 Pde — 55 — 80 
10 \%-in., 0.16% C, semi-killed — 85 — 85 aah — 65 — 65 
10 1-in., 0.16% C, semi-killed — 85 — 85 ria)? “abe se . | Acc ed 
il \-in., 0.19% C, fully-killed — 85 — 90 —75 — 75 — 75 
11 1-in., 0.19% C, fully-killed — 85 —100 ote + Re Bee Cee 
12 \-in., os C, fully-killed — 70 — 85 pis re — 35 — 65 
12 1-in., 0.2 C, fully-killed — 90 — 95 Seog eee the cee 
13 in., 0.2 C, fully-killed — 10 — 10 on ta — 10 — 10 
13 1-in., 0.29% C, fully-killed — 45 — 80 cpt Lowi ee aie we 
—_ Alloy, Ren Steels: 
\-in., 0.15% C, Mn-V-Ti — 95 —145 inal — 95 —120 
> 1-in., 0.1 14% C, Mn-V-Ti —105 —145 Pee Tits Go eae ae) etd 
19 \%-in.. 0. 10% C, Cr-Cu-Ni —175 is gat a 170 
19 1-in., 0.10% C, Cr-Cu-Ni —145 —175 ine ks Pontes.) haven 55 
7 wi 0 C, Cu-Cr-Ni-P — 75 —105 —40 — 40 — 75 
24 -in., 0 C, Cr-Zr — 75 — 95 Seek pao |<). wbepa 
25 -in., 0.10% C, Cr-Zr —105 A A Oe se 
Alloy Steels: 
1 \-in., 0.28% C, SAE 4130 — 75 — 80 —10 — 10 — 10 
20 \%-in., 0.30% C, NE 8730 — 65 — 20 peMeere ek — 20 
21 in., 0.44% C, SAE 4140 > +100 ae FS Pee RES 1 Ge es 
22 in., 0.41% C, SAE 4342 > +100 DE ds ie Be ns ee ang 
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Table 1V—Continued 
ae nee Based on 1% Contraction 


No. of —————————Welded ee - 





Steel Description AR. N. S.A. N.S.A. 
EXPERIMENTAL STEEL HEATS 
Plain Carbon Steels: 
4-76 \-in., 0.10% C, fully-killed —135 
4-77 \-in., 0.18% C, fully-killed —115 
4-78 \%-in., 0.30% C, fully-killed — 90 
Alloy Steels: 
4-168 ¥4- in., 0.52% Cr, fully-killed —140 
4- 80 44-in., 102% Cr, fully-killed —145 
4- 81 \-in., 1.02% Mn, fully-killed —150 
4- 82 #4-in., 0.70% Si, fully-killed —110 
4- 79 4-in., 1.96% Ni, fully-killed < —180 
4-117 \-in., 0.12% V, fully-killed —125 
COMMERCIAL STEEL HEATS 
Plain Carbon Steels: 
16 \4-in., 4 16% C, rimmed —35 —40 —35 —60 
10 -in., ae C, semi-killed —70 —55 —45 —50 
10 1-in.. °. 16% ¢ os semi-killed —35 ? ; nasheed aera 
11 \4-in., 0.19% C, fully-killed —40 —40 —25 —25 —40 
11 1-in., 0.19% C, fully-killed — § ? pad x as 
12 \4-in., 0.24% C, fully-killed +10 —20 ? —35 
12 1-in., 0.24% C, fully-killed —10 —20 aie eink 
13 \-in., 0.29% C, fully-killed +10 —10 ? +10 
13 l-in., 0.29% C, fully-killed +20 +20 is 
g on Alloy, Structural Steels: 
\-in., 0.15% C, Mn-V-Ti —25 —60 —40 —60 
> l-in., 0.14% C, Mn-V-Ti —25 ? ees oan 
19 \%-in., 0.10% C, Cr-Cu-Ni —65 —70 —65 —85 
19 l-in., 0.10% C, Cr-Cu-Ni —50 —60 aw 5 
7 \%-in., 0.10% C, Cu-Cr-Ni-P + 5 —30 +40 +40 0 
24 \-in., 0.14% C, Cr-Zr 5 —30 aon 
25 \-in., 0.10% C, Cr-Zr —20 —20 
Alloy Steels: 
17 \-in., 0.28% C, SAE 4130 +35 +20 > +80 +55 +55 
20 4-in., 0.30% C, NE 8730 +40 +20 +65 +20 
21 4-in., 0.44% C, SAE 4140 : 
22 l4-in., 0.41% C, SAE 4342 
EXPERIMENTAL STEEL HEATS 
Plain Carbon Steels: 
4- 76 \4-in., 0.10% C, fully-killed —65 
4- 77 \4-in., 0.18% C, fully-killed —50 
1- 78 4-in., 0.30% C, fully-killed —20 
Alloy Steels: 
4-168 4-in., 0.52% Cr, fully-killed —45 
4- 80 l4-in., 1.02% Cr, fully-killed —55 
4- 81 14-in., 1.02% Mn, fully-killed —90 
4- 82 i4-in., 0.70% Si, fully-killed —45 
4- 79 l4-in., 1.96% Ni, fully-killed —90 
4-117 i6-in., 0.12% V, fully-killed —60 


NOTE: ? denotes insufficient data for determination of transition temperature. 


with which we are concerned in this series of tests. The lowering 
of ductility with lowering of temperature is in no instance a propor- 
tional relationship. In many of the steels the lowering of ductility 
with temperature is gradual over a wide range of temperature. In 
many others slight lowering of ductility occurs as the temperature is 
lowered until some rather narrow critical range of temperature is 
reached when the loss of ductility is extremely rapid with lowering 
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Table VI 
Vickers Hardness of Plates and Weld Zones 
Steel Plate————. -—Weld HAZ**—. 
No. Weld No. A.R.* Norm. A.R. Norm, 
16 \% in. 40 154 135 186 163 
10 \% in. 35 138 135 186 171 
1 in. 89 130 124 196 189 
il \&% in. 36 154 149 209 195 
1 in. 90 148 143 244 229 
12 \% in. 37 147 146 220 205 
1 in. 91 145 138 250 245 
13 \% in. 38 176 173 265 255 
1 in. 92 164 157 404 360 
~ \% in. 34 174 162 238 217 
9 1 in. 88 154 146 261 255 
19 \ in. 42 156 157 240 224 
1 in. 94 156 153 259 249 
7 \ in. 33 189 171 244 241 
24 \ in. 157 182 rae 232 obs 
25 \% in. 159 175 al 224 a 
17 44 in. 41 162 198 452 390 
20 % in. 120 174 212 495 500 
21 V6 in. sy ves 
22 \% in. jas ate eee 
4-76 \% in. 542 132 152 
4-77 \ in. 544 142 189 
4-78 \ in. 549 152 224 
4-79 3 in. 552 149 181 
4-168 se in. 658 142 189 
4-80 \% in. 553 131 199 
4-81 \% in. 557 137 181 
4-82 in. 560 142 180 
4-117 i in. 628 154 204 





*As-received. 
** Heat-affected zone. 


temperature. This is now a commonly recognized phenomenon, and 
a typical case is set forth in Fig. 22. It is again amply demonstrated 
that the temperature at which the material may be classified as brittle 
is a complex function of the rate of loading and the stress distribution, 
particularly restraint. Increased rate of loading increases the tem- 
perature at which brittle behavior occurs, as does increased restraint. 
All this is summarized in Fig. 23. The theory regarding it has been 
well set forth by Ludwik (24). 

Ludwik postulated a theory for brittle failure of steels when he 
stated that for a given material brittle failure takes place when the 
stress necessary for yielding (the flow stress) exceeds the stress 
necessary for fracture (the fracture stress). If the metal is stressed 
below the flow stress, it will react elastically. As the stress is in- 
creased, the steel will plastically deform, and when the fracture stress 
is reached the steel breaks. If the fracture stress is appreciably 
higher than the flow stress, a large amount of yielding takes place, 
and the steel is called ductile. If the fracture stress is as low as the 
flow stress, no yielding takes place, and the steel is called brittle. 


oer rane 
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Lateral Contraction in Inches 


V & 6 
Recei 


ved, 
° IS” Wide,4.5° Span 
03° Wide 9” Span 
x As Rec ~Long Weld 


4 Furnace Stress Relieved 
Hr, 650°C 
> 2% Strained - A 
% St We 


-OO -6&O 2 
Testing Temperature °C 





Fig. 13—Lateral Contraction Versus Testing Temperature, 
Steel No. 10. One-half-inch various tests and conditions. 





By Ludwik’s concept we may also explain why certain metals, such 
as properly annealed austenitic stainless steels, do not fracture in a 
brittle fashion under any conditions. Their flow and fracture curves 
do not intersect at any conditions duplicated in service or laboratory. 

Many factors influence the value of the flow and fracture stresses 
for a given steel, among which are type of stress, rate of loading, 
temperature, previous strain history, composition and metallurgical 
structure. The important point is that flow stress may be raised in 
many ways. 

The effect of temperature on the ductility of metals has been 
extensively investigated. It may be summarized in the statement 
that if the flow stress increases more rapidly than the fracture stress 
as the temperature decreases, then ductility will decrease (assuming 
the rate of strain hardening is constant). Hollomon (25) has shown 
this to be true in the case of pearlitic steels, and it is well established 
that the relative rate of change of flow and fracture stress varies for 
different steels. 


The relation of flow stress and temperature may be expressed by 
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+ Plate- As Received 

x Plate -Normalized 

® Plate-As Rec’d Welded (Long.) 
@ Plate -Norm. Welded (Long. ) 


Contraction in Inches 





00 

- 180 -140 = -100 -60 -20 +20 
Testing Temperature°C 

Fig. 14—Testing Temperature Versus Lat- 

eral Contraction, Commercial Steel No. 11, 0.5- 


Inch Plate. Note: 0.03-inch lateral contrac- 
tion — 1%. 


the formula: 


1 
InS=K— Equation 1 
T 


This is basic. Key to the symbols in this and subsequent formulas 
follows: 


S = Yield strength (index of flow stress) 
K, K’, K”, K”, k = Constants 
T = Absolute temperature for a given small degree of ductility 
V = Strain rate 
e = Base of natural logarithms 
© = Heat of activation of material 
R = Molal gas constant 
Ts, Ts: = Absolute temperatures of brittle failure 
In = Natural logarithm 


From this we see that as the temperature is decreased, the yield 
strength increases. Fracture stress changes only slightly with de- 
creasing temperatures, and at some lower temperature the S value 
(flow stress index) reaches fracture stress value. This is evidenced 
by brittle failure. At this point we have: 


l 
In Ss = K— Equation 2 
Ts 


Various investigators have shown the relation of temperature 
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Plate - As Received 

Plate - Normalized 

Plate- As Rec'd Welded (Long.) 
Plate-Norm. Welded (Long.) 


Contraction in Inches 





-1I80 -!140 -100 -60 -20 +20 +60 
Testing Temperature °C 
Fig. 15—Testing Temperature Versus Lateral Con- 


traction, Commercial Steel No. 11, 1-Inch Plate. Note: 
0.03-inch lateral contraction — 1%. 


and velocity in testing. At low temperatures this relation is ex- 
pressed in the following form: 





- Q/RT p 
V =ke Equation 3 


This may be written in the form: 


1 
InK” Vs = K” — Equation 4 
Te’ 


if we define Ty (brittle temperature) as the temperature of 1% 
deformation. 
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Plate - As Received 
Plate - Normalized 

12 Plate-As Recd Welded (Long.) 
Plate-Norm. Welded (Long.) 
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-I80 -!140 -100 -60 -20 +20 +60 
Testing Temperature °C 
Fig. 16—-Testing Temperature Versus Lateral Con- 
traction, Commercial Steel No. 13, 1-Inch Plate. Note: 
0.03-inch lateral contraction 1%. 


+ Plate-As Received 
x Plate -Normalized 
@ Plate-As Rec’d Welded (Long.) 











v @ Plate-Norm. Welded (Long.) 
S 
£ 
= 
5 
oO 
9 : 
§ 

00 

-180 -140 -IO0 -60 -20 +20 60 100 

Testing Temperature °C 
Fig. 17—-Testing Temperature Versus Lateral Contraction, 

Commercial Steel No. 8, 0.03-inch lateral contraction = 1%. 


The identity of form of Equations 2 and 4 is to be noted. The 
validity of this relationship has been checked by a number of lab- 
oratories, and all of this has been well set forth by Gensamer (26). 





casllineneneadelinstieateniaaediahenamtetnemtemmemea 








62 TRANSACTIONS OF THE A. S. M. Vol. 40 


Again, a notch in the material to be tested has the effect of 
raising the strain rate at the base of the notch and, therefore, should 
raise the transition (or embrittling) temperature. A shorter span 
has the same result for a given ram motion. Further, sharper and 
deeper notches cause increased constraint, inhibiting lateral con- 
traction. Thus, the transition temperature of a given steel may be 


+ Plate-As Received 

x Plate - Normalized 

@ Plate-As Rec’d Welded (Long.) 
@ Plate -Norm. Welded (Long.) 


Contraction in Inches 





- 180 -140 -100 -60 -20 +20 60 00 
Testing Temperature °C 
Fig. 18—Testing Temperature Versus Lateral Contraction, 


Commercial Steel No. 19, 0.5-Inch Plate. Note: 0.03-inch lateral 

contraction = 1%. 
altered by changing the geometry of the notch, or if a standard 
notch is used the degree of constraint may be altered by changing 
the temperature of the test. If we also hold the velocity of loading 
constant, then we perform a test in which the transition temperature 
indicates the suitability of the steel for use under the conditions 
represented by that degree of constraint. 

To summarize, the log of the flow stress is inversely propor- 
tional to the absolute temperature. The proportionality constant 
varies for different steels. It may be determined by experiment. 
The same relation holds true for the velocity of testing. The degree 
of restraint likewise involves a functional relationship. Thus, any 
given change in condition of stress or velocity of loading may be 
equated to a temperature change to provide the same net condition 
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+ Plate As Received 

x Plate Normalized 

® Plate As Recd Welded (Long.) 
~ @ Plate Norm. Welded (Long.) 


in Inches 








Contraction 











00 
-|180 -140 -100 -60 -20 +20 
Testing Temperature®°C 
Fig. 19—Testing Temperature Versus Lateral 
Contraction, Commercial Steel No. 19, 1-Inch 
Plate. Note: 0.03-inch lateral contraction — 1%. 
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P late- Normalized 

Plate-As Rec’d Welded ( Long.) 
Plate -Norm. Welded (Long.) 
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Contraction in Inches 





| 
ae: | 
00 ta | | 
-180 -140 -100 -60 “a +B 60 iO0O 
Testing Temperature °C 
Fig. 20—Testing Temperature Versus Lateral Contraction, 


Commercial Steel No. 17, 0.5-Inch Plate. Note: 0.03-inch lateral 
contraction = 1%. 


for brittle behavior. The magnitude of the temperature change for 
any given stress or velocity change is fixed for any given sample of 
steel, and is determined by the proportionality constants. These 
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constants determine the slope of the lines, giving In flow stress 
versus reciprocal temperature, velocity of straining, and stress con- 
dition (primarily restraint). If we select ordinate scales so that the 
slopes as plotted are identical (Fig. 24), interesting examples can 
be drawn. These curves are the loci of all intersections of flow and 
fracture stress. 

Consider two steels, A and B, with identical tensile properties 
at room temperature. Curves in Fig. 25 are typical of each of these 
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Fig. 21—Testing Temperature Versus Later- 


al Contraction, Experimental Steels, 0.5-Inch 
Plate. Note: 0.03-inch lateral contraction — 1%. 


5 
steels, but the temperature scale is compressed to the left for Steel B. 
Further, consider the effect of decreasing temperature on these steels 
(see Fig. 24). The yield strength of Steel A increases slowly as 
the temperature is decreased, while the yield strength of Steel B 
increases at a much faster rate. As the temperature of testing de- 
creases, eventually both steels break without yielding at T, and T,,. 
If we increase the degree of constraint by notching the specimen, the 
transition temperature is raised to T, and T,, and if we now increase 
the speed of testing of the notched specimens the transition temper- 
atures are T, and T, respectively. This illustrates the importance 
of the interrelation of conditions for embrittlement, and explains the 
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Fig. 22—Testing Temperature Versus Lateral Con- 


traction, Commercial Steel No. 10, 1-Inch Plate. Note: 
0.03-inch lateral contraction — 1%. 
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Fig. 24—Effect of Rate of Change of Flow Stress on Be- 
havior of Steel. 
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Fig. 25—Slow Bend Load Deflection Tests. 


lack of correlation of service behavior with laboratory tests at speed, 
constraint, and temperature levels markedly different from those 
encountered in service. 

The metallographic condition is likewise an important factor 
for a steel of any given nominal analysis. Study of the data as illus- 
trated in Fig. 26 shows that, by and large, normalizing lowers the 
embrittling temperature from that of the as-rolled condition. This 
is not necessarily true in each specific instance. Plate in the as-rolled 
condition may have finer grain size than the normalized plate, and 
may have an internal stress system with an important compressive 
component at right angles to the notch which decreases restraint and 
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Fig. 27—Effect of Normalizing on Embrit- 
tling Temperature, 0.16% Carbon Rimming 
Steel (0.5-Inch Plate, Welded). Note: 0.03- 
inch lateral contraction — 1% 


thus provides embrittlement at a lower temperature. In the case of 
welded plate there is a greater difference between material as-rolled 
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or normalized before welding. This is shown in Fig. 27. Much 
work in the past has shown the important effect of grain size and of 
hardness. Figs. 28 and 29 show a general trend but lack of quan- 
titative correlation with hardness. Inspection of the data shows the 
same for grain size. The welding operation comprises, among other 
things, heat treatment of the steel. The more severe this heat treat- 
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Fig. 28—Effect of Hardness at Room Temper- 


ature on Embrittling Temperature. 
ment from the standpoint of quench effect and the wider the zone 
under the bead which is so affected, the higher the temperature at 
which brittle behavior results. This quench effect is readily apparent 
from the data here shown. The data relative to width of the zone 
are given in detail in another paper. 

Hardness per se is not necessarily the dominant factor in deter- 
mining the temperature at which brittle behavior appears, but for 
the same general type of microstructure embrittlement will occur at 
higher temperatures at the higher hardness levels. Fig. 28 shows 
that, in general, steels of higher hardness levels exhibit higher tran- 
sition temperatures, but the great scatter of results shows that hard- 
ness is not determining. As the temperature decreases, the hardness 
of steels increases. Fig. 29 shows the hardness of steels at the em- 
brittling temperature, and that alloy steels in general are harder at 
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a given temperature level of embrittlement than are carbon steels. 
This is in line with results showing that alloy steels are stronger at 
a given temperature level of embrittlement than carbon steels 
(Fig. 32). 

It has been well demonstrated that the embrittling temperature 
for steels which have been through-quenched and tempered is appre- 
ciably lower than for identical steels in the normalized or pearlitic 
state; also that straining raises the temperature at which brittle be- 
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havior is. evident. This is not strange as total plastic deformation 
is limited and straining uses some of it. However, the effect of a 
given small amount of strain, say 2%, is broadly of little consequence 
in those steels which are highly ductile, but is of major importance 
in the less ductile steels, such as those having high carbon. Aging 
after straining further increases the temperature at which brittle 
behavior results in some steels, but in others no such effect appears. 
The trend is shown in Fig. 30. Normalizing prior to straining or 
strain aging generally lowered the temperature at which embrittle- 
ment occurred. This is understandable in that the as-rolled speci- 
mens probably comprised a certain degree of strain aging as received, 
which effect was eliminated by the normalizing. This difference be- 
tween normalized strain-aged and as-rolled strain-aged specimens 
held for the welded specimens as well as for those tested without 
welding, in most instances. The exceptions are in line with the 
observation that occasional specimens of as-rolled material gave 
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better—that is, lower—temperatures for embrittlement than did the 
normalized. 

Most tests for ductility give results which vary markedly, de- 
pending on whether the specimen is tested with or across the direc- 
tion of rolling. This test with a limit of 1% deformation does not 
involve the ability of the material to undergo unnecessarily large 
amounts of plastic flow. It is only when such large amounts are 
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Fig. 30—Effect of Straining 2% and Aging on Embrittling 
Temperature of Normalized Steel Plate. 


specified that the direction of rolling relative to the specimen plays 
a role. In this test, direction of rolling relative to the specimen need 
not be considered as it does not affect the results (23). 

That the nature of the steel, chemical or otherwise but inde- 
pendent of the state of heat treatment and the state of rolling or 
strain, has a marked effect on the embrittling temperature is likewise 
obvious from the results. Considering the commercial and _ lab- 
oratory steels separately, we note that in each series carbon plays a 
dominant role. We note further that the killed commercial steel of 
0.19% carbon shows a lower embrittling temperature than do the 
rimmed and semi-killed steels at 0.16% carbon, showing the impor- 
tance of steelmaking practice. However, the basic fact remains that 
carbon is a most important single factor in determining the level of 
the embrittling temperature. This is illustrated in Fig. 31. The 
results in the alloy steels likewise substantiate this conclusion. That 
alloys have a major effect in improving—that is, lowering—the em- 
brittling temperature for a given strength level is also evident (Fig. 
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Fig. 31—Effect of Carbon on Embrittling Tempera 
ture of Normalized and Welded Steel Plate. 
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32). The number of heats available and the presence of some un- 
known factor prevent warrantable conclusions with respect to the 
effects of individual alloys or alloy combinations, although the com- 
bination previously developed for low temperature service—namely, 
chromium-copper-nickel—has merit beyond other compositions tested. 
It should be repeated, however, that this is a low strength steel, 
whereas commercial low-alloy steels are high strength steels. Further 
work may well enable a quantitative estimate of the effects of 
individual alloys or combinations, but such work must await the 
determination of that very important factor in steelmaking not as 
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yet established. The existence of such a factor is well illustrated by 
the difference in performance of the commercial and laboratory heats. 
Careful inspection of the analyses of the laboratory heats indicates 
either no significant difference in chemistry or, where such difference 
was indicated, check work showed that it was not the determinant. 
Obviously, there is no difference between laboratory and commercial 
heats with respect to carbon, manganese, silicon and incidental alloy 
content. Further, although the sulphur and phosphorus in the lab- 
oratory heats are lower than in the commercial heats, sufficient other 
work has been done, although not yet reported, to show that these 
elements are not controlling within the limits here studied. The be- 
havior cannot be explained on the basis of aluminum or nitrogen 
content. The steels were not analyzed for hydrogen, but we have 
sufficient background.on similar heats to know there is no significant 
difference in the hydrogen content of the laboratory and commercial 
heats. There is nothing in the practice used for making laboratory 
heats to give a clue as to that dominant factor which results in such 
low embrittling temperatures for these steels as compared with com- 
mercial steels. 

This difference between the laboratory and commercial heats is 
not a new observation. The condition has existed in our laboratories 
for many years, and the search for an explanation of that difference 
has been continuous but without results. 

Although we have never been able to precisely determine that 
factor in the laboratory heats which improves their character over 
commercial heats, it should be noted that the procedure, particularly 
with respect to oxidation and deoxidation practice, differs radically 
from that in commercial heats. The use of arc furnaces rather than 
induction furnaces does not change the results. However, the lab- 
oratory heat starts out in the oxidized condition, is deoxidized with 
ferro-alloys, is carburized and allowed to reoxidize at the same time 
that carbon is being adjusted, and is finally deoxidized and tapped. 
This might be considered to be analogous to commercial practice 
using all scrap in which a heavy deoxidation addition is made and 
the heat carburized, reboiled, and re-deoxidized. In spite of the 
difference in practice, we have never found any correlative difference 
in chemistry or microstructure of the resulting product. 

Those who have worked in this field may find it strange that up 
to this point no specific mention has been made of three-dimensional 
stress and of internal stress, each of which has loomed large in past 
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considerations of the subject. Actually, three-dimensional stress is 
automatically incorporated in the test specimen. It is a major factor in, 
restraint, and everything which has been said pertaining to the notch 
and its effect applies directly to the three-dimensional stress problem. 
The specimen does test material with a polydimensional stress pat- 
tern in the critical zone. The situation is not quite the same with 
respect to internal stresses. No test specimen smaller than a given 
structural member can incorporate internal stresses similar to those 
of the member. However, the effect of these stresses results from 
their being a part of the total stress pattern. They may provide 
additional tensile or compression forces parallel to the principal 
stress. These have little effect if the material deforms plastically, 
and are not determinant with respect to brittle behavior. The inter- 
nal stresses may be normal to the principal stress, in which case 
tension augments restraint and compression decreases it. The welded 
specimens here tested are probably too small to comprise any impor- 
tant amount of internal stress. 

On welding, internal stresses usually are relieved by small 
plastic deformation. If the design and welding conditions are par- 
ticularly severe, more plastic deformation is necessary to relieve 
these stresses. The test does guarantee a minimum amount of such 
deformation for the usual structural steels, and therefore does 
indicate satisfactory welding response under reasonable design and 
welding engineering. No test can guarantee satisfactory perform- 
ance under the worst design and worst welding conditions, nor 
should any steel be called upon to meet such. 

The specimen may be tested as welded or after post-heating, 
depending on the service analogue. Any metallurgical change pro- 
duced by stress relieving will be truly reflected, but internal stress 
relief would not be so reflected. Nothing in this presentation should 
be interpreted as lessening the important benefit of stress relieving. 


Discussion of the Test Specimen 


In the foregoing, a simple bead deposited under standard con- 
ditions was used. The conditions were chosen to parallel those en- 
countered in deposition of an initial bead in multiple bead welding 
in the usual covered electrode metallic arc process. The beads were 
all deposited with the plate initially at room temperature, and no 
post-heat was applied. In practice, this condition is apparently a 
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good analogy to coated electrode metallic arc welding. However, it 
is well known that performance of a weldment may be modified by 
the selection of the particular electrode, the use of preheat and post- 
heat, peening, and localized oxyacetylene heat treatment. Obviously, 
each of these conditions can be investigated with the specimen at 
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Fig. 33—Effect of Speed of Travel With Constant Penetration 
on Embrittling Temperature, 0.16% Carbon Rimmed Steel. 


hand. It is only necessary to perform the welding operation with 
conditions so specified as to duplicate or parallel those of interest. 

The importance of setting up test conditions which closely 
approximate actual welding conditions is clearly shown by the follow- 
ing. A series of welds was made in 34-inch, 0.16% carbon rimming 
steel, using the Unionmelt automatic welding process. Constant 
voltage (30 volts) was used, and current and speed were varied to 
maintain a constant depth of penetration of 0.25 inch. The power 
input measured in watt-seconds varied from 173,000 watt-seconds 
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per inch at 4 inches per minute and 400 amperes to 40,000 watt- 
seconds per inch at 36 inches per minute and 800 amperes. With 
the slow speed, low current conditions, the embrittling temperature 
of the welded section was 130 °C higher than that of the prime plate. 
With the high speed, high current conditions, the embrittling tem- 
perature of the welded section was only 35°C higher than that of 
the plate. The data are plotted in Fig. 33. This emphasizes the de- 
sirability of using high speeds and high currents which are obtain- 
able only in automatic welding processes and for which the embrit- 
tling temperature of the weld approaches that of the plate. 

Plate thickness is known to be of major import in connection 
with performance due to quench effect, strain effect, and segregation, 
commonly known as banding. These factors may all be comprised 
in the test in that the thickness of the plate tested can and should be 
the same as the thickness of the plate intended for service. More- 
over, as long as lateral contraction is used as the criterion for em- 
brittlement, it is not necessary to change any other condition such 
as span when dealing with plates of different thicknesses. The re- 
sults will be different, as they should be, in line with the thickness 
under consideration. The thicker plate on the same span will ex- 
hibit higher embrittling temperature. Ellinger, Bissell and Williams 
made proportionality tests on T-bend specimens and concluded that 
by using spans proportional to thickness the true metallurgical nature 
of the material could be tested regardless of the thickness. It is our 
aim to test not the metallurgical nature of. the material alone but the 
integrated effect of material characteristics under conditions of re- 
straint and velocity of loading approximating those found in engi- 
neering structures. If it is found advisable to modify the conditions, 
with respect to thick plate, for more readily attainable specifications 
it is suggested that such modification be restricted to the single 
variable temperature—namely, that the temperature of test be mod- 
ified rather than condition of restraint or velocity of loading. 





The test itself as here set forth uses a speed of loading corre- 
sponding to ram motion of 1 inch per minute, and this is apparently 
sufficient for “static’’ structures. However, should greater rates of 
loading be expected in service, the rate of movement of the ram may 
be changed accordingly without changing any other items in the 
specification of the test, thus taking the rate of loading in anticipated 
service into account. Obviously, the notch may be sharpened to in- 
crease restraint for materials going into structures having unusually 
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high restraint. However, this may be accomplished by specifying a 
lower temperature of embrittlement, and this is suggested because 
changing the notch also affects the stress pattern and the rate of 
loading in a way which would be difficult to establish quantitatively. 

Consider then how the test would be applied by engineers and 
manufacturers when welding is involved. The general specification 
would read to the effect that a specimen 3 inches wide, 8 inches long, 
with thickness the same as the plate be used for deposition of a weld 
bead by the process in question and under specified welding con- 
ditions. If a thick plate is involved, the bead should be deposited on 
a larger specimen, which would then be cut to a 3-inch width. The 
weld bead is to be parallel to the length and along the center of the 
specimen. The specimen may be strained before welding. Subse- 
quent to welding, an Izod notch is milled 0.05 inch deep across the 
specimen, and the edges of the specimen near the notch are shaped 
parallel. A micrometer caliper measurement 3/5 inch below the notch 
is taken on the parallel sides, and the specimen and ram head are 
then cooled to test temperature for an appropriate time (generally 
Y hour), depending on the thickness. The specimen is then tested 
in bending on a 4%-inch span, using rollers for support and a %- 
inch radius ram for loading. Only a single test temperature need 
be used. This test temperature is a matter of engineering judgment, 
and should be related to the intended service. For structures in- 
tended for indoor service without low temperature contents, —20 °C 
appears to be consistent with other criteria applied in the past as 
well as general engineering experience, and this same temperature 
could well be set for marine structures in which the material does 
not reach temperatures appreciably below O°F (—17.7°C). For 
general outdoor service within the confines of the United States, 
—40 °C appears to be a test temperature which would insure safe 
performance without undue penalty. Obviously, when buried tanks 
are involved, the temperatures suggested for indoor service apply. 
If structures are to be used in industry for low temperature 
processes or to contain materials at low temperatures, testing at 10 °C 
lower than the lowest expected temperature is suggested. Specimen 
performance should be minimum 1% lateral contraction. These 
suggestions contain two types of factors of safety. First, the em- 
brittlement temperature is set at 1% lateral contraction, and this in 
itself comprises an appreciable amount of plastic flow. The true 
transition temperature is in all cases somewhat lower so that, unless 
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an extremely sharp notch was already present in the member, failure 
would not be expected in service at the temperature of test. The 
second item in the factor of safety is found in that the test tempera- 
ture set forth is appreciably lower than generally encountered for 
the corresponding service, although the temperatures of outdoor 
structures and ships may occasionally be lower. In this connection it 
should be emphasized that ductility in itself is no more than a factor 
of safety. The fact that ductility may be reduced to low levels does 
not mean that failure will occur. We could, of course, make certain 
that under no conditions would failure occur due to the character- 
istics of the material by simply specifying a very low testing temper- 
ature, for example —100 °C for all service at atmospheric temper- 
ature. This would comprise an economic penalty of such degree as 
to be totally impractical. 

The test conditions were chosen to provide an analogue to nor- 
mal design, but the design engineer can do much to increase the 
ductility of the structure. The sharp notch in the specimen is chosen 
to represent high stress concentration and high restraint. In any 
given structure these items can be kept to a minimum by proper 
design. Most designers have learned to avoid sharp notches and to 
use generous fillets. It should be emphasized that stress concentra- 
tion can result from other items in the over-all design, and so can 
high restraint. An engineering design producing such conditions is 
just as bad as one without fillets. The modern design engineer 
should Jearn to appraise and avoid such conditions. 

The test may likewise be applied to steel for nonwelded struc- 
tures either in static or dynamic service, and it is suggested that in 
general this test could well be used by the engineering profession to 
replace the notched bar impact test. That test measures a complex 
function involving both strength and ductility factors, yet generally 
it is intended to evaluate ductility only. The test here presented 
eliminates those factors comprised in the general term “strength”. 
Thus, for use in the chemical industry at low temperatures when 
welding is not involved, a steel specification using this specimen 
without welding would give constant results and would tell the story 
with respect to ductility, and ductility alone. If welding and subse- 
quent stress relieving were used it would only be necessary to apply 
these to the specimen before testing. 

The importance of melting practice with respect to performance 
has already been emphasized. The specimen in question affords the 
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possibility of checking this factor as well as most other factors with 
respect to weldability on a sample cast with the heat and worked 
through to final results in less than 4 hours while the ingots are still 
in the soaking pits. Experimental trials showed that a 2x 3x 12- 
inch ingot was satisfactory. After stripping and soaking for 30 
minutes at 1200 °C, the ingot was forged, and the forged flat bar 
was cooled in air to black heat and then quenched to save time. All 
this took approximately 1 hour. The bottom third of the forged bar 
was then flame cut to oversized specimen dimensions, and the sides 
were shaped to final specimen dimensions in a machine tool. Time 
for this preparation was approximately 30 minutes, and for subse- 
quent notching about 15 minutes. When a specimen with a weld 
bead is used, approximately 10 minutes is required for grinding or 
sandblasting the surface and depositing the bead, and this must be 
done prior to notching. It is also important to remember that the 
weld bead conditions for coated electrode welding are different from 
those for high speed automatic welding, and appropriate welding 
conditions should be used. As this is a “go—no go” test at a specific 
temperature, the bath for cooling and the ram head should be pre- 
pared and ready at this time. Not more than % hour will be re- 
quired for cooling the specimen. The test proper may be completed 
in 2 minutes after removal from the bath, and measurement of lateral 
contraction is a matter of less than a minute. The entire time for 
preparation from the forging and testing to final result need not 
exceed 50 minutes. The total of the times set forth above is a maxi- 
mum of 3 hours. Allowing 1 hour for contingencies, the 4-hour 
limit between pouring and rolling of the ingot in steel mill practice 
is not exceeded. Details are given by Offenhauer and Koopman 
(23). Such a test would appear to be as useful as the platform 
Jominy, but application and study in the steel mill are necessary 
before conclusions can be drawn regarding this. 

It is hoped that this work will facilitate co-operation between the 
steelmaker, the welding engineer and the designer. The role of 
each may be inferred from the following conclusions. 


Summary and Conclusions 


1. Whether or not steel in a welded structure exhibits ductile 
behavior depends on stress distribution, rate of loading and temper- 
ature, as well as the metallurgical condition of the steel. 
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2. The criterion of ductility with respect to steel behavior is 
the ability to flow plastically under those imposed conditions. 

3. The notched slow bend specimen described appears to be a 
satisfying analogue to service performance when lateral contraction 
parallel to and below the base of the notch is used as the measure- 
ment of ductility, with the test performed at the lowest temperature 
anticipated. That specimen is a simple beam 3 inches wide, 8 inches 
long, of plate thickness, with 0.01l-inch radius, 45° notch 0.05 inch 
deep, and tested statically at 1 inch per minute ram motion. It may 
comprise a longitudinal weld bead. 

4. The notched slow bend specimen with longitudinal weld bead 
permits variation of welding conditions and techniques, comprises 
plate thickness, and contains all heat-affected zones in the notched 
condition. 

5. It is possible to prepare and test a “platform” specimen 
directly from a steel heat in less than 4 hours from teeming to final 
result. 

6. Among the metallurgical factors, each of the following con- 
tributes to the final integrated result: 

(a) The melting history of the steel has great importance. 

(b) The direction of rolling relative to the test specimen 
has no effect on the embrittling temperature. This may 
not be so for ballistic conditions. 

(c) Normalizing almost always lowers the embrittling 
temperature. 

(d) Carbon raises temperature at which embrittlement 
occurs for a given strength, whereas alloys lower the 
temperature at which embrittlement occurs. 

(e) Large grain size and high hardness tend to raise the 
embrittling temperature, but these effects are far from 
quantitative. 

(f) Straining increases embrittling temperature slightly, and 
strain aging may or may not increase it markedly, 
depending on the steel in question. 


NI 


(a) Welding invariably results in raising embrittling tem- 
perature. 


(b) Minimum effect on embrittling temperature results 
from high currents and high speeds of welding. 


(c) The temperature level of embrittlement after welding 
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is higher for carbon steels than for alloy steels at a 
given strength level. 

(d) The temperature level of embrittlement after welding 
is generally but not always higher for material welded 
in the as-received versus welded in the normalized 
condition. 

(e) Suitable heat treatment after welding tends to restore 
the initial lower embrittling temperature. 

8. For a criterion of service performance, it is suggested that 
the specimen in question be used with a lateral contraction of 1% 
minimum as a limit, and that the test temperature for indoor and 
marine service be set at —20 °C, for outdoor service at —40 °C, and 
for low temperature service in the chemical industries at 10 °C lower 
than the anticipated minimum service. 
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that source. In addition, ‘Table VIIA entitled “Charpy (Izod Notch) Impact Tests, 
Specimens Machined Longitudinally to Direction of Rolling’ on the same steels may like- 
wise be secured. In ordering refer to Document 2496, remitting $0.50 for microfilm (images 
1 inch high on standard 35mm motion picture film) or $3.90 for photocopies (6x 8 inches) 
readable without optical aid. 
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THE PHYSICAL CHEMISTRY OF ACID REFINING 
PROCESS 
(From the Kinetic Point of View) 


By Yap, Cuu-PHay 


Abstract 


The physical chemistry of the acid refining process 
is not so well understood. An attempt has, therefore, 
been made to work the rationale of the refining process 
by studying the problem of a a 02 equilibrium 
from the kinetic point of view, i.e., by following the actual 
change in the value of the deader the constants with the 
progress of the heat. A state of complete equilibrium 
throughout the system is shown to be the summation of 
the different pgrtial equilibrium states having been at- 
tained. 

The problem of relative rates of oxidation of silicon, 
manganese and carbon has been studied in the region ap- 
proaching a final state of diffusion equilibrium. The 
method of treatment may be called the “kinetics of end- 
point.” The rate of attainment of deoxidation equilibria 
in the acid open-hearth, as a result of this study, may be 
viewed as a problem of the rate of FeO diffusion. 

Seven actual acid open-hearth heats, typical of Amer- 
ican, British and German practices, were extensively 
studied and carefully analyzed. 


HE physical chemistry of the basic refining process has been 

studied much more thoroughly than that of the acid process, and 
it is, therefore, hoped that this paper may help to clarify our under- 
standing of the latter. The refining of steel, say, in an open-hearth 
furnace is a complex of so many reactions that it cannot be too 
strongly emphasized that the process must be viewed as a dynamical 
system in course of constant change toward a final state of equl- 
librium according to the laws of chemical kinetics. Throughout this 
paper, the view is taken that thermodynamics defines only the end- 

A paper presented before the Twenty-eighth Annual Convention of the 
Society, held in Atlantic City, November 18 to 22, 1946. The author, Yap, 
Chu-Phay, was director of the National Resources Commission of China Met- 
allurgical Research Laboratory before the Japanese invasion. He is at present 
on temporary duty with the United Nations Educational, Scientific and Cultural 


Organization organizing the program of the Natural Sciences Division relating 
to the engineering sciences. Manuscript received May 31, 1946. 
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point of a system apparently in a static state of equilibrium while 
kinetics define the actual course of the change of the dynamical sys- 
tem toward that end-point, so that by following the change in the 
value of the steady-state constants we may obtain by extrapolation 
over a short range the end-point, when the steady state becomes 
indistinguishable from a state of thermodynamic equilibrium. What 
is claimed here is not so much the high accuracy of the numerical 
value of the constants thus obtained, as the validity of the method 
of treating the system is dynamical in nature, thus giving us a bet- 
ter insight of the actual mechanism of the acid refining process. 





_ Fig. 1—Suggested Paths Showing the Variation of 
Steady-State Constants With Time During Refining in the 
Steelmaking Processes. 


NOTE: In all figures the co-ordinates are linear unless 
otherwise specifically designated. 


In steel refining, we have a system of two liquids, molten metal 
and slag with a gas of fairly constant composition over the slag, and 
at any instant, there are homogeneous reactions going on within each 
phase itself, but more predominantly, there are heterogeneous reac- 
tions between any two phases across their interface, which addition- 
ally involve the physical process of diffusion and it is, therefore, 
important to keep in view the differentiation between two phases in 
equilibrium at the interface only and the two phases having reached 
equilibrium throughout within the bulk of each individual phase. 
In the latter case, there is no transfer of material and the process 
may be said to have stopped in a dynamic sense; in the former case, 
the process is actually still in operation and what we treat as equi- 
librium is merely a steady-state of rest. 

The kinetic method of treatment provides us with some knowl- 
edge of how closely any particular steady-state has approached the 
real equilibrium state. Under certain specific conditions strictly un- 
der the control of the steel refiner, the course of refining may be 
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any related to those given by Curves (A), (B) and (C) in Fig. 1. 
At time t, k, = K, where k, and K designate respectively the value 
of the steady- state constant and the value of the constant defining a 
thermodynamic state of equilibrium; at t,, both k’p, and k”¢ are way 
off and it is not until we reach time t, that kp = K, and finally ke 
= K only at time ty. 


THE CONSTITUTION OF AcID SLAGS 


It would be difficult to visualize the actual nature of the acid 
refining process without reference to the constitution of the slag 
in dynamic equilibrium with both the gas phase and the molten 
metal. As has already been shown elsewhere (1)? an acid slag, 
unlike a basic one, consists essentially of MnO, FeO and CaO 
metasilicates practically undissociated, plus excess free silica. It has 
heretofore been assumed that the metasilicates are largely dissoci- 
ated and attempts to measure the so-called partition coefficient of 
FeO have been made on this soe 

Hay and his associates (2) have shown that there is a tendency 
for the total bases. (CaO + MnO + FeQ), hence, the silica, to re- 
main constant within narrow limits, provided the constituents are 
expressed in mol per cent. Sarjant (3) shows practically the same 
thing by his interesting curves. The assumption that the sum of 
(CaO + MnO + FeO) is a constant carries with it the further 
implication that (SiO,) rree is also constant. 

Aside from its effect on the viscosity of the slag, CaO displaces 
FeO in FeQ-SiQO, and if the slag-metal system were to be allowed 
to come to an equilibrium, then it is the CaO that determines the 
final amount of (FeO) in the slag. Assuming the validity of the 





Table I 
———— ee -— c — ie tae Fe, 
CaO FeO MnO SiO. 
, 23.1 16.4 58.0 
5.0 20.1 16.4 58.5 
vie 17.1 16.4 59.0 
10.0 14.1 16.4 59.5 
12.5 11.1 16.4 60.5 


1This is one of the reasons why the validity of the statistical method of treating 
heterogeneous furnace data appears questionable. The most that we can expect is that a 
particular furnace producing a particular product, run by a particular set of men, etc., may 
actually reproduce the same course of refining again and again, but still the particular 
shape of the curve must first be established. 


“The figures appearing in parentheses pertain to the references appended to this paper. 
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constancy of (CaO + MnO + FeQ) in mol-fraction, calculations 
on the ideal composition of acid slags (MgO and AI,O, excluded), 
with varying percentages of CaO, yield the data shown in Table I. 
It is noteworthy that as CaO increases from 2.5 to 12.5% by weight, 
the equilibrium (FeO) decreases from 23.1 to 11.1%, with 2.5% 
increase in (SiO, ) rota. 

As will be shown below, a true equilibrium slag will be one 
carrying some 16.4% MnO, which should remain practically con- 
stant throughout the heat, if there is no substantial change in the 
volume of the slag itself. 

It is desirable to point out some anomalous features of acid 
slags. As is well known in acid practice, in the absence of lime, a 
slag even though carrying very high FeO is poorly oxidizing and 
can be made strongly oxidizing by additions of lime. The usual 
explanation that CaO displaces FeO in FeO-SiO, is inadequate. 
As Pauling (4) has shown, the chemical bonds holding the oxygen 
atoms to the silicon tetrahedra are more covalent than ionic and the 
SiO, molecules in metasilicates share corners only and not edges— 
nor form long-chain compounds—so that the normal constitution of 
the metasilicates in the slag is probably essentially MO-SiO,-SiO,- 
OM or simply (MO-SiO,),. It has been proposed (1) that 
in the absence of lime, the FeO-SiO, forms closed rings of (FeO- 
SiO,)»—where n may be, 4, 5, 6, etc.—which are in the inactive 
state and can only be broken up to the active form by additions of 
lime. It may, therefore, be taken that lime should be considered a 
necessary constituent of normal acid slags, say, in the range of 10%. 

As equilibrium of the slag with the molten metal phase is estab- 
lished through the intermediary of a common interface, it may be 
assumed that at the interface, the metasilicates break down to sim- 


ple molecules. All our subsequent calculations are based on this 
assumption. 


THE CHEMISTRY OF THE AcID REFINING PROCESS 


Although desulphurization and dephosphorization are not in- 
volved in the acid refining process, nevertheless, the reactions in this 
system are not as simple as they may appear to be. In Fig. 2 are 
shown the equilibrium relationships between the constituents of the 
slag and of the molten metal. 


In a complex of so many homogeneous and heterogeneous reac- 
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tions, the theory of successive attainment of individual equilibrium 
states describes a condition of a system in a state of equilibrium with 
respect to the reactions that proceed rapidly and yet has not attained 
equilibrium with respect to other, slower reactions. 

Assuming the composition of the gas to be constant and in equi- 
librium with the slag, and further assuming the constituents in the 
slag to be in homogeneous equilibrium,* then because of the transfer 
of materials reversibly from the slag to the metal and from the 


Ca0.Si0,5)~. 
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Fig. 2—Interfacial and Bulk Equilibria in Acid Refining. 


metal back to the slag, equilibrium will tend to be attained first only 
at the interface (interface equilibrium) to be followed in due course 
by the attainment of the different homogeneous partial equilibrium 
relationships between silicon, manganese and carbon with one another 
and with dissolved FeO. At any instant, however, the partial equi- 
librium relationships in the bulk of the molten metal are merely 
steady-states, with real equilibrium being finally attained, if at all, 
only after some long but finite duration of time. This condition 
arises from the fact that the internal equilibrium within the molten 
metal depends on the rate of FeO diffusion which is a first-order 
reaction. As the rate of FeO diffusion is the slowest reaction, it is, 
therefore, the rate-determining factor in the final attainment of 
equilibrium. The system can only be said to have reached complete 
equilibrium throughout when all the reactions possible have reached 
their respective partial equilibrium states. This conception of an 
ideal state of equilibrium should be of great interest to all metal- 
lurgists. 

The more fundamental reactions in the acid refining process 


SAs a reference state, the slag can reasonably be assumed to be in homogeneous equi- 
librium at all times, which is not strictly correct, of course, just after adding lime, ore, etc. 
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Table Il 


List of Fundamental Reactions in the Acid Refining Process, Together with Their 
Appropriate Thermodynamic Constants, All Valid Only at 1 °C (2915 °P) 








No. Equations Thermodynamic Constants 
on _ [FeO] _ 
1 FeO = FeO Lreo = (FeO) > 0.0092 
2 SiO, + 2Fe = 2FeO+ Si K°si = [FeO]? [Si] = 0.00071 
3 MnO + Fe = FeO + Mn K° ua = [FeO] [Mn] = 0.013 
4 CO + Fe = FeO + C K°c = [FeO] [C] = 0.020 
= lS 
5 MnO + C= Mn+CoO Kata/c = (MnO) [Cc] > 0.0395 
= ss cea cain 
6 FeO + Mn = MnO + Fe Kaa = (FeO) [Mn] ~ 11.6 
. es _ [Si] (MnO)? _ 
7 SiO, + 2Mn = Si + 2MnO Ksi/ma = a = 1,140 
8 SiO, + 2C = Si + 2CO Ksi/c = a = 1.775 
9 SiO, +C+Mn=Si+Mn0+CO = Kei/o.ua = [Si MnO) _ 4, 


(C] [Mn] ~— 








are listed in Table II, together with their respective thermodynamic 
constants valid at 1600 °C (2915 °F) and in the usual range of com- 
position with respect to silicon, manganese and carbon, which are 
implicitly assumed throughout this paper to be in the form of Fe,Si, 
Fe,C and Mn in the free state—designated for convenience as Si, 
Mn and C. When these constituents are in the high range of sev- 
eral per cent, other complicating reactions, as will be discussed later, 
intervene to render the equations inapplicable. It is to be strictly 
understood that throughout this paper the assumption is made that 
the three metallic solutes are in the form of Fe,Si, Fe,C with Mn 
in the uncombined state and for convenience, they are designated 
simply as Si, C and Mn, or as [Si], [C] and [Mn] in weight per 
cent. Furthermore, (CaO), (MnO) and (FeO), unless otherwise 
specifically designated as (CaO)pree, (MnO) pree and (FeO) gree, 
stand for the total percentages of CaO, MnO and FeO as analytically 
determined, which for all practical purposes are equivalent, when 


properly converted, to the total percentages of (CaO-SiO,), (MnO- 
SiO,) and (FeO-Si0,). 


ATTAINMENT OF DEOXIDATION EQUILIBRIA VIEWED AS A 
PROBLEM OF THE RATE oF FEO DiFFusIoNn 


There are so many variations in acid refining practice that we 
are presented with an opportunity to study intensively (not statis- 
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tically) a number of standard heats characteristic of American, Brit- 
ish and German practice. Naturally, considering the number of 
variables involved, it is hardly to be expected that in the short period 
of time between melting and tapping, any one heat will be able to 
attain complete equilibrium throughout. In some instances, the re- 
sidual Si and Mn are high enough to insure some approximation to 





Time 


_ Fig. 3—Decarburization Curve, Circles Represent Data Taken from an Actual 
Acid Open-Hearth Heat. 


equilibrium conditions; in other cases, the Si and Mn residuals are 
so low and the refining period so short that when the heat is tapped, 
the silicon and manganese reversals have hardly started and the sys- 
tem could not be considered having even remotely approached equi- 
librium conditions. 

As regards decarburization, it may be stated as a generalization 
that in an ideal way it should consist of three stages as shown 
schematically in Fig. 3. In the first stage (a-b), the percentage of 
carbon should remain practically constant while silicon and manga- 
nese are being oxidized—this stage is generally observed when the 
melting-down temperature is fairly low and the concentration of the 
constituents are fairly high; in the second stage (b-c), the oxidation 
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of carbon is mainly at the interface and may, therefore, be consid- 
ered as a reaction of zero-order; in the third stage (c-d-e), the oxi- 
dation of carbon is essentially reaction in the bulk and is of the first- 
order, satisfying the following equation: 





—d[C] 
= Ake ((C] — [C]e) Equation 10 
dt 
Hence, 2.3 log ({C] — [Cle) =Aiket + constant Equation 10a 


in which A, is the area of the interface, k, the specific decarburiza- 
tion rate constant, [C] the carbon concentration at any instant and 
[C]. the equilibrium value of carbon* (both terms in weight per 
cent) defined by the maximum percentage of FeO that will be dis- 
solved in the molten metal according to the relation [FeO]/(FeO) 
— Lreo. 

The rate of diffusion of FeO from the slag into the molten 
metal is a first-order reaction given by the following equation: 


d[FeO] 


= = Ai kat. ({[ FeO]. — [FeO]) Equation 11 





so that 
2.3 log ([FeO]e — [FeO] ) = A: ka.t.t + constant Equation lla 


in which k,;. is the specific FeO diffusion rate,® [FeO] the actual 
percentage at any instant and [FeO], the maximum percentage of 
FeO that will be dissolved in the molten metal at final state of equi- 
librium when [FeO]/(FeO) = Lyeo. 

At any instant, [FeO] x [C] = k°c, a steady state value; 
however, as the system approaches equilibrium, [FeO] +> [FeO], 
and [C] > [C]., so that k°¢ —» K°o. It can mathematically be 
shown that the rate of change in the value of k° with respect to time 
as the system approaches equilibrium, with ‘carbon practically con- 
stant, is approximately 





‘The way to estimate the value of [Cle is as follows: first, the carbon-time curve 
is drawn carefully and the asymptotic value estimated with the probable value of [FeO]- 
kept in mind. Then by trial we try the particular set of data according to Equation 
10a, using different values in the neighborhood of the estimated [Cle to obtain the best 
straight line and have a slope common to all. Actually it may be mentioned that the slope 
of the curve is based primarily on the data from Heats I and IV which have been studied 
intensively (1). The value of [C]e can be further verified from the relation K°c/([FeOle = 
[C]e. 

5Theoretically, Equation 11 should apply only to over-all transfer of FeO from the 


slag to the metal, but as the chemical rates of oxidation are so rapid com arr to the slow 
rate of diffusion, the equation is equally applicable to net transfer of FeO, as used above. 
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—dk*« ; ; 
ne A. (in) (eo — K*o) Equation 12 
dt se = 
Hence 
2.3 log (k°c — K°c) = A: (kx) t + constant Equation 12a 


Inherent in the nature of the acid refining process of using 
solid charges, we may make the reasonable assumption that to the 
first approximation, the ratio of the area of the interface to the 
volume of the slag and the molten metal is about constant, so that 
A; may be taken as constant. 

- Among a number of heats, four have been selected for inten- 
sive study to show the wide variation in the change of steady-states 
toward equilibrium conditions: Heat I is a very fine English heat, 
II one characteristic of German practice, III and IV of American 
practice (5). Table III gives their complete analyses. 

In Fig. 4 are shown the datum points from seven heats with 


Table Ill 
Analysis of Four Acid Heats 

Heat Time . Si Mn FeO FeO MnO CaO SiO. 
I 0 1.30 0.55 0.24 0.018 27.0 15.0 0.5 48.0 
1.00 1.18 0.48 0.20 0.018 27.0 14.5 0.5 48.0 

2.00 1.04 0.08 0.06 0.036 18.0 12.0 6.0 54.0 

3.00 0.70 0.06 0.08 0.054 12.0 11.5 12.0 58.0 

4.00 0.48 0.07 0.09 0.0674 11.0 11.0 13.0 58.0 

5.00 0.32 0.07 0.08 0.0718 11.2 11.0 13.5 59.5 

6.00 0.26 0.07 0.07 0.0808 11.0 10.5 13.8 59.5 

il 0 0.91 6.16 0.57 <a 9.5 31.8 0.8 52.4 
0.25 0.89 0.16 0.53 0.0224 72. 36.5 0.6 49.8 

0.58 0.82 0.16 0.51 or 8.2 34.7 0.8 50.1 

1.08 0.79 0.12 0.41 0.0314 10.0 32.6 0.6 51.7 

1,83 0.72 0.13 0.36 0.045 10.6 30.2 0.7 53.4 

2.33 0.59 0.19 0.35 0.045 9.9 21.3 0.6 54.6 

3.05 0.50 0.22 0.36 0.0495 R32 24.4 3.0 56.9 

3.25 0 47 0.23 0.34 0.0495 10.4 23.9 5.5 56.0 

3.83 0.42 0.24 0.37 0.045 11.3 23.1 3.8 57.1 

4.15 0.39 0.28 0.36 0.054 11.2 22.5 4.0 57.0 

4.58 0.35 0.30 0.37 0.0404 11.1 22.2 4.1 57.6 

4.75 0.35 0.30 0.34 0.0404 11.7 22.0 3.6 57.4 

5.00 0.34 0.31 0.35 0.0404 11.6 22.2 3.8 57.3 

5.17 0.34 0.32 0.35 0.0449 11.5 22.0 3.3 58.4 

ltl 0.07 0.88 0.36 0.35 Sees i‘o0s ate Sian 
0.33 0.84 0.34 0.35 24.2 20.0 0.3 47.7 

1.00 0.84 0.21 0.21 sae 24.2 20.0 0.3 48.3 

1.50 0.79 0.06 0.10 a 20.0 20.0 4.3 50.0 

1.75 0.70 903 0.09 19.0 20.0 4.3 51.8 

2.08 0.58 0.05 0.11 16.8 20.2 4.3 54.6 

2.42 0 46 0.07 0.12 16.8 19.7 4.2 56.6 

2.72 0.38 0.08 0.12 16.2 19.5 4.1 56.8 

3.00 0.32 0.08 0.12 one 16.0 19.2 4.0 57.8 

LV 0.08 1.17 0.07 0.21 0.027 11.1 28.0 2.6 55.0 
1.83 1.04 0.09 0.20 0.037 10.3 25.0 3.9 57.0 

i 0.93 0.09 0.19 0.040 11.0 22.7 oe 58.7 

3.62 0.72 0.15 0.21 0.043 10.5 ai.0 sua 60.7 

5.17 0.54 0.23 0.26 0.0457 12.7 18.7 2.5 62.2 

6.18 0.47 0.27 0.26 0.0464 13.9 16.5 2.3 63.0 

6.67 0.45 0.28 0.26 0.0466 15.5 18.0 2.4 58.5 
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([c] - (c),) 





Fig. 4—Master Decarburization Curve in Acid 
Open-Hearth Refining (Equation 10a). 


[C]. estimated for each heat. The slope of the curve as given by 
Equation 10a is ke = 0.40 in reciprocal-hour unit. When we 
bear in mind the difficulty of making FeO analysis, it is not sur- 





®For the sake of simplicity, we shall arbitrarily assign to Ai a value of unity. 
Actually we do not know the value of ke. 
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Fig. 5—Diffusion Curve of FeO from Slag Into the Molten Metal 
(Equation Ila). 


prising to see the data so erratic, which naturally makes it more 
difficult at present to test the complete validity of Equations 11 and 
12. Fig. 5 is merely shown to indicate the slope of the curve to be 
expected, with k,,, = 0.184. The slope of the curve is mainly 
based on the data from Heat I, which we believe to be the 
most reliable. When the appropriate data for values of k°« are 
plotted according to Equation 12a, we obtain Fig. 6, with the slope 
of the curve being around 0.47 = 0.495. It must readily be ad- 
mitted that the evidence is merely qualitative and much more work 
has to be done on these two equations. 

To avoid duplication of illustrations, only the data from Heats 
I and IV* have been used to show in Figs. 7 and 8 the change in 





7™No analysis for FeO was made in this heat, but the FeO can be closely estimated 
by the use of Equation 11 knowing that K°c/[C]e = [FeOle. 
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_ Fig. 6—Curve Properly Plotted to Evaluate the 
Constant in Equation 12a. 


the value of the steady-state constant so that with ‘ime as the sys- 
tem approaches equilibrium, k°s; => K* si, K° am —> K* wn and k°o + 
K°o. The curves are all regular S-curves characteristic of reactions 
resulting from diffusion phenomenon, and with the exception of 
k°ymn in Heat I, both heats may be said to have approached equi- 
librium as regards deoxidation. We note the gradual change in the 
numerical value of the different steady-state constant as a function 
of the FeO diffusion from the slag into the molten metal. With k°¢ 
always larger than K°¢, the main deoxidizing agent in the molten 
metal is, therefore, carbon. 
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, Fig. 7—Variation of Steady-State Constants with Time, Heat I with High 
Lime Slag. 


OTHER PARTIAL EQUILIBRIUM RELATIONSHIPS 
(Homogeneous and Heterogeneous) 


We shall now discuss the attainment of other partial equilibrium 
relationships. In Equation 1 we have a fine example of a thermo- 
dynamic equilibrium constant being defined by the ratio of two 
kinetic constants, so that at any instant when a steady-state prevails 


FeO = FeO; kreo = k—>/k— Equation la 


and as the system finally approaches equilibrium according to the 
distribution law, then kreo > Kero — 0.0092. Examination of avail- 
able data shows that in many instances |FeO]/(FeOQ) nowhere ap- 








96 TRANSACTIONS OF THE A. S. M. Vol. 40 


24 
20 il 
8 ye 
c 
S '6 eee 
2 Low CaO Slag (2.4%) >. 
12 
> Bee _ 
8 ate aaa SAINI 
5 


[FeO] -00476 


aa aeeee 


Ks «0.00071 








s === 
3 — Kan + 0.013 
@ an 
5 3 
$ F os i 
4 
$ [- 
2 a 
yer: 2 
' O~o K 2=0.020 
4 
ae 
at 
eee te iat 
Actual Time Scale 
_ Fig. 8—Variation of Steady-State Constants with Time, Heat IV with Low 
Lime Slag. 


proaches the value of Lyeo, being much smaller. For example, in 
Fig. 7 we note that as the system approaches eventual equilibrium, 
the (FeO) in the slag and the [FeO] in the metal approaches with 
respect to the (FeO) in the slag a ratio in the neighborhood of 
0.0092, but in Fig. 8, as is to be expected from Table I, the (FeO) 
in the-low-lime slag is expected to go up to, say, 23% and we can 
hardly expect the [FeO]/(FeQO) distribution ratio to be attained. 
Correlatively, it was also noticed that in low-lime slags the values 
of Kyn are low, generally the lower the lime, the lower the value of 
Kam. Hence, it is necessary to study this problem by taking into 
consideration other factors involved. 
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Equation (5) has already been advanced (1) as a good indi- 
cator of close kinetic approach of the system toward final equilib- 
rium, especially in the basic system. It involves the conception that 
MnO competes with FeO to oxidize carbon—just like (SiOQ,) gree in 
Equations 8 and 9—and it is an index of the relative rates of 


(MnO) Tote! ‘. 
(FeO) Total [Mn] 
13.8%Ca0 E 
12 SE on on 1, a TEoe 11.6 
rl ° 
se x{” a 4.0%Ca0 2 ee 
ttm 
4 - / 3.5%Ca0 ’ aaa 
o— —_xx/ . 





Time 


Fig. 9—Variation of Kmn with Time During Refining, Five Heats. 


oxidation of carbon by FeO and MnO. It will readily be seen that 
by introducing Lyeo in Equation 4 and combining with Equation 5, 
we obtain Equation 6a, thus 


kreo e Lreo 


sneienleimcimme aanliy darn iEonn Kyun (= 11.6) Equation 6a 
k* c ‘Kus c K'ec* Kuta nee 


a 


The product of the two terms in the denominator when plotted 
yields a regular S-curve; likewise does the kpeo curve. Hence, kyn 
under ideal conditions should reasonably be constant at around 11.6 
throughout the heat,® but as will be seen in Fig. 9, this is only so 
in two cases, I and V (the latter is from another English heat) 
involving high-lime slags.? In II, III and IV with the slag carrying 
very little lime, the value of ky is rather low and the curves erratic. 
It is noteworthy that the lower the lime the lower the final value of 
kan. 
~ On the fairly reasonable assumption that ky, is constant at 
11.6, the calculated values’® of kyeo’ upon plotting all yield normal S- 
curves (Fig. 10) characteristic of diffusion. In the case of high- 


‘Not forgetting that the temperature coefficient of Kan is fairly 


large: at 1550 °C 
Kain = 14 and at 1650 °C, Kun = 10. 


*It is most interesting to note that in both cases, the kmn starts from a value 
around 2.3 characteristic of the basic refining process. 

Tf part of the FeO-SiO, in the low-lime slag is in the inactive form of closed rings 
of (FeO-SiQ,)n, then naturally the (FeO) required to satisfy the kmn relationship is 


much smaller than (FeO)rotalt. From Equation 6a kreo’ = [FeO] x 11.6 [Mn]/(MnO) 
= [FeO]/(FeO)’. 
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lime slags (I and V) the calculated kpgeo’ values are in agreement 
with the actual kpeo values; in the case of low-lime slags, the cal- 
culated kpeo’ values yield normal S-curves, but the actual kpeo curves 
are seen to be abnormal and concave in shape. It is interesting to 
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Fig. 10—Variation of FeO Distribution Ratio with Time During Refining: 
Cirgles Represent Distribution Ratios Obtained from Actual Chemical Analysis; 
Crosses Represent the Same ee, Ratios Obtained by Dividing FeO Con- 

(MnQ) 
(FeO) [Mn] 
Where Kuo = 11.6, (MnO) and [Mn] Are the Analyzed Values) Into the Analyzed 
FeO Content in the Molten Metal. 


tent in Slag (Calculated from Kun 


note that Curve VI (from another German heat) is composed of 
two portions: one concave curve in the region of 1% CaO and the 
other, in the region of 5% CaO, appears to show a tendency to fol- 
low a normal diffusion curve. 

In Fig. 11 are shown the four kyo curves; only Curve II iS 
abnormal, as much more carbon has already been oxidized for the 
manganese content in the molten metal. When (MnO) is assumed 
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to be constant—any variation in the percentage of (MnO) affects 
only the steepness of the S-curve—we see (Fig. 12) that as the sys- 
tem approaches equilibrium conditions, then k° vin/k°g —> K* mn/K° c 

== 0.65, because K* mn has ae been set at 0.013. At any par- 


ticular value of [FeO], k° ya, = |Mn]|/[C]. The curves are, 
therefore, obtained merely from the [Mn]/[C] ratios without ref- 
[Ma 
(MnO) [C] 





Time 


Fig. 11—Variation of Different Steady-State Constants with Time 


. During 
Refining. 


erence to [FeO]. Curve I is off on account of low Mn resulting 
from the low (MnO) while II is also off on account of too rapid 
decarburization. The other two S-curves are normal and IV in par- 
ticular shows the [Mn]/[C] ratio may actually attain a value of 
0.65 as the system reaches equilibrium conditions. 

It is now pertinent to show at this point that at equilibrium, 
the (MnQ) in the slag is uniquely defined, because as 

( (MnO) : (MnO) (MnQ) 

-_—> —— — ——— = Kuan Equation 6b 


k° un/ Kreo K ven Lie (FeO) [Mn] 

The two S-curves given by k° yn, and k° peo divided one by the other 
should normally give a fairly constant quotient and at equilibrium, with 
K°xm, Lereo and Ky, all uniquely defined, then (MnO) = 16.4%, 
which should be reasonably constant throughout the heat, provided 
the temperature and the volume of the slag are fairly constant. This 
is actually so in many instances where there has not been a large 
change in the volume of the slag." 


The question may be raised as to what happens when (MnO) is larger than the 
equilibrium value of 16.4%. No definite answer to this question can be given now. 











100 TRANSACTIONS OF THE A. S. M. Vol. 40 


One interesting feature of acid refining process is the silicon 
reversal resulting from the reduction of free SiO, by Mn and C.? 
Even if the analytical results show no increase in Si, it does not 
mean that there has been no silicon reversal—it simply means that 
the rate of reduction is just counterbalanced by the rate of oxida- 
tion. The well-known better qualities of acid steels are to be at- 
tributed to this phenomenon of silicon reversal, as no deoxidation 











Time 


Fig. 12—-Variation of Different Steady-State Constants with Time During 
Refining. 


by ferrosilicon and ferromanganese can be as thoroughly homo- 
geneous and as clean as that by atomically dispersed silicon result- 
ing from SiO, reduction at the slag/metal interface. 

The reaction represented by Equation 7 has been studied exten- 
sively by Korber and his coworkers (6), but it appears that they 
have drawn many more conclusions than are justified by any thermo- 
dynamic consideration of the reaction as defined explicitly and im- 
plicitly by the equation for the reaction. For example, it is under- 
stood that (a) in the slag we have metasilicates only, with practi- 
cally no orthosilicates and with free SiO, practically constant; (b) 
all the Si and C are assumed to be respectively in the form of 
Fe,Si and Fe,C, the latter being only slightly dissociated (assuming 
no solubility of graphite in molten steel), and Mn in the free state; 
and (c) not only are Si, Mn and C in equilibrium with each other 
finally, but they individually are also in equilibrium with FeO ac- 
cording to their partial equilibrium relationships. 


12Theoretically, (SiOc)rree + 2 Fe = Si +2 FeQ_ should also occur, but this reac- 
tion is only of secondary importance. 
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With very high MnO—as much as, say, 50%—the slag is no 
longer a metasilicate slag, but one consisting substantially of ortho- 
silicate plus some metasilicates and some small percentages of SiO,, 
FeO and MnO in the free state. With our present state of knowl- 
edge, it is difficult even to estimate the proportions of 2MnO- SiO, 
to MnO-SiO, and so we cannot properly evaluate the (MnO)? term 
in Equation 7, as it ranges all the way from a second-power func- 
tion in truly acid slags to a power function closer to unity in a slag 
with very high percentage of 2MnO-SiO, (if we still use 
(MnO) rota: as the term). Moreover, free SiO, will no longer be 
constant and will have to be calculated in each particular case. 

With very high Si, Mn and C, we have the further complica- 
tions of formations of several new compounds as solute, such as 
SiC, MnSi, Mn,C, etc., so-that the two metallic terms in Kgi/ym 
constant involving Si and/Mn cannot also be properly evaluated. 

As will be discussed more fully later, our theory of internal 
equilibrium between Si, Mn and C is based on a certain order of 
mutual oxidation and reduction, such that at final equilibrium these 
constituents are also in equilibrium with FeO. An examination of 
Equation 7 shows that at equilibrium it is the sum of Equations 1, 
2 and 6, so that with (S10, ) pree constant, then 


K * si 
Kosi pain (= ) * K? xn Equation 7a 
; Lreo a 


8.4 X (11.6)* = 1,140 


so that by implication Si is in equilibrium with FeO, which in turn 
is in equilibrium with the FeO- SiO, in the slag and finally Mn is in 
equilibrium with both FeO-SiO, and MnO-SiO, according to the 
Kym relationship. All these restrict the applicability of Equation 7: 
only to systems with fairly low Si, Mn and C in the molten metal 
covered by an acid slag of fairly narrow range of variation in com- 
position with respect to SiO,, FeO, MnO and CaO. 

In Equation 7a one notes that both terms, (k°s;/k*reo) and 
K?y, should be about constant throughout the heat; hence, the nu- 
merical value of kgiym should theoretically be constant at 1140. 
However, on account of the second-power function of both (MnO) 
and Mn, a temporary fluctuation of, say, 0.5% in (MnO) and 0.01% 
in Mn may introduce an error as large as +25%, so that we should 
expect some variation in the value of ksiywn even at constant tem- 
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Fig. 14—-Variation of Different Steady-State Constants with 
Refining. 


Time During 


perature. In Fig. 13 are shown the four kgy;y, curves drawn to 
appropriate scale and they may be interpreted as roughly being con- 
stant, with Curve III being a little higher at 1500. 

As a matter of interest, again assuming (MnO) constant, the 
[Si]/[ Mn]? curves shown in Fig. 14 show how I is way off on ac- 
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count of the low Mn resulting from too low (MnO), II is normal, 
III not quite normal and IV again normal. As the system approaches 
a state of equilibrium, then k°si/(k°yn)*? — K°gi/(K°mn)? — 4.20, 
taking the value of K°g; as 0.00071. os iz 

The equilibrium relationship between Si and C in the presence 
of (SiO.)rree is given by Equation 8 and in Fig. 15 we note that 





Time 


Fig. 15—Variation of Different Steady-State Constants with Time During 
Refining. 


only Curve II is abnormal resulting, as already explained previously, 
from too rapid decarburization. In the normal process, toward the 
end of the heat Si should increase while C decreases, so that the 
curve should asymptotically approach a value in the neighborhood of 
1.8, as k°s)/(k°c)? — K°s/(K°c)? = 1.775. Now, with K°o = 
0.02, then es is certainly of the order of 0.0007 and cannot be 
much smaller. 

By combining Equations 7 and 8 we obtain Equation 9 which 
embodies the conception that C an@d Mn compete with each other to 
reduce free SiO, to Si, i.e., Si must be in equilibrium with Mn and 
C simultaneously, as well as with (MnO) in the slag. The four 
ksiveam Curves are shown in Fig. 16 with Curve II off probably on 
account of high (MnO). The lower curve is merely shown as a 
qualitative indicator of how the course of change in the steady-state 
value of Kgijce.m would look like had (MnQO) been around 16.4%. 
The other three curves may be said to approach asymptotically a 
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value in the neighborhood of 45 as the system approaches equilib- 
rium, so that kgyo.xm — Ksiyo.mn = 44.8 when (MnO) is taken as 
16.4%. ” rs 

Again, if we assume (MnO) to be constant, we obtain the four 
[Si]/[C]-[Mn] curves shown in Fig. 17. Curve I is off on ac- 
count of too low Mn (K°y, will not be attained as shown in Fig. 7). 


60 [Si] (MnO) f 





Fig. 16—Variation of Different Steady-State Constants with Time During 
Refining. 


The normal S-curves appear to approach asymptotically a value in 
the neighborhood of 2.7, so that as the system approaches equilibrium 
k°si/(k°o*k° wm) —> K°si/(K°o*K°mn) = 2.73. It is noteworthy 
that Curve I though normal in Fig. 16 is now abnormal; conversely 
true for Curve III. It is tentatively to be concluded that in the 
range of (MnO) about 16.4%, the K°y, equilibrium relationship 
will be attained and that any large excess of (MnQ) above 16.4% 
may merely function as diluent in the acid slag. 

It is, therefore, very interesting to see that treating the molten 
iron/acid slag system as dynamical in nature, we conceive of the 
various steady-states gradually approaching equilibrium values as 
the system approaches a state of equilibrium. In this manner we 
can correlate approximately the value of the different thermodynamic 
constants without reference to a knowledge of the actual FeO content 
in the molten metal. ae 


THE KINETICS OF OXIDATION OF SILICON, MANGANESE AND CARBON 


The evidence presented thus enables us rationally to formulate 
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a composite picture of the actual mechanism of the acid refining 
process. We should think of any steady-state at any instant as a 
balance between oxidation and reduction. The extent of oxidation 
of silicon, manganese and carbon relative to one another is governed 
by their partial equilibrium relationships. Thus, if too much silicon 
is being oxidized, then manganese and carbon will reduce free SiO, 
back to silicon and in turn, some of the (MnO) will be reduced back 





Time 


Fig. 17—-Variation of Different Steady-State Constants with Time During 
Refining. 

to manganese by carbon, so that the net rate is really equivalent to 
the rate of oxidation of carbon. Aside from the fact that the S 
curves suggest a first-order process throughout, we already know 
that the oxidation of carbon is the rate-determining factor in the 
attainment of internal equilibrium within the molten metal phase, 
because it is the slowest one, dependent on the rate of FeO diffu- 
sion from the slag. 

We note in the various illustrative figures given above that the 
normal S-curves approach their equilibrium values asymptotically. 
This permits us to differentiate the functions with respect to time 
(t). Thus, for example 


dkatn [Mn] 
d{ ——— ‘dt = O 
dt (MnO) [C] 


As the system approaches equilibrium, kyjnjo > Kuinse, so that [Mn] 
— [Mn], and [C] — [C]., and dkynjo/dt — 0; hence, so that 
—d [Mn]/dt [Mn]. din (MnO) /dt 


—_—- —_— — {Mn}, ——_—_—_——_ 
—d [C]/dt [Cl]. --d [C]/dt 
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With (MnO) assumed constant (practically so in many actual 
cases), the second term on the right drops out. Hence, 


























—d[Mn]/dt [Mn]. K°xn 








——_——_—_——. : 0.65 Equation 13 

—a(C/at [C.K 

as both [Mn], and [C], are in equilibrium with FeO. Although 

—d [Mn]/dt and —d[C]/dt each tends toward zero as the system 

approaches equilibrium, yet they do not approach zero at the same 

rate, as the limiting ratio of their relative rates is 0.65 as given above. 
Likewise assuming (SiO,)}pree and (MnQO) to be constant, then 


dks stn [Si] 
w= /dt = k(Ks: Mn — ks: Mn ) 
dt [Mn]? 











As the system approaches equilibrium, k(Kgijyn — Kgiyan) ap- 
proaches zero, [Si] — [Si]. and [Mn] [Mn], and dkgi/ym/dt > 
0; hence 
1 —d[SiJ/ee [Si], (K*s) 
— —_—_—_—_—_——_— > — = 4.20 Equation 14 











2{Mn]. —d[Mn]/dt [Mn].2 (K°ua)? 


—d [Si]/dt 
ctiitlilesaapsilindicatee 8 40 [Mn]. Equation l4a 
—d [Mn]/dt 


or 


It can likewise be shown that at equilibrium 





l —d [Si]/dt [Si]. (K°s:) 











—— ————— = ——— = 1.795 Equation 15 
2[C].e —d[C]/dt [C]e (K*c)* 
—d [Si]/dt 
or ——_—_——— = 3.55 [C]. Equation 15a 
—d [C]/dt_ 


The equations above, giving the relative rates of removal of Si, 
Mn and C when the system approaches equilibrium, indicate quali- 
tatively that in the usual range of analysis of acid heats, it is C that 
is the main deoxidizing agent with Si next in importance. This con- 
clusion is in accord with our knowledge of the relative change in 
free energies involved in the oxidation of these three constituents. 

It is to be noted that we have obtained the ratios of the rate of 
decrease of Si, Mn and C relative to one another without reference 
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to FeO dissolved in the molten metal, although it is, of course, im- 
plicit that these constituents are also in equilibrium with FeO at 
their individual steady-states, finally of equilibrium. If we can ob- 
tain the numerical value of a single rate, then the others can be cal- 
culated. In examining, say, Figs. 7 and 8, we notice that the k°g;, 
k°ym and k°e curves may all be said to approach their equilibrium 
values asymptotically. This permits us to differentiate directly these 
functions with respect to time (t) and then set the differential co- 
efficient to zero, so that ‘ 


—dk* ¢/dt d ([FeO]-[C])/dt = 0 Equation 16 


d[FeO]/dt [FeO]. 
or a cy/at Cl. Equation l6a 
which simply means that the limiting ratio of d[FeO]/dt to 
—d [C]/dt, however minute the individual terms may be themselves, 
is finally given by [FeO]./[C].. For example, in Heat IV with 
[FeO], — 0.0476%"* and [C]. — 0.42%, the limiting ratio is, 
therefore, 0.113. From the curve in Fig. 5 we can pick off any two 
specific values of [FeO] close enough to the equilibrium value of 
[FeO], — 0.0476% but separated by the same interval of time, 
i.e, 1 hour. With d [FeO]/dt known, —d [C]/dt, —d [Mn] /dt 
and —d [Si]/dt can all be calculated. . 
Thus if we only know the actual numerical value of the area of 
the interface (A;) and at the same time make the assumptions re- 
garding the probable constitution of the acid slag, as proposed in this 
paper, we can then calculate’ all the necessary data regarding the 
different rates. 


CONCEPTION OF COMPLETE EQUILIBRIUM THROUGHOUT 
THE SYSTEM 


It has already been advanced that in a dynamical system in 
which a series of consecutive and concurrent reactions occur, the 
different partial equilibrium relationships are attained finally one 
after another, but the system can only be said to have attained com- 
plete equilibrium throughout when all the reactions possible have 
reached their respective partial equilibrium states. 

It is readily admitted that there is no meaning to carrying the figure to 4 decimal 


places, but it is done hert merely for the sake of consistency in our numerical calcula- 
tions. 
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An intensive study of Equation 9 reveals that we have here an 
expression that can completely describe the acid system at its final 
state of complete equilibrium throughout. Assuming the partition 
of FeO between the slag and the metal to have been attained ac- 
cording to its “partition coefficient,” then every equation in Table II 
is implicitly included in Equation 9. With (MnQ) theoretically 
constant at a minimum value of 16.4%, there remain only three 
variables in the manipulation of the metal/acid slag system; namely, 
temperature 6, which may safely be assumed constant at 1600 °C, 
free SiO, which may also be assumed constant, leaving. (FeO) in 
the slag as the only variable. As has already been discussed, the 
sum of (CaO + MnO + FeQ) in mol per cent is about constant, 
so that with (MnO) fixed at 16.4%, it is the CaO that finally deter- 
mines the equilibrium percentage of (FeO)** in the slag. Hence, 
the percentage of Si, Mn and C is each uniquely defined, if the 
system is assumed to have attained complete equilibrium throughout. 
Reviewing all the curves shown, it is seen that Heat IV is the only 
one closest to a state of complete equilibrium throughout. 

While Equation 9 under ideal conditions can fully describe the 
composition of the slag and the molten metal in the final state of 
equilibrium (end-point), it remains for the kinetic treatment to. pre- 
dict the normal course of the changes in composition with the prog- 
ress of the heat. The conjunction of the thermodynamic and kinetic 
methods of treatment offers, it is hoped, a new fruitful field of 
investigation in the future. 
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DISCUSSION 


Written Discussion: By Conrad C. Wissmann, 6424 Makee Ave., Los 
Angeles. 

The author is to be congratulated for his fine paper on the physical chem- 
istry of the acid refining process. Investigations in this field of metallurgy 
have been all too few. So few, that metallurgists faced by problems in this 
field are at a loss as to just what is correct. It is hoped that this paper will 
stimulate other investigations of the same type so that metallurgists will soon 
not have to pass off the subject by saying that, after all, steelmaking is an 
art, not a science. 

The acid refining process is, of course, dynamical in nature, since concen- 
trations of the various constituents in the slag and metal are constantly chang- 
ing and Dr. Yap is to be congratulated for giving us a method of approach to 
this dynamical problem that leads to quantitative data. There are several points 
[ would like Dr. Yap to comment upon. For example, it was assumed through- 
out the paper that the temperature remained constant; that is, at 1600 °C (2910 

I). For example, in Heat I, from time 1 to 6, can we assume that the temper- 
ature did not increase as the heat progressed? ‘This factor will be particularly 
important since it affects the values of the equilibrium constants. This is true 
since the deoxidizing power of silicon and manganese decreases with increasing 
temperature and the deoxidizing power of carbon increases. Could not the 
high values of the steady-state constants of Heat II be due to the metal in this 
heat being hotter than the others? Would not an increase of temperature as 
the heat progresses tend to give the same S type of curves that were obtained 
by plotting the change of the steady-state constants? The leveling off of the 
top portion of the curves would then be due to a slowing down of the rate of 
temperature rise coupled with the decreasing amount of carbon left in the metal. 
. would like the author to comment on this point, since through experience 
on various electric furnaces, I have found the rate, at which a heat deoxidizes 
itself during the boil, is proportional to the power input of the furnace or pro- 
portional to the rate of increase of temperature of the metal rather than due 
to the depth of bath or slag metal area or other factors that would affect the 
diffusion rate of the reaction products. 

Written Discussion: By John Chipman, head of department of metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. 

The first casual inspection of this paper leads the reader to wonder why 
it should ever have been written. A second persual convinces one that it is 
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not so innocuous as it appeared at first sight but contains some elements which 
are positively anti-scientific. 

The constant of reaction 3 in Table II is erroneously written in that the 
concentration of MnO, one of the reactants of variable concentration, is omitted. 
This erroneous “constant” is used on page 99 to prove that the concentration of 
this same reactant (MnQO) is constant. This leads the author to the absurd 
conclusion that the concentration of MnO is constant at 16.4%. However, the 
reader is given a break in the footnote which states “the question may be raised 
as to what happens when (MnO) is larger than the equilibrium yalue of 16.4%. 
No definite answer to this question can be given now.” Similarly it may be 
obvious that if (MnO) is less than 16.4% the author is again unable to give a 
definite answer. 

The author’s treatment of the kinetics of oxidation is perhaps the worst 
that we have yet seen on this important subject. Without attempting to enum- 
erate the fallacies involved in the derivation of Equation 13, it may be pointed 
out that the result is so far from representing the facts of the case as to make 
it totally worthless. The equation states that the rate of elimination of carbon 
is proportional to the rate of elimination of manganese. The fallacy of this 
conclusion is obvious since it is very common for the manganese content of the 
bath to remain constant or to increase during the last several hours of the heat. 

Written Discussion: By L. S. Darken, United States Steel Corp. Re- 
search Laboratory, Kearny, N. J. 

The fundamental hypotheses on which some parts of the argument are 
based seem either vague or highly questionable. In the section entitled “At- 
tainment of deoxidation equilibria viewed as a problem of the rate of FeO 
diffusion,” no description of a postulated mechanism of CO evolution is given; 
there is not even a reference to the recent work of Larsen and Brower” or to 
that of Sims” on this subject. The assertion is made that in the second stage 
“the oxidation of carbon is mainly at the interface and may, therefore, be con- 
sidered as a reaction of zero order”; presumably the interface meant is the 
slag-metal interface. To the best of my knowledge, there is no evidence that 
CO evolution occurs from this interface and even if it does, this fact would not 
warrant the conclusion that the reaction is of zero order; of course, the fact 
that plot of % C versus time (Fig. 3) passes through an inflection means 
that the reaction is of zero order at the inflection point by definition. It is 
then claimed that “in the third stage the oxidation of carbon is essentially 
reaction in the bulk.” Again, I know of no evidence that such is the case; 
the extensive work of Larsen and Brower seems convincing that essentially 
all CO evolution is from the bottom; Sims points out from consideration of 
surface tension that postulatior of the formation of CO bubbles in the middle 
of the liquid steel bath is absurd. The author then asserts without any justi- 
fication that such a bulk reaction is of the first order and satisfies Equation 10. 
Such pure assertion is then carried further in the subsequent statement, “The 
rate of diffusion of FeO from the slag into the molten metal is a first order 
reaction given by the following equation.” The general thesis that the rate of 
carbon evolution is controlled by diffusion of FeO though perhaps correct does 


%T. E. Browerand B. M. Larsen, Metals Technology, September 1946, T.P. 2035. 
#C. E. Sims, Metals Technology, January 1947, T.P. 2129. 
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not seem to me to be established at all by the data and reasoning of this sec- 
tion; the obvious effect of convection and stirring has not been mentioned. 

Another matter about which it seems the author has been somewhat care- 
less is the treatment of the equilibria listed in Table II. It would seem so 
obvious as to hardly warrant explicit statement that the symbols we write on 
paper are meaningful only insofar as they correspond to physical quantities 
or operations. In particular a written chemical equation has no meaning unless 
there is an actual chemical reaction (or equilibrium) corresponding thereto. 
Kquation 9 of Table Il represents the reaction of one atom of carbon and one 
atom of manganese with one mol of silica. There is no evidence, and I do not 
believe the author even means to imply, that carbon and manganese are con- 
sumed in equal (atomic) amounts by such a reaction; hence such an equation 
cannot aid our understanding of the situation. Yet in the final section we find 
the statement, “An intensive study of Equation 9 reveals that we have here an 
expression that can completely describe the acid system at its final state of 
complete equilibrium throughout.” 

Thermodynamic equilibrium constants are defined in terms of activities. 
This fact as well as the manner of derivation and the approximation involved 
in replacing activity with concentration are so well known at the present time 
that further elucidation of this point seems quite unnecessary. Insofar as the 
slag of the acid open-hearth may be regarded as saturated with silica, the activ- 
ity of silica is constant; there is no need to introduce the concept of free SiO, 
to demonstrate this. In Table II the activity of one or more components has 
frequently been omitted from the constant, i.e., has been assumed constant. 
This is certainly correct providing the equation is used to represent circum- 
stances where the activity does actually remain constant. The author has not 
always observed such precaution; as Professor Chipman has pointed out, this 
has led to incorrect conclusions, particularly in regard to the constancy of the 
per cent MnO in the slag. 

Written Discussion: By L. C. Chang, Carnegie Institute of Technology, 
Metals Research Laboratory, Pittsburgh. 

The author is to be congratulated on his ideas of interpreting the chem- 
istry of refining in the acid open-hearth furnace. As is repeatedly stated by 
the author in his paper, reactions in the open-hearth involve a complex of so 
many variables, known as well as unknown, that interpretation of any kind 
at the present cannot but be viewed as qualitative and empirical in nature. In 
steelmaking slags, wide deviations from ideal behavior may occur. For in- 
stance, calculations from the data of Chipman and co-workers on the distribu- 
tion of oxygen between molten slag (system CaOQ-FeO-SiO:) and metal show 
that the activity coefficient of FeO varies from near unity for slags containing 
80 to 90% of FeO to as much as four for slags containing 10 to 20% of FeO. 
Much experimental work is yet to be done. From a practical standpoint statis- 
tical treatment of plant data remains to be one of the powerful tools for con- 
trolling purposes. To investigate the chemistry of steelmaking processes is 
an entirely different matter for which purpose the plant data would be of very 
little value. The proper method of approach will be to conduct laboratory 
investigations under carefully controlled conditions, beginning with simpler 
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systems and proceeding toward the more complex ones, such as those en- 
countered in steelmaking. 

Written Discussion: By C. E. Sims, Battelle Memorial Institute, Colum- 
bus, Ohio. 

This paper is a profound theoretical consideration of the kinetics of a 
steelmaking process that may well pave the way to a somewhat simpler and 
more practicable method of analyzing and predicting conditions, not only in the 
acid open-hearth but in other metallurgical furnaces as well. Very few would 
have the temerity or would be willing to spend the time required to work out 
the details of so complicated a system. The fact that it is complicated may 
be seen readily in Table II when nine fundamental reactions are listed to- 
gether with their constants. 

The principles have been worked out in the meticulous manner character- 
istic of Dr. Yap’s endeavors, and they constitute a new and interesting mathe- 
matical approach. The most serious criticism seems to be, not in the principles 
themselves, but rather in their application to the particular problem. The use- 
fulness of any such application must be governed by the assumption of original 
premises and some of his premises seem open to question. 

It is assumed, for example, that in the second stage of decarburization 
(see bottom of page 89), the oxidation of carbon, that is the formation of CO 
gas, goes on at the slag-metal interface and that in the third stage the carbon- 
oxygen reaction is a bulk reaction, taking place all through the bath. The 
great weight of evidence,” however, indicates that CO is liberated only at the 
furnace hearth, except in the presence of particles of solid ore or some other 
solid surface. 

On page 84, it is intimated that lack of equilibrium can exist in the molten 
steel bath. While it is true that the whole bath may not be uniform in com- 
position and is thus capable of reacting upon better mixing, it is hard to con- 
ceive that there could be anything but a close approach to equilibrium in any 
particular cubic inch of the bath. The possibility and probability of equilibrium 
between slag and metal is also assumed. With the exception of the immediate 
interface this condition is apparently never reached, for reasons which will be 
discussed. 

The open-hearth steel process is essentially a dynamic one and thrives 
on nonequilibrium conditions. The carbon boil itself is a most fortunate reaction 
for without it the open-hearth process would be rather impracticable. With 
bubbles of CO starting at the hearth and rising through metal and slag, a 
turbulence is produced that speeds up the reactions by distributing materials 
and making reliance on the slow process of diffusion quite unnecessary. Ex- 
cept for purely local effects, diffusion seems to play a relatively unimportant 
role. 

During the boil, there is a rapid transfer of oxygen from slag to bath, but 
there is no heterogeneous equilibrium. The carbon boil exists only when there 
is a plentiful supply of oxygen. As soon as there is any approach to equilibrium 
between slag and bath, the boil promptly stops and then the contrast is striking. 


“C. E. Sims, “The Mechanism of the Carbon-Oxygen Reaction in Steel Making,” 
American Institute of Mining and Metallurgical Engineers, January 1947, T.P. 2129. 
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Without the boil, there is apparently a very local equilibrium established 
at the slag-metal interface, and the whole system becomes relatively static. 
Urban and Derge”™ have shown that during the so-called refining period in an 
electric furnace a slag and bath may lie in contact and obviously out of equi- 
librium for hours, with no more reaction than if they were in separate furnaces. 

In considering the kinetics of the open-hearth process, therefore, the 
mechanical’ action of the boil is of far greater importance than any departure 
from equilibrium or the effects of diffusion. Rates of diffusion, when consider- 
ing distances greater than, say, 1 inch, are hopelessly slow to influence the 
progress of the average open-hearth heat. 


Author’s Reply 


This paper represents a pioneer effort to introduce a new point of view of 
following kinetically the progressive changes in the slag-metal system toward 
the final state of equilibrium throughout. I have asked myself, as others must 
have often asked many times when a heat is tapped: “How close to real equi- 
librium did the system attain?” Heretofore, no answer has been forthcoming 
except perhaps using the K°c constant. I have shown in this paper that the 
different partial equilibrium states are also involved and that there is no single 
criterion of equilibrium in such a complex system except perhaps the Ksi/c.mn 
which I have discovered. The usual attitude is to treat every heat as having 
attained equilibrium when tapped and then subject thousands of heats indis- 
criminately to statistical analysis, as Dr. Chipman has so diligently done in the 
past. My method is to study the progress of each heat analytically by follow- 
ing the change in the value of the different steady-state constants. For exam- 
ple, if of 5000 heats examined statistically ad hoc, all of which are tapped at 
time, t: (Fig. 1), 4990 heats followed course (B) while only 10 heats fol- 
lowed course (A), the real value of these 10 heats is completely lost in the 
overwhelming weight given to the 4990 heats. No amount of working out the 
correlation coefficient can lend validity to the results obtained, because the 4990 
heats have not anywhere approached equilibrium conditions. Some 50 to 100 
heats carefully studied by my method can yield far more reliable results. 

I must thank Mr. Wissmann and also Mr. Sims for appreciating the prac- 
tical aspects of the rationale I have worked out. In the future any metallurgist 
working even in isolation can easily determine for himself how ciose his heats 
have actually approached equilibrium conditions and then set the mechanical 
manipulation of his heat accordingly. I agree with Mr. Wissmann that the 
shape of some curves is more susceptible than others to alterations on ac- 
count of higher temperatures. The character of the S-curves also depends 
somewhat on whether there was a quick melt-down or not during which silicon 
and manganese were removed much faster than perhaps desirable. The shapes 
of the curves will also be quite different in electric furnace heats. Incidentally 
as shown in the paper, some steady-state constants (e.g., Kam and Ksisua) re- 
mained constant as predicted. 


8S. F. Urban and G. Derge, “Oxygen in Basic Electric-Furnace Baths,’’ American 
Institute of Mining and Metallurgical Engineers, April 1947, T.P. 2185. 
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Coming to Dr. Chipman’s first two points, it is conceded that some remarks 
should have been included to explain why the MnO term was not inserted in 
the Kua constant, the development of which has, however, been given elsewhere 
(reference 1). It is noteworthy that he has so far avoided touching this prob- 
lem. The partition coefficient of MnO has never been solved because there is 
no such problem, as the molten metal is always saturated with a very small 
amount of MnO.” Equation 6b gives Kun = (MnO)/(K°xn/Lreo), but as 
Kum, K°ua and Lreo are all constant, (MnO) must, therefore, be constant and 
uniquely defined. If, for example, Kwa should later turn out tobe 0.015 instead 
of 0.013, (MnO) will then be uniquely defined at 19%, but still constant at 
that figure if there is no great change in the volume of the acid slag. 

Originally I had not intended touching the very controversial subject of 
kinetics of refining, and the last section was added to the paper as a sort of 
appendix merely to round off the whole picture. However, in view of Dr. 
Chipman’s remarks, some further treatment on the problem of kinetics is 
called for, but for the sake of simplicity I shall confine my comments only to 
decarburization. 

Many able workers have attempted without much success to treat in 
various orthodox and formalistic manner the problem of decarburization. We 
do not really have adequate knowledge of all the factors involved to enable 
us to elucidate quantitatively the problem on kinetics alone, as if decarburiza- 
tion is independent of other competing (therefore complicating) reactions, 
some of which are heterogeneous in nature and others homogeneous. Know- 
ing all the difficulties, | have made no attempt to describe the kinetics of 
decarburization from the beginning to the end of the heat, as others have 
tried to do. 

As shown in Fig. 3, the carbon composition should in the first stage re- 
main practically constant (a-b) while silicon and manganese are being oxi- 
dized; thereafter it drops fairly fast (b-c) on account of the boil, but as 
diffusion is slower than the chemical rate of oxidation, the rate of net transfer 
which determines the residual FeO is small. It is only in the last stage (c-d-e), 
when the heat is “off-boil”, the slag almost stagnant and the percentage of 
carbon fairly low enough to make carbon oxidation at the interface insubstan- 
tial, that carbon oxidation occurs in the bulk of the molten metal. It should 
not be forgotten that rate equations governing decarburization apply only to 
homogeneous reactions in the molten metal. 

For the reaction, FeO + C= Fe + CO, H. Schenck (“Introduction to the 
Physical Chemistry of St Steelmaking”, translated by W. J. Goldsmidt, London, 
1945), among many others, has set up in a strictly formal way the equation that 


d[C]/dt = kspco _ ki([FeO] [C]) 


k, and kz being the kinetic rate-constants for the forward and backward reac- 
tions. As this equation occupies a prominent place in the literature of kinetics 


4*I might ask Dr. Chipman this question: Suppose for the sake of argument that the 
maximum solubility of MnO in melten iron is taken as 0.05% and that Lano is, say, 0.01, 


so that it takes only 5% (MnO) to saturate the molten metal, what happens to the excess 


(MnO) if the slag carries 10% (MnO)? I think he will most "probably answer that he does 
not know the answer; hence, the footnote to which he refers. 
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of decarburization, it deserves a closer examination with regard to its applica- 
bility. Decarburization is here studied from the viewpoint of an x decrease in 
the initial concentration, ([C]o — x) [C], when —dx/dt d[C]/dt and equi- 
librium values are obtained by long extrapolation. On the other hand, I chose 
to focus attention to the end-point itself (equilibrium) and extrapolate back a 
short distance. 

Schenck assumes [FeO] constant throughout the carbon range studied, 
which means that d[FeO]/dt is zero or almost zero. This can possibly happen 
only in the very beginning of the heat or in the neighborhood of the end-point. 
Examining his equation we note that when d[C]/dt is set equal to zero, [FeO] 
turns out to be really [FeO]. and likewise (c] -{C] s 


€ 


so that 
kspoo = ki([FeO]e[Cle) = kiK*e 


which means that Schenck’s equation can only be used in the neighborhood of 
the end-point, but in conjunction with two other invalid assumptions he uses it 
to calculate several other things.” 

With FeO diffusion (Equation 11) taken as the rate-controlling reaction, 
Equation 10 was set up similarly as a diffusion equation mathematically sym- 
metrical to the former. Two terms, kspco and [FeO]., in Schenck’s equation 
are missing in Equation 10. It can, however, be shown that of the two equa- 
tions given directly below, if we subtract the second (describing conditions in 
the neighborhood of equilibrium) from the first (at equilibrium when 
d[C]/dt Gr: 


d[C]/dt kepco —_ k. [C]e = 
d[(C]/dt = kapeo — ke[C] 
we obtain —d[C]/dt = ke ((C] — [C]e) = ke ({C] — K°%e/[FeO]e) 


Equation 10 


Multiplying both sides of Equation 10 by [FeO]. and substituting the proper 
equivalent constants yields 


[FeO].-d[C]/dt = kapeo — ki ({FeO]e[C]) Equation 10b 


which is identical with Schenck’s equation except for the presence of the 
[FeO]. term on the left-hand side. That Equation 10b is correct can further 
be shown as follows: 


dk®c/dt = d ({FeO] [C] /dt > 0 
0 = [FeO]-d[C]/dt + [C]-d[FeO]/at 


If we assume the FeO diffusion to be much slower than the rate of carbon 
oxidation so that d[FeO]/dt is so small compared to —d[C]/dt as to be almost 
zero, then the last term drops out and we have 


~To make [FeO] constant he assumes that FeO diffusion is much faster than the oxida- 
tion of carbon and that the FeO partition is instantaneously established at all times. Then 
he uses his equation for predicting [FeQ] from the observed values of d{C]/dt and for cal- 
culating the effective (FeO) or (FeO)rree in the slag. 
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dk°¢/dt = [FeO].-d[C]/dt 
Also kx (k°e — K°c) Ske [FeO]: ({C] — (Cle) 
Equation 12 


Hence, with ke. = —kx, we get Equation 10. It should be noted that —d[C]/dt 
is not independent of [FeO]. as [C]« is equal to Ke/[FeO].. At equilibrium 
Schenck’s equation and mine then become identical but both are strictly appli- 
cable to conditions only in the neighborhood of equilibrium. This is an impor- 
tant point to keep in view. 

My main concern in this paper is only with the kinetics at the final state 
of equilibrium, and for want of a better term my method of treatment may be 
called the “kinetics of end-point”, the kinetics of a system approaching dif- 
fusion equilibrium. It is based on the fundamental assumption that at final 
equilibrium it is the rate of net transfer of FeO that is the rate-controlling 
reaction governing the relative rates of oxidation of silicon, manganese and 
carbon, all of which remain finite even at infinity of time, because obviously 
it is [FeO]. which will theoretically determine the percentages of these re- 
siduals. i 

It is further based on the following conception: a thermodynamic equi- 
librium constant is a constant, but a steady-state constant (describing condi- 
tions in the neighborhood of equilibrium) is not a constant and its differential 
coefficient with respect to time is finite, however small. Thus dk°«/dt ap- 
proaches zero only as k°« approaches K°c, when the rate of backward reaction 
just counterbalances the rate of forward reaction. As K°e is also numerically 
defined by the ratio of concentrations of the reaction products to those of the 
reactants, therefore Ak-/At also defines the time rate of incremental changes 
in the concentrations involved. If Ke = FeO.C, at te, then at (te—t) k°c 
({[FeO] + A[FeO]) ({C] — A[C]), so that at the limit we have dke 
d({[FeO] [C])/dt—>0 as the system approaches equilibrium when [FeO] — 
[FeO]. and [C] > [C].. In this way we obtain the limiting ratio of 
—d[C]/dt to d{FeO]/dt and similarly other ratios giving relative rates of re- 
moval of silicon, manganese and carbon with respect to one another. These 
relative rates have been evaluated numerically because the numerical value of 
d[{FeO]/dt in the neighborhood of equilibrium can be obtained. 
~ Coming to Dr. Chipman’s last point, we, of course, all know that silicon 
and manganese reversal (singly or both) occur frequently toward the end of 
the heat. This is simply because having been overoxidized in the early stage 
of the heat, they now try to go back into solution to establish an internal 
equilibrium relationship with respect to carbon, with respect to each other and 
finally with respect to FeO. The statement of Dr. Chipman in effect implies 
that he believes any heat when tapped has attained equilibrium, but this paper 
has amply demonstrated the contrary. Unless the overoxidation of silicon 
and manganese has been excessive—in which case the system will never come 
to an equilibrium—their reversal will cease and in the neighborhood of the 
real equilibrium, silicon, manganese and carbon will then be oxidized at their 
relative rates in order to maintain their respective partial equilibrium relation- 
ships with respect to one another. This is one novel conception I have tried to 
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introduce in this paper: that the equilibrium of the system as a whole is deter- 
mined by the equilibrium relationships of the parts being attained. 

With Mr. Sims’ knowledge and experience on the subject of refining, 
theoretical and practical, the constructive criticism embodied in his discussion 
is welcomed and appreciated. As a practical measure the heavy boil is desir- 
able, but from the point of view of studying kinetics, it simply invalidates all 
results obtained. The mechanism of CO bubble formation proposed by Mr. 
Sims appears to be rational and I regret not having seen -his valuable paper 
and the other one by Messrs. Larsen and Brower.” The boil itself is not the 
mechanism of carbon oxidation; it agitates the molten metal so much that the 
layer in contact with the slag is being continuously changed and it mechan- 
ically increases the total effective area of the slag-metal interface. These two 
factors result in very rapid FeO transfer from the slag into the molten metal. 
Now, if we are all agreed that chemical reactions are much faster than physical 
diffusion, the FeO must almost immediately react with the carbon in situ—in 
effect, interfacial reaction. This picture is not inconsistent with Mr. Sims’ 
theory that as the CO product cannot escape fast enough, it builds up a pres- 
sure resulting in more bubbles being formed, thus repeating the cycle. 

The formation of bubbles is merely indicative of a state of supersaturation 
being rapidly relieved. The nucleation of bubbles by suspended inclusions in 
the molten metal is a possibility that should not be discounted too hastily. The 
evidence on the absence of bubble formation at the slag-metal interface is 
slight and it does not mean that the CO gas does not actually escape from the 
molten metal by molecular evaporation. 

The specific conditions under which rate equations for decarburization may 
be applied have already been given. It may be claimed with ample justifica- 
tion that if peo >1 atm., then we do not have the conditions necessary for the 
attainment of the thermodynamic equilibrium state and let the matter drop. 
There is, I believe, still room for differences in interpretation of the effect of 
high peo on ‘the thermodynamic equilibrium constants and on kinetics. The 
bubbling may be treated as rhythm so that we can still speak of average pco 
pressure of 2 to 7 atms. depending on the percentage of carbon. As dAF/dP 
for the decomposition of CO is small, its effect on K°e should accordingly be 
small. The effect of high peo on kinetics ts altogether another matter and it 
should be of interest to look into the problem. The kepco term defines the 
rate of recarburization; with high values of peo we delay beyond the practical 
limits of the refining period the attainment of the true K°e equilibrium. 

If the CO diffusion should eventually be established as even slower than 
the liquid diffusion of FeO, then the emphasis will shift from the latter to the 
former as the rate-controlling factor in the attainment of equilibrium. Equa- 
tion 10b is not, however, invalidated; it merely has to be expanded to 

[FeO].-d[C]/dt = ks (p’co + 1/Keo*dpco/dt ) 

—k, ({FeO] + I/ku.-d[FeO]/dt) ((C]. — /ke-d[C]/dt) 
, Equation 10d 


“The evidence is, however, exclusively from basic heats and it remains to be seen 
whether or not the same high peo pressure prevails in acid heats. 
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in which —dpco/dt = Keo (p’co — peo) and peo=1 atm. In the neighborhood 
of equilibrium with carbon approaching the value of [C]e, —d[C]/dt ap- 
proaches zero (but remains finite) ; but d[FeO]/dt will continue “until [FeO] 
reaches the value of [FeO].. Against this, if as Mr. Sims proposes, —dpco/dt 
becomes zero but p’co still remains high at several atmospheres, then d[C]/dt 
becomes positive and we have recarburization. In effect this means decreasing 
the net rate of decarburization and so delaying the attainment of equilibrium; 
the value of [FeO] [C] thus obtained is merely a steady-state value, deviating 
farther and farther away from the real value of K°e with increasing carbon.* 

There are several ways of ascertaining if —dpco/dt is smaller or larger 
than d{FeO]/dt. One simple way is as follows: “If [FeO], [C] and p’co are 
the interactive variables, then as > 


P’co 
dk®’c/dt = d —, /dt > 0 Equation 17 
[FeO] [C] 


—d[C]/dt [C] 





d{FeO]/dt {FeO} [C] 
so that a ——- Equation 17a 
—dpeco/dt P'co 





{FeO |/at 


Despite much work the [C]"” vs. p’co relationship found by Mr. Sims 
could not be derived. As equilibrium is approached, the ratio of —d[C]/dt to 
d[{FeO]/dt approaches the limiting value of [C]./[FeO].. With the help of 
Equations 12 and 16 it can easily be shown that away from equilibrium the first 
term is substantially larger than the second, but that they approach equality 
rapidly. An inspection of Equation 17a reveals that —dpco/dt is always larger 
than d[FeO]/dt. peeps eee) 

As a matter of some interest it can be shown that from Equations 10d and 
17 we obtain 


K°. 
—dpco/dt = k’s (: - —--) Equation 18 
Des = a k°c/p’co 


in which the influence of p’co on the [FeO] [C] constant is taken into account. 
With p’co>1 atm. we obtain only k°c and never K°c. 

The evidence presented here and in the paper supports the assumption that 
the FeO diffusion is the dominant rate-controlling reaction in the attainment 
of a final state of equilibrium. Further research work should decisively settle 
the problem. 

I must thank Dr. Darken for his discussion and for pointing out some 
minor mistakes. One of the characteristics of thermodynamic equations is that 
they can be added or subtracted, giving final equilibrium relationships, without 


Aside from the arithmetical factor of A[C] and A[O] contributed by the CO dis 
solved, which increases as the square root of carbon (Sims). 
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reference to the actual mechanism of the reaction. If Equations 7 and 8 are 
valid, then Equation 9 must also be valid. Silica will be reduced to silicon 
by carbon and manganese at such a competitive rate that at equilibrium these 
residuals will be determined by their respective partial equilibrium relationships 
with respect to [FeO] and with respect to one another (e.g., [Si]/[C]’, 
[Si]/[Mn]’ and [Mn]/[C], if (MnO) is at least around 16.4%). The inter- 
esting feature of Ksi/c.wn is that if [FeO] is known, we can then calculate all 
the previous 7 partial equilibrium constants and thereby ascertain how closely 
the system has approached equilibrium—far moré valuable than K°e generally 
used heretofore. ye 

With regard to activity (and activity coefficient) which Dr. Darken and 
Dr. Chang have brought up, I cannot be too emphatic in saying that I believe 
the iron system at such high temperatures must be close to ideal. To rely too 
much on activity to explain all kinds of deviations from ideality is often the 
easiest way out of our difficulties, just like in the old days when every devia- 
tion in aqueous solutions was explained in terms of hydrate formation. Even 
when conclusive experimental evidence is available showing the activity coeff- 
cient to be very low, then it simply means we are using the wrong reference 
state. I have given a picture of the constitution of acid slags radically differ- 
ent from the one generally accepted. We are not certain in what form is silicon 
dissolved in molten iron, nor of our oxygen analysis and several other factors. 
Let us not complicate matters by introducing activities and activity coefficients 
for the present. 

Too long has the chemistry of acid refining been neglected. This paper 
has shown, I hope, the complexity of the system which can, however, be 
analyzed as a series of simpler partial equilibrium relationships. Dr. Chang’s 
suggestion, that more laboratory investigations on the problem are needed, is 
one that should be welcomed by every physical chemist interested in steel 
refining. 








SOME FUNDAMENTAL FACTORS INVOLVED IN INTER- 


MITTENT METAL CUTTING PROCESSES, WITH 
SPECIAL REFERENCE TO SHAPING 


By K. J. B. WoLFre 


Abstract 


It has been shown that the fundamental difference 
between continuous and intermittent cutting, as repre- 
sented by shaping, is mainly due to the presence of re- 
peated impact loads on the tool in the latter process. Asa 
secondary factor it should also be noted that the tool has 
a nonuniform velocity in intermittent cutting. These 
differences give rise to other less obvious variations such 
as stress differences in the test logs during machining 
and unexplained variations in dynamometer calibrations. 

It has been found that a relationship exists between 
tool maximum velocity, tool striking velocity and tool life 
in shaping. If these quantities are represented by V, S 
and N respectively, then this relationship can be repre- 
sented by the equation: V® S° N® =O, where P,Q, R 
and © are constants depending on the conditions of the 
experiment. 

In addition to this the constants appear to vary with 
tool geometry, change in tool material and in the material 
being cut. The same tool or test log materials in differ- 
ently heat treated conditions also cause variations in these 
constants. The term © has been shown to be a “figure of 
merit” and under any set of machining conditions the 
maximum value of © corresponds to the optimum condi- 
tions of tool geometry and surface finish on the test log. 

It would also appear that the quotient Q/R is a meas- 
ure of the dynamic toughness or the ability of the tool to 
withstand repeated impact loads. 

When machining plain carbon steels the value of P 
was found to decrease with increase in carbon content and 
hardness. On the other hand, alloy steels appeared to 
need a different scale from the carbon steels. The value 
of R was found to be approximately constant when cut- 
ting the carbon steels. This would appear to be in agree- 
ment with the fact that the value Q/R is a measure of the 
ability of the tool to withstand repeated impact toads. 





The author, K. J. B. Wolfe, is chief metallurgist, B. S. A. Tools Limited, 


and head, B. S. A. Group Machinability Laboratories, Birmingham, England. 


Manuscript received October 23, 1946. 
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INTRODUCTION 


HE author’s attention was first drawn to the problems involved 

in intermittent cutting practice about nine years ago. Up to 
and since that time a great deal of work had been carried out on the 
fundamental factors of continuous cutting operations such as turning. 
On the other hand little important work appeared to have been car- 
ried out on metal machining processes involving intermittent cutting. 
The term intermittent cutting, as used in this paper, may be defined 
as any metal machining operation in which one or more of the fol- 
lowing conditions are present: 

a. The tool is subjected to repeated impact loads. 

b. The velocity of the cutting tool relative to the work varies 

in magnitude. 

c. The shape of that part of the metal presented to the tool to 

be cut is constantly changing. 

The first two conditions are present in shaping and planing prac- 
tice and all three are involved in gear cutting by the Sykes and Fel- 
lows shaping processes. 

One of the first problems which presented itself was when some 
high speed steel tool bits which would function satisfactorily under 
conditions of continuous cutting were found to give erratic results 
when used under conditions of intermittent cutting on a shaping 
machine. As an example of this behavior the following instance may 
be cited: 

In a certain job on the armor of a fighting vehicle the machining 
sequence included a facing operation involving conditions of continu- 
ous cutting. This was carried out on a vertical turret lathe and was 
immediately followed by a scarfing operation carried out on a shaping 
machine, and which naturally included conditions of intermittent 
cutting. The cutting speed of the lathe was approximately 40 feet 
per minute and that of the shaper varied between 20 and 30 feet 
per minute. In spite of the fact that the lathe was cutting at a faster 
speed than the shaping machine, it was found that tool bits which 
would stand up to 4 hours work between grinds on the lathe would 
fail in a short time when used on the shaping machine. 

Similar effects have also been observed when machining nickel- 
chromium steel armor plate hardened and tempered to the 70-ton 
condition. This material is covered by the British War Office Speci- 
fication (Armor Plate) IT 70. It would, therefore, appear that there 
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are some fundamental differences between continuous and intermit- 
tent cutting operations if these variations in the behavior of high 
speed steel tool bits are to be accounted for in a satisfactory manner. 
That these differences do exist may easily be appreciated even on a 
superficial comparison. In the case of continuous cutting there are 
no repeated impact loads to be supported as are present in intermit- 
tent cutting processes such as shaping or slotting. In addition to this 
the velocity of the tool, relative to the work, is constantly varying in 
a harmonic manner as against the constant relative tool velocity 
present in continuous cutting such as turning or drilling. 

Besides these obvious differences it has been shown by Coker 
(1),* who, however, was using a test log of transparent plastic for 
photoelastic technique, that the minor principal stresses were of con- 
siderably smaller magnitude in shaping than in turning. Boston and 
Kraus (2) have noted an unexplained difference in the calibration 
of dynamometers for continuous and intermittent cutting, and recent 
German work (3), (4), (5) has also emphasized the fact that there 
are essential differences between continuous and intermittent cutting 
processes. 

In view of this lack of fundamental knowledge it was decided 
to carry out the following work to try to discover if there were any 
relationship between the variables involved. 

The paper is divided into two parts. In Part 1 an effort has 
been made to determine the law or laws governing intermittent cut- 
ting, while in Part 2 the effect on these laws of varying several me- 
chanical and metallurgical factors has been studied. 


Part 1—LAws GOVERNING INTERMITTENT CUTTING 


Apparatus Used—It was decided after considerable discussion 
to use a shaping machine for this investigation. The reasons for this 
choice were: 

a. Ease of manipulation of the machine. 

b. The amount of test logs and tools needed is not large. 


c. The tool shape can be accurately ground and easily repro- 
duced and measured. 


d. The velocity and acceleration diagrams governing the relative 
tool motion can be accurately determined. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Typical Photomicrograph of the Hardened and Tempered Structure of 
18-4-1 High Speed Steel. x 500 


Fig. 2—Typical Microstructure of Nickel-Chromium-Molybdenum Steel. > 100. 


e. The effect of velocity and acceleration on tool life can be 
determined as both these quantities can be easily varied. 
The machine used was a Butler 26-inch shaper. 
Type of Tool Used—A %-inch square high speed steel tool bit 
of the 18-4-1 variety was used in all these tests. It was used in a 
tool holder designed by the author. The steel had the following 
chemical composition in per cent: 


C Si Mn 5 Pp W Cr V Mo O» N; 


0.78 0.21 024 =<0.021 0.034 17.73 426 0.92 046 021 0.015 


The oxygen was determined by the aluminum reduction method. 

The nitrogen was determined by Kjeldahl’s method, titrating 
with N/100 sodium hydroxide and using methyl red as an indicator. 

The steel was austenitized at 1300°C (2370°F) and oil- 
quenched and then given two tempering treatments of 60 minutes 
each at 560°C (1040°F). The tool hardness was determined on 
the Vickers hardness testing machine with the following result: 


VPN at 30-kilogram load = 874. 


The steel had a grain size in the austenitized condition of 10 
on the ASTM scale and a typical photomicrograph of the hardened 
and tempered structure is shown in Fig. 1. 

The tool was ground to the following dimensions : 





= = oa psaenrncatieainntllbeiieneeeedieeneeeeseeee Ee 
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Test Logs Used—The test logs used consisted of oil-hardened 
and tempered nickel-chromium-molybdenum steel billets correspond- 
ing to B.S. Specification En. 27. The dimensions of the logs were 
14 by 10 by 1% inches and they had the following chemical composi- 
tion in per cent: 

C Si Mn S P Ni Cr Mo O. N 
0.31 0.15 0.56 0.03 0.03 3.84 1.65 0.56 0.02 0.01 

The steel was oil-quenched from 830°C (1525 °F) and tem- 
pered at 650 °C (1200°F) for 60 minutes. 

Test bars machined from one of the billets had the following 
mechanical properties : 


0.1% Proot Maximum Reduction Elongation Izod VPN at 
Stress Stress ot Area in 2 in. Value 30-Kg. 

Tons/sq.in. Tons/sq.in. % % Ft.-Ibs. Load 
61.3 78.6 57 18 28 388 


The austenitic grain size of the steel was 7 to 8 on the ASTM 
(Timken) scale and a typical microstructure is shown in Fig. 2. 


NATURE OF THE CUTTING STROKE ON A SHAPING MACHINE 


The action of a shaping machine is too well known to warrant 
any detailed description of its mechanism. A diagrammatic view of 
the Butler machine is shown in Fig. 3. It is sufficient to say that 
this machine possesses combined Whitworth and link motions. These 
cause the tool to travel with a kind of harmonic motion. 

In order to study the motion of the tool it is necessary to deter- 

a mine its velocity and acceleration characteristics over the length of 
the stroke. This is done by constructing the vector velocity and 





acceleration diagrams for a number of configurations over the whole 
stroke and then completing the curves in the usual way. The velocity 
and acceleration diagrams for quarter stroke at a speed of 9 cycles 
per minute are given in Fig. 4. These diagrams show clearly the 
method by which these values are obtained. The velocity and accel- 
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9 Cycles per Minute 
Configuration Velocity of B=ab=31.4 Ft/Min 


74 Stroke Velocity of C=ac=26.5Ft/Min 
Scale! =!0 Velocity of D=ad=ac x A,D=26.5 x 34 = 38.) Ft/Min 
: AC 23.6 


Centripetal Acct of B Rel. to A= (ab)® = a,b, = (31.4)*=1772 Ft/Min/Min 


—_—— 


A>B 


5 
\7 Centripetal Acct of C Rel. to A= (ac)? = 0,C4=(26.5)* = 356 Ft/Min/Min 
A.C 23.6 
| 
Total Acct of C=a,c, = 2.02 Inches 


Total Acct of D=a,c,x AiD = 2.02 x 34 x 500=1460 Ft/Min/Min 


On 
NM 


A,C 23.6 
Q, 
A, 
Note: . 
(B is on Link AgB b 
C is on Link A, D) d) 
d C a by 
Velocity Diagram Acceleration Diagram _ 
Scale: | "= |O Ft/Min Scale: | "= 500 Ft/Min/Min 
Fig. 4—Velocity and Acceleration Diagrams for Quarter Stroke at Speeds of 


Cycles per Minute. 


eration characteristics for a 26-inch cutting stroke and speeds of 9, 
13, 17 and 26 cycles per minute are given in Fig. 5. These curves 
give all the information required for a detailed study of the tool mo- 
tion under these conditions of cutting. 

It is of interest to note that the velocity of the tool is practically 
constant except for 6 inches at the beginning and end of each stroke, 
where, however, it varies with considerable magnitude. 


DISCUSSION OF VARIABLES INVOLVED IN INTERMITTENT CUTTING 


It has been shown that in contrast to continuous cutting, inter- 
mittent cutting on a shaping machine involves the tool moving with 
a constantly changing velocity apart from the fact that it is already 
moving with a certain velocity when it encounters the work. This 
latter condition results in the creation of impact stresses of consider- 
able magnitude. 





METAL CUTTING 


26 Cycles 


en or ce ema: 


\7 Cycles 


een ita 
13 Cycles 
es 
9 Cycles 


Tool Acceleration in 
1000 Ft./Min./Min, —~ 


Tool Velocity in Ft./Min. 


26 24 22 20 !8 16 14 #12 «10 
Direction of Cut 


=_— 


Fig. 5—Velocity and Acceleration Characteristics for a 26-Inch Cutting Stroke 
~ a 


Speeds of 9, 13, 17 and 26 Cveles per Minute 


: 
and 


With regard to continuous cutting, it has been shown by Taylor 
(6) and Boston and his coworkers (7), (8) that if the velocity of 
the work relative to the tool is V feet per minute and under these 
conditions the tool life is T minutes, then these two quantities are 
connected by the equation : 


VT' : Equation I 


where n and C depend upon the conditions of the experiment, such 
as tool shape and material, test log material and the type of lubricant 
used. 

It would appear reasonable to suppose that a similar relationship 
imay apply in the case of intermittent cutting, but in addition to the 
tool velocity and tool life components, a value for the striking velocity 
of the tool on the work must also be introduced. With regard to tool 
life, however, it is considered more logical in the case of intermittent 
cutting to change this factor from the time in minutes, T, to cause 
tool breakdown to the number of strokes, N, necessary for tool fail- 
ure. The collapse of the tool was recognized by the incidence of chat- 
ter or excessive tool vibration. This method for the determination 
of the end point of the tool life has been shown to be fundamentally 
correct by Arnold (9). 

It therefore follows that a relationship for intermittent cutting 
may now be written as: 
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VP S&N® = © (a constant) ................... Equation II 


where 
V = maximum velocity of the tool. 
S = striking velocity of the tool on the work. 
N = number of strokes for failure. 

and P, Q, R and © depend upon the conditions of the experiment. 


If this is the case, by keeping one of the components V, S or N 
constant and plotting the corresponding values obtained for the other 
two logarithmically, a straight line should be obtained. 

In practice it is possible to keep: 

a. The tool maximum velocity constant; by selecting a certain 

speed setting ; 

or b. The striking velocity constant; by moving the position of the 
test log in the vise relative to the commencement of the 
stroke. 

In the first case the striking velocities of the tool may be plotted 
against the corresponding values for tool life, while in the second 
case it is the tool maximum velocities that are plotted against the 
corresponding tool life values. 

The reason for choosing 14 inches for the length of the test logs 
is now clear as it corresponds to that length of the 26-inch stroke 
over which the tool velocity is constant within 10% of its maximum 
velocity. This means that under all conditions of test: 

a. Complications involved with rapid change of velocity at the 

end of the stroke are eliminated. 

b. The whole of the approximately constant velocity portion of 
the stroke can be used. 

c. Even under the most unfavorable conditions of cutting at 
least 65% of the total cut is taking place in this constant 
velocity range. 

It is well realized that this method of testing is not ideal and that 
velocity changes in the initial 6 inches of the stroke have been neg- 
lected. The assumption has also been made that the tool has reached 
its maximum velocity immediately after striking the work. The 
results obtained, however, have shown these assumptions to be fully 
justified. 


Metuop or ConpuctTING TESTS 


The test logs were mounted in the machine vise in the appro- 
priate positions and cutting was carried out in a longitudinal direc- 
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tion and across the thickness of the log. The depth of cut was 3% 
inch and the feed 0.037 inch per stroke. All the cutting was carried 
out without the use of a lubricant in accordance with the usual British 
practice. The tool bits were degreased in trichlorethylene and 
anodically etched for 1 minute (10) in order to remove any grease, 


~ 9 Cycles 





1.0 1.2 1.4 1.6 1.8 2.0 22 2.4 
LOgi9S —> 


Fig. 6—Striking Velocities Plotted Against Tool Life Using 

Four Maximum Tool Velocities 
surface oxide film or heavily ground layer that may have been present. 
This procedure gave considerable help in producing concordant and 
repeatable results, especially in the short life tests at high striking 
and maximum tool velocities. 

Series of tests were carried out at speeds of 9, 13, 17 and 26 
cycles per minute, using the full 26-inch stroke. The characteristic 
curves of tool velocities are shown in Fig. 5. The maximum tool 
velocities for these four conditions are 42.1, 60.8, 79.4, and 121.6 


feet per minute, respectively. 
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In the first series of tests the maximum tool velocities were left 
constant and the tool life was determined for different striking veloc- 
ities. The results obtained from these tests are shown in Table I 
and Fig. 6, where striking velocities have been plotted against tool 


+. Striking Velocities 
20 Ft/Min 


27 Ft/Min 


35 Ft/Min 


Striking Velocity | LogN/LogV 
in Ft per Min 
20 0.92 38 Ft/Min 
27 0.97 
35 0.92 
38 0.94 


Mean Value LogN/LogV=0.94 





1.0 1.2 1.4 1.6 1.8 2.0 2.2 2.4 
Fig. 7—-Logarithmic Relationship Between the Tcol Maximum 


Velocities and the Corresponding Tool Life for Constant Striking 
Values. 


life in a logarithmic manner. It will be seen that for the four maxi- 
mum tool velocities used, a similar relationship holds between strik- 
ing velocity and tool life. 

In the second series of tests the striking velocities were kept 
constant for different speed values, and the tool life was determined 
for the corresponding values of the maximum tool velocity. The 
results obtained were plotted in logarithmic fashion in Fig. 7, and a 
definite relationship is again obvious. 
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cS Table I 
Strokes for Failure With Varying Striking Velocities 


9 Cycles /Min. 


Maximum Tool Velocity \ 42.1 Ft./Min. 
Distance in 
Inches From Striking No. of 
Commencement Velocity Strokes 
of Stroke S Log S N Log N 
l 20 1.3010 561 2.7490 
Ls 24 1.3802 459 2.6618 
2 27 1.4314 42 2.6263 
2:60 0) 1.4771 350 2.5441 
3 32 1.5052 293 2.4669 
4 35 1.5441 284 2.4533 
> 37 1.5682 276 2.4414 
3% 1.5798 258 2.4116 
1 \ ycle 5 Min 
Maximum Tool Velocity V 60.8 Ft./ Min. 
0.5 0 1.3010 400 2.6012 
27 1.4314 282 2.4502 
1.6 1.5441 190 2.2788 
38 1.5798 173 2.2380 
+] 1.6128 169 2.2279 
14 1.6435 145 2.1614 
+ +8 681 138 2.1399 
52 1.7120 125 2.0969 
1.7324 118 2.0719 
17 Cryele VU 
Maximum 7] Velocity \ + Ft./Min 
) 20 1.3010 317 2.5011 
0.¢ 7 $314 20 2.3075 
0.9 5441 165 2.2175 
l 8 1.5798 151 2.1790 
Sea } 1.6532 111 2.045 
2 ] 1.707¢ 102 2.0086 
1.7404 84 1.9243 
; 7634 79 1.8976 
4 64 1.8062 76 1.8808 
6s 1.8325 71 1.8513 
6 / 1.857 64 1.8062 
2¢ les/Miu 
Maximum Tool Velocity \ 121.6 Ft./Min 
0.3 27 14314 133 2.1239 
_ 5798 )2 1.9638 
l 57 7559 49 1.6902 
] 68 1.8325 45 1.6532 
2 7 1.8751 37 1.5682 
sd 82 1.9138 32 1.5051 
; RR 1.9445 34 1.5315 
| 97 1.9868 26 1.4150 
103 2.0128 29 1.4624 
109 2.0374 25 1.3979 
S Striking velocity in ft./min. 
N Number of strokes fer failure 


DISCUSSION OF RESULTS 


It can be seen from Fig. 6 that values of the quotient of log N 
and log S are approximately constant, for values of the maximum 
tool velocity between 42 and 122 feet per minute. The mean value 
which represents the average slope of the four curves was found to 
be 1.22. 
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Fig. 7 shows the logarithmic relationship between the tool maxi- 
mum velocities and the corresponding tool life for constant striking 
velocity values lying between 20 and 38 feet per minute. It is real- 
ized that the slopes of these curves are not as accurate as those 
obtained in Fig. 6, due to the fact that only three or four points are 
available. The individual and mean values, in this case 0.94, for 
these slopes do, however, agree well with those calculated from the 
results shown in Table I. From these it has been found that Equa 
tion I reduces to: 


Se eee CG 8K b ded os es ea ode be . Equation III 


1.€. P = 0.78 QO = 1.00 R = 0.82 © = 3.07 K 10* 


It may therefore be concluded that the form of the relationship 
between the three variables, tool maximum velocity, striking velocity 
and tool life, indicated in Equation II has been proved to be correct, 
at least for the limiting values of the different variables used in 
these experiments. 


(CONCLUSIONS 


l. It has been shown that the difference between continuous 
and intermittent cutting is mainly due to the presence of repeated 
impact loads on the tool in the latter process. 

2. It has been shown that a method has been evolved whereby 
the effect of the factors tool maximum velocity, tool striking velocity 
and tool life in intermittent cutting problems can be studied separately. 

3. It has been found that if: 


VY = Tool maximum velocity 
S Tool striking velocity 
N = Tool life in number of strokes for failure, 


then these factors are related according to the equation : 
yP Sa NE. =) 


when P, QO, R and © are constants for the conditions of the experi- 


ment. 


Part 2—EFrrect OF VARYING MECHANICAL AND 


METALLURGICAL FACTORS 


In this section of the paper the effects of varying various me- 


chanical and metallurgical. factors on the values of the exponents P, 
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() and RK and the constant © in Equation II have been investigated. 
These factors have been divided into two main sections: 

1. Mechanical, such as tool geometry. 

2a. Metallurgical, with regard to the tool material. 


2b. Metallurgical, with regard to the test log material. 
MECHANICAL Factors—Toot GEOMETRY 


In this section the effects of varying the side rake angle on the 
three exponents I, QO, R and the constant O have been studied. 
Similar high speed steel tool bits and test logs as described in Part 


| were used in this investigation. All the other tool dimensions were 


unchanged. 

A similar series of tests was carried out using the four speeds 
of 9, 13, 17 and 26 cycles per minute and varying the striking veloci- 
ties as previously described for each value of the side rake angle 
tested. These tests were carried out for five angles, as follows: 
O, 4, 12, 20 and 30°, in addition to the 8° angle already tested in 
Part 1. The tests were run quite normally for side rake angles up 
to 12°. For the higher values of this dimension, however, the tool 
chattered to a certain extent all through the cutting tests, and the 
end point was marked by a violent vibration which gave a ribbed fin- 
ish to the test log together with a hot and badly distorted chip. It 
was difficult to obtain concordant results from these high angle tests 
and the mean of at least three results has been taken for the basis 
of calculation for the results given. 

The manner in which the exponents P and R and the constant 
© vary for changes in rake angle is shown in Fig. 8. 


DISCUSSION OF RESULTS 


It was arranged to express all the equations governing the differ- 
ent side rake angles so that the exponent Q equalled unity. It will 
then be seen from Fig. 8 that the values of the components P, R and 
© all rise to a maximum for a side rake angle of 12° after which 
they fall off for the larger side rake values. It is of interest to note 
that the values P and R follow one another closely for side rake 
angles up to 12°. After this, however, they diverge to a marked 
degree, and it is probably significant that this effect occurs as soon as 
the tool begins to exhibit a certain amount of chatter. 
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The surface finish given by the different side rake angles is also 
noteworthy. A good commercial finish of about 30 microinches, in 
the direction of cut, was recorded on the “Talysurf’’ measuring in- 
strument, using the integrator, with side rake values up to 8°. With 
a 12° value, the surface finish value rose to about 3/7 microinches 


Value of 8x 10-5 


Value of P — 
Value of R —> 





0 5 10 5 20 25 30 
Side Rake Angle —e 


Fig. 8—Manner in Which the Exponents P and R and the Con 
stant @ Vary for Changes in Rake Angle. 


and a marked ‘“‘wavy’ appearance, due to tool vibration, occurred. 
With the two largest angles a great amount of chatter marks was 
noted, especially at high tool speeds, and the average value of the 
surface finish rose considerably and varied between 40 and 60 micro- 
inches. 

From the results obtained, however, it would appear that the 
optimum value of the side rake angle for maximum tool life is about 
12°. The surface finish obtained with this angle is, however, more 
“wavy” than that obtained with a tool having a smaller angle. It 
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would therefore seem reasonable to suppose that the side rake angle 
giving the longest tool life combined with satisfactory finish is about 
10°, which angle is midway between 8 and 12°. It is therefore con- 
sidered that the value of the constant © may be regarded as a 
“figure of merit’’ involving the factors of tool life and general con- 
dition of the machined surface of the test log. The maximum values 
obtained for © should give the optimum conditions for machining 
the test material under those conditions of test. 






METALLURGICAL Factors WitH REGARD To Toot MATERIAL 




















It has been shown by Boston and his co-workers (8) that for 
continuous cutting, changing the material of the tool resulted in a 
change in the value of the constants n and C of Equation I. They 
also found that these constants depended on the material being cut, 
so that one tool material which showed superior results machining 
one test log gave inferior results on another. In view of this it was 
decided to run series of tests using: 

a. The 18-4-1 type high speed steel described in Part 1 in the 
austenitized, single tempered and subzero treated condition in 
addition to the condition described in Part 1. 

b. A “66” type high speed steel in the austenitized and double 
tempered condition and also in the austenitized, single tem- 
pered and subzero treated condition. 

c. A 22-4-1 + 10% cobalt type in the austenitized and triple 
tempered condition and also in the austenitized, single tem- 
pered and subzero treated condition. 

The tools were 5¢-inch square, ground to the dimensions given 
in Part 1 and mounted in the tool holder in the usual way. The test 
log material was the alloy steel mentioned in Part 1. The tests were 
carried out in the way previously described. 

18-4-1 Steel in the Austemtized and Double Tempered Condition 
The results of this test have been shown in Part 1 to be: 


}~P 










0.78 () = 1.00 R = 0.82 0 = 3.07 X 10° 












18-4-] Steel in the Austenitized, Single Tempered and Subzero 
Treated Condition—The steel was treated as described by the author 
(10) elsewhere. The austenitizing temperature was 1300 °C 
(2370 °F), tempering temperature 580°C (1075 °F) and subzero 
temperature —76 °C. The microstructure was similar to that shown 


in Fig. 1. The tool bit gave the following hardness: 
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VPN at 30-kilogram load = 889. 


The results of this test gave the following average values to the 
constants : 


P = 0.71 QO = 1.00 R = 0.76 6 = 2.63 * 10° 


“66” Steel in the Austenitized and Double Tempered Condition 
—The chemical composition of the steel is given below. 


i Si Mn S Pp > ee Mo V Co O, N: 
0.83 0.17 0.27 0.038 0.039 3.92 645 5.92 1.16 Trace 0.028 0.011 


The steel was austenitized at 1260 °C (2300 °F), oil-quenched 
and tempered twice at 580 °C (1075 °F). The hardness was as fol- 
lows: 


VPN at 30-kilogram load 889. 


The steel had a grain size of 10 on the ASTM scale and a typical 
photomicrograph of the hardened and tempered structure is shown in 
Fig. 9. 

The tests showed that the constants had the following mean 
values : 


P=073 Q=100 R=079 ©@=286X 10 


“66” Type Steel in the Austenitized, Single Tempered and Sub- 
sero Treated Condition—The steel was treated as recently described 
by the author (10). The austenitizing temperature was 1260 °C 
(2300 °F), tempering temperature 580°C (1075°F) and subzero 
temperature —/6 °C. The hardness was as follows: 


VPN at 30-kilogram load 882. 


The microstructure was similar to that shown in Fig. 9. 
The tests show that the constants have the following mean 
values under these experimental conditions: 


P=068 Q=100 R=076 ©O=1.95 X 10 


22-4-1 +- 10% Cobalt Steel in the Austenitized and Triple Tem- 
pered Condition—The chemical composition of the steel is given 
below. 


Cc Si Mn S P Cr W Mo V Co QO. N: 
0.82 0.26 019 0.012 0.019 446 22.73 013 1.51 10.66 0.016 0.019 
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Fig. 9—Typical Structure of 66 Type High Speed Steel Hardened and Tempered. X 500. 


Fig. 10—Typical Structure f 4-1 4+ 10% Cobalt High Speed Steel Quenched 
and Tempered Times at 580 °C 


The steel was austenitized at 1320 °C (2410 °F), oil-quenched 
and tempered three times at 580 °C (1075 °F). The hardness of the 
tool bit was determined on the Vickers hardness testing machine with 
the following result: 


VPN at 30-kilogram load $25. 


The steel had a grain size of 11 on the ASTM scale and a typical 
photomicrograph is shown in Fig. 10. 
The results calculated from the test figures show that the con- 


stants have the tollowing average values: 
PP? 0.73 O 1.00 R 0.80 =) 486 & 10' 


22-4-1 + 10% Cobalt Steel in the Austenitized, Single Tem- 
pered and Subzero Treated Condition—The steel was heat and sub- 
zero treated in accordance with recent work by the author (10). 
The austenitizing and tempering temperatures were 1320 and 580 °C, 
respectively, while the tool was subzero treated for 1 hour at —76 °C 


The Vickers pyramid hardness was found to be: 
VPN at 30-kilogram load 763. 


The microstructure was similar to that shown in Fig. 10. 
Under these experimental conditions it was found that the con- 


stants had the following mean values: 


P = 0.68 QO = 1.00 R = 0.74 G6 = 4.79 X 10° 
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DISCUSSION OF RESULTS 


It has been shown that changing the high speed steel tool mate- 
rial has resulted in a change in the values of the exponents P and R 
and the constant ©, when these values are calculated against a value 
of unity for QO. This would appear to be in substantial agreement 
with the findings of Boston, Gilbert and Kraus (8) for continuous 
cutting practice. 

In the calculations that have been made it has been found con- 
venient to give © a value of unity. It is of interest to study the 
term N®, which is a measure of the tool life; and also S®, which is 
a measure of the effect of the striking velocity on the constant © in 
Equation II. It is considered that the values of O/R may be related 
to the dynamic toughness or ability of the high speed steel to with- 
stand repeated impact loads at the working temperature of the tool. 
This theory receives further confirmation on reference to Fig. 8. It 
will be seen that the value of the quotient Q/R falls with increase in 
side rake angle up to 12°, 1.e., with decrease in the ability of the tool 
material to withstand repeated impact loads. Once the side rake 
angle has exceeded 12°, however, the tool behavior has apparently 
become unstable, which fact was further confirmed by the erratic 
results and surface finish obtained when using the high angle tools 
in the test. 

Unfortunately the author has been unable to obtain any values 
for the dynamic toughness, such as the torsion impact values for the 
two latter high speed steels in question. The static torsion values 
for these three types of steel have been shown by Gill and others 
(11), however, to be within 7% of each other. In view of the 
marked differences in tool performance it is considered that this 
static torsion value is not related in any obvious way to the terms 
involving N and S in Equation IT. 

Metallurgical Factors With Regard to Test Log Material—In 
addition to altering the values of the constants n and C in Equation I 
by changing the tool material, Boston and other (8) have shown that 
these values vary in an even more profound manner with change of 
material being cut. Considerable differences in these values were 
also noted (8) when testing steel of the same chemical composition 
in the annealed, normalized, and hardened and tempered conditions. 

In this series of tests the 54-inch square tool bits in 18-4-1 type 
steel, as described in Part 1, were used throughout. 
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In addition to the tests on the B.S. En. 27 alloy steel test logs 
already described, tests were carried out on: 
“40” carbon steel in: 
a. The normalized condition to B.S. En. 8. 
b. The oil-hardened and tempered condition to B.S. En. 12. 
and mild steel in the normalized condition to B.S. En. 6. 
Cutting “40” Carbon Steel—Normalized—The chemical compo- 
sition of the steel and mechanical properties are given below. 


¢ Si Mn S P Ni Cr O. N; 
0.37 0.04 0.51 0.37 0.041 0.21 Tr 0.017 0.012 
0.1% Proot Maximum Elongation Reduction VPN at 


Stress Stress in 2 in. of Area 30-Ke. 


Tons/sq.in. Tons/sq.in. % % Load 
| / / 


27.8 39.1 cS 63 189 


The microstructure of the steel, after normalizing from 860°C, 
is shown in Fig. 11. The austenitic grain size on the ASTM scale 
was found to vary between 3 and 4. 

Tests were carried out as previously described so that the con- 
stants P, O, R and © could be determined. The average results ob- 
tained, with a value of unity for the exponent Q, are as follows: 


P = 0.80 QO = 1.00 R = 0.72 © = 6.07 X 10° 


Cutting “40” Carbon Steel—Oil-Hardened and Tempered—The 
mechanical properties of the steel after oil hardening from 860 °C 
and tempering at 650 °C, followed by an air cool, are as follows: 


0.1% Proot Maximum Elongation Reduction VPN at 
Stress Stress in 2 in. of Area 30-Kg. 
Tons/sq.in. Tons/sq.in. % % Load 


36.2 48.6 19 58 226 


A typical microstructure of the steel in this condition is shown 
in Fig. 12. 


The results obtained from these tests show that the average 
values for the constants are: 


P = 0.74 QO = 1.00 R = 0.70 6 = 3.38 X 10° 


Cutting Mild Steel—The chemical composition and mechanical 
properties of the mild steel is as follows: 


¢ Si Mn S P Ni Cr O: N 
0.16 0.07 0.46 0.047 (0.039 0.13 Tr 0.034 0.027 
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Fig. 11—Typical Microstructure of 0.40% Carbon Steel Normalized. 100. 
Fig. 12—-Typical Microstructure of 0.40% Carbon Steel Hardened and Tempered ~ 100 
Fig. 13—-Typical Microstructure of Mild Steel Normalized. < 100 
0.1% Proof Maximum Elongation Reduction VPN at 
Stress Stress in 2 in. of Area 30-Kg. 
Tons/sq.in. Tons/sq.in. % % Load 
15.7 26.7 25 69 124 


The microstructure, after normalizing from 920°C (1690 °F), 


is shown in Fig. 13 and the austenitic grain size of the steel was 
found to be 8 on the ASTM scale. 
\ similar series of tests was carried out in order to determine 


the values of the constants P, QO, R and ©. Their mean values 


were found to be: 


P = 0.88 QO = 1.00 R = 0.68 © = 7.12 X 10° 
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DISCUSSION OF RESULTS 


The results obtained are in agreement with, and may be con- 
sidered to be, an extension of Boston’s (8) work. Keeping the value 
of O as unity, the value of P when cutting carbon steels was found 
to be greatest, 1.e., 0.88, when cutting the softest material and gradu- 
ally decreasing through the normalized “40” carbon steel to a mini- 
mum of 0.74 when cutting this material in the hardened and tem- 
pered condition. On the other hand, the value of 0.74 for P, when 
cutting the alloy steel in Part 1, was found to be intermediate in this 
range and it would therefore appear that a different scale is needed 
when considering the alloy steels. 

The value of R, on the other hand, appears to be fairly constant 
for the carbon steels, giving a range of 0.68 to 0.72. In contrast to 
this a high value of 0.82 was found to hold for the alloy steel. This 
is In agreement with the theory put forward wherein the fairly low 
hardness of the carbon steels would give a cushioning effect to the 
impact blow of the tool during test which would consequently lower 
the value of the impact load imposed. The higher value of R ob- 
tained with the alloy steel indicates that its greater hardness causes 
a higher impact load to be imposed on the tool than would be the 
case when testing a softer plain carbon steel. 


CONCLUSIONS 


It has been shown that the values of P, R and ©, considering 
() = 1, are affected by: 

a. Tool geometry. 

b. Variations in tool material. 

c. Variations in test log material. 

The term © can be considered to be a “figure of merit’. Under 
a given set of experimental conditions the maximum value of O 
gives the optimum conditions of machinability. 

The value of the quotient Q/R is a measure of the dynamic 
toughness of the tool or its ability to withstand repeated impact loads. 
In this case the term “tool” includes a combination of tool material, 
tool geometry and also the type of tool holder used. 

Increase in the side rake angle from O to 30° causes the values 
of P and R, considering Q = 1, to rise to a maximum for a side rake 


angle of 12° and then to fall off in an erratic manner. 
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When machining carbon steels the value of P decreases with 
increase in carbon content and hardness. On the other hand alloy 
steels appear to need a different scale from carbon steels. 

For the carbon steels tested the value of R appears to be con- 
stant. This is in agreement with the fact that the value of O/R 
is a measure of the ability of the tool to withstand repeated impact 
loads caused by striking the test log materials of similar hardness. 
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BERYLLIUM IN MAGNESIUM CASTING ALLOYS 
sy Jay R. BurRNs 
Abstract 


Observations were made on the effect of adding 
beryllium to magnesium casting alloys. Marked burning 
inhibition and grain coarsening were noted. Beryllium 
additions were effective in removing iron and manganese 
from magnesium. Various grain refining techniques 
were attempted with partial refinement obtained in some 
cases. The data permitted the establishment of the rela- 
tionship between grain size and mechanical properties of 
AZY2 alloy, solution heat treated. 

Limited data show that zirconium and titanium act 
as grain refiners when added to coarse-grained AZ92 
alloy plus beryllium. 


JURNING INHIBITION 


N! YRMAL magnesium sand foundry practice dictates the use of 
a salt-flux cover on the molten metal to prevent reaction with 
the atmosphere. . This flux cover is removed at the time of pouring 
and the metal protected thereafter by dusting with a sulphur-boric 
acid powder.’ The molding sand contains various inhibitors to pre- 
vent reaction of the molten magnesium with the mold surface. All 
of these steps, necessary to prevent oxidation of the magnesium 
metal, increase the complexity of the founding of magnesium when 
comparison 1s made to other fields of nonferrous founding. It should 
he said, however, that the present methods are practical, and reason- 
able observance of standard procedures will insure production of 
high quality magnesium castings. Nevertheless, economy and sim- 
plification would result from any decrease in the inherent tendency 
of magnesium alloys to oxidize when in the molten state. 

A few investigators have considered the effects of adding beryl- 
lium to molten magnesium. The information which they have pre- 
sented on the subject is brief and of a qualitative nature but indicates 

1Product of The Dow Chemical Company known as 181 agent. 


\ paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, Jay R. Burns, 
is metallurgist, Air Materiel Command, Wright Field, Dayton, Ohio. Manu- 
script received May 27, 1947. 
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that beryllium might be a highly desirable alloying element. Its 
solubility in pure magnesium is reported to be about 0.05% (1). 
It is stated that the oxidation tendency of magnesium is reduced by 
beryllium additions but that the casting grain size is increased (2). 
To investigate the protection atforded by beryllium, a series of 
14 melts consisting of AZ92 alloy and beryllium was _ prepared. 
The general procedure was to melt the magnesium in a steel crucible 
under 310 flux* and add the alloying agents in an alloy basket. The 
aluminum and aluminum-beryllium master alloy additions were first 
made and the temperature increased to the necessary level for dis- 
solution of the aluminum-beryllium alloy. The temperature was 
then adjusted to about 1400 °F (760 °C) and the zinc and manganese 
chloride stirred in. The melt was then skimmed and pigged. The 
pigs were put into a clean steel pot and remelted, superheated, and 
cast into test bar molds. The fluxing agent or sulphur-boric acid 
agent was used when burning or oxidation became objectionable. 
The metal was not protected in any manner as long as burning was 
not observed, or when burning consisted of only a few isolated spots 
at which points oxide formed and gave the appearance of being 
slowly exuded from the metal surface into a small ball, a fraction of 
an inch in diameter. Table I records the observations on each melt 
together with the analyzed beryllium and iron contents. The melts 
8855 and 8856 of Table I differed from the described technique in 
that they were skimmed, after alloying was accomplished, and a 
remelt was not made. Further, melt 8856 was not superheated. 
Although only a limited number of melts were made, the beryl- 
lium clearly conferred a marked burning resistance to the magnesium 
alloy in every case. With only one exception, all melts containing 
0.0042% beryllium, or more, were successfully superheated and cast 
with only occasional use of the sulphur-boric acid agent. The use of 
this agent was not usually required until the temperature had risen 
to 1400 to 1450°F (760 to 790°C). Metal poured at 1400°F 
(760 °C) into pig molds exhibited clean bright surfaces in the absence 
of any protection. Certain inconsistencies were noted, for instance 
in the case of melt 8787 where bad burning occurred at 1450 °F 
(790 °C) necessitating the use of 310 flux. This was in sp‘te of the 
fact that 0.011% beryllium was found by analyses. The analyses 
showed more beryllium in the remelted pig than in the original run- 


The figures appearing in parentheses pertain to the references appended to this paper. 


3310 flux is a product of The Dow Chemical Company. 
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down, indicating that peculiarities existed in the alloying and dis- 
position of the beryllium. Without exception, the remelted pigs of 
all melts had a greater tendency to burn than in the rundown melt. 

Vapor pressure readings were taken at the time of melting and 
no correlation was observed between the burning and atmospheric 
water. Later work helped to establish this observation. The “per 
cent loss of metal” recorded in Table I and subsequent tables is not a 
measure of the amount of burning observed. 

The etfects of remelting were further observed in a series of 
melts presented in Table II. Here again, the tendency to burn was 
clearly observed to increase when the metal was remelted. A supple- 
mentary beryllium addition of 0.009% was made to the third remelt 
and complete resistance to burning at 1450 °F (790°C) was estab- 
lished, which decreased upon further remelting. Analyses did not 
show any loss of beryllium once the alloying had been completed. 

Further insight as to the behavior of beryllium in magnesium, 
under the prescribed melting conditions, was gained during the 
processing of melt 8846. Here, 25 pounds of alloy were prepared 
under flux which was then removed and the metal held at 1400 to 
1450 °F (760 to 790 °C). Spectrographic disk samples were poured 
at intervals for grain size and beryllium analyses. No burning 
occurred upon the initial skimming until a period of nearly 20 min- 
utes had elapsed. Upon this commencement of burning, the melt 
was covered with flux, stirred and skimmed. Resistance to burning 
was thereby re-established for a period of time at the end of which 
the fluxing and stirring procedure was repeated. The results ob- 
tained are shown graphically in Fig. 1. The decrease in burning 
cannot be associated with a decrease in the per cent of beryllium in 
the metal. Stirring was effective, however, in distributing the undis- 
solved beryllium which tended to settle to the bottom of the pot upon 
standing. 

At this point in the work, 5 pounds of magnesium were melted 
in a small new iron pot under flux. 0.2% beryllium, as an aluminum- 
beryllium alloy, was added and the melt skimmed. Burning began 
almost immediately at 1450°F (790°C). Continued addition of 
beryllium up to 0.8% was not effective in conferring the expected 
burning resistance to the magnesium. The only apparent difference 
here from the previous work was an increased ratio between the 
magnesium-iron interface at the pot surface and the volume of metal. 
Also, iron pickup by magnesium can be expected to be greater by a 
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factor of 5 in a new pot (3). These observations indicated that 
iron was instrumental in reducing the effectiveness of beryllium 
additions without decreasing the beryllium. Evidence of the mutual 
influence or reaction between beryllium and iron in magnesium is 
evidenced by the precipitation of the latter by beryllium additions. 








0.10 
Analyzed Be% 
. 0.08 
mo 
c 
¢ 
E =—+-¢ 2-9 0.06 
E 5 = © 3e 
~ oo > ° 
= ® ’ ® 
= 9 m 
° < 0.04 
oO 
0.02 
sities aciriminpessestialiiiiateantas least tialtasiitlaieli Minin 0 
0 10 20 30 40 50 60 70 80 
Holding Time - Minutes 
Fig. 1 Effect of Holding Time on AZ92 Alloy + Be. Steelmelting crucible. Melt 8846 


This is clearly illustrated in melts 8785 and 8855 where iron contents 
were reduced to 0.003 or less. This tendency is shown by the entire 
series of melts presented in Table I. 

Strong support for the belief that iron interferes with the pro- 
tective action of beryllium was obtained by preparing melt 8872 in 
a graphite crucible. This melt of 10 pounds required no flux and 
burned very little while being held at 1400 to 1450°F (760 to 
790°C) for 1% hours. No decrease in burning resistance was 
noted over this period. Chilled disk samples were obtained at inter- 
vals by dipping. The beryllium content decreased from 0.033 to 
0.01% during the holding time and the grain size of the disks showed 
an irregular tendency to become finer. The pigs cast from this melt 
were put into a clean graphite crucible, heated to 1630 °F (890 °C), 
and poured at 1500°F (816°C) into an aluminum foundry sand 
containing 8% H.O and no inhibitors. No burning was noted at 
any time during the handling of this melt. The small casting poured 
was clean and bright. Only a small amount of burned metal was 
found near the bottom of the down-sprue. During the work of the 
project, several molds of test bars were poured in the above described 





1948 BERYLLIUM IN MAGNESIUM ALLOYS 


aluminum sand and the results are gi\ later in the paper. The 
castings always had a bright, clean ‘face for a little burning 
which usually occurred around the edge of screen in the down- 
sprue. 


\n attempt was made to contribute some knowledge toward an 


iS 


understanding of the mechanism by which beryllium confers pro- 


tection on magnesium. X-ray diffraction patterns from the cast 
surfaces of ingots containing beryllium produced no unusual patterns. 
Thin scrapings from the surface of an ingot containing 0.012% 
beryllium analyzed 0.015% beryllium, hardly a significant difference. 
\ surface film was readily removed from the molten metal, contain- 
24-inch horizontal loop of iron wire up 
through the surface of the metal at 1400°F (760°C). The film 


ing beryllium, by pulling a 


had considerable strength during its removal from the metal and 
spanned the %-inch loop. The product obtained carried many small 
stringers and globules of metal and appeared metallic under reflected 


light although the thinner portions were transparent. An electron 
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Fig 3 Electron Micrograph of “Thin” Portion of Film 
Removed from Molten Metal 





Rie . 
from Molten Metal. 


+—-Electron Micrograph of Portio: f Film Removed 
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diffraction pattern made from a transparent section of the film pro- 
duced a MgO pattern with no unaccounted for diffraction rings 
(see Fig. 2). The area irradiated was approximately 0.25 mm‘*. 
Electron micrographs of the film are reproduced in Figs. 3 and 4. 
The specimens shown in these figures were transparent in all sections 
to visible light. 
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X-ray diffraction patterns from the film showed principally 
magnesium and an unidentified compound of large atomic spacing. 
Some magnesium oxide was evidenced although the metallic globules 
in the film probably contributed the prominent portion of the pattern. 

Spectrographic analysis of the film used for electron diffraction 
measurements indicated the following : 


a 10 to 100 % 
Pr CRC PbS ace beuws 0.1 to 1 

BN nc 50%, Un ga aes an 0.005 to 0.05 
a MPG c+ cee debe uns 0.001 to 0.01 
Oe ee re he a oa Me 0.0001 to 0.001 


[t must be concluded that no further understanding of the 
mechanism through which beryllium inhibits oxidation of molten 
magnesium alloys was obtained. 


GRAIN SIZE AND TENSILE PROPERTIES 


Results obtained from test bars, poured for the most part during 
the preceding work, showed beryllium to be an extremely powerful 
grain coarsener. Fig. 5 shows the relationship between the grain 
size and the analyzed percentage of beryllium, as determined from 
cast and solution heat treated test bars. The pouring temperature 
was constant at 1400°F (760°C). Solution treatment did not 
appreciably affect the as-cast grain size. 

The tensile properties of the test bars poured are plotted as a 
function of the beryllium content in Fig. 6 and clearly show the 
effect of grain size. 

A correlation was made of the ultimate tensile strength versus 
grain size using all of the preceding data in addition to those pre 
sented subsequently under the discussion of grain refinement. The 
grain refining agents described therein apparently produced no effect 
on mechanical properties other than through grain size control. The 
results of this correlation are shown graphically in Fig. 7. The 
expected relationship was obtained ; namely, that the ultimate strength 
is proportional to the logarithm of the grains per unit area or pro- 
portional to the logarithm of the reciprocal of the grain diameter 
squared. Since all of the bars had a constant cross sectional area 
of 0.2 square inch, no measure could be had of the importance of 
the grains per cross section tested for a fixed grain size. 
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1000 ps! 
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BERYLLIUM IN MAGNESIUM-ZINC BASE ALLOYS 


German patent literature has presented claims of good mechan- 
ical properties and castability for magnesium-zine-zirconium and 
magnesium-zine-cerium alloys (4), (5). The claims have been at 
least partially substantiated by recent British literature. Conse- 
quently, these alloys were tried as a base material to which beryllium 
was added. The results obtained on melts with and without beryl- 
lium are presented in Table III. The melts containing no beryllium 
showed attractive properties. The elongation in the heat treated 
and aged condition is especially notable. The addition of beryl- 
lium resulted in grain coarsening, however, with its accompanying 
reduction in tensile properties. The coarsening effect of beryllium 
was even more severe than that measured in AZ92 alloy. The 
widespread effect produced indicates that beryllium becomes the 
primary nucleating agent during solidification, when it is present in 
magnesium. 


GRAIN REFINEMENT 


It is clearly evident that a satisfactory grain refining treatment 
is needed for magnesium alloys containing beryllium. The normal 
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wm 
wn 


technique of superheating aluminum-containing alloys is apparently 
of little value. The still vague picture of grain refining mechanisms 
operating in magnesium alloys does not contribute much aid to the 
selection of a workable method. 

A number of grain refining processes have been indicated for 
trial through previous work on various magnesium alloys. Super- 
heating, of course, has already been shown of little or no value when 
an appreciable amount of beryllium is present. Another method 
that is gaining favor as a normal foundry practice involves addition 
of carbon, in some form, to the molten metal. Two melts of AZ92 
alloy, to which 0.01% beryllium was added, were washed with CCl, 
vapors carried by chlorine. The results are presented in Table IV, 
which presents all of the data obtained on grain refining experiments. 
The tensile properties were obtained on solution heat treated bars. 
The tensile properties and grain size are in keeping with the percent- 
age of beryllium found by analyses. It does not appear that carbon 
tetrachloride is of any value in AZ92 alloy containing beryllium. 
Kither the carbon tetrachloride or more probably the chlorine was 
effective in removing beryllium from the melt as evidenced by the 
following figures representing nearly all the melts of Table IV. 


Average 
% Be Added S Be Recovered CCl, + Cle Used 
0.01 0.0016 Yes 
0.01 0.0051 No 


Zirconium was employed as a grain refiner in melt &809-B 
(Table IV). The alloy was prepared, except for the zirconium 
addition, and a mold of test bars poured. The crucible was then re- 
turned to the setting for the zirconium addition and additional test 
bars poured. Grain refinement was obtained with a consequent in- 
crease in mechanical properties. Melts 8845 and 8849 consisted of 
AZ92 + 1% Zr + 0.15 pound of CCl, Cl,, with and without 
manganese. Comparing the beryllium contents of these melts with 
data in Fig. 5, one can conclude that no grain refinement has occurred. 
The interesting possibility arises, however, that zirconium is most 
effective when beryllium contents are near the solubility limit. 
Unfortunately no further data are available to check this point. The 
effect of manganese on grain size was negligible. This element was 
considered because of its grain coarsening action in EK M62 magnesium 
alloy. Another carry-over from the metallurgy of EM62 alloy was 
the use of cerium and zirconium together in melt 8838—these ele- 
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ments being the grain refining combination in EM62. No grain 
refinement was obtained here, however. 

The efficacy of titanium as a grain refiner was investigated in 
melt 8831 (Table IV). The limited data show grain refinement in 
this case. The large variation of grain size with small beryllium 
variations in the region of 0.0065% beryllium requires caution in 
evaluating the effectiveness of titanium. The addition of titanium 
and boron, dissolved in aluminum, produced no beneficial results in 
melt 8834. Similarly no benefits were achieved by the addition of 
titanium and zirconium together in melt 8833 or with the further 
addition of CCi, + Cl, in melt 8850. As mentioned earlier, the low 
beryllium content of these latter two melts may be responsible for 
the lack of effectiveness of at least the zirconium addition. 

The use of FeCl, was widespread in Germany during the last 
war to obtain grain refinement in aluminum-bearing magnesium 
alloys (60). Use of this agent in similar alloys containing beryllium 
produced no desired results as shown by melt 8836. 

This preliminary investigation of grain refining mechanisms 
has not led to a satisfactory degree of grain refinement but has 
indicated that zirconium and probably titanium will produce some 
refinement. An investigation of the optimum conditions for use of 
such materials might lead to the desired results. 


CONCLUSIONS 


Beryllium additions of 0.001% or greater to magnesium alloys 
produce a marked reduction in the tendency of the magnesium alloys 
to burn. Alloys containing beryllium may be held molten without 
fluxes and successfully cast in foundry sand containing no inhibitors. 

When steel crucibles are used, the protective effect of beryllium 
is somewhat erratic and decreases with melt holding time and re- 
melting. This occurs even though the per cent of beryllium present 
by analysis is constant. When graphite crucibles are used, no de- 
crease in the protective effect of beryllium is noted with reasonable 
holding periods or remelting. 

Beryllium additions to AZ92 alloy are effective in precipitating 
iron and manganese from the melt. 


seryllium is a powerful grain coarsener in magnesium-base 


alloys. Grain coarsening in AZ92 alloy increases with beryllium 
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addition up to several hundredths of a per cent and then becomes 
measurably less severe again as additions reach 0.05%. 

Tensile properties of AZ92 alloy are reduced by beryllium 
additions in accordance with the grain coarsening. The ultimate 
tensile strength is proportional to the logarithm of the grains/mm*. 

Limited data show that zirconium and titanium act as grain 
refiners when added to coarse-grained AZ92 alloy plus beryllium. 
A comprehensive investigation is needed to determine the optimum 
conditions for grain refinements. 
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DISCUSSION 


Written Discussion: By R. S. Busk, Dow Chemical Co., Midland, 
Mich. 

The subject of beryllium as an alloying element for magnesium is one 
of intense interest. There is little in the literature on the effect of beryl] 
lium and the present publication is very welcome. The work winch has 
been done at Dow, in almost all respects, corroborates the data presented 
by the author. There are some points that I would like to discuss, and 
also some additional data which may be of interest. 


We also find that moisture has no effect on the protection which 
beryllium affords magnesium. However, there are two things which do 
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have a marked effect. If the amount of airflow over the surface of the 
melt is increased, the protection is decreased; also, if foreign particles 
such as dust or fly ash fall on the surface of the melt, protection is de- 
stroyed. These two factors must be taken into account in any large- 
scale use of beryllium for protecting magnesium melts. 

Magnesium, perhaps because of its electropositive nature, has the 
characteristic of a limited solubility for many elements. Also, the phe- 
nomenon of mutual interference of two elements in liquid magnesium 
solution is quite prominent. When dealing with beryllium in magnesium, 
there are four such interferences which are important. They are Be-Fe, 
se-Mn, Be-Zr and Zr-Al. In this connection, | wonder why, in Table I, 
there is practically no evidence of the lowering of the iron content upon 
addition of beryllium. Without exception in our laboratory, when these 
quantities of beryllium are added to AZ92 alloy, the resultant iron content 
is less than 0.001%. I would, likewise, expect a lowering of the manga- 
nese content due to the addition of at least the larger quantities of beryl- 
lium. The interference of Be-Zr and Zr-Al may be responsible for the 
grain refining effect which the author found when adding zirconium to 
AZ92 + Be. We have also obtained this result. 

The critical problem, as the author points out, in the use of beryllium, 


is the coarse grain which is produced in the casting. Any results which 
will show how to avoid this are of value. As mentioned above, we have 
also seen that additional zirconium 1s at least partially successful in this 
regard. The problem in the use of zirconium is that, because of the 
Be-Zr interference, control of the beryllium content is difficult. The 


rate of cool is also important. When AZ63 + Be alloy is poured into a 
red-hot graphite mold, the grain size is 0.08; when poured into a sand 
mold the grain size is 0.05, and when poured into a water-cooled steel 
mold the grain size is 0.02. We do not have any additional data on the 
effect of titanium as a grain refining agent in Mg-Be melts. This sug- 
gestion is very interesting and should be followed up. 

Written Discussion: By J]. W. Meier, research metallurgist, Canadian 
Bureau of Mines, Ottawa, Ontario, Canada. 

Although most of our experimental work on beryllium additions to 
magnesium casting alloys was carried out on AZS8O alloy (British Elektron 
AS) the results achieved were similar to those given in Mr. Burns’ paper. 

Our investigations showed that the localized burning on the molten 
metal surface was due to gas inclusions and was more pronounced as 
the temperature was dropped to the treezing poimt. Good chlorination 
of the melt prior to the beryllium addition or the addition of small 
amounts of calcium (0.1 to 0.5%) reduce the tendency of pin point burn- 
ing. Calcium appeared to be a better scavenger, reducing burning and 
giving improved mechanical properties. 

Recoveries of beryllium after remelting were found satisfactory if no 
chlorination of the melt after the beryllium addition was performed. 
Chlorine definitely reduces the beryllium content. 

Grain sizes of castings poured into aluminum sand were found to be 
larger than in castings prepared in standard magnesium sand with or 
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without additions of inhibitors. This is contrary to the findings of the 
author and was attributed to the slower cooling rate due to lower per- 
meability of sands used nornrally in the aluminum foundry. 

We found no effect of superheating or carbon inoculation on grain 
refinement of beryllium-containing magnesium alloys. Small additions of 
zirconium,’ calcium, cerium, and titanium were investigated at our labora- 
tories. Promising results were obtained and are being investigated 
further. 

It should also be mentioned that small beryllium additions are being 
used commercially in magnesium alloys for die casting and for billet 
casting where the fast chilling rate prevents undesirable grain growth. 

Would it not now be time to standardize the method of presentation 
of grain size data for magnesium alloys? Three authors today presented 
grain size results and used three different methods of presentation: grains 
per mm’, mean grain diameters in inches and in mm. It is rather difficult 
to follow a technical paper if one is compelled to use conversion charts. 

Written Discussion: By Joseph Mazia, metallurgist, American Chem- 
ical Paint Co., Ambler, Pa. 

We would like to ask the author whether beryllium additions to 
magnesium casting alloys affect the corrosion resistance of these alloys? 

Are the bervllium-modified alloys normally responsive to the usual 
chromate conversion coatings such as chromium-pickle, dichromate boil 
and galvanic anodizing? 


Author’s Reply 


The interest of the gentlemen who commented on the paper is sin- 
cerely appreciated. It is certain that their discussion does much to en- 
hance the value of the paper. 

Dr. Busk stated that he has found beryllium to be more effective in 
removing iron from magnesium than has been demonstrated in this paper. 
It is possible that this difference is connected with the magnitude of the 
convection currents in the molten metal and the relative size of the melts 
prepared. 

Dr. Meier's observations on the effect of molding sand are in keeping 
with the findings on this project. Due to the relative water contents 
and permeabilities, the aluminum foundry sand used in this work produced 
faster cooling rates in the test bar castings than did the magnesium 
foundry sand. 

Mr. Mazia’s questions cannot be answered completely on the basis of 
experimental data, however; visual examination of AZ92 alloy corrosion 
samples, exposed to NaCl solution, indicated that beryllium-containing 
samples corroded more slowly than those without beryllium. This could 
be largely accounted for on the basis of the low iron content of the 
beryllium-containing alloys. The effect of beryllium on subsequent chem- 
ical or anodic treatment of magnesium alloys was not investigated. 


‘As proposed in 1937 by G. Gauthier (U. S. Patent 2,224,151). 


~~, 











THE HEAT TREATMENT AND PROPERTIES OF 
SOME BERYLLIUM-NICKEL. ALLOYS 


3y W. Lee WILLIAMS 


Abstract 


With the use of strip material 0.012 inch thick, stud- 
ies have been made on the effects of time and tempera- 
ture on the resulting precipitation hardness of a 2.07‘ 
beryllium-nickel alloy of commercial purity. The amount 
of cold working prior to aging, as well as recrystallization 
at some of the aging temperatures, are shown to exert 
considerable influence on the locations and shapes of the 
time-hardness diagrams at various temperatures. The 
results demonstrated that hardnesses above 500 Brinell 
could be attained within a few hours. 

The tmformation gained from the strip material 
served as a basis for the heat treatment of a cold-rolled 
13_inch diameter bar containing 1.62% beryllium. Speci- 
mens from this matertal were tested in the full-hard con- 
dition for tensile and impact properties, corrosion re- 
sistance in salt water, and fatigue strength in air and 
under the simultaneous influence of cyclic stress and 
corrosion. 


INTRODUCTION 


EKCENT years have brought forth an ever increasing interest 
in precipitation hardening alloys. Among these, several ma- 
terials have been investigated in which beryllium was added as the 
precipitating agent. By far the most notable contribution was the 
development of beryllium-copper, which has become an alloy of con- 
siderable industrial importance. Judging from the similarity of 
nickel and copper, from the standpoint of alloying, it is not surpris- 
ing that the beryllium-nickel system was investigated and found to 
have interesting hardening powers. 
Although very little work has been published on the constitu- 
tion of beryllium-nickel alloys, the nickel-rich portion of the diagram 
A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, W. Lee Williams, 
is metallurgist, U. S. Naval Engineering Experiment Station, Annapolis, 
Maryland. Manuscript received January 16, 1947. 
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is established fairly well and is sufficiently accurate for practical 
applications. German researches by Masing and Dahl (1)! in 1929 
and by Gerlach (2) in 1937 are the chief sources of the present 
diagram, which is reproduced in the 1939 edition of the ASM Metals 
Handbook. This diagram shows the solubility of beryllium in nickel 
to decrease from 2.8% at 2115 °F (1157 °C) to 0.3% at 850 °F 
(454 °C). 

In their paper, Masing and Dahl (1) included information on 
the effects of time and temperature on the hardness of four relatively 
pure alloys with different beryllium contents. Their aging experi- 
ments were carried out over fairly long periods of time (up to five 
days), and very little attention was paid to the irregularities occur- 
ring in the first few hours of the time-hardness curves. This was 
unfortunate, because practical use of the alloys would require a rela- 
tively brief heating time. One of the objects of this investigation 
was to examine closely the courses of the hardening curves and to 
determine the nature of the wave-like irregularities found in the early 
portions of the curves. The data show that desirable properties can 
be obtained in from 2 to 8 hours at the hardening temperature. 

A further object was to measure the mechanical properties of 
the hardened alloy. The properties reported by Masing and Dahl 
were extremely meager and were obtained with defective specimens. 
Considerably more representative properties, obtainable with beryl- 
lium-nickel of commercial purity, are presented herein. In addition, 
the endurance properties have been determined for specimens tested 
in air and under the simultaneous influences of cyclic stress and salt 
water corrosion. 


MATERIALS UNDER TEST 


The alloys used? in the investigation are as follows: 


Condition Composit i 0n—————_______,_ 
Shape Cold-Worked Be Cc Mn Fe S Si Cu Ni 
fs” x 0.012 Strip 25% 
50% 2.07 0,00 0.25 0.18 0.005 0.14 0,04 Bal. 
75% 
$i” Round 35% 1.62 06.03 Tr. 0.18 0.005 0.07 0.04 Bal. 


The percentages of cold reduction were performed following a final 
solution treatment of quenching from 1950 °F (1065 °C). The thin 


1The figures appearing in parentheses pertain to the references appended to this paper. 


2The alloys used in this investigation were prepared and furnished by the International 
Nickel Company, Inc. 
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strip materials have been used for the study of the various aging pro- 
cedures, whereas the bar stock has been used for the determination 
of mechanical properties. It may be noted that the compositions 
are those of alloys containing expected amounts of commercial im- 
purities. 
PRECIPITATION HARDENING EXPERIMENTS 

The solid solution microstructures of the Q.012-inch strip mate- 
rials after quenching from 1950 °F (1065 °C) and cold rolling are 
shown prior to hardening by Figs. 1, 2 and 3. These strips have 
been used to determine the hardness properties by heat aging at 
various times and temperatures. The maximum precipitation hard- 
ening time purposely was limited to 4 hours duration, so that 
unnecessarily long furnace operations could be avoided in practice. 
or the strip material it was found possible to develop practically 
maximum properties within this period. All specimens were placed 
in an “at temperature” furnace and quenched in water at the end 
ot the hardening periods. Since the strip was so thin, it was not 
hecessary to consider the times for heating and cooling. No signifi- 
cant oxidation occurred at the hardening temperatures; hence no 
effort was made to control the furnace atmosphere. 

Figs. 4, 5 and 6 are graphs showing the relation between hard- 
ness and time at various temperatures for the materials cold-rolled 


) 


5%, 50% and 75% respectively. Hardness readings were taken 
with a Rockwell Superficial Hardness Tester | l5-kg. load) and have 
been converted to Brinell.2 The hardnesses shown at zero time are 
those of the as-rolled strips. 

For the 800°F (425°C) treatments the increase in hardness 
was fairly uniform and after the first hour became approximately 
proportional to the time at temperature. The increase over the 
initial hardness was almost uniform for the three conditions, so that 
the hardnesses after similar heat treatments were higher as the per- 
centage of cold reduction increased. However. this temperature did 
not develop maximum hardness within the time desired. It may be 
noted that the 4-hour treatment of the material cold-rolled 75% 
(over 510 Brinell) produced the structure shown by Fig. 7, in which 
no visible precipitation was present, even when examined at < 1000. 
The curves for 900 °F (485 °C) ascended rather uniformly and 


Conversions made by Tables 8 and 9, “Metals and Alloys Data Book”, S. L. Hoyt: 


l N Scale for values above 200 BHN and 15-T Scale for the single value below 200 BHN. 
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leveled off after about 1% hours at temperature. This seems to be . 
the optimum temperature for obtaining quickly the maximum hard- ; 
ening effect. It appears noteworthy that the maximum hardnesses i 
were about equal, that is, the initial hardnesses produced by cold t 
& 
j 
¢ 





Figs. 1 to 3—2.07% Be-Ni Alloy Strip, Quenched from 1950 
F (1065 °C) and Cold-Rolled as Follows: Fig. 1, 25% Reduction; 
Fig. 2, 50% Reduction; Fig. 3, 75% Reduction. 100. Etchant: 
| part concentrated nitric acid, 1 part glacial acetic acid, 5 parts 


working were no longer additive to the precipitation hardening. 
The structure of the 75% reduced alloy, after 4 hours at 900 °F 
(485 °C), is shown by Fig. 8. Precipitation appears heavily con- 
centrated around the grain boundaries and slip planes. 

The curves at 1000 °F (540°C) developed high hardness in a 
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short time, but began to fall off immediately after reaching about 
530 Brinell. It may be observed that the greater the initial cold re- 
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Fig. 4—-Age Hardening Characteristics of Beryllium 
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Fig. 5—Age Hardening Characteristics of Beryllium 
Nickel Alloy Strip—-Heat Treated 1950°F, Quenched, 
Cold-Rolled 50%. Hardness values obtained by converting 
from Rockwell Superficial Hardness Tester readings (15-ke 
loads); see text for details. 


duction the sooner and more abruptly do the curves fall. High 
hardness can be obtained at 1000 °F (540°C): however, the time 
of treatment is critical and probably not suitable for commercial 
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practice. The structure after 4 hours at 1000 °F (540 °C) is shown 
in Fig. 9. Heavy precipitation has occurred generally. Recrystal- 
lization was fairly complete, although a banded appearance still 
remained. 

The curves at 1100 °F (595 °C) are interesting for their wave 
forms. The second rise in the curve of material reduced 25% was 
quite pronounced; it was not so evident for that cold-rolled 50%, 


Brinell Hardness Number 





Time At Temperature - Hours 


Fig. 6—Age Hardening Characteristics of Beryllium 
Nickel Alloy Strip—Heat Treated 1950°F, Quenched, 
Cold-Rolled 75%. Hardness values obtained by converting 
from Rockwell Superficial Hardness Tester readings (15-kg 
leads); see text for details. 


and disappeared for that reduced 75%. The time for the final drop 
in hardness decreased with increasing cold reduction. 

The curves at 1200°F (650°C) followed the same general 
trend, except that any increase in hardness of the 75% reduced 
material must have been developed and destroyed within the first 
10 minutes. The wave forms of the other materials were still evident. 

The structures of the materials after 4 hours at 1100 and 1200 
°F (595 and 650°C) were very similar to that shown in Fig. 9. 
However, 10 minutes at 1200°F (650°C) produced a structure 
similar to the one shown in Fig. 8 for material treated 4 hours at 
900 °F (485°C). Marked grain growth in this alloy was not 
found to begin until a temperature of about 1600 °F (870°C) was 
reached. 

The size and number of precipitated particles influence the 
hardness obtained in an aging alloy, and a normal hardness-time 
curve rises and falls uniformly through the point of maximum hard- 
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ness. The beryllium-nickel alloy curves departed from the theo- 
retical perfect case as evidenced by the wave forms of the curves, 
particularly above 900 °F (485°C). The explanation appears to 
be that stress relief, from the cold rolling, and recrystallization were 





Figs. 7 to 9—2.07% Be-Ni Alloy Strip, Quenched from 1950 


F (1065 °C). Reduced 75% by cold rolling and hardened for 4 
hours as follows: Fig. 7 at 800 °F, 510 BHN. Fig. 8 at -.900 °F, 
525 BHN. Fig. 9 at 1000 °F, 395 BHN. X 100. Etchant: 1 part 


concentrated nitric acid, 1 part glacial acetic acid, 5 parts acetone 


superimposed on the precipitation phenomenon, the former causing 
a decrease in hardness while the latter created a rise and fall of 
hardness depending on temperature and time. The beryllium-nickel 
alloy also showed the usual effects of cold deformation on the ac- 
celeration of precipitation 

These points are brought out more clearly by the curves shown 
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in Fig. 10, which relate hardness to aging temperature, with time 
held constant. An additional curve has been added as representative 
of material with no cold deformation. The latter material was ob- 
tained by heating cold-rolled strip to 1950 °F (1065 °C) and quench- 
ing, thereby producing a dead-soft alloy. 


Brinell Hardness Number 





75 800 900 1000 1100 1200 
Aging Temperature - °F 


Fig. 10—Brinell Hardness Versus Aging Temperature 
of Beryllium-Nickel Alloy Strip—Heat Treated 1950 °F, 
Quenched, Cold-Rolled. Aged 3 Hours. Hardness values ob- 
tained by converting from Rockwell Superficial Hardness 
Tester readings (15-kg loads); see text for details. 


Several trends can be noticed from an examination of Fig. 10. 
The fact that increased cold reduction displaces to the left the as- 
cending portions of the curves demonstrates the effects of cold 
working in accelerating precipitation. The effects of stress relief and 
recrystallization are indicated by the facts that the maximum hard- 
nesses obtained by heat treatment are approximately the same, ir- 
respective of the amount of cold working prior to aging, and that 
the final hardnesses at the higher temperatures may be below those 
of the cold-rolled materials before heating. Furthermore, leftward 
displacement of the peaks and descending portions of the curves 
apparently results from a lowering of the recrystallization tempera- 
ture as the amount of prior cold working increases. 

Briefly summarizing the results of the hardening experiments, 
the following conclusions may be drawn on the heat treatment of the 
2% beryllium-nickel alloy : 

(a) Heating to 1950°F (1065 °C) and quenching in water pro- 
duces a dead-soft solid solution alloy. 
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(b) The earliest effects of age hardening are not perceptible under 
the microscope at a magnification of 1000 diameters. 

(c) Incipient recrystallization apparently occurs around 900 °F 
(485 °C), the temperature being lower as the prior cold work- 
ing increases. 

(d) Pronounced grain growth begins at about 1600 °F (870 °C). 

(e) Cold-rolled materials can be hardened to over 500 Brinell by 
heating between 860 and 900 °F (460 and 485 °C) for 2 to 4 
hours. Somewhat longer times or higher temperatures are in- 
dicated for hardening the dead-soft alloy. 

(f) Care in temperature control is necessary, because overheating 
can cause a rapid loss in hardness. 

(g) Cold rolling prior to aging may be useful for fabrication and 
refinement of structure, but will have very little effect on the 
maximum hardness obtainable. 

(h) No control of the furnace atmosphere is necessary at harden- 
ing temperatures, unless absolute surface brightness is required. 


MECHANICAL AND SALT WATER CORROSION PROPERTIES 
oF HARDENED BERYLLIUM-NICKEL-ALLOY 


The information gained from the foregoing experiments was 
used for selecting a proper heat treatment of the 43-inch round 
material, with subsequent determination of the mechanical and salt 
water corrosion properties. These properties were determined only 
on the full-hard alloy. Subsequent but less exhaustive tests showed 
that the bar, material responded to heat treatment very much like 
the strip material, despite the slight differences in composition. 

In making the tests, the specimens first were machined and 
then hardened by heating to 900 °F (485 °C) for 4 hours. In the 
case of the fatigue specimens, final polishing was delayed until 
after the aging treatment so that the slight surface oxidation might 
he removed. 

The hardness resulting from the treatment was 460 Brinell, 
which was somewhat lower than that obtained with the strip material. 
This probably resulted from the considerably lower beryllium con- 
tent of the round bar stock. 

Fig. 11 shows the longitudinal structure of the bar stock before 
aging. Elongation of the grains from the cold rolling is fairly 
slight. The grain size is large, indicating that considerable grain 
growth occurred during the solution heat treatment prior to the final 
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Figs. 11 and 12—-1.62% Be-Ni Alloy Bar, Quenched from 1950 °F (1065 °C). Fig. 


11, as-quenched. Fig. 12, after 4 hours at 900 °F (485 °C). X 100. Etchant: 1 
concentrated nitric acid, 1 part glacial acetic acid, 5 parts acetone. 


part 
rolling. Fig. 12 represents the transverse structure after hardening. 
The precipitate in the aged alloy occurred principally at the grain 
boundaries. 

The tensile and impact properties, as determined on standard 
0.505-inch tensile specimens and Charpy keyhole specimens, are 
listed in Table I. 


Table | 
Tensile and Impact Properties of the Hardened Beryllium-Nickel Rod 


Property Test 1 


Test 2 Average 
Tensile strength, psi ...... pet oa sf 252,000 250,000 251,000 
).1% set yield strength, psi ................. 200,000 198,000 199,000 
OPE OO! PEO OUTT TS - 175,000 170,000 172,000 
re OE ck. eae ks ob bp we 0 ee , 158,000 155,000 156,000 
Modulus of elasticity, psi *K 10° ............ 29.5 29.5 29.5 
I OE ee i mute oak 13.0 13.5 13.2 
A Oe ks ape dveeas 6 eee 15.6 15.9 15.8 
Charpy keyhole impact resistance, ft.-lb....... 12 12 12 
Bend of impact specimen, degrees............ 4 4 4 
Oa ol a od Cd kl ts aN et ce 460 460 460 


*The stress producing a permanent set of 0.002 inch in 2 inches. 
+Obtained with an instrument sensitive to 0.0001 inch/inch. 
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The corrosion tests were made with specimens % inch in diam- 
eter and 3 inches long. Near one end a transverse 34-inch hole was 
drilled to allow insertion of a small glass support. After hardening, 


— THIS DIMENSION FOR 
CALCULATION ONLY 


TAPER 0.5" PER 
FOOT.. 








Fig. 13—Rotating Cantilever Specimen Used for Endurance Tests. 
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Fig. 14—Rotating Cantilever Endurance Tests of Beryllium-Nickel Alloy Rod. 


one set of specimens was immersed in brackish Severn River water, 
and another set was alternately dipped in river water and dried at 
a cycle of 40 minutes wetting and 40 minutes airing. The river 
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water used was a brackish estuary water with 14 to 1% the salinity 
of sea water, depending on the tides and season. The water 
was quiescent, but constantly changing, and was maintained at 
8 + 5 °F. 

After 65 days in test the specimens showed no signs of general 
corrosion or tarnish. However, they did contain severe pits which 
in general followed the direction of rolling. In addition, it was 
found that severe local pitting occurred inside the drilled holes, all 
of which indicates that cold working promotes instability to corrosion 
resistance. 

The weight losses from the specimens were due primarily to 
local attack and showed that constant immersion is more damaging 
than alternate wetting and drying. The material resembled nickel 
in that both are subject to pitting in quiescent sea water. The 
actual weight losses after 65 days in brackish estuary water for 
hardened beryllium-nickel alloy were: 


Specimen Condition Loss—Gm. 
1 Cometant MMOTSOR ook occ cc ccicccctvensscccooescsoces 0.69 
2 NN EE PS ee et NS ea 0.82 
1 Alternate wetting and drying ...........6-:eeeeeeeeeees 0.067 
2 Se WE: GE GI, bk 0.6 66d htt cee cccvesicsves 0.058 


The fatigue studies were made with specimens as shown by 
Fig. 13. The test pieces were loaded as cantilever beams and were 
so designed that the stress along the gage length was nearly constant. 
Before testing, all specimens were finished by a process of alternate 
transverse and longitudinal polishing until the surfaces were sufh- 
ciently smooth to permit examination of the structure at a magnifi- 
cation of 100 diameters. Tests were made on a machine running 
at 1450 rpm. 

Results of the fatigue tests are shown in Fig. 14. The fatigue 
strength in air was about 65,000 psi at 30 million cycles, which gives 
a ratio of 0.26 to the tensile strength. This ratio is very low com- 
pared to steels and nickel, and is on the low side of nearly all non- 
ferrous materials. The corrosion fatigue strength in brackish Severn 
River estuary water was about 30,000 psi when run out to 30 million 
cycles at 1450 rpm. This is about equal to some of the stainless 
steels tested under the same conditions. 


SUMMARY 


The effects of heat treatment on the hardness and microstruc- 
ture have been determined for a 2% beryllium-nickel alloy. Maxi- 
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mum hardness through precipitation is obtained easily by heating 
for a few hours at 900 °F (485 °C). 

An alloy containing 1.6% beryllium, when heated at 900 °F 
(485 °C) for 4 hours, gave a hardness of 460 Brinell. At this hard- 
ness a tensile strength of about 250,000 psi and a yield strength of 
about 200,000 psi were realized. The ductility at this hardness was 
good, but was below that found in some alloy steels of equal strength. 

The fatigue strength in air was about 65,000 psi at 30 million 
cycles, which gave a ratio of 0.26 to the tensile strength. In this 
respect, the alloy behaved like a bronze. The corrosion fatigue 
strength in brackish estuary water was approximately 30,000 psi 
when tested at 1450 rpm to 30 million cycles. This is equivalent 
to some of the stainless steels. 
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DISCUSSION 


Written Discussion: by A. G. Guy, associate professor of mechanical 
engineering, University of North Carolina, Raleigh, N. C. 

Several years ago the statement was made in an article on beryllium 
that nickel-beryllium alloys had not been of much importance because 
their properties were no better than those of less costly nickel-base ma- 
terials. In view of the data reported in this paper, is it not time to 
re-evaluate the technical importance of nickel-beryllium? 

The work of Lay‘ on microscopic changes that occur during the aging 
of a nickel-1.9% beryllium alloy suggests that the following description 
of Fig. 12 is more satisfactory than that given by the author. General 
or homogeneous precipitation has already occurred in the body of the 
erystals making up the bar. This would account for the strengthening 
that is observed. The grain boundary precipitation is then only an acci- 
dental, secondary phenomenon, actually leading to softening in the areas 
where it occurs. 

The author suggests that the “waves” in the hardening curve are 
caused by stress relief and recrystallization superimposed on the precipita- 
tion phenomenon, While this explanation seems reasonable enough, the 
data do not support it very well. For example, the results shown in Fig. 
10 indicate that recovery and/or recrystallization has proceeded far 


‘H. Lay, “Microscopic and X-ray Investigation of Precipitation in Ni-Be Alloys,” 
Z. Metallkunde, Vol. 29, 1937, p. 32. 
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enough after 3 hours at 900°F (485°C) that the hardening effect of 
cold working has beer: removed. At 1000°F (540°C), then, it would be 
expected that loss of work hardening would occur rapidly enough to cause 
“waves” in the first part of the hardening curves for this temperature. 
Such waves are not observed. 

In view of the difficulty of explaining the irregularities in the 1100 °F 
(595°C) hardening curve in terms of recovery and/or recrystallization, 
it is perhaps worth while to consider an alternative explanation; namely, 
the softening effect of the grain boundary precipitation. Assuming that 
loss of hardening due to working occurs within the first few minutes at 
1100°F (595°C), precipitation hardening would then proceed until the 
softening effect of the grain boundary precipitation overcame the harden- 
ing effect of the major precipitation reaction taking place in the body of 
the grains. Ii, as suggested by an examination of Fig. 12, the grain 
boundary reaction occurs preferentially in certain grains, it is possible 
that this reaction would be completed in many of the grains before it had 
proceeded far in others. This would be the situation at the time cor- 
responding to the minimum on the 1100°F curve of Fig. 4. Beyond this 
time the grains in which the grain boundary reaction had been only par- 
tially completed could continue to harden at a rate more rapid than the 
rate of softening caused by the continuing grain boundary reaction; thus, 
the secondary hardness maximum would be accounted for. Eventually 
the grain boundary reaction would envelop the entire specimen, resulting 
in the low value of the final hardness. 

Written Discussion: By EF. N. Skinner, Technical Service Section, 
Development and Research Division, The International Nickel Co., Inec., 
New York. 

The tensile and hardness data which are here reported for two nickel- 
beryllium alloys are in good agreement with those obtained in our own 
laboratories on the same materials. 

The present work, however, has confined itself to age hardening times 
up to 4 hours and heat treating temperatures from 800 to 1200°F (425 
to 650 °C) in intervals of 100°F. On the other hand, in our investigations 
we have more specifically endeavored to determine the maximum hard- 
ness obtainable and have therefore employed intermediate temperatures 
and much longer aging times. The effects of time and temperature on the 
hardness response of the 2.07% beryllium strip in the solution-quenched 
condition and after cold rolling reductions of 25, 50 and 75% are shown 
in Table A. These hardness data are given in VHN but, in order to be 
compared with the present results, the maximum value for each alloy 
condition has been converted to Brinell units in the same manner’ as 
that used by the author. 

It will be noted that the maximum hardnesses shown in the table for 
each condition of material are generally higher than those which Mr. 
Williams has reported. The difference is most pronounced in the more 
heavily cold-rolled conditions where aging temperature and time become 


°S. L. Hoyt, “Metals and Alloys Data Book,” published by Reinhold Publishing Corp., 
1943. 
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Table A 
Age Hardening Response of Nickel-Beryllium Alloys 
{ Mn S Si Be Ni 
0.00 0.25 0.005 0.14 2.07 balance 
Aging Treatment 
Time in Hout 
Temp. 2 4 x l¢ 32 
As quenched from 1950 °F-—145 VHN 
850 °F 323 464 488 572 579 
S80 4173 493 5428 cas 
900 536 57 q x 
950 1 60 606 { Zz» 49 
1000 437 63 
25% cold rolled, as-rolled 290 VHN 
R50 4&8 54 566 623 613 
~ i) 25 569 627 99 
100 5% 6U¢ 634 { 
iso 5&5 62 61 +s 
LOO0 572 483 
50% cold-rolled, as-rolled—376 VHN 
Rso 569 6°0 6. 651 657 
QR) 572 ( 4 657 { 649 
YOO 627 634 
is) 634 649 } +4 
1000 4% 437 
iId-rolled, as-rolled—412 VHN 
R59 599 é 7 f (6/ 4 
Wit) 61 654 2 f 4 
900 649 657 634 ot 
950 54 60 46> } 
LOO0 $37 42 


"BHN converted from Table VIII, ‘Metals and Alloys Data Book,” by S. L. Hoyt 


especially critical due to what is presumed to be gradual dissipation ot 
the cold work hardness occurring simultaneously with the precipitation 
mechanism. 

It is gratifying to see these data appear in the literature. Unques- 
tionably, beryllium is an element of great potency as far as its ability to 
impart precipitation hardening to a number of nonferrous metals and 
alloys. Among these, of course, beryllium-hardened copper is the out- 
standing example by its successful adaptation to commercial production 
and subsequent wide use. By contrast, nickel-beryllium alloys have never 
been made commercially to any extent and the reason for this would 
appear to deserve some explanation considering the more than casual 
interest which these compositions seems to arouse periodically. 

As the beryllium content in nickel-beryllium alloys increases, the hot 
malleability becomes increasingly impaired and at a level above about 
1.6 to 1.7% the hot working characteristics are so poor that these alloys 
can be forged only in small ingots which are considered impractical for 
commercial operations. For beryllium contents slightly in excess of this 
limit, it is probable that some degree of hot workability could be secured 
by using much smaller ingots and exercising extreme care in the hot 
working operations. However, when the beryllium content is about 2% 
hot malleability is totally lacking and all working operations starting trom 
the original ingot must be done cold. 
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Despite this obvious shortcomnig, which incidentally extends to nickel- 
copper and nickel-chromium-iron compositions as well as to the nickel- 
beryllium binary, the high strength properties obtainable in these alloys 
would long since have made them attractive even for small-scale produc- 
tion in this country were it not for the fact that comparable properties 
can be secured in nickel-base compositions hardened by appropriate com- 
binations of cheaper elements. These precipitation hardeners which 
have led to the development of alloys capable of being hot-worked from 
ingots of 5000 pounds or larger welude chiefly aluminum, silicon and 
other inexpensive elements. These elements incorporated in nickel or 
specified nickel-copper and nickel-chromium-iron compositions have led to 
the development of the commercial age-hardenable alloys known as “Z” 
Nickel, “K” Monel and Inconel “X.” 

It is considered to be of some significance that if the multiple harden- 
ing constituents in any of these alloys were increased to the extent that 
the same level of inferior hot malleability was obtained as for these 
compositions alloyed with significant amounts of beryllium alone, then 
both aging response and the resulting mechanical properties of the former 
group would be at least comparable. 

There is another consideration which leads us to believe that beryl- 
lium-hardened nickel-base alloys are of lesser practical importance. Rapid 
cooling or quenching from the solution temperature is necessary if all 
beryllium is to be retained in the dissolved condition and, again from the 
practical standpoint, this requirement would limit production to small 
sections (probably not over 2 inches in diameter) that could be cooled 
at a rate rapid enough to prevent some age hardening of the central 
portion on quenching and to insure uniform hardness from surface to 
center on subsequent aging. On the other hand, nickel alloys which de- 
rive their age hardenability from the presence of aluminum-silicon and 
other elements are sluggish to a degree that permits air cooling. This 
sluggishness is reflected in comparatively long aging times (4 to 48 hours 
depending upon the particular alloy and degree of prior cold work) but 
nevertheless has its compensations in the very pronounced reluctance 
toward overaging with variable time and constant temperature, a feature 
not possessed by nickel alloys hardened with beryllium, and has permitted 
production of forged and age-hardened sections as large as 16 by 22 inches 
by 10 feet long or 10% inches diameter by 22 feet long, exhibiting no sig- 
nificant difference in hardness between center and surface. 


Author's Reply 


The author wishes to express his appreciation to those who have 
contributed discussion to this paper. Professor Guy’s comments are. both 
interesting and welcome. The author has theorized that recovery and/or 
recrystallization, superimposed on the precipitation phenomenon, accounts 
for the wave formation observed in the time-hardness diagrams at the 
higher hardening temperatures. On the other hand, Professor Guy has 
pointed out from an analysis of Fig. 10 that, if the author's explanation 








1948 DISCUSSTON—PROPERTIES OF BE-NI ALLOYS 179 


is correct, the double-peaked curves should be observed in the time- 
hardness diagrams plotted for 1000°F (540°C). This is not necessarily 
true, because 1000°F (540°C) appears to be near the temperature at 
which both effects occur at about the same rate, in which case a single 
peak would be reached. Nevertheless, Professor Guy’s alternate explana- 
tion is interesting and provides a subject worth investigating by those who 
may deal with beryllium-nickel alloys in the future. 

Mr. Skinner's remarks are particularly welcome because his data have 
been obtained on the identical alloys treated by the author. The data 
presented in the paper purposely were limited to heat treating tempera- 
tures at intervals of 100°F because such intervals appeared sufficiently 
narrow to demonstrate the behavior of the alloy. As a matter of fact, 
numerous tests were made at intermediate temperatures, but these were 
not presented because they would not contribute much more toward an 
understanding of the effects of temperature on the alloy. A few of the 
author’s tests at intermediate temperatures were identical to those indi- 
cated by Mr. Skinner. In such cases agreement was fairly good, although 
the maximum hardnesses were somewhat below Mr. Skinner’s results. 
The highest hardness which could be obtained by the author, with any 
treatment, was about 550 Brinell. Of course, it must be remembered that 
the author's work was performed with a Rockwell machine and that of 
Mr. Skinner with a Vickers machine. These machines operate on differ 
ent principles, as is well known, and the conversion of results from one 
form to another is subject to possible error until the proper interrelation- 
ship has been determined for the beryllium-nickel compositions. 

It is particularly gratifying to have Mr. Skinner's remarks concerning 
the difficulties which would be encountered in the production and use of 
beryllium-nickel alloys. Undoubtedly the beryllium-nicke!s would not be 
practical unless some unique property or combination of properties neces- 
sitated the use of such a difficult and costly material. Some consideration 
has been given to the use of the alloy for sparkless tools and for springs 
operating at temperatures up to about 700°F. The Germans* have used 
beryllium-nickel for small parts such as injection needles, diaphragms and 
springs. The Germans, too, found production quite tedious. One firm 
made 2% beryllium alloys in 44-pound ingots of 2.4 to 3 inches in thick- 
ness. Such ingots could be rolled between 1920 and 1740°F (1050 and 
950 °C), 


6G. T. Motock, “Vacuum Melting in Germany,” Jron Age, Vol. 158, No. 24, December: 
12, 1946, p. 64. 








































STRETCHING CHARACTERISTICS OF ALUMINUM 
ALLOY SHEET 


By J. M. Taus 


Abstract 





A number of factors which influence the stretching 
of aluminum alloy sheet were investigated. The mini- 
mum strain located in the area in. contact with the punch, 
and the maximum strain occurring in the unrestricted 
area between punch and gripping radius, were affected 
primarily by the ratio of metal thickness to gripping ra- 
dius, frictional conditions as determined by type of lubri- 
cation, temper of the metal and edge conditions, chiefly of 
24ST. Other variables investigated affected the strains 
only to a limited extent. 

Most of the experimental work was conducted with 
a single-contoured punch. A few results using a double- 
contoured punch indicated that parts having a relatively 
shallow curvature in two directions are affected by varia- 
tions in processing condition similar to a singly curved 
part. 


INTRODUCTION 


NE of the major improvements in the forming of aluminum 
alloy parts for aircraft fabrication has been the development 
of the stretch press. In “stretching” proper, only two edges of a 
flat sheet blank (or of a length of section) are clamped, whereby 
the part is subjected to a tension in one direction (longitudinal) 
while it is being contoured by means of a form-block, punch, or die 
which is being pushed against the blank. Various types of stretching 
machines have been produced for stretching aircraft parts (1), (2), 
(3), the basic principle of straining the metal being the same for 
all such machines, (4), (5). 

The purpose in developing stretching presses was to form parts 
which were extremely difficult and, in some cases, impossible to shape 
by other production methods. 





1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Twenty -ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, J. M. Taub, is 
, associated with the Los Alamos Scientific Laboratory, Los ‘Alamos, N. M. 
Manuscript received June 2, 1947. 
180 








1948 ALUMINUM SHEETS 181 


The forming ot extended and complex aluminum alloy parts 
from thin sheet is particularly difficult because of their high tendency 
to develop buckles or wrinkles in all sections subjected to compressive 
stress. In most instances, it is possible to form a stretched part 
without wrinkling if the form-block is properly designed; however, 
in very shallow or slightly contoured parts wrinkles are particularly 
difficult to avoid (5), (6), (7). 

In any case, wrinkling during stretching becomes a minor prob- 
lem, while the major type of failure is rupturing of the part because 
of excessive local tension or stretching (3), (5), (7), (8), (9). 

Another factor favoring the stretch press is the elimination or 
reduction of “springback’’, a phenomenon which is associated with 
various other forming methods and is difficult to compensate fer (4). 
In particular, the bending of a piece of metal results in tensile and 
compressive stresses being set up in the metal at the locality of the 
bend. Upon removing the bending load the metal tends to return 
towards its original position because of the elastic recovery, the 
elastic forces in both the tensile and compressive sections of the bend 
acting in the same direction. Consequently, the final bent part does 
not possess the shape of the die punch, or form block, the variation 
depending upon such factors as metal thickness and temper. This 
change in shape occurring on unloading is known as “‘angular spring- 
back”. In the ideal stretching process, the “springback” phenomenon 
is considerably reduced because the only stresses present are tensile 
stresses. The elastic recovery consequently acts in the plane of the 
sheet only, and no change in the shape of the stretched part occurs 
because of such “linear springback’”. In the stretching operation, the 
material is subjected to tension exceeding the yield strength while 
it is being formed to contour over a punch. 

The results of previous mvestigations have revealed that for 
numerous parts stretching is necessary only in one direction, even 
though the part is contoured in two directions. In the case of such 
a double curvature, smoothly contoured part, the stretch will vary 
from a maximum (or minimum) at the center line to a minimum 
(or maximum) at the edge. 

The systematic design of a form-block and its proper positioning 
between the grips of a stretch press would require the knowledge 
(a) of the strains in the various areas of the part after successful 
forming, including the highly stressed sections close to the gripping 
devices, but outside of the finished part; and (b) the maximum 
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Aluminum Alloys Investigated 


24S0O bare and clad 


24ST bare and clad 


Cu 
248 4.5 
52S aii 
61S 0.25 


52SO bare 
61SO bare 
61SW bare 
Mn Mg Cr 
0.6 a oom 
Fis 2.5 0.25 
1.0 0.25 


Temper Designation 


O = annealed condition 


W = quenched and aged at room temperature 
T = heat treated, aged, and straightened (over 1% strain) 
RT = heat treated, aged and strain hardened 


stretch to which the particular alloy from which the part is being 
formed can be subjected with a sufficient factor of safety. 
The following investigation deals with the second aspect of the 


stretching problem. 


It covers primarily the very simplest type of 


stretching problem: that of a singly contoured sheet formed into a 


segment of a cylinder surface. 


Initially, it was thought that this 


would constitute only the first and quite simple phase of the work 
contemplated ; however, the first tests revealed a complex interrela- 


tion between numerous variables. 


Consequently, it was decided to 


limit the investigation to an evaluation of the numerous variables 


which affect the allowable elongation of the stretched sheet. 


The 


factors listed below were investigated regarding their effect on the 
stretching of a single contoured part. 


Gripping or die radius 


Sheet thickness 
Width of the specimen 
Lubrication 


Whwhyr 


Edge condition of the specimen 


6. Sheet surface (clad and bare) 
7. Method of loading 

8 Drape 

9. Alloy 

10. Shape of specimen 


11. Shape of punch 


MATERIAL, EQUIPMENT AND PROCEDURE 


Material—A list of the materials used for the investigation is 


given in Table I. 


For most of the tests, the two alloy conditions, 


24SO, bare, and 24ST, bare, were used in the thicknesses varying 
from 0.016 to 0.125 inch. The other alloys were investigated only in 
one thickness, 0.032 or 0.040 inch. 

Pieces 12 by 18 inches, suitable for the application of a photo- 
grid, were cut off on a square shear, the 18-inch dimension of the 
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final specimens being in the transverse direction of the sheets. After 
photo-gridding, these pieces were divided into test specimens varying 
in width between '% and 2;'5 inches, also by means of the square 
shear. The width of the specimens was uniform, within +0.008 
inch,? the thickness varied +0.5%. 

The edges of most of these specimens were polished on a belt 
sander using a belt having 1/0 polished paper. The edge was ground 
until all traces of shear marks had been removed and the polishing 
marks all ran in the longitudinal direction. In addition, several 
series of tests were made with “as-sheared” edges. 

The tensile specimens were blanked out in a die set and the 
edges were polished with emery paper to remove any shear marks 
or notches that were present. An Olsen 60,000-pound hydraulic 
testing machine and an Olsen extensometer were used for obtaining 
stress-strain curves. 

The tensile properties ‘of the alloys tested are assembled in 
Table II. These data were obtained from standard, 2-inch gage 
length specimens taken in the transverse direction of the 0.032-inch 
thick sheets. An Olsen extensometer. was used for obtaining the 
stress-strain curves at small strains, and dividers were employed 
to measure larger strains over the 2-inch gage length. The conven- 
tional stress (S) elongation (e) curves obtained in this manner are 
presented in Fig. 1. In addition, the true stress (S,) reduction 
in area (q) curves, Fig. 2, were constructed according to the follow- 
ing relations: 
cian eae 
l+e 
This relation applies accurately only up to the maximum load or 
necking point, the approximate position of which is indicated in 
Figs. 1 and 2. The strain at this point is usually considered as iden- 
tical to the “uniform elongation (stretch)’ or elongation of an 
infinite gage length. 

Equipment—A diagram of the apparatus upon which all of the 
stretching experiments were carried out is shown in Fig. 3. The 
two upper heads of an Olsen, 60,000-pound hydraulic testing ma- 

2As all of the specimens formed with the cylindrical punch failed in the “free” sec- 
tion between the punch and one grip, a few attempts were made to obtain a more uniform 
strain distribution by reducing the width of their center portion. However, because of 
limitations of machining equipment these tests were discontinued after it was found that 
such notching resulted in still smaller strains, unless a proper contour of the specimen 
was carefully developed. It may be mentioned here, that in a few tests at an aircraft 


plant, blanks contoured by routing yielded considerably larger (average) stretch than 
usually obtained in production parts. 
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Stress -1000 psi 





0 4 8 12 16 20 
Elongation % 


Fig. 1—Stress Versus Elongation for Various Alloys. 


Table Il 
Transverse Tensile Properties of Aluminum Alloys 
Yield Tensile 

Strength Strength ————E longation—_%———_, 
Alloy 1000 psi 1000 psi 2Inches lInch “YInch &% Inch 
52SO 13,800 28,100 22 23 30 38 
61SO 7,800 18,800 24 27 36 43 
61SW 20,5¢0 37,000 22 25 31 38 
24SO 14,500 32,900 15 17 23 30 


24ST 43,700 70,500 16 22 27 32 








chine were replaced by cold-rolled steel plates, 2 inches thick. To 
the upper plate, which was connected as before to the bottom ram 
by four rods 1% inches in diameter, a hand lever operated, 40-ton 
Lempco hydraulic workhead was fastened by means of two pieces 
of angle iron and two flat steel plates 11% inches thick and 10 inches 
high running from the front to the back of the upper steel plate. 
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Fig. 2—True Stress Versus Reduction in Area 
Curves for Various Alloys. 


The workhead piston was lined up accurately with the holes bored 
in the plates, and it was counterbalanced by a lead filled pan so 
that its center of gravity was directly in the center line of the ten- 
sile testing machine. This precaution was necessary, for the weight 
and moment arm of the workhead would tend to pull the piston of 
the tensile machine to one side if they were not lined up accurately. 
Thus, a double-action hydraulic press was obtained. 

A gripping plate was connected to the piston of the hydraulic 
workhead by four 7%-inch diameter rods arranged in a square on 
4-inch centers. A steel adapter at the upper end held this assembly 
lined up and connected it to the piston of the hydraulic workhead. 
The entire gripping apparatus moved simultaneously with the ram 
of the tensile machine. The gripping pressure, however, was applied 








186 TRANSACTIONS OF THE A. S. M. Vol. 40. 


independent of the movement of the tensile machine and was meas- 
ured by means of an accurate pressure gage. 

The die assembly was: mounted on the table of the testing ma- 
chine. It consisted of two steel blocks, 2 inches thick, 4% inches 
high, and 6 inches long, fastened together by means of four bolts 
over which were placed sleeves 314 inches long. Thus, when the 
bolts were tightened, the sleeves kept the distance between the two 
blocks constant. Dowel pins, one in each block, were used as guides 
to line up the hold-down plate with the die block. Two dowel pins, 
exactly 2 inches apart, were placed on the top of each block. These 
served two purposes: (a) to line up the 2-inch wide specimen so 
that it was directly beneath the punch, and (b) to hold spacing shims 
in place on top of the die. 

The die radii used in this investigation were %, 3745, 4, %, “% 
and 1 inch, respectively. With the exception of the largest two 
sizes, dowel pins were used for all of the radii. Because of space 
limitations, it was necessary to shape quarter sections from cold 
drawn steel bars in order to provide the larger radii, % and 1 inch. 
The radii were normally ground and polished. In addition, one 
series of tests was run with '% and %3-inch radii which had been 
deeply etched in nitric acid to present a rough surface, in order to 
determine the effect of radius surface. 

The dowel pins determining the die radius were located by 
means of back-up blocks or shims. A set of shims had to be used 
with each radius, all of the shims having holes drilled in them to 
fit the dowel pins on top of the die. The shims were slightly thicker 
than the diameter of the dowel pin used as a radius, in order that 
the gripping plate pressed only upon the shims and not upon the 
radii. The upper shim surface was knurled to aid in the gripping 
action, while the lower gripping plate retained its cold-rolled surface. 

Most of the investigation concerns the stretching of a singly 
curved part by means of a polished, cast iron punch, 3 inches in 
diameter and 3 inches long, fastened to the stationary head of the 
tensile machine. In addition, two series of tests were made with 
spherical punches having 1-inch (plastic) and 2%-inch (hard rub- 
ber) radii, respectively, in order to obtain stretched parts having a 
double curvature. The 2%-inch radius punch was cut down to 3- 
inch lengths, the corners being rounded off to %-inch radius. Most 
of these tests were performed with tallow as a lubricant, and in a few 
tests SAE 10 oil was used for comparison. 
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Procedure—The motions involved in testing were as follows: 
The desired set of radii and shims was located on the top surface of 
the die block. The lubricated specimen was placed on top of the 
shims and lined up between the dowel pins. The gripping plate 
fastened to the hydraulic workhead was then brought down to 
exert pressure upon the specimen by means of the hand lever, a pres- 
sure of approximately 14 tons being used on all tests. The hydraulic 
system of the tensile machine then moved the table containing the 
specimen and die upward so that the specimen was forced against the 
stationary punch and stretched until failure occurred. A constant 
speed of 2 inches per minute was maintained for all tests. After 
failure had occurred, the load was released from both hydraulic 
cylinders and the springs brought the gripping plate back to the 
starting position. 

In the regular tests, the load was applied continuously until 
failure occurred. Some tests were also conducted in which the 
load was applied in steps of 100 and 200 pounds, respectively; the 
load being removed after each interval and continuing until failure 
occurred. Other tests were run in which the load was applied con- 
tinuously until a force which was 85% of the force at failure was 
reached. At this point the load was released completely so that 
the punch and the specimen were separated, and the 85% load was 
again applied and released several times. The frequency of loading 
varied from zero to ten complete load releases before the specimen was 
stretched to failure. The repeated load was run on both the 24SO 
and 24ST alloys and with various lubricants. 

In most series of tests, the blank was placed flat on the die 
assembly, Fig. 3. In addition, two series were employed to investi- 


gate the effect of “drape” on the specimen. The term drape refers 
to the original position of the specimen under the punch, the angle 
between the horizontal and the side of the specimen adjacent to the 
lie radius being considered as the angle of drape. The drape angles 
studied were 0, 30, and 65 degrees. In setting the angle of drape, 
the gripping plate was lowered until there was a space of approxi- 
mately ;5 


inch between the specimen and the gripping plate, allow- 
ing the specimen to be pulled in from under the grips. The punch 
was then lowered by hand until the desired drape angle, determined 
by a protractor having an arm attachment, was reached. The grip- 
ping plate was lowered and pressure applied, the specimen then being 
ready to test. Tests were run on both the 24SO and 24ST alloys. 
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Fig. 3—Schematic Representation of Stretching Equipment. 


The first set of tests conducted in the stretching investigation 
employed SAE 10 oil as the standard lubricant. In later tests to 
determine the effect of various lubricants, a high grade of tallow 
was extensively used. In addition, several filler-bearing commercial 
drawing lubricants were tested, namely, Ironsides AF-11, Houghto- 
draw No. 160, and Steelskin CB-1, and in addition, High Pressure 
Gun Grease paper, lead foil, petroleum jelly, rubber and a plastic 
sheet. In most cases the tests were run using a constant radius of 
1 inch; in a few cases in which the lubricant appeared promising the 
complete series of die radii were employed. 

Photo-Gridding and Strain Measurements—In order to measure 
the strains in the sheet surface after testing, a variation of the photo- 
grid printing process (12), (13) was used in applying a gridwork 
of 20 squares to the inch to the surface of the sheet. See references 
12 and 13 for a description of specimen preparation. 

Strain measurements of the stretch tests were made with strips 
of cross section paper having 20 squares to the inch, the same paper 
from which the grid negative was made. The measuring was per- 
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Fig. 4—Three-Dimensional Representation of Strains 
in a Stretched Specimen (Intermittent Loading). 


formed by fitting the strips tightly to the contour of the stretched 
part, measuring over a %-inch gage length. The per cent strain 
could be read directly from the strip in this manner and the results 
were reproducible within +1% (strain). 

A minimum of two identical specimens were tested, and addi- 
tional tests were made if the values obtained for the first two speci- 
mens deviated considerably from each other. 

Strain measurements were made on most specimens only along 
their longitudinal center line. In addition, the strains of a few 
specimens were determined over the entire surface, in all three 
directions. From the distribution of the strains obtained in this 
manner, Figs. 4, 5 and 6, it was concluded that the strains which 
may be considered as decisive for the success of stretching are (a) 
the “maximum stretch” in the free area between the grips and the 
punch, and (b) the “minimum stretch” or usable stretch in the 
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Fig. 5—Three-Dimensional Representation of Strains 
in a Stretched Specimen (Continuous Loading). 


center area in contact with the punch. In broken specimens the 
“maximum stretch” was generally found to be practically the same 
' in the center of the two free areas, disregarding the immediate 
vicinity of the failure, and necks or shear lines. 


RESULTS ON THE STRETCHING OF A SINGLY CuRVED PART 


Introduction—lf a flat sheet is formed by means of the stretch- 
ing process into a single curvature part, it is subjected primarily to 
longitudinal tension, i.e., in the direction perpendicular to the axis 
of punch and radii. However, this condition of uniform tension is 
altered by the pressure normal to the sheet surface which originates 
(a) from the gripping pressure, (b) from the curvature of the grip 
radius, and (c) from the curvature of the punch, and by the fric- 
tional forces in both the longitudinal and transverse directions 
resulting from these pressures, and the relative movements of the 
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Fig. 6—Three-Dimensional Representation of Thick- 
ness Change in a Stretched Specimen. 


blank against the tools. The forces in the gripping area are of little 
significance for the strain developed in the part proper as long as 
they provide the desired positive gripping without slippage and 
breakage. 

The forces on the radius transfer this border condition at its 
outer contact line gradually into one composed of the full longi- 
tudinal tension, a normal compression, and a transverse tension 
resulting from friction (shear) at its inner contact line. While the 
normal compression weakens the metal and favors rupturing, the 
effect of the transverse tension is not readily recognized. As a result 
of the following investigation, it appears that this transverse tension 
supplies a strengthening of the metal at the edge of the radius. These 


opposing effects probably explain some of the peculiar results ob- 
served. 


The metal under a cylindrical punch is subjected to the same 
types of forces as that on the radius. 





: 
; 
: 
; 
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In the following tests either one of two types of failures 
occurred. With a small hold-down radius, the fracture invariably 
followed the inner element of the radius, Fig. 7a. Such a failure 
is readily explained, as according to the laws of plastic flow the 
strength of a ductile metal should be reduced by approximately one- 
half of each of the pressures acting normal to the two surfaces. 





Fig. 7—Typical Fractures Encountered in the Investigation. 


While there may be some question regarding the numerical value 
of the pressure developed by contact of plastic metal with a radius, 
this pressure should increase generally with increasing ratio of metal 
thickness to radius, according to fundamental laws of elasticity (10). 

If the hold-down radius increased beyond a certain value (which 
varies with several factors), the fracture occurred primarily in the 
unsupported metal between the grips and the punch, Fig. 7b. Frac- 
turing usually started at a point close to the center of this rather 
narrow strip. This failure is of the same general type as that of a 
wide tensile test bar, where failure in the grips is avoided by reduc- 
ing the center section of the specimen. Apparently, the boundary 
conditions at the radius and punch respectively act similar to the 
enlarged heads of a tensile test specimen. 
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Rupturing of a singly curved part usually does not occur in 
the area of contact with the punch. This is explained by the fact 
that the punch radius usually exceeds the hold-down radius. How- 
ever, if the punch is provided with a rather small radius at any place 
in contact with the metal, the failure may take place at this location. 

If a doubly curved part is stretched, the combination of the 
two contours may cause a maximum tension to occur at certain points 
within the area of contact with the punch. Therefore, if a part is 
locally sharply curved in either direction, it is liable to fail at this 
location, 

Thus a singly curved part formed from sheet by means of 
cylindrical punch will not fail in the part proper but in the narrow 
unsupported area between punch and radius. It can be expected 
that the stretch exhibited at or immediately before fracture is a 
rather definite characteristic of the metal, and that any factor caus- 
ing a premature break should reduce this strength. It appears that 
such a characteristic stretch value can be obtained by measuring a 
short gage length outside of the fracture, rather than by including 
the locally stretched or necked portion of the metal. This “maximum 
(uniform) stretch” was measured in all of these tests as one of the 
important characteristics of the metal. It was found in most in- 
stances that the stretch was rather uniform from a point approxi- 
mately 0.1 inch apart from the fracture over a gage length of 4% to 
YZ inch, see Figs. 4 and 5. On the other hand, the stretch occurring 
at the center line of the punch constitutes the usable stretch value. 
In the case of stretching with a cylindrical punch, this stretch is 
usually the minimum, being affected by friction to the highest pos- 
sible extent (Figs. 4 and 5). If the conditions previously discussed 
favor failure at the punch, higher stretch values than in a singly 
curved part should be observed at the punch. Thus, the “minimum 
stretch” occurring on stretching with a cylindrical punch would con- 
stitute another important metal characteristic. This value has been 
also determined in the following tests. It was found that the stretch 
was rather uniform over a certain length, at least % inch, at the 
center of the punch. 

Effects of Geometrical Variables—The gripping radius was 
varied in most of the test series, while the other variables were kept 
constant, Fig. 8. It exerted a very pronounced influence on the 
results. Both the maximum and minimum stretch increased with 
increasing radius up to the value of radius at which the locus of 
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Fig. 8—Effect of Grip Radius, Edge Condition 
and Temper of Specimen on Stretching. 
failure moved away from the radius. For larger radii, where 
fracturing occurred between punch die, both stretch values became 
practically independent of the radius. 

The shape of the stretch versus radius curve depended con- 
siderably upon other variables of the stretching process. It was 
observed, in most series of tests, that failure in the free metal 
occurred and the maximum stretch became consistently high* when 
the radius exceeded 3 inch, i.e., when it was at least 15 times the 
metal thickness (0.032 inch). This general rule did not apply to 
"T SLarge scattering, at small radii, of the maximum stretch values and differences 


under presumably identical conditions may be ascribed to variations in the surface condi- 
tions of the radii. ; 
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some of the softer metals which required larger radii, and the same 
was true for 24SO, if the radius was covered with a good lubricant. 

The effect of the edge condition was investigated for a few 
alloys, Figs. 8 and 17. 24SO, bare, yielded consistently high values 
with either polished or sheared edges. A few low values observed in 
the early tests could not be confirmed later in the more systematic 
study. This was also found to be true for reheat treated 24ST, 
bare, 1.e., as supplied 24ST, subsequently solution heat treated and 
aged at the laboratory. On the contrary, commercial 24ST, bare, was 
found to be highly sensitive regarding the edge condition. The 
maximum stretch of the sheared blanks was anywhere between 0.4 
and 1.0 times, and the minimum stretch between 0.7 and 1.0 times, 
that of polished blanks. In previous investigation (7) a pro- 
nounced effect of the edge condition on the stretching was observed 
not only for 24ST, but also for 24SO and other alloys less strong 
than 24ST. 

The effect of sheet thickness was investigated in one series of 
tests on specimens 2 inches wide and stretched with a constant grip- 
ping radius of 1 inch. Thickness variations between 0.016 inch 
and 0.040 inch did not affect the maximum stretch of both 24SO, 
hare, and 24ST, bare, Fig. 9. Above 0.040-inch thickness, however, 
the maximum stretch decreased, and at 0.091-inch thickness the 
maximum of 24SO was only 0.75 times the maximum stretch ob- 
tained with thinner sheet. The 24ST alloy exhibited the same tend- 
ency at 0.051 inch thickness, while the gripping force available was 
not sufficient to successfully test the 0.091l-inch thick specimen. 
This effect of metal thickness can be explained only partially by 
the previously discussed effect of the radius, i.e., a decreasing ratio 
of radius to metal thickness. The minimum stretch, in the area at 
the punch, increased with increasing thickness (for a constant die 
radius) for both the 24SO and 24ST alloys. The thickest sheet 
tested (0.091 inch) exhibited an approximately 80% larger usable 
stretch than the thinnest sheet (0.025 inch). This effect may be 
explained tentatively as a result of the sheet stiffness (bending 
resistance) which should relieve the pressure and friction at the 
punch, increasingly with increasing thickness and also with increas- 
ing strength of the alloy. 

It was also observed in these tests that the thinnest 24SO 
specimens failed prematurely, resulting in low stretch values, if a 
grooved or knurled hold-down plate was used. Normal values were 
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Fig. 10 (Lower)—Effect of Grip Radius and 
Secsiaas Width on Stretching. 


obtained when the knurled plate was replaced by a smooth plate. 
The 24ST alloy did not exhibit the difficulty. 

The width of the stretch specimens could be varied in this in- 
vestigation only within rather narrow limits, % to 2 inches. While 
the maximum elongation was slightly less for the %-inch wide speci- 
mens than for the wider specimens, the minimum stretch was prac- 
tically constant for the entire range of widths investigated, Fig. 10. 
These results confirm those obtained by other investigators (8). 
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The initial drape of the specimen affected both the maximum 
and the minimum stretch, Fig. 11. While the minimum stretch 
became larger when the drape was increased from 0 to 30 or 60 
degrees, the maximum stretch simultaneously decreased. This reduc- 
tion of the maximum stretch was larger for 24SO than for 24ST. 


Polished Cast Iron Punch (11/2in R.) 
Lubricant: S.A.E.10 Oil 

0.032 in. Sheet, Polished Edges 
A- Area Outside Punch 

B-Areo Under Punch 

Drape eO° x 30° o60° 


Stretch -% 





Grip Radius —in. 
Fig. 11—Effect of Grip Radius, Drape, and 
Temper of the Specimen on Stretching. 

These phenomena may be explained tentatively by a decrease of the 
free metal length between punch and radius with increasing drape 
as determined by some measurements. The free length of metal 
acts in much the same manner as the reduced length of a tensile 
test specimen. If the free length decreases, the elongation also 
decreases while the strength increases simultaneously. The decrease 
in elongation corresponds to the decrease of the maximum stretch 
on stretching, while the increase in strength accounts for the higher 
minimum stretch. These geometrical relations, and consequently 
the effect of the drape, should depend upon the shape of the punch 
and its position relative to the grips. 

Effects of Frictional Variations—Friction occurs during 
stretching at two different locations, at the radius and at the punch. 
Usually, when the effects of friction on stretching are considered, 
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this refers to the conditions at the punch. It is generally recognized 
that any reduction of friction between punch and metal would cor- 
respondingly increase the tension and the usable stretch. The test 
described later clearly confirms this conception. 

The frictional conditions at the radius of the grips have appar- 
ently not found any attention as yet. It is, however, common 
knowledge (a) that positive gripping without rupturing requires 
rather rough surfaces, i.e., a high friction, and (b) that the pres- 
sure at the exit from the grips should be kept low by smoothing 
and/or opening up of the gripping gap at this location. The effect 
of the radius of a tool around which the metal is wrapped is not 
understood quite clearly. The angular change represents an efficient 
means of frictional restriction, while the curvature creates normal 
pressure which favors rupturing. Both of these effects are appar- 
ent, for example, at the beads attached to the hold-down surfaces 
of deep drawn parts. During stretching, the friction on the radius 
also restrains the metal as pointed out by a few tests in this direction. 

Variations of frictional forces can be produced by using various 
lubricants, by changing the surface condition of tools and metal, and 
by some special measures discussed later. 

The various /ubricants investigated, effected the maximum 
stretch in the unsupported portion of the specimens to an insignificant 
extent only if the failure occurred away from the radius. On the 
contrary, the minimum or usable stretch at the punch was found to 
be considerably dependent upon the lubricant, confirming practical 
experience (7), (8). Thus, the alloy 24ST, bare, possessed invari- 
ably a maximum stretch of 21 to 22%,. while the minimum stretch 
was only 7 to 71%24% for SAE No. 10 oil, Fig. 8, 9 to 10% for high 
presstire grease and various commercial lubricants, and approxi- 
mately 12% for mutton tallow, Fig. 12. 24SO, bare, also yielded a 
minimum stretch of 7 to 7%4% with SAE No. 10 oil, Fig. 8, and 12 
to 13%, and occasionally rather high values up to 17%, with tallow, 
Fig. 12. 


LusBricANts STUDIED 


1. SAE10 Oil 4. Steelskin CB-1 
2. Mutton Tallow 5. Houghtodraw 160 
3. High Pressure Grease 6. Ironsides AF-11 


7. Petroleum Jelly 


Thus, a considerable benefit in usable stretch can be derived 
from the use of a good lubricant. Another question arises whether 
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any other measure may yield still higher values of minimum stretch. 

Some observations during these tests revealed that a good lubri- 
cant such as tallow should be kept away from the radius in order 
to avoid rupturing at the radius, Fig. 13. If tallow were applied to 
the radius, 24SO, bare, exhibited failures at the radius up to a radius 
of % inch, and a radius of more than 20 times the metal thickness 
would then be necessary to avoid radius breaks. 24ST, bare, was 
less sensitive in this respect. Roughening of the radius by etching 
did not materially change this condition, proper cleaning (degreas- 
ing) of the polished radius yielding practically the same results, Fig. 
12. 

Various materials, other than lubricants, were tried as an inter- 
mediate layer between metal part and punch. However, most of 
these, including lead foil, wrapping paper, and plastic sheet, yielded 
very low values of minimum stretch (approximately 5%). Rather 
interesting appears the performance of an ;x-inch rubber sheet. 
Very high values of uniform stretch were obtained when new, but 
repeated use reduced the usable stretch to rather low values, Fig. 14. 

An attempt was made to reduce the friction existing between 
the punch and specimen by repeated application of loads, below the 
rupturing loads. Previous investigations on indenting a cone-shaped 
punch have shown that a given load caused a much deeper impression 
if it were applied in increments rather than in the common manner 
(11), because of the relief of friction on each unloading. As a result 
of various attempts, the following procedure was adopted. The load 
was first applied up to approximately 85% of the previously deter- 
mined maximum load. It was then released until the punch was 
entirely separated from the blank. This procedure was repeated up 
to 10 times before the load was increased to the rupturing point. 
The maximum stretch in the free length of the metal was found to 
be identical in both the single load tests and the repeated load 
tests, Fig. 15. On the contrary, the minimum stretch was consider- 
ably increased by repeated loading with some lubricant, while it was 
not affected by the type of loading with other lubricants, Fig. 15. 
The largest change was observed with SAE 10 oil, the minimum 
stretch of 24ST being increased by more than two load applications 
from 7 to approximately 17%. A similar effect occurred with a new 
rubber sheet as “lubricant”. However, if tallow or a filler bearing 
lubricant were used, the minimum stretch was almost unaffected by 
repeated loading, Fig. 16. These results can be explained by the 
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conception that the action of some less good lubricants decreases 
during the plastic flow of the metal, and that an efficient lubrication 
is again restored for a certain period of time if the adhesion between 
metal and tools is broken and the lubricant re-enters this gap. 
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Fig. 12—Effect of Grip Radius and Specimen 
Surface on Stretching. 


Stretching of Various Alloys—The investigation of various con- 
ditions of the alloy 24S and of a few other alloys did not reveal any 
correlation between the conventional elongation and _ stress-strain 
characteristics and the usable stretch. 

In the tests on 24S conducted with oil as a lubricant, see Fig. 8, 
the conditions 24SO, 24ST (heat treated and stretched), and 24S, 
reheat treated, exhibited closely the same uniform stretch, approxi- 
mately 7.5%, while freshly “as-quenched 24S” possessed a consider- 
ably higher minimum stretch, 9%. Also, 24ST was found to be 
the only condition of the four which was highly sensitive regarding 
the edge condition. 

A few additional tests on 24SRT and some of the artificially 
aged conditions of 24S (24ST81 and 24ST86), also on other arti- 
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ficially aged alloys, resulted in rather low values of uniform stretch, 
as compared with 24SO and 24ST. 

Surprisingly, no gain in uniform stretch could be obtained by 
substituting for 24SO some alloys possessing a high elongation, such 
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Fig. 13—Effect of Grip Radius and Specimen 
Surface on Stretching. 


as 52SO and 61SO, Figs. 17 and 18, while the alloy 61SW yielded 
considerably higher values of uniform stretch. The low uniform 
stretch values obtained with 52SO and 61SO can be explained par- 
tially by the high tendency of these alloys to fail at the radius, and 
a minimum radius of 25 times the metal thickness appears necessary 
from these tests, if radius breaks be avoided, Figs. 17 and 18. 
Stretching of Doubly Curved Parts—A doubly curved part is 
obtained with any punch which is not exactly cylindrical. Then, 
other factors than those found to be decisive for the stretching of a 
singly curved part may become decisive. The metal in the free areas 
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between punch and grip will be always subjected to stress conditions 
rather similar to those present on stretching a singly curved part. A 
sharp curvature of the punch, however, will cause a nonuniform 
distribution of the stretching force, i.e., the resultant force of all 
longitudinal tensions. Depending upon the magnitude of the non- 
uniformity, the tension in the fiber subject to the highest stretch 
then may or may not exceed the tension stress in the free areas, the 
nonuniformity compensating for the loss in tension caused by fric- 
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Fig. 16—Effect of Loading Frequency and 
Lubricant on Stretching. 


tion. Thus, two possible types of stretching can be visualized, the 
forming limit for the one type being primarily dependent on the 
conditions in the free area, and the forming limit for the other type 
being determined by the shape of the punch. 

The two series of tests conducted with doubly curved punches 
were found to represent indeed these two types of stretching. 

In the tests on 24ST, bare, with the 2™%-inch radius, spherical 
punch, it was observed that failure occurred again at the grip, how- 
ever, only up to radius of 4 inch. With a larger grip radii, however, 
the part ruptured at the %-inch radius edge of the punch. This is 
explained by a superposition of the effects of radius and of punch 
curvature. Both the maximum stretch in the free area and the mini- 
mum stretch at the punch with such a punch and with tallow as a 
lubricant were practically the same as, or slightly smaller than, those 
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observed on stretching a singly curved part, Fig. 19. With oil as 
a lubricant, the minimum stretch was considerably reduced. 

On the contrary, the specimens formed with l-inch radius, 
spherical punch and tallow as a lubricant, exhibited the maximum 
stretch at the punch over a segment length of approximately 3% inch, 
its value being 15 to 18%, independent of the grip radius. The 
stretch in the free area was consequently rather low, approxi- 
mately 10%. 


CONCLUSIONS 


The comparison of the results obtained with variously shaped 
punches indicates that stretched parts may be subdivided into two 
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Fig. 18—Effect of Grip Radius on Stretching 
Various Alloys. 


types. The one type (1), possessing a contour varying only slightly 
over the length, will tend to fail in the free area between punch and 
grip, or at one end of this area. The other type (II), possessing a 
considerably sharper contour at the center of the punch than at its 
ends, will tend to fail at the punch center. 

Type I will require (a) well rounded off gripping devices, the 
radius being at least 15 times the metal thickness; (b) smooth edges, 
the degree of smoothness being particularly high for 24ST; and (c) 
an efficient lubrication, in order to attain the necessary contouring 
stretches at the punch surface. 

Type II has not been investigated in detail. Because of the 
increased strength in the free area, the maximum stretch occurs in 
the most sharply contoured portion of the part. It should be ex- 
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Spherical Punch 24ST, Bore 
0.032 in. Sheet, Lubricant: 
Polished Edges @ Tallow 
A-Area Outside Punch §=xS AF IO Oil 


B-Area Under Punch 


Stretch -% 





Grip Radius - in. 


Fig. 19—Effect of Grip Radius and Spherical 
Punch Size on Stretching. 


pected, therefore, that variations in the testing techniques are of 
comparatively little influence, as long as the stresses and strains in 
the free area are not changed radically. 

The dividing line between the two types, however, should be 
affected by the variables of the stretching process. Factors, which 
increase the stress at the punch, such as a good lubricant, may shift 
a part into Type II, and would be Type I with a poor lubricant. 
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DISCUSSION 


Written Discussion: By Philip Melara, supervisor of Inspection Lab- 
oratories, Grumman Aircraft Engineering Corp., Bethpage, Long Island, 
N. Y. 

Mr. Taub is to be congratulated for a very informative paper on the 
theoretical and practical aspects of the stretching of aluminum alloys, 
particularly 24S. However, the experimental: technique and procedure 
in the paper did not take into account certain metallurgical and physical 
factors of aluminum alloy sheet which may have a definite effect on the 
success of a stretching operation without failure of the material. 

It is unfortunate that the rather important variable of grain size was 
not taken into consideration. In several aircraft companies, cases have 
been reported of so-called “orange skin” which appeared in the critical 
areas of stretched parts made of high strength aluminum alloys which 
were subsequently quenched to the “W” state. The “orange skin” ap- 
peared after the heat treating operation. This skin roughening was 
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eliminated when another case or lot of the same material was substituted 
for stretching. Furthermore, physical tests of coupons taken from 
“orange skin” areas showed poor elongation, marginal tensile strength, 
and rather high yield strength. However, in some cases, the combination 
of improper tooling design and large grain size may also result in skin 
roughening together with unattractive physical properties. 

A physical factor which may determine the success or failure of a 
stretching operation is the condition of the bond between the cladding 
and the core in the case of aluminum clad alloys. The author has seen 
stretched metal failures in which rupture was due to slight looking blis- 
ters caused by poor adhesion of the clad material to the core. In these 
particular instances, the condition of the small blisters was aggravated 
by the heat treating operation of changing the material from the “T” to 
the unstable “W” state prior to the stretching operation. 

It would also be of great interest to the tool engineers in the aircraft 
industry if similar experiments, including metallurgical and surface con- 
dition factors, were conducted with the high strength aluminum alloys 
now commonly used in our aircraft. In closing, it is a matter of fact that 
the stretching process made it possible for my company to make an alu- 
minum canoe which has been a successful competitor both as to quality 
and price. 


Author’s Reply 


Mr. Melara is correct in stating that the factors of grain size and 
cladding should be included in a comprehensive study of the stretching 
process. Because of time limitations, however, it was decided not to 
attempt a study of the effect of grain size on stretching characteristics 
but, instead, to use commercial sheet such as supplied to aircraft manu- 
facturers and consider the grain size a constant instead of a variable. 
The data obtained would still be of value to designers and tool engineers 
who design on the basis of characteristics of commercial sheet. The same 
applies to the cladding of aluminum sheet. A detailed study of the effect 
of grain size would undoubtedly reveal some interesting results and should 
be studied in a separate investigation. 











EFFECT OF SIXTEEN ALLOYING ELEMENTS UPON THE 
GRAIN SIZE OF CAST 45% COPPER-ALUMINUM ALLOY 


By Harotp G. Bowen, Jr. AND HAROLD BERNSTEIN 


Abstract 


Experimental ingots of 4.5% copper-aluminum alloy 
containing percentages of the elements under considera- 
tion, varying from 0 to 1.4%, were cast at 1350°F 
(730 °C) under conditions calculated to produce a coarse 
grain size. The elements were added mainly as aluminum 
master alloys. After suitable preparation, the ingots were 
etched and their grain sizes measured. The refining 
effects of titanium, columbium and zirconium, separately, 
were tested upon superheated melts at 1750 °F (955 °C). 
The effects of various combinations of elements and the 
effect of heat treatment upon grain size were determined. 
The grain refining agents were found to be particularly 
effective im counteracting the coarsening effects of other 
alloys. Radiographic examination indicated that the den- 
dritic characteristics of the base alloy were markedly 
altered by refining agents. 


HE relationship between fine grain size and many important 

properties of cast aluminum alloys has been investigated at 
various times and reported in the literature. (The grain referred to 
here is the grain of the macrostructure, which is visible to the unaided 
eye after suitable preparation and etching of the surface.) A small 
grain size is desirable for the following reasons: 

(a) The casting properties are better. The risk of cracking 
in the mold and tendency towards shrinkage porosity are reduced 
(1), (2).* 

(b) The mechanical properties are better and more consistent 
in different parts and varying sections of the casting (1), (3), (4), 
(5). 

(c) The hot and cold working properties in forging, shaping 
and rolling operations are better (2), (6). 

(d) In the heat treatment operation, complete solution is 

1The figures appearing in parentheses pertain to the references appended to this paper. 


Of the authors, Harold G. Bowen, Jr., is Commander, U. S. Naval Gun 
Factory, and Harold Bernstein is associate materials engineer, U. S. Naval 
Gun Factory, Washington, D. C. Manuscript received August 20, 1947. 
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achieved in smaller time intervals, and the danger of cracking upon 
quenching is lessened (6), (7), (8). 

(e) Fine grain size ensures an even, smooth, pleasant appear- 
ance after anodic treatment (9). 

In 1941, the Naval Gun Factory experienced difficulties in 
meeting the physical property requirements for aluminum alloy sand 
castings, Class 4, Navy Department Specification 46Al (Int.), 
10/1/44. The addition of 0.15% titanium to the melts solved the 
difficulties by reducing the grain size and improving the mechanical 
properties. 

Titanium has found wide application in American and British 
foundries for refining aluminum alloys. The use of other refining 
agents, such as columbium (1), boron (2), (10) and zirconium (10) 
has also been reported. Both titanium and boron have been added 
to aluminum melts as volatile chlorides but, because of the difficulties 
inherent in such practice, the method of alloy additions was favored 
here (5), (10). 

The primary purpose, therefore, of this investigation was to 
establish the comparative effectiveness of various element additions 
and to determine whether a cumulative refining effect would result 
from the additions of grain refiners in multiple. 
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PROCEDURE AND TEstT RESULTS 


Raw Materials 





th _ The bulk of the raw materials used in this investigation was 
ie obtained from the Naval Gun Factory foundry. Some of the master 
alloys were obtained from the Naval Research Laboratory, some were 
procured from commercial sources and some were prepared directly 
in the foundry. The compositions of the raw materials used may be 
found in Table I. 


Melting and Casting Practice 





For each grain size determination, an experimental ingot weigh- 
i ing approximately 356 grams was melted and cast in a No. 4118 
i Dixon plumbago crucible, size 1, without cover. Fig. 1 shows the 
ie type and size of crucible used and the ingot produced. 

a Melting was accomplished in an electrical resistance Hoskins- 
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ai 1—Dixon Plumbago Crucible Size 1 and Aluminum Alloy Ingot Made for 
Siz 


Grain e Measurements. 
type muffle furnace. The melting practice employed in the prepara- 
tion of each ingot follows: 


(a) Heat crucible to furnace temperature. 

(b) Melt aluminum. 

(c) Stir in aluminum-copper alloy. 

(d) Stir in addition agent (s). 

(e) Hold for one-half hour; stir. 

(f) Hold for one-half hour; remove crucible from furnace and 
cool in air. 


It proved feasible to introduce the elements manganese, chro- 
mium, iron and tin, directly into the melt without having to prepare 
master alloys. This was accomplished by powdering the metal, 
encapsulating in aluminum foil (2S) and adding the capsule to the 
melt. Good recovery was obtained in most cases. All other additions 
were made using master alloys. The 50% zirconium and columbium 
master alloys had to be extensively diluted (with aluminum) before 
they could be utilized. 


Ingot Preparation 


The ingot thus produced was cut in half lengthwise on a DeWalt 
abrasive cutting machine. Twenty-five grams of millings from the 
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Fig. 2—Effect of Titanium (Per Cent) on the Average Grain Size of Cast Alu- 
minum Alloy 46Al Class 4 Containing 4 to 5% Copper. a. Blank; G.S. 0.063. 
b. 0.06% Ti, G.S. 0.016. c. 0.23% Ti, G.S. 0.009. d. 0.35% Ti, G.S. 0.008. 


center of one half served for chemical analysis. The surface of the 
other half was prepared for macroetching by grinding on a Buehler 
belt grinder, abrasives Nos. 50 and 120, successively; then polishing 
by hand with Nos. 1G, 0, 00 and 000 emery papers, in succession. 
The surfaces were etched in cold 20% NaOH solution for 3 to 5 
minutes and washed in 15% HNO, (to remove deposited copper). 


Grain Size Measurement 


The grain diameters were measured using a bench microscope 
with 48 mm. objective and Bausch and Lomb grain size measurer 
eyepiece. The magnification approximated 15 diameters. For grain 
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Fig. 3-—Ingot Characteristics of Cast Aluminum and Aluminum-Copper Alloys 
Cast at 1350°F. a. 100% Al. ob. 95.5% Al, 4.5% Cu. c. 95.4% Al, 4.5% Cu, 
0.06% Cr. d. 95.3% Al, 4.5% Cu, 0.22% Ti. 


sizes coarser than 0.10 inch, an average grain was selected and meas- 


ured directly in inches with a Bausch and Lomb filar micrometer 
having a magnification of 7.5 diameters. 


Grain Size Results 


The refining effect of titanium upon the grain size of 4.5% 
copper-aluminum alloy, as cast at 1350°F (730°C), is pictured in 
Fig. 2. 

The primary crystallization characteristics of several ingots illus- 
trating extreme conditions of grain size appear in Fig. 3. Each ingot 
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Columbium 


0.025 Boron 
Titanium 
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Average Grain Diameter - Inch 


8 


0.05 0.10 0.15 0.20 0.25 0.30 
Element Added % 


Figs. 4a and 4b—Effect of Refining Elements on Grain Size of 
Cast 4.5% Copper-Aluminum Alloy. ig. 4a—Casting Temperature 
1350 °F (730°C). Fig. 4b—Casting Temperature 1750 °F (955 °C). 


has three discernible zones: a thin chill layer at the top containing 
small random-oriented grains, a layer of columnar grains and an area 
of equiaxed grains. The equiaxed area generally increased in size 
and the columnar belt decreased as the grain size decreased. The 
average grain diameter was arrived at by scanning the equiaxed area 
with the various size grids in the grain size measurer and selecting 
that grid conforming most nearly to the size of the grains. The 
grid size was reported in inches, together with ingot analyses, in Table 
II. The refining effects of titanium, boron and columbium are dem- 
onstrated graphically in Fig. 4a for a casting temperature of 1350 °F 
(730 °C) and in Fig. 4b (titanium and columbium) for a casting 
temperature of 1750 °F (955 °C). 


Effect of Heat Treatment 


Seven ingots containing titanium in percentages varying from 
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0.005 to 0.35% were given the following heat treatment (standard 
Naval Gun Factory practice) : 


Solution treatment—960 °F (515°C) for 24 hours 

Quench in water at 160°F (70°C) 

Age 48 hours 
After heat treatment, the ingots were polished, etched and. meas- 
ured. There was no appreciable difference between the grain size 
as cast and the grain size after heat treatment. 


Metallographic Examination 


Material from the equiaxed zone of each ingot was polished, 
etched in Keller’s etch (144% HF, 1%% HCl, 24% HNO,, 95YU% 
H,O) and photographed at 75 diameters. Typical microstructures 
and their analyses appear in Fig. 5. They show characteristic coring 
with eutectic constituents concentrated at the grain boundaries. 
Little difference is observed in the size of the micrograins and dis- 
tribution of microconstituents, as between coarsened and _ refined 
macrostructures. 

In order to compare the structures at lower magnification, photo- 
macrographs at X 11 were made of metallographic specimens from 
a coarse ingot (0.07% manganese) and a fine ingot (0.22% tita- 
nium). The difference is apparent in Fig. 6. 


Radiographic Examination 


Radiographic examination of material representing various 
stages of refinement and coarsening was performed at the Naval 
Research Laboratory. The material was selected from the equiaxed 
area of the ingot in each case. Radiation from a chromium target 
tube, operated at 35 KV, was used. The radiographs were magni- 
fied & 40. Typical microradiographs appear in Fig. 7. The struc- 
ture of the titanium- and boron-treated alloys is made up of equi- 
axed grains of random orientation. The base alloy and manganese 
alloy structures show the directional characteristics peculiar to pro- 
nounced dendritic structures. 


DIscuSSION OF RESULTS 


The elements tested as possible refiners for 4.5% copper-alumi- 
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Fig. 5—Microstructures of Ingots Cast at 1350 °F. Keller's etch. & 75. a. 95.5% 
Al, 4.5% Cu. b. 95.3% Al, 4.5% Cu, 0.22% Ti. c. 95.4% Al, 4.5% Cu, 0.03% B. 
d. 95.4% Al, 4.5% Cu, 0.06% Cr. 
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Fig. 6—Photomacrographs of Fine and Coarse-Grained Structures Cast at 1350 °F. 
Vertical illumination. Keller’s etch. X11. a. 95.3% Al, 4.5% Cu, 0.22% Ti. 
b. 95.4% Al, 4.5% Cu, 0.07% Mn. 


num alloys may be grouped as follows (in their order of effective- 
ness ) : 


(a) Refining agents—Ti, B, Cb, Zr >0.18% 
(b) Coarsening agents—Cr, Sb, Zr <0.16%, Mn, Be, Fe, Mo 
(c) Elements with little effect—V, W, Ce, Co, Sn, Mg 


An average grain diameter of 0.008 was achieved with the addi- 
tion of 0.35% titanium. The graphs (Fig. 4a) indicate that the 
rate of refinement at casting temperature of 1350°F (730°C) is 
greatest for the first small additions of titanium, boron and colum- 
bium, and then tapers off rapidly with larger additions. At 1750 °F 
(955 °C) the refining effects of titanium and columbium are some- 
what dissipated, but titanium is far superior to columbium (Fig. 4b). 
Little difference was noted in the behavior of the zirconium-treated 
alloy cast at 1350 °F and 1750 °F. 

A peculiar inversion was noted in the action of zirconium and 
cerium cast at 1350°F. Below 0.16% zirconium, the ingots were 











7—Microradiographs of Fine and Coarse-Grained Structures Cast at 1350 °F. 


Fig. 
x 40. a. 95.5% Al, 4.5% Cu. b. 95.3% Al, 4.5% Cu, 0.22% Ti. c. 95.4% Al, 4.5% 
Cu, 0.03% B. d. 95.4% Al, 4.5% Cu, 0.07% Mn. 
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coarsened markedly, while at 0.19% zirconium and higher concentra- 
tions refinement occurred. Cerium followed the same pattern to a 
lesser degree. 

No cumulative refining effects were produced by the addition of 
two refining agents to the same melt. The resulting refinement lay 
somewhere in-between the individual effects. The addition of a 
coarsening agent and a refining agent only slightly lessened the 
effectiveness of the refiner. 

Some of the elements classified as having little refining effect on 
the grain size of cast 4.5% copper-aluminum alloy have been reported 
by other investigators as refiners for aluminum and aluminum alloys 
other than the one investigated here; i.e., magnesium (6), vanadium 
(9), (10), tin (2), cerium (11). 

The micro, macro and radiographic examinations indicate that 
the addition of grain refiners altered considerably the crystallization 
characteristics of 4.5% copper-aluminum ingots. The refined ingots 
possessed a much finer dendritic structure than the unrefined or 
coarsened ones. In addition, the columnar zone was smaller and the 
equiaxed zone larger in all the refined ingots. Superior stress results 
have been reported for single-phase material composed of equiaxed 
crystals (4). 

The size of the micrograins was observed to be substantially the 
same in all cases, regardless of the size of the macrograins. No 
difference was observed between the size of the micrograins and 
macrograins of the titanium-treated material. In all other cases, the 
macrograin was made up of a number of micrograins, ranging from 
approximately ten in boron-treated alloy to a very large number for 
the chromium-treated alloy. It appears that under the conditions 
described here, the action of titanium produces the maximum refine- 
ment possible. 


CONCLUSIONS 


1. Under the conditions described herein, titanium is the most 
effective grain refiner for cast 4.5% copper-aluminum alloy, followed 
by boron, columbium (niobium) and zirconium (the last only for 
certain percentages ). 

2. The addition of grain refiners in combinations of two pro- 
duces no cumulative refining effect. The resulting refinement lies 
somewhere in-between the individual effects. 
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THE LOCATION OF ALLOYING METALS IN 
WHITE CAST IRON 


By H. A. ScHwartz AND JAMES HEDBERG 


Abstract 


The paper constitutes an attempt to determine how 
metallic alloying elements in white cast iron distribute 
themselves between cementite and ferrite during freezing 
and cooling. Electrolytic methods were relied on to 
separate the two phases. Molybdenum and chromium 
conform pretty well to the Nernst principle that the con- 
centrations in the two phases are in a constant ratio. 
Nickel conforms to this ratio if it be assumed that the 
first nickel present is combined as a separate phase. The 
distribution of manganese follows much more complex 
patterns, which are described in some detail. The distri- 
bution is related to the sulphur content. 

The paper will, it is hoped, be of use in the study 
of the mechanism by which elements accelerate or retard 
graphitization. 


INTRODUCTION 


HE distribution of alloying metals between the two phases, 

ferrite and cementite, may be of some interest and importance 
in attempting a systematic explanation of their effects on graphitiza- 
tion. Schwartz and Hird (1)* found that silicon was mainly asso- 
ciated with the cementite phase. The reduced etching tendency of 
cementite by alkaline sodium picrate in silicon-bearing alloys offers 
confirmation of the fact that silicon is presumably dissolved in 
cementite. These authors offered some information with regard to 
manganese which in the light of present knowledge requires ampli- 
fication. That there is some general interest and importance at- 
tached to the subject may be judged from J. B. Austin’s 1946 
Campbell lecture. 

The composition of the cementite and ferrite in a ternary iron- 


1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, H. A. 
Schwartz is manager of research, and James Hedberg is research chemist in 
the Research Department, National Malleable and Steel Castings Co., Cleve- 
land. Manuscript received May 29, 1947. 
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carbon metallic alloy system would be predictable if adequate ternary 
diagrams, including tie lines joining conjugate composition of two 
phases, were available. The results would not be directly applicable 
to our problems for our alloys are at least of 5 components: iron, 
carbon, silicon, manganese and sulphur; and perhaps still more 
complex, and also freezing conditions are generally not such as to 
insure any close approach to equilibrium. 

Our specific problem then is to determine, if possible, the dis- 
tribution of alloying metals between the ferrite and cementite phases 
in alloys approaching, except for the variations made deliberately, 
the composition of white cast iron suitable for conversion into 
malleable castings. 


EXPERIMENTAL PROCEDURE 


Our melts were made in a graphite crucible, lined with mag- 
nesia, in a “Globar’ furnace and poured in oil sand cores into 
“sticks” of useful size, say about % inch in diameter and 4 inches 
long. In our earlier work we had separated the ferrite from the 
carbide by making the specimen the anode in an electrolytic cell, 
using copper (or platinum) wire as the cathode and hydrochloric 
acid as the electrolyte. The current can be regulated as to poten- 
tial and density so as to dissolve the ferrite without destruction of 
the carbide. 

Being somewhat concerned with the possible mechanical reten- 
tion of inclusions and with the time required to secure complete 
leaching out of the ferrite, we now have modified the process by 
stopping it at any convenient time and determining, analytically, the 
iron-alloy ratio of the electrolyte. Assuming (2) that below A, 
cementite contains the conventional 624% carbon (which may be 
but an approximation in the presence of other elements) it is easy 
to compute from the carbon content the relative amounts of ferrite 
and cementite, and hence from the composition of the ferrite as de- 
termined in the solution, the corresponding composition of the car- 
bide. We refrain from detailed discussion of electrolytic conditions 
since these have been described by Krockenberger (3). 

It suffices to say for the present purpose that in each case, ex- 
cept as indicated for nickel, conditions were chosen which would 
leave the carbides unacted on while by trial ferrite of similar con- 
centration in the element under investigation dissolves completely. 
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In the case of manganese a special procedure was adopted. Since 
this element is assumed to be present as a separate phase, largely 
MnS, it becomes necessary to conduct the electrolysis in a closed 
vessel, sweeping the evolved gas into an absorbent (bromine) with 
a stream of nitrogen, and so determining the MnS dissolved dur- 
ing electrolysis. A corresponding amount of manganese is deducted 
from that in solution to obtain the manganese dissolved in iron and 
a similar correction applied to the manganese in the carbide. 


EXPERIMENTAL DATA 


The composition of the several alloys, with regard to carbon 
and the manganese, sulphur and silicon, are shown in Table I. 


Table I 
Composition of Alloys Studied 
—————Conecentration in 4%——__, 
Melt No. Carbon Silicon Manganese Sulphur 

13 2.61 1.00 0.52 0.160 
108 2.61 0.84 0.14 0.028 
109 2.48 1.10 0.70 0.040 
112 2.47 0.86 0.17 0.140 
114 . 2.77 1.02 0.81 0.218 
118 2.26 0.98 0.80 0.040 
119 2.64 1.29 0.84 0.131 
120 2.71 1.08 0.84 0.132 
121 2.68 1.18 1.01 0.152 
122 2.42 1.15 0.46 0.042 
123 2.46 1.18 0.82 0.100 
124 2.50 1.08 0.66 0.220 
125 3.12 1.23 0.76 0.04 
126 2.28 0.98 1.58 0.139 
128 2.64 1.15 1.96 0.088 





For the study of the other metallic elements, white cast iron 
was remelted and various amounts of alloy added. No analyses were 
made for other elements but experience showed that the carbon con- 





Table Il 
Concentrations of Added Elements 
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tent could be assumed to be 244% with sufficient accuracy for our 


present purpose. The concentrations of the added elements are 
shown in Table IT. 


It had been planned to investigate the distribution of copper 
also. Our method of attack, however, always resulted in a solu- 














Various Alloys in Ferrite Determined Analytically 
Melt % Mn in % Mn in % Sulphur % Sulphur in 
No. Ferrite§$ Cementite§ in Ferrite? Cementitet 
13 0.41 None 0.061 0.315 
108 0.15 None trace 0.072 
109 0.52 0.84 trace 0.110 
112 0.05 None 0.044 0.30 
114 0.69 0.09 0.181 0.269 
118 0.59 1.00 0.004 0.110 
119 0.72 0.47 0.045 0.262 
120 0.72 0.47 0.042 0.263 
121 0.74 0.76 0.074 0.27 
122 0.41 0.35 0.000 0.116 
123 0.70 0.56 0.017 0.241 
124 0.54 None 0.148 0.340 
125 0.55 0.86 0.000 0.085 
126 1.09 1.83 0.037 0.34 
128 1.32 2.56 trace 0.216 
% Niin % Niin 
Ferrite Cementite 
57 0.01 0.50 
75* 0.12 0.36 
76* 0.10 0.37 
77 0.02 0.49 
77 0.02 0.49 
78* 0.11 0.32 
81* 0.08 0.29 
82* 0.09 0.30 
83* 0.34 0.59 
84* 0.34 0.58 
85* 0.76 0.92 
86* 0.75 0.96 
92 0.25 1.72 
93 0.10 1.41 
94 0.06 0.99 
% Mo in % Mo in 
Ferrite Cementite 
64 0.01 3.06 
65 None 2.00 
67 None 1.62 
68 None 0.59 
70 None 0.30 
71 None 0.24 
% Cr in % Cr in 
Ferrite Cementite 
a 0.009 0.043 
b 0.10 0.55 
48 0.04 0.22 
49 0.08 0.43 
51 0.20 1.10 
52 0.023 0.121 
53 0.06 0.33 
55 0.37 2.08 


*Voltage above 0.5, which may decompose cementite. 
tProbably combined with Mn to MnS. 
§Excluding Mn combined with S. 
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tion nearly free of copper and a sludge containing about 14 as much 
copper as iron. This interference is very possibly due to the fact 
that copper is readily replaced in solution by the iron of the carbide. 
For the purpose of this paper our study of copper alloys was useless. 

In Table III will be found the precentages of the various alloys 
in ferrite as determined analytically and the calculated percentage of 
these alloys in cementite. As previously pointed out, sulphur is as- 
sumed present as MnS and a corresponding amount of manganese 
is excluded in the distribution calculations. 


DISCUSSION OF DATA 


The simplest explanation of the distribution of an alloying ele- 
ment between two phases would be the assumption that the alloy 
divides itself according to some fixed partition coefficient. In the 
case of chromium this coefficient appears to be in the neighborhood 
of 5, and we are not disposed to regard our data as sufficiently good 
to justify any greater refinement of interpretation. 

In the case of molybdenum we are disposed to believe that this 
element is entirely in the cementite phase (infinite Nernst partition 
coefficient ). 

Manganese and nickel cannot be so simply treated. The con- 
centrations of these elements in the two phases are plotted against 
each other in Fig. 1, nickel being represented by dots or squares 
and manganese (metal) by circles. The former could be repre- 
sented by straight lines for the two electrolytic conditions but this 
would have a large intercept (above 0.3%) on the abscissa. 

Any straight line purporting to represent the manganese data 
would pass but poorly through the array of points and have a con- 
siderable intercept on the ordinate axis. It has occurred to us that 
if our method (dimethyl glyoxine precipitation) had given con- 
sistently low values of approximately constant absolute error, the 
discrepancy might be resolved. We are not unfamiliar with methods 
of analysis for alloys and have never had cause to suspect such a 
discrepancy, and accordingly consider this explanation improbable. 
An explanation involving the initial formation of a nickel compound 
(sulphide ?) insoluble electrolytically may be considered. 

No comment at all occurs to us regarding manganese. Since 
the malleable metallurgist has had practical reasons for talking in 
terms of the sulphur-manganese ratio, we were led to plot the ratio 
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of manganese in cementite to that in ferrite against this ratio in 
Fig. 2. It seems that the manganese tends more and more to enter 
the carbide phase rather than the ferrite the lower the ratio of sul- 
phur to manganese becomes. When this ratio is about 0.25 or 
greater, manganese is no longer found in the cementite, which may 


in Ferrite 


Ni ® Normal Voltage 


Ni @ Excess Voltage 


% Alloy 





0 0.5 1.0 1.5 2.0 2.5 
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Fig. 1—Distribution of Manganese and Nickel Between Ferrite 
and Cementite. 


$-0.04% e 


Mn in Cementite 
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Fig. 2—Distribution Coefficient of Manganese in Relation to 
Sulphur-Manganese Ratios. 


bear a relation to the known fact that a ratio of 0.33 is suitable to 
maintain annealability. 

It must be remembered that the value of S/Mn becomes more 
and more uncertain the lower the value of sulphur. Scrutiny of 
the individual data reveals the fact that somewhat consistently alloys 
of high sulphur content are likely to fall higher on a given ordinate 
than those low in sulphur. The dots in Fig. 2 represent alloys 
containing less than 0.05% sulphur; the remainder, except that at 
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the extreme upper left end (0.09% S), contain from 0.14 to 0.22% 
sulphur. 

Fearing that our procedure for accounting for the manganese 
present as sulphide might be in error, experimentally or in theory, 
we later attempted another approach. Since tin sulphide is more 
stable than manganese sulphide, if sufficient tin he added to cause all 
the sulphur to combine with that metal, the effect of sulphur on our 
problem will be obliterated. In Table IV the experimental results 
on four such alloys are summarized. 


Table IV 
Experimental Results 





Alloy No. 143 144 


141 142 
Carbon, % 2.42 2.56 2.50 2.46 
Silicon, % 1.06 1.16 1.20 1.24 
Sulphur, % 0.127 0.146 0.156 0.155 
Tin, % 1.23 1.16 1.15 1.23 
Manganese, % 0.13 0.29 0.52 0.85 
Manganese in Ferrite, % 0.19 0.40 0.63 0.81 
Manganese in Cementite, % 0.025 0.11 0.35 0.92 
Distribution Ratio 0.13 0.28 0.56 1.14 


A plot of the ratios against manganese content of the alloys 
gives a straight line consistent with the earlier data for similar sul- 
phur content. 


CONCLUSION 


In such an investigation as the present, where there is not too 
much theoretical basis to guide one’s thinking, it will be wise to 
limit the conclusions largely to observational facts. 

Insofar as the ferrite phase is accurately separable from the 
cementite phase of white cast iron, not differing in composition 
radically from the commercial product of the malleable foundry 
(except for the alloying elements studied), it seems safe to say 
that the distribution of molybdenum, chromium and nickel can be 
fairly reconciled with the usual ideas of partition. 

The partition coefficient for chromium is about 5, and for 
molybdenum very large, practically infinite. For nickel the carbide 
seems first to pick up about 0.3% nickel and thereafter the partition 
coefficient is about 5 except when decomposition of cementite elec- 
trolytically is probable. 
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Manganese acts in a somewhat complicated manner. The ce- 
mentite contains no manganese (as metallic alloy) if the ratio of 
S/Mn exceeds about 0.24. For lower S/Mn ratios the partition 
constant increases about linearly with decreasing S/Mn ratio. 

One may point, without explanation, to the fact that the nickel 
concentration at which that metal first appears in the ferrite is near 
that found to represent a minimum of graphitizability (4). 


SUMMARY 


By separating, electrolytically, the ferrite and graphite phases 
of white cast iron, it is found that the distribution of molybdenum 
and chromium follows the Nernst partition principle. For molybde- 
num the coefficient (alloy in cementite divided by alloy in ferrite) 
is practically infinite; for chromium it is about 5, for nickel it is 
about 5 but the initial nickel additions are all in or with the cementite 
up to a concentration, in that phase, of about 0.3%. 

The partition coefficient of manganese (as metal and assuming 
that all sulphur is present as MnS) varies with the manganese- 
sulphur ratio, being zero if this ratio is above 0.24 and increasing 
with decreasing ratio. 
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DISCUSSION 


Written Discussion: By J. E. Rehder, metallurgical engineer, Bureau 
of Mines, Mineral Dressing and Metallurgy Division, Ottawa, Ontario, 
Canada. 

The list of contributions from the laboratory of Dr. Schwartz to the 
metallurgy of malleable iron is extensive, and it is a pleasure to discuss 
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another useful addition to the literature. There is much of interest in 
this paper. 

The electrolytic method of separation of ferrite from carbide has 
been extensively used and has a large literature, as is well known. The 
modification, used in the present work, of stopping electrolysis at any 
convenient time and determining the iron to alloy ratio of the electrolyte 
is ingenious and should save considerable time. However, there are two 
considerations which may or may not be minor. One is that the ratio of 
ferrite to carbide in the original alloy must be accurately known, which 
in the present case is obtained by calculation assuming strict conformity 
to the iron-iron carbide equilibrium diagram. The authors are aware of 
the uncertainties involved here. The other consideration is that with 
the present modification it would seem to be difficult to obtain a check 
analysis on the carbide itself and thus have an independent check from 
the total alloy present. 

It is mentioned that conditions of electrolysis were chosen which 
would leave the carbide unacted on while by trial ferrite dissolves com- 
pletely. It would be of interest to know the mechanics of how these 
conditions were determined, and how it was shown that the carbide 
was unacted on. 

In the case of manganese as an alloying element, it is mentioned 
that the gas evolved during electrolysis was absorbed and a correction 
made for the manganese combined as MnS. In the case of high sulphur 
to manganese ratio, it would seem likely that the MnS would be con- 
taminated with FeS, and assumption of pure MnS here would give low 
results for manganese in ferrite and cementite. 

Again in the case of manganese, the analyses of the alloys given in 
Table I of the paper show considerable variations in carbon and silicon 
contents, amounting to about 20% in the case of carbon and 40% in the 
case of silicon. These variations will, of course, change the relative 
amounts of ferrite and carbide present and it is assumed that the calcu- 
lations for each melt have been made individually. 

The results shown for molybdenum and for chromium are clear and 
consistent and need little discussion. 

The results for nickel do require some consideration, and possibly 
further work for clarification. It will be noted that if the five results 
for nickel given in Table III which were below 0.5 volt are plotted with 
the ratio of nickel in cementite to nickel in ferrite versus the nickel con- 
tent of the alloy as cast, then the ratio approaches zero at about 1.2% 
nickel. It would, therefore, seem that the nickel is mostly in the carbide 
below about 0.20% nickel, and mostly in the ferrite above about 1.20% 
nickel. 

The data on manganese are of considerable interest, Fig. 2 in par- 
ticular being enlightening. 

To summarize, the writer agrees with the conchusions drawn by the 
authors on the basis of the data given, but would appreciate having more 
details of the procedure used. 











2 


232 TRANSACTIONS OF THE A. S, M. Vol. 40 
Authors’ Reply 


Aside from expressing appreciation of the discusser’s commendation 
of our paper, the need for any reply seems to be confined to questions 
relating to the composition of the cementite of white cast iron. 

As to the technique of determining electrolytic conditions required 
to leave cementite unaltered, we can only refer again to the work of 
Krockenberger, for which a reference is given in our paper. 

The work of Mrs. Anna Nicholson Hird and one of the present 
authors did not indicate that the presence of silicon in cementite altered 
carbon content of that constituent. We equally doubt whether the sub- 
stitution of nickel or manganese atoms for some of the iron atoms in 
the cementite lattice would alter the iron-carbon ratio, which is all that 
entered into the calculation. 

We determined whether the alloy of the ferrite dissolved under 
our usual electrolytic conditions by making ferrites of approximately 
equal alloy content, and observed that they went into solution as a whole. 

We are not unduly impressed with the isolating of carbides from 
white cast iron and analyzing them for alloying elements. Our experi- 
ence is that it is extremely difficult to prepare these carbides or better 
cementites without major contamination by hydrogen and oxygen. This 


is partly in the form of rust and perhaps also in other forms of con- 
tamination. 








GRAPHITIZATION OF STEEL AT ELEVATED 
TEMPERATURES 


By A. B. WiILperR Anp J. D. Tyson 


Abstract 


The stability of 93 different types of steel at 900, 
1050 and 1200°F (480, 565 and 650°C) is being evalu- 
ated over a period of 11 years. Welded samples are 1n- 
cluded in the investigation to evaluate the susceptibility of 
the steels to graphitization. The results obtained in an 
examination of 38 steel conditions for evidence of graph- 
ite formation after exposure for 10,000 hours are pre- 
sented. 

The effect of deoxidation practice on the tendency of 
carbon, carbon-molybdenum and carbon-molybdenum- 
vanadium steels to graphitize is shown. The beneficial 
effect of chromium on retarding graphitization has been 
further substantiated. The results for an exposure period 
of 10,000 hours indicate that the addition of molybdenum, 
phosphorus, nickel and vanadium does not insure free- 
dom from graphite formation in the types of steel inves- 
tigated. 


INTRODUCTION 


ITTLE was known about the existence of graphite in medium 
or low carbon steel prior to 1943. Discussions of graphite 
were usually confined to its presence in gray iron, malleable iron, 
or to its development during the spheroidization of high carbon steels. 
Special interest in the presence of graphite in steel was developed 
in 1943 with the failure of a welded joint of high temperature pip- 
ing and the association of this failure with the graphitization of a 
relatively low carbon steel containing 0.50% molybdenum (1), (2). 
An extensive series of investigations has been conducted during the 
past four years, and many of the results were reported at the sym- 
posia on graphitization held by the American Society of Mechanical 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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able quantity of seamless pipe for high temperature service and, 

therefore, initiated an extensive program to study the characteristics 

of this important phenomenon in steel pipe. 
. The object of this program was to evaluate the influence of 
chemical analysis, steelmaking process, deoxidation practice, heat 
treatment, etc., with respect to the stability of steels at exposure 
temperatures of 900, 1050 and 1200 °F (480, 565 and 650°C) for 
various time periods up to 100,000 hours. Due to the association 
of graphite with welded structures, this factor was given special 
consideration. Weld beads of differing heat inputs were deposited 
. on opposite sides of a l-inch square bar representing each steel 
) condition. In addition to the weld bead test specimens, other 1-inch 
square bars were exposed at the three temperatures primarily for 
evaluation of creep rupture strength after exposure. 

It is the purpose of this paper to discuss some of the graphiti- 
zation results obtained after an exposure period of 10,000 hours. 
The program as a whole will include a study of creep and creep 
rupture characteristics of the steels before and after exposure, 
oxidation loss during exposure, determination of the effect of pro- 
longed exposure on impact strength, and the structural changes that 
take place at 900 to 1200 °F (480 to 650 °C) over a period of 11 
years (3), (4). Results of the latter studies will be presented as 
| the data become available. 


. 
: 
| Engineers. The National Tube Company manufactures a consider- 
! 


MATERIALS INVESTIGATED 


Chemical analysis, deoxidation’tréatment and grain size of the 
carbon, carbon-molybdenum, chromium-molybdenum, molybdenum- 
. vanadium, and nickel steels exposed for 10,000 hours at 900, 1050 

and 1200°F (480, 565 and 650°C) included in this investigation 
are shown in Table I. The steels selected were forged to 1 by 1 
by 6-inch bars and surface ground. The heat treatment was as 


follows: 
Code Number Heat Treatment 
1 to 14D incl., 26D, 27D, 55, 56 and 57..... 1650 °F Normalize 
SPE i od bawdbiae « GDL Ss 2 Khe wen of 1650 °F Normalize, 1300 °F Draw 
Sn MN BRED <5 nc kikln dado cde we ody wth Ou 1550 °F Anneal 
NY ED iif is clon cs'du''e''b UbREMD 0 0 oN dNY 1375 °F Anneal 
ED. hhc Ds sa wiibine Gad « os RUE Habe 1650 °F Anneal 


It will be observed in Table I that bessemer, open-hearth and 
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Chemical Analysis of Steels 
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electric furnace steels are included in this investigation. Due to the 
fact that the use of aluminum in deoxidation practice influences the 
behavior of various steels with respect to graphitization (5) this 
phase of steelmaking was thoroughly evaluated. With reference 
to the chromium-molybdenum steels, the addition of titanium, colum- 






Weld Bead 


Weld ib 
Discarded 5,000 Additional Polished Face 
1,000 10,000| Samples As 
100 Required 
Hours per Sample 





Weld Test Bor 


sy 1—Schematic Diagram of Test Specimens and the Manner in Which They 
Were Selected. 


bium, phosphorus and silicon was included. The austenitic grain 
size of the steels is shown in Table I as the experimental results of 
other investigations (5) have shown that this, as well as the degree 
of abnormality, is a possible factor in graphitization. The residual 
alloy content of various steels is also included as this may have a 
bearing on graphitization. 


TESTING PROCEDURE 


Weld Bead Tests—Two weld beads with different heat input 
were deposited on opposite sides of each bar as illustrated in Fig. 1. 
The weld beads were deposited at the U. S. Steel Corporation Re- 
search Laboratory with automatic welding equipment. The large 
bead was deposited with a ;;-inch diameter electrode, using 180- 
ampere current at 25 volts and an arc travel speed of 5 inches per 
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minute. The carbon steels were not preheated or post heated. The 
alloy steels were preheated to 500°F (260°C) and post-heated to 
1200 °F (650 °C) for 1 hour after welding. Conditions for this bead 
were selected to simulate average welding conditions encountered 
in the installation of high temperature steam piping. The small 
bead was deposited with a %-inch diameter electrode, using 100- 
ampere welding current at 24 volts and an arc travel speed of 10 
inches per minute. No preheating or post heating was employed 
with the small beads. The small bead can be considered representa- 
tive of the most severe service welding condition that may be ex- 
pected insofar as the thermal gradient in the heat affected zone is 
concerned. 

Unwelded surface ground 1l-inch square bars were also included 
in the investigation so that the graphitization characteristics of the 
base metal could be evaluated. 

Exposure Furnaces—All samples were exposed at 900, 1050 and 
1200 °F (480, 565 and 650°C) in three box-type, six side heated, 
electric furnaces. Special precautions were necessary to insure close 
temperature control. Tap changing transformers to distribute cur- 
rent among the furnace side heating elements were employed. Three 
independent means of excess temperature control were provided: 
(a) thermocouple and automatic temperature control recorder, (b) 
thermocouple with excess temperature cut-out, (¢) master tap chang- 
ing transformer which permits only 10 to 15°F overshoot if the 
other two controls fail. The 2 by 5 by 1%-foot heating chambers 
of all furnaces were surveyed and found to be within +7° F. 

Although it was planned to examine each steel after 1000, 5500, 
10,000 and 100,000 hours exposure at the three elevated tempera- 
tures, additional time intervals may be selected as the progress of 
graphitization in the various steels indicates the necessity to do so. 
All steels reported in this investigation have been examined after 
1000, 5500 and 10,000 hours exposure. Sampling consists of removy- 
ing the 1 by 1 by 6-inch bead-welded bars and unwelded bars from 
the furnaces and sawing about % inch from the ends of the bars 
for metallographic examination. After sampling, the bead-welded 
bars are replaced in the furnaces for further exposure. 

Graphitization Chart—Early in the program the need for a 
standardized method for rating graphite was recognized. It was 
apparent that a photographic record of all samples would be imprac- 
tical and difficult to summarize in a report. A graphite rating chart 
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f 0.000494 








‘ £0.00156 Dp 


Fig. 2a—Graphitization Chart. X 500. 


f 0.00494 


shown in Figs. 2a, 2b and 2c was developed: This chart shows the 
size of graphite particles. The number and type of particles are 
not shown on the chart, but these variables are introduced in the 
graphite rating employed. An “f” factor is also shown on the charts 
which indicates the cubic inches of graphite in one particle at 500. 
This factor may be used for evaluating the volume of graphite pres- 
ent. The product of the number of nodules and the index factor 
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E £0.0156 F f 0.0494 


9 





G £0.156 H f 0.494 


Fig. 2b—Graphitization Chart. X 500. 


for a given nodule size will provide a relative graphite volume rating. 
Further, the amount of carbon in steel which has been converted 
to graphite may also be calculated by this method.. To rate a 4 by 
5-inch field at 500, the average size of nodule is determined ac- 
cording to the chart and the actual number of nodules counted. For 
example, 10C means that 10 nodules of dispersed graphite with an 
average size of “C” were present in a 4 by 5-inch field at 500 magni- 
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J fisé | Ug f 4.94 


Fig. 2c—Graphitization Chart. X 500. 


fications. Graphite ratings at 500 magnifications of “L” (2.5-inch 
diameter) and “M” (3.6-inch diameter) are not shown in Fig. 2 due 
to the size of these nodules. The “f” factor for an “L” rating is 15.6 
and for an “M” rating 49.4. 

It may be of interest to explain how the comparative sizes of 
graphite were set up in the chart. Each successive rating represents 
a logarithmic increase in graphite volume for an individual nodule. 
For example, an “E” nodule is \/10 times the volume of a “D” 
nodule. An “E” nodule is also 10 times the volume of a “C” nodule 
and 100 times the volume of an “A” nodule. 

Although this system offered a simple means for rating the 
1000-hour samples, examination of some of the samples exposed 
longer disclosed that the distribution and size of graphite varied 
considerably across the weld heat affected zone. To evaluate this 
variation in distribution of graphite and portray a picture of the 
type and amount of graphite associated with the weld beads, it was 
necessary to rate each sample in several regions. All weld bead 
samples, therefore, were rated as follows: Zone 1, in the coarsened 
grain structure immediately beneath the weld metal; Zone 2, tn the 
relatively fine grain structure beneath Zone 1; Zone 3, near the 
boundary of the heat affected zone where the ferrite grain size is 
similar to the parent metal; and Zone 4, in the unaffected parent 
metal. 
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In general, there has been little difference noted between the two 
weld bead sizes in so far as the graphitization characteristics are 
concerned. There appeared to be a general trend for the large bead 
to show a slightly greater amount of graphite, but the difference was 
relatively slight and not always consistent. Results from the small 
weld bead will be discussed in this report in order to simplify the 
data. 


GRAPHITIZATION OF CARBON STEELS 


Graphitization results of the carbon steels are shown in Table 
Il. The data presented in this table indicate several interesting de- 
velopments : 

1. After 10,000 hours exposure, undeoxidized (capped) steels 
show less tendency to graphitize than do deoxidized carbon steels, 
regardless of the type of deoxidation used for the latter steels. It 
is important to note that the only steel in this group that has shown 
complete resistance to graphitization after 10,000 hours is the unde- 
oxidized (capped) acid bessemer steel. 

2. All deoxidized carbon steels, irrespective of the deoxidation 
practice or type of ‘steel (basic open-hearth or acid bessemer), 
showed considerable graphite after 10,000 hours at 1050°F (565 
°C). The effect of deoxidation is more clearly indicated with ex- 
posures at 900 °F (480°C). At this temperature open-hearth steels 
with silicon (5B) or silicon and 0.4 Ib. of aluminum per net ton 
(5C) did not graphitize after 10,000 hours exposure. It is inter- 
esting to note that after 1000 hours, steels 5B and 5C showed no 
graphite at 1050 °F (565°C). After 5500 hours these steels were 
rated as having 1K and 1L graphite respectively in the parent metal. 
It is apparent that whereas the deoxidation practice (silicon or sili- 
con and 0.4 Ib. aluminum) retarded the formation of graphite in 
low carbon open-hearth steels at 1050 °F (565 °C) by increasing the 
incubation period, once graphitization got under way it developed 
very rapidly into extremely large masses (ratings L and M) from 
comparatively few nuclei. After this extremely rapid growth, 
further growth appears to be at a retarded rate. The same phenom- 
enon may be taking place at 900 °F (480°C), although longer ex- 
posure time will be required to determine if this assumption is valid. 
Reducing the amount of aluminum added by substituting titanium 
for part of the aluminum did not prevent graphitization after 10,000 
hours exposure. 
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3. Deoxidized acid bessemer steels 3A and 3D appear to be 
somewhat similar in behavior to the open-hearth low aluminum 
deoxidized steels. At 1000 hours, these steels showed no graphite; 
after 5500 hours the graphite was rated as 1J (3A) and 1H (3D) 
in the parent metal. It can be noted that after 10,000 hours these 
same samples had graphite ratings of 1J and 1L respectively in the 
parent metal. These steels did not graphitize at 900 or 1200°F 
(480 or 650°C). Results obtained from bessemer steels 4A and 
4D, which are higher in carbon, indicate, however, that graphite 
may be expected in steels 3A and 3D at 900 and 1200 °F (480 and 
650°C) with further exposure time. Results obtained from the 
deoxidized acid bessemer steels indicate that although they are not 
immune to graphitization, they do not exhibit any greater tendency 
than open-hearth steel to graphitize. There is some indication that 
for comparable deoxidation practice, the bessemer steels resist the 
initial formation of visible graphite for a greater length of time 
and therefore have a longer period of incubation. 

4. Of the three exposure temperatures included in the investi- 
gation, 1050 °F (565 °C) results in the greatest amount of graphite 
formation, and therefore suggests greater carbide stability at 1200 
°F (650°C). It is interesting to note that at 1200 °F, no graphite 
was observed in the coarsened grain structure immediately beneath 
the weld metal. This condition did not hold true for the 900 and 
1050 °F (480 and 565 °C) temperatures. 

5. Examination of several of the carbon steels indicated the 
presence of one or more arcs of graphite beneath the weld beads. 
Although no distinct “chain-type” graphite has been found, the arcs 
appeared as clustered nodules. Interesting grain structure changes 
beneath the weld beads have also been observed after 10,000 hours. 
Fig. 3 illustrates the structural change and graphite observed in 
steel 6D after 1000, 5500 and 10,000 hours exposure. Fig. 4 illus- 
trates similar changes for steel 6A. An explanation of the two 
arcs of graphite concentration or the arc of abnormal grain growth 
has not been developed. The structural changes observed may be 
of considerable significance, particularly after results become avail- 
able from longer exposure times and other grades of steel. 


GRAPHITIZATION OF ALLOY STEELS 


0.50% Molybdenum and 0.25-0.50% Chromium-0.50% Molyb- 
denum Steels—Graphite ratings of steels containing 0.50% molyb- 
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ee ee in Weld Heat-Affected Zone of Steel 6D, 1050 °F. 
X 50. Fig. 3a, 1000 hours; Fig. 3b, 5800 hours; Fig. 3c, 10,000 hours. 


denum ; 0.25% chromium, 0.50% molybdenum; and 0.50% chro- 
mium, 0.50% molybdenum are shown in Table III. It is apparent 
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Fig. 4—Structural es in Weld Heat-Affected Zone of Steel 6A, 1050 °F. 
<x 50. Fig. 4a, 1000 hours; Fig. 4b, 5500 hours; Fig. 4c, 10,000 hours. 


from the results (after 10,000 hours) that molybdenum retards 
graphite formation if a comparison is made with the carbon steels in 
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Table II. The influence of the deoxidation practice used for 0.50% 
molybdenum steels is brought out by the fact that steel 7D deoxi- 
dized with a large amount of aluminum (1.6 lb. per net ton) ex- 
hibited graphite at 1050°F (565°C): The addition of 0.25% 
chromium to a steel of this type did not eliminate the formation of 
graphite after 10,000 hours of exposure although there was less 
present. The addition of 0.50% chromium to 0.50% molybdenum 
steel appears to have retarded the formation of graphite in steel 
exposed for 10,000 hours even when a large amount of aluminum 
(2 lb. per net ton) was used for deoxidation. The steels deoxidized 
with silicon or with silicon and a small amount of aluminum (0.25 
lb. per net ton) did not graphitize. 

1% Molybdenum Steel—Graphite ratings for-1% molybdenum 
steel (8D) deoxidized with 2 lb. aluminum per net ton after 10,000 
hours exposure is shown in Table III. It is apparent that increas- 
ing the molybdenum content of high pressure, high temperature 
steam pipe to 1% is not in itself insurance against the formation 
of graphite. This steel appears to be more susceptible to graphite 
formation than the 0.50% molybdenum steel made with comparable 
deoxidation practice. 

1-9% Chromium, 0.50-1% Molybdenum Steels—The beneficial 
effect of chromium in retarding the formation of graphite is con- 
firmed by the results obtained with steels 15C, 16D, 17D and 21D. 
All of the steels in this group were deoxidized with silicon and 
approximately 14 to 2 lb. aluminum per net ton, but none showed 
any evidence of graphite after 10,000 hours exposure. 

1.50% Molybdenum, 0.16% Vanadium Steels—Graphitization 
ratings for the 1.50% molybdenum, 0.16% vanadium steels are 
shown in Table IV. All three steels included in this group were 
produced from small induction furnace melts. It was rather sur- 
prising to find graphite associated with the small weld beads since 
no graphite was observed in the large weld bead specimens. The 
development of graphite in these steels did not appear to be appre- 
ciably influenced by the deoxidation practice used. It is particularly 
significant to observe that the steel containing no aluminum addi- 
tion graphitized. No graphite was found in samples exposed at 900 
°F (480°C), and insufficient material was available for exposure 
of samples at 1200°F (650°C). The abnormally high silicon con- 
tent of steels 55, 56 and 57 may have an influence on the unexpected 
development of graphite in these steels. Results from longer ex- 
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posure of these steels at 900 and 1050 °F (480 and 565°C) will be 
looked forward to with considerable interest. Although steel of 
this type is reported to have superior creep strength, the possibili- 
ties of graphitization in welded structures for high temperature 
service should be recognized. 

Nickel Steels—Graphite ratings of steel grades A2320, A2517 
and A4640 are shown in Table IV. Steels containing 3.7% nickel 
(A2320) and 1.7% nickel with 0.26% molybdenum (A4640) 
showed graphite after 1000 hours exposure with further increase 
in amount up to 10,000 hours. The 5.2% nickel steel (A2517) 
showed no graphite at 1000 hours, but showed large graphite 
nodules at the extremity of the weld heat affected zone after 10,000 
hours at 1050 °F (565 °C). 

Chromium-Molybdenum Steels Alloyed with Phosphorus, Sili- 
con, Titanium or Columbium—The chemical analyses of the steels 
in this group are shown in Table I. The 0.25% chromium, 0.50% 
molybdenum, 0.10% phosphorus steel, 10D, in Table IV was the 
only steel which graphitized after 10,000 hours exposure. Graphite 
was observed at 1050 °F (565°C). The 0.25% chromium, 0.50% 
molybdenum steel with 0.07% titanium, 11D, did not graphitize. 
The 0.50% chromium, 1% molybdenum, 0.15% phosphorus steels, 
13D and 14D, with and without titanium, and the 5% chromium, 
0.50% molybdenum steels with silicon, titanium and columbium also 
did not graphitize. The effect of special alloy additions in these 
steels will be subject to more thorough evaluation after longer 
periods of exposure. 


CONCLUSIONS 


* 

The conclusions, based on 10,000 hours exposure at 900, 1050 
and 1200 °F (480, 565 and 650°C) of welded specimens reported 
in this investigation, are as follows: 

1. Undeoxidized steels and, in particular, capped acid bessemer 
steel exhibited remarkable resistance to graphite formation. 

2. Deoxidized acid bessemer steels exhibited no greater tend- 
ency to graphitize than deoxidized basic open-hearth steels. 

3. All of the deoxidized carbon steels graphitized after 10,000 
hours exposure. The period of incubation before graphitization and 
the rate of graphitization were related to the deoxidation practice. 

4. Steel containing 0.50% molybdenum deoxidized with silicon 
and large amounts of aluminum graphitized after 10,000 hours ex- 
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posure. Similar steels deoxidized with silicon or silicon and small 
amounts of aluminum did not graphitize. 

5. Steels with 0.50% molybdenum deoxidized with silicon and 
a large amount of aluminum were not immune to graphitization 
after the addition of 0.25% chromium. 

6. Chromium-molybdenum steels with 0.50% or more chro- 
mium, regardless of the deoxidation practice, have not graphitized 
after 10,000 hours at 900, 1050 or 1200 °F (480, 565 or 650 °C). 

7. Steel with 1% molybdenum and 1.50% molybdenum steels 
with 0.16% vanadium graphitized after 10,000 hours exposure at 
1050 °F. 

8. Steel containing 3.7% nickel and another containing 0.38% 
carbon, 1.7% nickel and 0.26% molybdenum graphitized after 1000 
hours at 1050°F. Steel with 5.2% nickel showed no graphite at 
1000 hours, but very large nodules after 10,000 hours at 1050 °F. 
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Written Discussion: By P. R. Cassidy, executive assistant, and F. 
Eberle, research metallurgical engineer, The Babcock & Wilcox Co., 
Boston. 
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The graphitization studies which have been undertaken by Messrs. 
Wilder and Tyson are of great interest to the manufacturers and users 
of high temperature equipment and deserve careful study by all who are 
interested in this field. Before we offer our comments, we wish to extend 
our congratulations to the authors for the foresighted and careful plan- 
ning of their work and the thoroughness and ingenuity with which it 
was carried out and evaluated. The presented data are only part of a 
long-range program, but they contain certain facts or observations which 
invite comment. 

We have noted with interest that the undeoxidized (capped) steels 
displayed less tendency to graphitize than the deoxidized carbon steels, 
and also that the capped acid bessemer steel behaved in this respect 
better than the equivalent open-hearth steel. Some observations, which 
we have made during graphitization studies of our own, have led us to 
conclude that the amount, nature and characteristics of the nonmetallic 
inclusions in steel have an influence upon its graphitizing tendency. We 
do not so much refer to the larger inclusions which are readily visible 
under the microscope, but rather to the type which seems to influence 
austenitic grain size, transformation rate and McQuaid-Ehn normality or 
abnormality. Feszczenko-Czopiwski and Palmrich* have shown that the 
grain size of steel treated with aluminum in the ladle changes with the 
time of holding the steel in the ladle, resulting in an increasing tendency 
toward coarsening and in a lowering of the temperature at which sudden 
grain growth occurs. They ascribed this change to the pick-up of soluble 
oxides from the slag cover and from the ladle lining. These soluble 
oxides, they said, lower the critical rate of cooling, increase the harden- 
ability and the sensitivity to overheating and by increasing the coagulating 
capacity of the aluminum oxides reduce the influence of aluminum addi- 
tions upon the grain size. The two capped carbon steels may be assumed 
to contain a greater amount of the type of oxides and nonmetallics to 
which we have referred than the fully killed steels, and of the two capped 
steels the bessemer grade probably is higher in this type of nonmetallics 
than the open-hearth grade. The difference in the graphitization behavior 
of the straight silicon-killed steel 5B and the silicon-low aluminum de- 
oxidized steel 5C on the one hand, and the high aluminum ‘deoxidized 
steels 5A and 5D to 6E on the other hand may, to a certain degree, also 
be explained in a like manner. However, we do not imply that the effect 
of these nonmetallics upon the graphitizing tendency of a steel is greater 
than, for instance, the effect of aluminum as such. It has been observed 
not only by ourselves, but also by others, that two steels of practically 
identical composition and deoxidation practice may under identical con- 
ditions display a noticeable difference in their relative graphitization 
behavior. Could this difference not be due to differences in nonmetallics 
resulting from differences between the condition of the respective heats 
prior to deoxidation and, perhaps, also due to different degrees of re- 
oxidation in the ladle prior to teeming? 





*Archiv f. d. Eisenhiitten., Vol. 11, 1938, p. 405-408. 
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Another relevant example is the graphitization behavior of weld 
metal, particularly of carbon-molybdenum weld metal. Numerous are 
the cases of graphitization in carbon-molybdenum steels used for steam- 
lines, but up to this date not a single case of graphitization in carbon- 
molybdenum weld metal has come to our knowledge. Could this more 
favorable graphitization behavior of carbon-molybdenum weld metal be, 
at least in part, due to its higher content of nonmetallics? The authors 
do not report on the graphitization behavior of the deposited weld metal. 
It would be interesting to know how the graphitization behavior of carbon 
and of carbon-molybdenum weld metal compared with that of the wrought 
unwelded or weld-unaffected base metals. 


It is worthy to note that the straight silicon-killed carbon- 
molybdenum steel 7B displayed such great relative resistance to graph- 
itization, a fact which we have also observed in the field and in the lab- 
oratory. The low-aluminum deoxidized carbon-molybdenum steel 7C 
likewise failed to graphitize after 10,000 hours exposure. It will be inter- 
esting to follow the behavior of these two materials with much longer 
exposure times. In general, we look with some caution upon low- 
aluminum deoxidized carbon-molybdenum steel since our own experiences 
have indicated that distribution inhomogeneities from the aluminum addi- 
tion may lead in this type of steel to some localized graphitization. In 
this connection we wish to call attention to the behavior of the 0.5% 
chromium-0.5% molybdenum steel 12D, deoxidized with 2 pounds of 
aluminum, which did not graphitize within 10,000 hours exposure time at 
any of the three testing temperatures employed, whereas cast 0.5% 
chromium-0.5% molybdenum steels deoxidized with 2 pounds of aluminum 
have been reported to have shown isolated graphite nodules already after 
4000 hours at 1025°F (550°C).* We believe that this difference between 
the wrought and the cast steels may be due to inhomogeneities from the 
aluminum addition, notwithstanding the somewhat higher carbon content 
in the respective cast steels. Prolonged exposure tests should shed more 
light on this point. 

The presented experimental data seem to indicate that the 1% molyb- 
denum steel is more susceptible to graphitization than the 0.5% molyb- 
denum steel made with comparable deoxidation practice. Molybdenum 
generally has been looked upon as a carbide stabilizer with respect to 
graphitization. Timmons‘ has found that the only carbide present in 
alloys containing 0.50 to 1.00% molybdenum, austenitized at 1700 °F 
(925 °C) and isothermally transformed between 1300 and 1100 °F (705 and 
595 °C) was the complex iron-molybdenum carbide (Fe,Mo)eCes which 
crystallizes in a face-centered cubic lattice with 116 atoms to the unit cell. 
However, Kerr and Eberle’ found no difficulty in graphitizing carbon- 


bj _J. Kanter and E. A. Sticha, “‘Studies on Susceptibility of Casting Steels to 
Graphitization.” Pamphlet “Graphitization of Steel Piping,” published June 1947 by 
American Society of Mechanical Engineers. 


‘G. A. Timmons, “Graphitization of Carbon-Molybdenum Steel in High-Temperature 
Steam Piping.” Pamphiet “Graphitization of Steel Piping,” included in Transactions, 
American Society of Mechanical Engineers, Vol. 67, 1945. 

5Ibidem 
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molybdenum steel samples at 1000 °F (540°C) which previously had been 
isothermally transformed at 1200 and 1250°F (650 and 675°C), respec- 
tively. In view of the apparent increased susceptibility to graphitization 
of the 1.0% molybdenum steel and considering also the graphitization 
observed by the authors in the 1.50% molybdenum-0.16% vanadium steels, 
it seems justifiable to raise the question whether molybdenum above a 
certain concentration is really a graphitization inhibitor. We call atten- 
tion to U. S. Patent 2,087,764 of July 20, 1987, by Frederick R. Bonte, 
entitled “Graphitizing Elements Used In Making Graphitizing Steels”. 
It is stated in this patent that molybdenum, contrary to what would have 
been expected, has been found to be a particularly powerful and especially 
advantageous graphitizing agent and that it has a tremendous graphitizing 
power, lowering the graphitizing temperature below that needed with 
silicon alone to produce a given result and rendering possible graphitiza- 
tion of substantially the entire carbon content, i.e., by reducing the com- 
bined carbon practically to zero. 

It would be interesting to know whether a specimen similar to 8D 
with 1.00% molybdenum, but deoxidized with 0.4 pound aluminum instead 
of 2.0 pounds and with large grain size, would show the same tendency 
to graphitization. The performance of specimens 7D and 8D to date is 
not materially different, both having small grain size and only a difference 
in molybdenum content. Would a specimen similar to 7C but having 
1.00% molybdenum have been as susceptible as 8D? 

The question may be raised as to whether the effect of stress in the 
order permitted for design should not be included in graphitization tests. 
The residual stress resulting from the weld bead undergoes relaxation 
from the test temperature. This is particularly true at the temperature 
of 1200°F (650°C), and less so at lower temperatures. May not the 
reduction in graphitization of certain specimens at 1200°F (650°C) as 
compared with 1050 °F (565°C), noted by the authors, have been affected 
by the reduction in residual stress? This question can be answered when 
stress rupture specimens of similar materials are examined after 10,000 
hours exposure. Until such data are available, negative results from time 
and temperature alone may not insure safety under operating conditions 
that may be more severe than existing in the weld bead specimens. 

Written Discussion: By E. A. Sticha and J. J. Kanter, materials re- 
search engineers, Crane Co., Chicago. 

The attention received in recent literature by studies of graphite 
formation in steels used for superheated steam piping is ample evidence 
of the concern felt over this metallurgical phenomenon. The authors’ 
present contribution represents a well-conceived approach toward a fuller 
understanding of the problem. 

It is gratifying to see results of graphitization studies are assuming 
a definite pattern after the confusion of the earlier explorative period. 
Data obtained in the Crane Research Laboratories from tests similar to 
those conducted by the authors offer striking confirmation on the effect 
of various alloying ingredients on graphitization susceptibility. These data 
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also afford additional information on some of the compositions contem- 
plated for development as high temperature materials. 

Table A presents the chemical analysis, deoxidation practice, heat 
treatment and graphite rating for various cast and wrought steels similar 
to those of Messrs. Wilder and Tyson. Graphite ratings on the basis 
described by the authors are used. 

Weld-bead test specimens are involved of much the same character 
as described in the paper except that deposition with #-inch carbon- 
molybdenum rod at 27 volts, 130 amperes and at a rate of 6 inches per 
minute was made onto a 1 by 1 by 6-inch bar immersed in 60°F water 
to within % inch of the top face. In most cases these bars were stress- 
relieved at 1200°F prior to aging at 1025 or 1100°F (550 or 595°C) and 
metallographic examinations were made at periodic intervals. Graphite 
ratings are given in the area near the boundary of the heat-affected zone 
(Zone 3) as this is generally the region of greatest susceptibility. It 
might be mentioned that the steels listed here usually are representative 
of a group of similar analysis and hence the indication reported is well 
established. 

Examination of the graphite ratings leads to much the same con- 
clusions reached by Wilder and Tyson. Undeoxidized carbon steels are 
surprisingly resistant and the addition of aluminum promotes graphite 
formation at relatively small concentration leading to development of 
more massive particles. With addition of titanium it is also confirmed 
by our results that graphite formation is not prevented. 

The roles of alloying elements are quite apparent. Molybdenum 
seems to impart but little added resistance and the possible benefits may 
be overshadowed by deoxidation treatment. Nor does the addition of 
vanadium seem to help the situation appreciably although one steel showed 
no graphite after 10,000 hours at 1025°F (550°C). Nickel also fails to 
decrease materially the susceptibility to graphite formation. On the other 
hand, addition of chromium has been shown to be a practical, effective 
means of retarding development of graphite and the concentration needed 
is somewhat dependent on the extent of the aluminum addition. Man- 
ganese also appears to confer increased resistance to graphite formation. 

For alloys steels at least, the authors’ data show that the 1050 °F 
(565°C) aging temperature is most effective in promoting graphite for- 
mation. In our own experience we have observed several samples where 
graphite developed more readily at 1025°F (550°C) than at 1100°F 
(595 °C). One might conclude from these observations that aging at the 
temperatures higher than 1100°F (595°C) should be avoided in attempt- 
ing to forecast graphitization for the lower operating temperatures. 

A word of caution should accompany the graphite rating charts where 
the authors’ “f” factor may be utilized for calculating graphitic carbon in 
steel. With large graphite particles (H to M inclusive) care must be 
exercised in choosing a magnification or size of field compatible with 
nodule size so that the view is truly representative of the particle dis- 
tribution, Otherwise estimates of graphitic carbon may be greater than 
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the total carbon content of the steel. With this precaution the scheme 
presented by the authors should prove highly useful in appraising graph- 
itized structure for particle size and distribution at once. 

Written Discussion: By W. G. Conant and W. A. Reich, Works Lab- 
oratory, General Electric Co., Schenectady, N. Y. 

The authors are to be congratulated on the breadth and completeness 
of the program of graphitization studies which they have undertaken. 
Those of us who have had some experience with programs of this type 
recognize the great amount of work involved in amassing the amount of 
data contained in the subject paper. 

In Table I total aluminum is apparently given for each specimen as 
part of the chemical composition. The partition of this element between 
aluminum and aluminum oxide in each steel would be of interest. There 
are data in the literature to indicate that aluminum in the form of alumi- 
num oxide cannot be directly correlated with the graphitization tendency 
of a steel. 

We have checked the authors’ experience on aluminum-killed 1% 
molybdenum steel in that we have seen graphitization in 3200 hours at 
1100 °F (595°C) in cast steel of this type killed with 2 pounds of alumi- 
num per ton. This steel was found to contain 0.048% metallic Al 
and 0.011% Al,Os. However, we do not agree with the authors in 
their inference that 1% molybdenum steel is more susceptible to graph- 
itization than 0.5% molybdenum steel with the same deoxidation practice. 
While we appreciate the value of a system of graphite ratings such as 
the authors have proposed and used, from our own experience we do not 
think it capable of the fine distinction attempted in Table III of the paper 
between samples 7D and 8D. Since the partition of total aluminum be- 
tween Al and AI,O; in the final analysis is dependent on more than simply 
the amount of Al added for deoxidation, the Al and AI.O; analyses of 
specimens 7D and 8D might be particularly significant. We have in test 
six welded samples of 1% molybdenum cast steel representing three 
different cast heats and a number of different pre-weld heat treatments. 
An examination of all six samples at 12,600 hours at 1100°F (595°C) 
showed the complete absence of graphitization. It is recognized that a 
direct comparison between the above samples and 8D in the paper is 
limited by the fact that the steels we refer to were, in general, heat 
treated at higher temperatures and no aluminum was used in their 
manufacture. 

In the course of our graphitization studies we have examined a sample 
from the base metal of an inner shell casting of 1% molybdenum steel 
which had about nine years (about 80,000 hours) of service at a tempera- 
ture of 925°F. No evidence of graphitization was found. Another 1% 
molybdenum steel stop valve casting, which had been in service 51,000 
hours at 925 °F, was sampled so as to include a weld and again no evidence 
of graphitization was found. In considering the authors’ tests on 1.5% 
molybdenum-0.16% vanadium steels it should be very definitely kept in 
mind that these are not heats representative of commercial practice. We, 
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too, have noticed graphitization at 1100°F (595°C) in 3200 hours on a 
small induction heat of 1% molybdenum-0.20% vanadium. However, 
welded samples taken from two electric arc furnace cast heats each 
containing 1.1% molybdenum, one with 0.22% and another with 0.14% 
vanadium, have run 11,300 hours at 1100°F (595°C) in our tests with no 
evidence of graphitization. Another welded sample taken from a 1% 
molybdenum-0.20% vanadium pipe made from an electric furnace heat has 
gone 3200 hours at 1100 °F without evidence of graphitization. Aside from 
the fact that the induction heats of this steel were dirtier than the electric 
furnace heats, the chief difference uncovered so far seems to be in nitrogen 
content. The electric furnace heat of pipe referred to above was found to 
have 0.028% nitrogen and our induction heat measured about 0.002% 
nitrogen. An examination of the authors’ data contained in Table I shows 
that the electric furnace heats average appreciably higher in nitrogen 
content than the induction furnace heats. We are not at present fully 
aware of the significance of nitrogen content in graphitization but feel 
that leads like these need following. 

The authors have commented on the relatively high silicon content 
of molybdenum-vanadium samples 55 and 56 in the paper. We should 
also like to point out that the manganese content is somewhat on the low 
side. We and others have noticed the tendency of manganese to inhibit 
graphitization; for example, a welded sample from an induction furnace 
heat of 0.15% carbon, 0.3% silicon with 0.70% manganese has run 15,800 
hours at 1100°F (595°C) in our tests with no evidence of graphitization. 
A similar heat of steel with 0.20% silicon and no manganese exhibited 
graphitization in only 3000 hours at 1100 °F. 

Except for the two samples taken from actual turbine installations, 
our samples mentioned above were similar to the small bead specimen 
described by the authors. 

Written Discussion: By I. A. Rohrig, research metallurgist, The 
Detroit Edison Company, Detroit. 

The graphitization data presented by the authors are of considerable 
interest in high temperature applications of metals in the electric power 
industry because the phenomenon of graphitization at welded joints is 
still a subject of anxiety and study in many high temperature-steam gen- 
erating plants. The test results, however, show some of those disturbing 
anomalies that seem to be characteristic of the phenomenon of subcritical 
graphitization of steel. Although samples 1, 2, 3A, and 3D represent 
steels made both with and without aluminum deoxidation, all four steels 
showed no graphitization after 10,000 hours of test at 900°F. Results 
showing absence of graphitization in both deoxidized and undeoxidized 
carbon steels in use at 900°F were obtained recently in an examination 
of samples removed from high temperature-steam piping at a plant of 
The Detroit Edison Company. 

In 1988 The Detroit Edison Company installed boilers to generate 
steam at 925°F and 850 psi. The main steam pipe of this installation 
consists of carbon-molybdenum steel conforming to ASTM Designation 
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A-158 and is reported to have been deoxidized with approximately 2 
pounds of aluminum per ton. Quite a number of welded branch con- 
nections reinforced with carbon steel plate were used in the steam piping. 
In view of the known tendency of the aluminum deoxidized type of 
carbon-molybdenum steel to graphitize at 900°F, several weld-prober 
samples have been removed from the welds of reinforced branch con- 
nections to observe in particular the graphitization tendency of the carbon 
steel reinforcing plate material. The reinforcement on the branch con- 
nections consists of either 44-inch or 1-inch thick carbon steel plate mate- 
rial welded to the carbon-molybdenum pipe material. The only record 
available for the carbon steel material is that it was purchased as “fire- 
box” quality conforming to ASTM Designation A-70, now known as 
A-285-46. Samples were removed from the 1-inch thick plate material 
after 66,000 hours of service at 900°F and from the %-inch thick plate 
material after 69,000 hours at 900 °F. Chemical analysis and deep etching 
of the steel showed that the 1l-inch thick plate was either rimmed or 
capped steel, whereas the %-inch thick plate was aluminum-killed steel. 

No graphitization was found in either sample of the carbon steel 
reinforcing plate material after long exposure at 900°F. This result is 
similar to the authors’ finding for samples 1, 2, and 3A. The anomaly of 
the situation, however, is that moderate graphitization is occurring in the 
carbon-molybdenum steel pipe to which the carbon steel plate is welded. 
Furthermore, graphitization is occurring in medium carbon steel pipe at 
another plant which is operating at 825°F or 75 degrees lower than the 
temperature at which the carbon steel reinforcing plate is being used. 

The carbon steel reinforcing plate material has become completely 
spheroidized as a result of the long-time exposure at 900°F. Prof. 
A. E. White has suggested that under suitable conditions there is a 
tendency for pearlitic or sorbitic carbides to become isolated free carbides 
which resist. graphitization. This theory offers an explanation for the 
absence of graphitization in the carbon steel reinforcing plate material 
and it suggests that the authors may find further clues to an explanation 
of the behavior of the carbon and carbon-molybdenum steels by observing 
their spheroidizing action. 

Written Discussion: By V. T. Malcolm, director of research, and S. 
Low, research engineer, Chapman Valve Mfg. Co., Indian Orchard, Mass. 

The authors are to be complimented for presenting so much new 
information at this time on the structural stability of various carbon and 
low alloy steels. The Chapman Valve Mfg. Co. has been conducting 
extensive research on this same subject for the past four years and has 
developed some information that may serve to amplify a few of the state- 
ments made by the authors. 

While it is true that a chart to rate graphitization is much desired, it 
is equally true that its main value is qualitative rather than quantitative. 
It has been our practice to report graphitization only with a photomicro- 
graph since we have been unable to develop a truly quantitative method 
of rating. For example, if we section a 1 by 1 by 6-inch welded coupon 
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of cast steel conforming to the chemistry of ASTM A-217-46T Grade WC1 
after aging 10,000 hours at 1025 °F (550°C) and examine the various sec- 
tions microscopically, the ratings, using the charts proposed by the authors, 
range from 3D to 6F in the low temperature heat-affected zone of the 
base metal. Obviously, it is most difficult to regard these, or the photo- 
micrograph, ratings as quantitative. The graphitization chart fills a real 
need, but its limitations must be recognized. 

The authors state that “the addition of 0.50% chromium to 0.50% 
molybdenum steel appears to have retarded the formation of graphite in 
steel exposed for 10,000 hours even when a large amount of aluminum 
(2 pounds per net ton) was used for deoxidation”. No doubt the authors 
had a reason for at least implying that 0.50% chromium added to an 
aluminum deoxidized carbon-molybdenum steel will not insure carbide 
stability. It has been our experience that cast steels, both induction and 
basic electric arc furnace heats, of this composition behave rather errat- 
ically when aged at 1025°F (550°C). Some heats will graphitize in less 
than 10,000 hours while other heats will not graphitize in 25,000 hours. 
It is our conclusion that at least 0.70% chromium is required for carbide 
stability. Incidentally, 2 pounds of aluminum per net ton is not regarded 
as a particularly large addition in steel casting practice, particularly when 
the steel is poured into green sand molds. 

We were particularly interested. to note that steel 11D, 0.25% chro- 
mium, 0.50% molybdenum with 0.07% titanium did not graphitize, since 
The Chapman Valve Mfg. Co. developed a similar cast'steel in 1937 for ele- 
vated temperature service. A typical analysis of this steel is as follows, viz. : 


Chapman Valve “CMCVT” Steel 


ees) i’ ea 


C 0.23 Ni 0.25 

Mn 0.60 Cr 0.28 Mo 0.50 
Si 0.45 V 0.10 Cu 0.09 
P 0.024 Total Al 0.040 Ti 0.04 
S 0.003 Acid Soluble Al 0.015 


Graphitization tests extending 25,000 hours at 1025 °F (550°C) have 
shown no graphite in this steel, even in the region of the Ac; isotherms 
of weldments. 

Written Discussion: By A. M. Hall and S. L. Hoyt, Battelle Memorial 
Institute, Columbus, Ohio. 

Messrs. Wilder and Tyson are to be congratulated on the compre- 
hensiveness of the program which they have set up to investigate the 
stability of steels in the temperature range 900 to 1200 °F (480 to 650 °C), 
one phase of which concerns susceptibility to graphitization. Their pro- 
gram is especially thorough in its coverage of composition, deoxidation 
practice, and steelmaking methods. 

Some specific comments on the authors’ observations may be made. 
Carbon content may be a factor in the high order of resistance to graphite 


o* 
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formation shown by the undeoxidized (capped) steels. These steels are 
considerably lower in carbon content than are the other comparable plain- 
carbon steels. Strangely enough, carbon content (total carbon) has not 
as yet been subject to much scrutiny as a factor in determining graph- 
itization rate. Obviously without carbon no graphite can form, but 
nothing definite is known about the influence of carbon level on suscep- 
tibility to graphitization. Conceivably, susceptibility to graphite forma- 
tion might decline with decreasing carbon content in the steel, other 
things being equal. 

The authors’ conclusion that deoxidation practice affects the length 
of the incubation period in the phenomenon is a matter of interest and 
concern. Evidence on the existence of an incubation period in the process 
has been generally inconclusive. The authors’ data raise the practical 
question of whether a steel which shows no graphite after an extended 
test period may ultimately graphitize if left at temperature long enough, 
or how sure one can feel that he has found a steel which is completely 
immune to graphitization. 

The authors’ observations regarding the influence of molybdenum 
and chromium confirm the results obtained at Battelle Institute and else- 
where. It seems apparent that at least 0.5% chromium is required to 
overcome the effect of aluminum in promoting graphitization. 

The finding of graphite in the 15% molybdenum-0.16% vanadium 
steels after 10,000 hours at 1050°F (565°C), regardless of deoxidation 
practice, is rather disturbing. A cast and bead-welded molybdenum- 
vanadium steel containing 1.15% molybdenum, 0.71% manganese, 0.35% 
silicon, and 0.23% vanadium, on test at Battelle Institute for 4000 hours 
at 1125 °F (605 °C), showed no graphite. This observation permitted some 
speculation that this type of steel might have sufficient structural stability 
(as well as strength) to be considered along with the chromium-molyb- 
denum stéels for service in the steam-temperature range. The findings of 
Messrs. Wilder and Tyson demonstrate that these steels require further 
study. In addition to deoxidation, the question of the minimum vanadium 
content, as well as the role of silicon and manganese, need investigation. 

Written Discussion: By James T. MacKenzie, technical director, 
American Cast Iron Pipe Co., Birmingham, Ala. 

While I do not minimize the effect of the chemistry of the steel on 
the graphitization phenomena, it seems to: me than an important cause 
has been overlooked, namely, effect of pressure. It is well known in gray 
iron that graphitization cannot form if the material cannot expand. It 
would seem probable that welding stresses therefore could have an impor- 
tant effect on graphitization. Material in compression would not graph- 
itize, whereas material in tension would be prone to graphitize. This 
may be the reason for more graphitization at 1050 °F (565°C) than either 
at 900 or 1200 °F (480 or 650°C). It is possible that 900 °F is too low for 
graphitization under the circumstances while at 1200°F (650°C) all 
stresses are relieved too quickly for graphitization to occur. At 1050 °F 
(565 °C) the stress relief is not rapid enough to prevent graphitization in 
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the areas under tension. If this postulate is correct, material under ten- 
sion, like pipe in service, would also graphitize to a greater degree than a 
test piece which is not under stress. 


Authors’ Reply 


The authors wish to express an appreciation for the discussions which 
have contributed much to this paper. | 

Messrs. Cassidy and Eberle have raised an interesting question— 
Could not the difference in graphitization characteristics between similar 
steels result from a variance in the amount, nature and type of the non- 
metallic inclusion present? This possibility certainly cannot be denied 
by the authors and has the support of Benedick and Lofquist in their 
publication® as early as 1940. Austin and Fetzer’ state that alumina may 
markedly lower the stability of carbides. Although the influence of very 
small inclusions (not necessarily visible under the microscope) may offer 
a reasonable explanation of differences in graphitization tendencies, the 
issue is somewhat controversial since it is rather difficult to establish the 
exact nature of the nonmetallic phase which may influence the graph- 
itization characteristics of the steel. Messrs. Cassidy and Eberle asked 
whether the authors have noted graphite in the carbon-molybdenum weld 
metal. To our knowledge graphite has been found in weld metal to a 
limited extent® and in the instance cited it was in carbon steel weld metal. 
Prompted by this question, however, we have re-examined the carbon- 
molybdenum weld metal deposits and a few of the carbon steel weld 
deposits after exposure at 1050°F (565°C) for 10,000 hours. No graphite 
was found. Comments regarding the role of molybdenum are well taken 
and will be closely observed as other 1.00 to 1.50% molybdenum steels are 
examined. Whether the 1% molybdenum steels with low aluminum con- 
tent would be as susceptible to graphitization as the high aluminum steel 
cannot be answered by the authors due to lack of data; however, experi- 
ence with 0.5% molybdenum steels would indicate that the low aluminum- 
1% molybdenum steel would not be as susceptible to graphitization. The 
discussion by Messrs. Conant and Reich would confirm this opinion. 

In considering whether the difference in residual stress might not 
explain differences noted in graphitization between 1200 and 1050°F (650 
and 565 °C) temperatures, it would seem to the authors that if this factor 
were of primary consideration, more of a difference would have been 
noted between the large (1200°F post-heated) and the small (not post- 
heated) bead welds for a constant exposure temperature, say 1050 °F 
565 °C). Possibly longer exposure time will clarify this point. While this 
program has furnished no data regarding the effect of stress om gtaph- 





*C. F. Benedick and H. Lofquist, “Nonmetallic Inclusions in Iron and Steel,’’ Chap- 


man-Hall, England, 1930. 
7C. R. Austin and M. E. Fetzer, “Cementite Stability and Its Relation to Grain Size, 
Abnormality and Hardenability,”” Transactions, American Society for Metals, Vol. 29, 1941. 


SH. Weisberg, “‘Graphitization of Steel Piping,” American Society of Mechanical 
Engineers, 1944. 
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itization, the remarks of J. T. MacKenzie are none the less pertinent. 
Weisberg,’ Hughes and Cutton,® Hoyt, Williams and Hall,” and Emerson 
and Morrow™ have indicated that stress is significant. This factor will 
receive consideration in the authors’ program as creep rupture tests of 
these steels are examined. 

The graphitization results submitted by Messrs. Sticha and Kanter in 
their discussion afford a valued addition to the paper. The exceptionally 
close agreement between the Crane Co. results and those reported in this 
paper is rarely experienced by two laboratories working independently on 
a common problem. We feel that such close agreement lends confirmation 
and reliance to the results obtained. Messrs. Sticha and Kanter raise a 
good point in cautioning laboratory workers in the use of the published 
“f” factor for extremely large graphite. This type of graphite is often 
nonhomogeneously dispersed, and a survey at lower magnification and 
applying a corrected “f” factor, as suggested, will lend greater accuracy 
to a relative volume calculation. 

Mr. MacKenzie points out that in gray iron graphite cannot form if 
the material cannot expand. At the temperatures of graphitization in the 
steel specimens examined, the yield point of the material, particularly in 
the carbon steel, is much lower compared to ordinary temperatures and 
in addition creep strength is considerably reduced at the elevated temper- 
atures. The material should, under these conditions, have an opportunity 
to expand. 

Exception is taken by Messrs. Conant and Reich to the authors’ state- 
ment that 1% molybdenum steel appears to be more susceptible to graph- 
itization than the 0.5% molybdenum steel of comparable deoxidation 
practice. Our statement was based principally upon the 1000-hour expo- 
sure test results which indicated the 1% molybdenum steel to be consider- 
ably graphitized while the 0.5% molybdenum steel showed no identifiable 
graphitization up to that time. It must also be noted in the 10,000-hour 
exposure results that steel 7D (0.5% molybdenum) showed graphitization 
early in Zone 3 while steel 8D (1% molybdenum) showed graphitization in 
Zones 2 and 3. 

It is well for Mr. Conant and Mr. Reich to re-emphasize the fact that 
the 1.5% molybdenum, 0.16% vanadium steels were induction furnace 
melts, high in silicon and low in nitrogen and manganese. We now have 
samples in our furnaces under test which represent this same steel ob- 
tained from commercial furnace melts. With reference to the 1% molyb- 
denum steels which did not graphitize at 925°F after long exposure 
periods, the residual alloy content of these steels should be considered if 
present to any appreciable extent. 


°M. A. Hughes and J. G. Cutton, “Graphite in Cold-Rolled Subcritically Annealed 
Hypoeutectoid Steels,” Transactions, American Society for Metals, Vol. 37, 1946. 

WS. L. Hoyt, R. D. Williams and A. M. Hall, “Summary Report of the Joint EEI- 
AEIC Investigation of Pa wa of Piping,” Transactions, American Society of 
Mechanical Engineers, Vol 

4R,. W. Emerson and M. Morrow, “Further Observation of Graphitization in Aluminum- 
Killed ae ie Steel Piping,” Transactions, American Society of Mechanical 
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I. A. Rohrig’s experience with carbon steel plate reinforcements 
welded to high aluminum carbon-molybdenum pipe operating at 900 °F 
(480 °C) is of considerable interest. The resistance of rimmed or capped 
steel to graphitization confirms results reported by the authors although 
the fact that no graphitization was observed after exposure for 60,000 
hours is surprising. The graphitization of high aluminum carbon- 
molybdenum steel at 900 °F would possibly be expected after 60,000 hours. 
The resistance of the 4%-inch plate of aluminum-killed steel for this tem- 
perature and time cycle, however, is wholly unexpected. It would be 
interesting to study this steel further to determine its residual alloy, 
nitrogen, aluminum, and AI,O; contents. Does Mr. MacKenzie’s remark 
regarding working and residual stress (design of reinforcement) have a 
bearing? 

V. T. Malcolm and S. Low’s observation that graphite often is found 
in a very nonhomogeneous form is quite correct. This fact necessitated 
the rating of the 10,000-hour weld samples in four distinct zones. Examples 
of this nonhomogeneity are illustrated in the text by Figs. 3 and 4. A 
system of rating graphite, however, was important to our program. To 
record the data by other means, such as photomicrographs, would be a 
prohibitive task, and in its final analysis would probably result in a rating 
method similar to the one we employed. For each time cycle (and there 
will be at least 6) we will have approximately 870 samples to examine, 
1920 individual zones to be rated for graphite. 

With reference to the statement that 0.70% chromium is required for 
carbide stability, we feel the chromium content of cast steels should be 
higher due to their aluminum content. It would also be desirable to have 
one specification for chromium-molybdenum stee! pipe rather than two 
specifications, i.c., 0.5% chromium-0.5% molybdenum and 1% chromium- 
0.5% molybdenum. In order to arrive at a satisfactory analysis, it would 
be well to consider the possibilities of an intermediate chromium range of 
0.60 to 0.90% chromium with an intermediate carbon content of 0.18% 
maximum. 

The authors are pleased to receive the comments of Drs. Hoyt and 
Hall. During the past four years, Battelle Memorial Institute has con- 
tributed a great deal to clarify many of the questions associated ‘with the 
graphitization of steel. This information has been invaluable to both the 
producers and users of pipe for high temperature service. Their sug- 
gestion that the susceptibility toward graphite formation may decline with 
decreasing carbon content is reasonable and justifies considerable thought. 
Included in our program and now under exposure are several steels which 
will verify this observation. These steels are in the 0.08 to 0.10% carbon 
range and include the 0.5 and 1% molybdenum steels, with and without 
additions of titanium and columbium. The incubation period is particularly 
significant when the possibilities of an extremely rapid rate of graph- 
itization have been observed at the end of an extended period of incubation. 























ALLOY SPRING STEELS 


By E. T. BitrNER 


Abstract 


The physical properties of the chromium-nickel- 
molybdenum (AISI 8660), the chromium-vanadium 
(AISI 6150), and the silico-manganese (AISI 9262) alloy 
steels used for the fabrication of hot-formed springs have 
been investigated. A plain carbon spring steel (AISI 
1095) ts included for comparison. Strength properties, 
ductility, notch sensitivity, hardenability, grain size, oxida- 
tion loss, decarburization, fatigue characteristics, and qual- 
ity of the hot-rolled bar stock are considered. The 
chromium-nickel-molybdenum steel is equal to or superior 
to the other alloys in almost all respects, followed by the 
chromium-vanadium steel. The poorest properties are 
exhibited by the silico-manganese steel. When an alloy 
steel is desired for exacting spring service, it is concluded 
from this study that the chromium-nickel-molybdenum 
steel should be employed. 


INTRODUCTION 


HIS paper presents data on the physical properties of three 
of the more common alloy steels used for hot-formed springs, 

together with the properties of a plain carbon steel as a comparison. 
The steels under consideration were chromium-nickel-molybdenum 
(AISI 8660), chromium-vanadium (AISI 6150), silico-manganese 
(AISI 9262) and a plain carbon steel (AISI 1095). Table I gives 
the chemistry ranges for these compositions and the analysis of the 
stock used for the various tests. 

The plain carbon steel is the most widely used for hot-coiled 
springs, even with its poor hardenability and inferior physical prop- 
erties in heavier sections. Low cost and availability are important 
factors in its favor where service requirements are not exacting. 
Fatigue characteristics are comparable to alloy materials with similar 
hot-rolled surface finish. 

The silico-manganese grade is well established as an alloy spring 





The author, E. T. Bittner, is research metallurgist, Research Laboratory, 
—— Steel Foundries, East Chicago, Indiana. Manuscript received June 
11, 1947. 
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Table I 
Specified Chemistry Ranges and Analysis of Stock Used 


Element, —_—_—_—__—_———eo} 
Steel Mn P Ss Si Cr Ni Mo 


Specified Analysis 


AISI max. max. 
A-8660 0.55-0.65 0.75-1.00 0.04 0.04 0.20-0.35 0.40-0.60 0.40-0.70 0.15-0.25 .... 
A-6150 0.48-0.55 0.65-0.90 0.04 0.04 0.20-0.35 0.80-1.10 ......... 0 co cc cceee é. oy 
min, 

A-9262 0.55-0.65 0.75-1.00 0.04 0.04 1.86-2.20 0.25-0.40 ... a are 6 oe 
C-1095 0.90-1.05 0.30-0.50 0.04 0.05 0.15-0.30 ......... cee cceee 

Stock Analysis 
AISI 
A-8660 0.60 0.90 0.015 0.024 0.25 0.46 0.46 0.18 ste 
A-6150 0.48 0.81 0.011 0.029 0.35 1.00 0.33 0.08 0.18 
A-9262 0.63 0.75 0.015 0.031 2.16 0.30 0.15 0.00 ie we 
C-1095 0.98 0.47 0.012 0.035 0. 0.02 0.00 0.12 


steel. Hardenability characteristics are superior to the plain carbon, 
and its higher yield strength is an advantage. However, difficulties 
are encountered in producing a satisfactory surface free from seams, 
pits and deep decarburization. 

The chromium-vanadium steel is generally considered as an alloy 
principally used for leaf springs. During the war, alloy shortages 
made it necessary to replace this steel with other grades such as the 
silico-manganese and carbon steels which also gave satisfactory 
service. This factor, together with higher cost, will probably force 
the chromium-vanadium steel out of the alloy spring picture to a 
large extent. 

The AISI 8600 series steels, in particular, have become increas- 
ingly popular since their inception as National Emergency steels 
during the war. These steels are well adapted for production of 
light and heavy hot-formed springs due to high hardenability and 
good surface characteristics. The physical properties are also excel- 
lent, and for the most part superior to the silico-manganese and 
chromium-vanadium alloys. The most common of the AISI 8600 
alloys are the AISI 8650, 8655, 8660 and 8662 compositions. Phys- 
ical properties, including hardenability, are almost identical, except 
for the effects of the lower carbon content which lowers the as- 
quenched hardness. The original plan was to use the lower carbon 
alloys as section size of springs decreased. From information now 
available, however, it appears that the AISI 8650 steel is suitable 
for most applications up to and including a 1-inch section, and the 
AISI 8660 steel can be used from 1 to 2-inch bar diameters. Any 
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data obtained from the AISI 8660 steel as presented herein may also 
be assumed to apply to the AISI 8650 steel. The hardnesses on the 
end-quench curve will be somewhat lower, but actual hardenability 
values are equivalent. In order to avoid the necessity of handling 
the four different grades of the AISI 8600 series (in which carbon 
contents often overlap), it will be highly desirable to make future 
plans for the use of two grades, the AISI 8650 and 8660, to cover 
present usage of the AISI 8650, 8655, 8660 and 8662 steels. 


REQUIREMENTS FOR Hot-ROLLED SPRING STEELS 


In considering any steel which is to be used for the manufacture 
of hot-formed springs, one of the most important factors is surface 
condition. Whether the mill can supply this steel consistently with 
a surface relatively free from seams, pits and deep decarburization, 
and if forming and heat treatment will leave a comparatively smooth 
surface, are questions which should be answered “yes” before a steel 
is selected for exacting spring service. 

To illustrate the importance of surface, flexural fatigue tests on 
heat treated bars of a variety of spring steels gave endurance limits 
ranging from about 26,000 to about 47,000 psi. Alloy content, de- 
carburization, and hardness were almost completely overshadowed 
by surface condition, and endurance limits were only a fraction of 
the intrinsic values. 

Service requirements for many types of springs make corrosion, 
abrasion and rough handling unavoidable. Stress raisers such as 
pits and nicks make their appearance in a short time after a spring 
is placed in service. These conditions would soon nullify any bene- 
fits from a special preparation, such as grinding, even assuming a 
reasonable cost for the operation. 

Since surface condition will largely determine fatigue life in 
many applications of springs, why consider alloy materials if the 
surface of a plain carbon spring steel is equally good? The higher 
hardenability and yield strength of the alloy steels are effective in 
improving static properties of the spring, and in lessening the danger 
of taking permanent set in service. Higher stresses may be employed 
and load carrying capacity is greater. Notch sensitivity of the alloy 
steels is usually less, and this may provide some protection in shock 
loading conditions and in rough treatment. Corrosion is usually less 
rapid, including scaling and decarburization during heat treatment. 
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Mill difficulties in producing a satisfactory hot-rolled surface on 
the spring steels are reflected in experience at the American Steel 
Foundries spring producing plant at Hammond, Indiana. The silico- 
manganese grade is the only one causing undue trouble both at the 
mills and at the spring shop. Small surface cracks, seams, and 
other defects are common and lead to rejection of bar stock and, 
all too often, of finished springs where defects are apparent only 
after heat treatment. The other compositions are about on a par, and 
trouble is comparatively rare. An additional undesirable feature of 
the silico-manganese grade is the tendency to have large numbers of 
nonmetallic inclusions. : 

Hot forming operations on the steels under consideration bring 
out no outstanding differences. Coiling is done from a temperature 
of approximately 1650 °F (900 °C), the springs are allowed to cool, 
then reheated to 1550-1600°F (845-870°C) and _ oil-quenched. 
Final heat treatment consists of tempering to the desired hardness, 
usually around 400 Brinell Hardness Number. 


EXPERIMENTAL PROCEDURE AND RESULTS 


The physical tests and microscopic investigation for this study 
were all carried out on the basis of a 15-inch round section. This 
section size was chosen since the alloy compositions are more fre- 
quently used in this approximate size range, and to bring out differ- 
ences which would not be apparent in a smaller section due to 
hardenability considerations. 

Tensile Tests—Stock for tensile tests consisted of 15-inch 
diameter hot-rolled bars of the four compositions. Heat treatment 
was done on 8-inch long sections in a laboratory hump-type furnace. 
The heat treating cycle was as follows: 

AISI 8660 } 1650 °F (900 ~C)—15 min. equalize 5 min. hold—air cool. 

AISI 1095 § 1550 °F (845 °C)—15 min. equalize 20 min. hold—oil quench. 

Temper—15 min. equalize 45 min. hold—air cool. 

AISI 9262 } 1650 uF (900 °C)—15 min. equalize 5 min. hold—air cool. 

AISI 6150 § 1600 °F (870 °C)—15 min. equalize 20 min. hold—oil quench. 

Temper—15 min. equalize 45 min. hold—air cool. 

Quenching was done in moderately agitated oil at a temperature 
of 125-150 °F. The bars were removed at a surface temperature of 
200-300 °F and tempered immediately. The experimentally deter- 
mined cooling rate at 1300 °F (705 °C) during the quench using the 
above procedure was 25 °F per second at the center of the 154-inch 
round. 
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Fig. 1—Strength and Ductility Properties at Center of 154-Inch Diameter Bars ot 

After Normalizing, Oil Quenching and Teneadinn as Shown. a 

Hil 

ij 

Physical properties were obtained from standard 0.505-inch ie 

diameter tensile bars machined from the center of the 154-inch bar a 

in the direction of rolling after complete heat treatment. Fig. 1 au 

summarizes the test results obtained, and for a rapid comparison i 

Table II lists properties of the four compositions at two tensile al 

strengths as taken from the curves. a 

The chromium-nickel-molybdenum and chromium-vanadium a 

compositions give the best over-all picture with superior ductility ia 

and higher yield/tensile ratios at both tensile strengths. The yield 4 

strength of the plain carbon steel reflects its poor hardenability, and i 

falls far behind the alloy steels. However, ductility values are equiv- iq 

alent to the silico-manganese composition at the lower tensile strength. ‘fl 





268 TRANSACTIONS OF THE A. S. M. Vol. 40 


Table Il 


Comparison of Strength and Ductility Properties at 200,000 and 175,000 psi 
Tensile Strength (Center of 1%-Inch Round) 


Yield Senet. i Reduction 
"(0.2% _ of Area, % Elongation, % YS/TS Ratio 


200,000 psi Tensile Strength 
AISI 8660 
(Cr-Ni-Mo) 187,000 42 13 0.93 
AISI 6150 i 
r-V) 187,000 47 13 0.93 
AISI 9262 
(Si-Mn) 170,000 30 13 0.85 
AISI 1095 
(Ca Below 200,000 psi Tensile Strength 
175,000 psi Tensile Strength 
AISI 8660 158,000 48 15 0.90 
AISI 6150 165,000 49 16 0.94 
AISI 9262 145,000 35 17 0.83 
SI 1095 110,000 34 15 0.63 


Charpy Tests—The double width keyhole notch Charpy test 
specimen was chosen for notch sensitivity testing so that test values 
would be of greater numerical value. One of the immediate prob- 
lems was machining the specimens at the high hardnesses involved, 
particularly in regard to the keyhole notch. Common practice is to 
finish machine, drill, and plug the hole before quenching. However, 
this method does not give satisfactory results when effects of section 
size are to be studied as in this case. The following procedure was, 
therefore, adopted : 

Specimens were completely machined, including notching, after 
the 1650°F (900°C) treatment. They were then placed in a mild 
steel bar 154 inches in diameter slotted to accommodate the Charpy 
test specimen, the ends capped and welded, and the bar quenched and 
tempered. Specimens were ready for breaking when removed from 
the slotted bar. This method proved most satisfactory, and yielded 
hardnesses on the Charpy specimens comparable to hardnesses on 
the fully heat treated 154-inch rounds used for tensile testing. In 
order to check any effects of segregation or cooling rate on the notch 
sensitivity characteristics of the steels, specimens were taken from 
near the surface and at the center of the 15-inch bar stock, and 
placed in corresponding locations in slotted bars for heat treatment. 
No significant differences were found and Charpy values presented 
in Table III and Fig. 2 are averages of surface and center values for 
each steel and heat treatment. 

Fig. 2 summarizes test results at +75, —20, and —40°F. 
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850 950 1050 II50 850 950 1050 =—s«1150 
Tempering Temperature °F 


850 950 1050 1150 850 950 1050 =«1150 
Tempering Temperature °F 


Fig. 2—Double Width Keyhole Charpy Test Data. Heat treat- 
ment consisted of normalizing, oil quenching and tempering as shown. 


Table III compares data from the four steels at tempering temper- 
atures and hardnesses equivalent to 200,000 and 175,000 psi tensile 
strength. 

At the higher tensile strength, the chromium-nickel-molybdenum 
and chromium-vanadium steels have a distinct advantage, and both 
hold up very well at subnormal temperatures. The chromium-nickel- 
molybdenum steel is far superior to any of the others at the lower 
tensile strength. As shown in Fig. 2, the chromium-nickel- 
molybdenum composition is the only one which shows a rapid in- 
crease in impact resistance with higher tempering temperatures, and 
in addition, has excellent properties at subnormal temperatures over 
the entire range tested. 

Hardenability—The hardenability characteristics of the steels 
under consideration become increasingly important with heavier 
springs which require through hardening in order to minimize set- 
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Table Ul 
Double Width Keyhole Notch Charpy Values, +-75, —20, —2 °F 
————_Charpy Values, Ft-Lbs. 
+75 °F —20 °F —40 °F 
200,000 psi Tensile Strength 
AISI 8660 
Cr-Ni-Mo) 34 30.5 30 
AISI 6150 
(Cr-V) 32 30 27.5 
AISI 9262 
(Si-Mn) 22 13 11.5 
AISI 1095 
Below 200,000 psi Tensile Strength 
175,000 psi Tensile Strength 
AISI 8660 44 38 37 
AISI 6150 34.5 32 29.5 
AISI 9262 26 17.5 14.5 
AISI 1095 18 11 10 


Cooling Rate - Center 12 "Diom. Bor 
Oil-Quench - Moderate Agitation 





o.- 8 i2 16 20 24 28 32 36 
Distance From Quenched End of Specimen Sixteenths of Inch 
Fig. 3—Standard End-Quench Hardenability Curves. Ex entally deter- 


mined cooling rate at the center of a 1%-inch diameter, 8-inch , bar quenched 
in oil as shown. 


tling under load. When a minimum Rockwell “C” hardness at the 
center of an as-quenched bar is specified, hardenability of the steel 
to be used must be known for consistent results. 
lighter bar diameters, hardenability is also important. 


In the case of 
Too high 
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Fig. 4—Cross Section Hardness Data on 1%-Inch Diameter 


Bars After Oil Quenching, and Oil Quenching and Tempering 
as Shown. 


hardenability may lead to difficulties with quench cracks, and through 
hardening may not be accomplished with low hardenability. 
Standard end-quench hardenability curves were made on each 
steel as shown in Fig. 3. A comparison of the steels in terms of 
distance from the quenched end to Rockwell C-50 is given below: 


J-50 Distance, Sixteenths 
Steel of an Inch 


13-14 


(Cr-V) ll 
AISI 9262 

(Si-Mn) 8-9 
AISI 1095 

(Carbon) 1-2 








+ 
' 
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The center cooling rate of a 15-inch diameter bar 8 inches long 
in moderately agitated oil was determined experimentally as 25 °F 
per second at 1300 °F (705 °C) and this value is also shown on the 
end-quench plot, Fig. 3. 

In respect to through hardening of the 15-inch section, the 
silico-manganese composition is a borderline case, although later 
data will show that it did harden throughout. The carbon steel falls 
far short of the necessary hardenability, and the chromium-nickel- 
molybdenum and chromium-vanadium steels are above the require- 
ments for through hardening. 

Cross section hardness surveys were also made on each steel 
after quenching and after quenching and tempering. Fig. 4 illus- 
trates that fairly uniform hardness after tempering can be expected 
with a 15¢-inch section of the three alloy compositions in the hard- 
ness ranges studied. It is of interest to note how the sharp decrease 
in hardness from surface to center of the as-quenched silico- 
manganese steel has leveled out almost completely after tempering 
at 850°F (455 °C). 

Fatigue Tests—Due to the importance of surface in fatigue life, 
the great majority of fatigue testing by American Steel Foundries 
has been on stock with a surface resulting from normal spring shop 
practice. Little work has been done on conventional fatigue tests 
using polished, machined specimens, since hot-formed springs are 
not produced with this type of surface. 

The Rayflex machine has been used for most laboratory fatigue 
work. A bar supported at the nodes is vibrated at its natural fre- 
quency (from 6000 to 18,000 cycles per minute) and the stress is 
calculated from the amplitude of vibration. In this manner bar 
diameters up to 154 inches with any desired surface reparation can 
be tested. Flat specimens are also within the range of the machine. 

With this apparatus, the endurance limit was determined for 
¥%-inch diameter bars of the chromium-nickel-molybdenum, the 
silico-manganese, and the plain carbon steels. Results have also been 
obtained on flat stock of the chromium-vanadium steel, but no direct 
comparison is possible due to the differences in mill processing and 
shop treatment. All of the %-inch diameter bars tested were given 
the normal shop heat treatment and tested with no special surface 
preparation. 

Fig. 5 presents the S-N curves obtained experimentally. 
Although there is a slight advantage in favor of the plain carbon 
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steel, results are comparable for all practical purposes. A much 
greater divergence in values is considered necessary to be of signifi- 
cance in this type of test. The surface condition of the bars would 
be classed as good for commercial hot-rolled steel. 

In evaluating the results of Rayflex tests, several factors must 
be considered. When compared to actual springs, the simple bending 


="Rd.x 36" 


Rayflex Specimen a 


No Special Surface Preparation 
Oil-Quenched and Tempered to 
375-429 BHN 


Calculated Stress-l000 psi 





2 4 ms 4. FP ee eS 


Number of Stress Cycles 
Fig. 5—Experimentally Determined S-N Curves. Bars 


were tested with the hot-rolled, heat treated surface as- 
received. 


stresses set up here must be compared to the torsional stresses in 
the springs themselves. Loading is not the same, since a spring is 
stressed between maximum and minimum limits with the mean cor- 
responding to the dead load. The Rayflex bar is stressed from a 
maximum in tension to a maximum in compression (at a constant 
mean stress) on two opposing sets of surface fibers only. However, 
a qualitative evaluation of differences in steels, heat treatments, and 
surface preparations can be made. 


Microscopic INVESTIGATION 


After quenching and tempering, the three alloy compositions 
showed no precipitation of proeutectoid ferrite throughout the 
154-inch section. The carbon steel fell far short of through harden- 
ing as reflected in the end-quench curves and physical properties. 








274 TRANSACTIONS OF THE A. S. M. gag 





Fig. 6—Microstructure at the Center of 1%-Inch Diameter Bars, Oil-Quenched 
and Tempered. Etched in Vilella’s reagent. X 1000. a. AISI 8660. b.. AISI 6150. 
ce. AISI 9262. d. ATSI 1095. 


Fig. 6 shows representative center structures of the four steels after 
quenching and tempering. 

Grain size was determined after heating to various temperatures 
for several times, keeping within reasonablé limits dictated by. plant 
practice. Since all of the steels used were ordered to fine-grain 
specifications, little coarsening tendency was expected. The silico- 
manganese steel was the only one which did not remain completely 
fine-grained after a treatment of 1700°F (925°C) for 6 hours 
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Table IV 
ASTM Grain Size Determinations, Martensitic Etch Method* 
———-——— ASTM Grain Size————_——_,, 
1500 °F 1600 °F 1700 °F 1700 °F 
1 Hour 1 Hour 1 Hour 6 Hours 
AISI 8660 
(Cr-Ni-Mo) 7 7 7 7 
AISI'6150 
(Cr-V) 7 7 7 7 
AISI 9262 
(Si-Mn) 6 6 5-6 4-5 
AISI 1095 
(Carbon) 7 7 7 7 


*The martensitic etch method consists of heating a specimen to the desired temperature 
and water quenching to insure the formation of martensite throughout. Rough polishing 
operations are completed, the specimen is tempered at about 600 °F for % hour, polished 


and etched. A lower tempering temperature was necessary for the plain carbon steel 
(300 to 400 °F). 


Table V 
Decarburization and Oxidation Loss 


Decarburization to Last Traces of Ferrite, Thousandths of an Inch 
1500 °F 1600 °F 1600 °F 1700 °F 1700 °F As-Received 


Steel 1 Hour 1 Hour 6 Hours 1 Hour 6 Hours From Mill 

AISI 8660 

(Cr-Ni-Mo) 0.001 0.001 0.005 0.003 0.016 0.003 
AISI 6150 . 

(Cr-V) 0.003 0.003 0.006 0.004 0.015 0.015 
AISI 9262 

(Si-Mn) 0.006 0.010 0.025 0.015 0.033 0.014 
AISI 1095 

(Carbon) 0.002 0.503 0.007 0.004 0.012 


1%-inch round specimen—machined surface. 


Oxidation Loss in Thousandths of an Inch 
1500 °F 1600 °F 1600 °F 1700 °F 1700 °F 


Steel ; 1 Heur T Hour 6 Hours 1 Hour 6 Hours 

AISI 8660 

(Cr-Ni-Mo) 0.001 0.001 0.006 0.004 0.010 
AISI 6150 

(Cr-V) 0.001 0.001 0.006 0.004 0.010 
AISI 9262 

(Si-Mn) 0.000 0.000 0.001 0.001 0.001 
AISI 1095 

(Carbon) 0.001 0.005 0.018 0.011 0.025 


1%-inch round specimen—machined surface. Readings are average from three loca- 
tions on 8-inch lengths. 


as shown in Table IV. Fig. 7 illustrates grain size obtained after a 
treatment at 1600 °F (870°C) for 1 hour. 

Decarburization and oxidation loss were studied by heating 
14-inch diameter rounds having a machined surface in a laboratory 
hump-type furnace for various times at several temperatures. Table 
V shows these results with oxidation loss given in thousandths of an 
inch on a 1%-inch round, and decarburization as depth to the last 
traces of ferrite. Figs. 8 and 9 illustrate decarburization after 
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Fig. 7—Grain Size After Heating at 1600 °F (870°C) for 1 Hour (Martensitic 
Etch Method). Etched in Vilella’s reagent. 100. a. AISI 8660. b. AISI 6150. 
c. ATSI 9262. d. AISI 1095. 


1500 °F (815°C) for 1 hour and 1700°F (925 °C) for 6 hours. 

The plain carbon steel has the most rapid oxidation loss through 
the range checked, while the silico-manganese composition is by far 
the best of the group. However, the decarburization data reverse 
this trend and show that the silico-manganese steel is exttemely 
prone to decarburization. When decarburization on the surface of 
the hot-rolled bars as received from the mill is added to that resulting 
from heat treatment, it is evident that the silico-manganese steel 
springs will have a comparatively poor surface for high stress service. 
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Fig. 8—Decarburization After Heating at 1500 °F (815 °C) for 1 Hour. Etched 


in Vilella’s reagent. 100. a. AISI 8660. b. AISI 6150. c. AISI 9262. d. 
AISI 1095. 





Nonmetallic inclusions were examined in each type of steel and 
all specimens were rated commercially clean. However, among the 
four steels, comparative ratings were made as follows in decreasing 
order of cleanliness: plain carbon, chromium-nickel-molybdenum, 
chromium-vanadium, and silico-manganese. 
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Fig. 9—Decarburization After Heating at 1700 °F (925 °C) for 6 Hours. Etched 
Se reagent. x 100. a. AISI 8660. b. AISI 6150. c. AISI 9262. d. 
A 1095. 


SUMMARY 


In summing up the comparative physical characteristics of the 
steels under consideration, an application will be assumed where 
high load carrying capacity is desired and high stresses will be 
encountered. Although fatigue properties of the plain carbon steel 
are equal to the alloy steels with similar hot-rolled surface, several 
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other important factors must be considered. In general, an alloy 
steel will have the advantages of higher hardenability, higher yield 
strength and lower notch sensitivity over the plain carbon steel. This 
will mean greater protection against shock loading, overloads, and 
settling in service. Usually oxidation loss and decarburization will 
be less. Thus, when aspects of the problem in addition to fatigue 
are considered, the plain carbon steel will not meet the rigid spec- 
ifications expected from an alloy steel. 

In deciding which alloy steel to use, excellent physical prop- 
erties and fatigue characteristics are naturally desired, at a reason- 
able cost. The chromium-nickel-molybdenum and  chromium- 
Vanadium steels will meet hardenability requirements consistently, 
and they offer the lowest notch sensitivity at the high hardnesses, 
with the chromium-nickel-molybdenum steel having a slight advan- 


tage. The silico-manganese composition does not approach these 
high standards. 


Fatigue values of the alloy steels will be about the same, 


assuming equivalent heat treatment, hardness, and surface conditions. 
Experience has shown the silico-manganese steel is not dependable 
from the standpoint of surface, and again the choice will be between 
the chromium-nickel-molybdenum and chromium-vanadium steels. 
Although dimensional accuracy during heat treatment is greater for 
the silico-manganese composition when comparing relative oxidation 
loss, the lesser tendency toward decarburization of the chromium- 
nickel-molybdenum and chromium-vanadium compositions is gener- 
ally to be preferred. These two steels will also be favored in respect 
to cleanliness, that is, nonmetallic inclusions. If the cost factor is 
considered, it will be found that the chromium-nickel-molybdenum 
steel is far more economical than the chromium-vanadium alloy. 
Thus, adequate hardenability, good surface, excellent physical prop- 
erties, light decarburization, and cleanliness together with reasonable 
cost combine to make the chromium-nickel-molybdenum alloy an 
excellent choice for alloy springs. Again it might be mentioned that 
the AISI 8650 composition will provide the same satisfactory results 
offered by the AISI 8660 grade when used in sections up to 1-inch 
bar diameter. If future planning for the AISI 8600 series springs 
includes consideration of the use of the AISI 8650 grade for all sec- 
tions up to and including 1 inch and the AISI 8660 grade for springs 
of 1 to 2-inch bar diameter, it is believed that specifications, handling, 
research work and stock supply will be simplified, all contributing 
to a superior spring product. 
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AN INVESTIGATION OF TEMPERED CHROMIUM- 
SILICON SPRING STEEL 


By H. J. ELMENDORF 


Abstract 


This paper presents the results of our investigation of 
the effects of heat treatment on tempered chromium- 
silicon spring steel. The tension stress-strain curves for 
stress relieved, “blued”, chromium-silicon spring wires 
show marked changes in shape as a function of the bluing 
temperature and these changes have been found to be 
associated with the hardness of the tempered wire. Said 
changes in the stress-strain curves are reflected in the 
mechanical property study of the blued spring wires. 

Helical compression springs coiled from chromium- 
silicon wire of three hardnesses show the optimum room 
temperature spring properties to be associated with the 
wire of highest hardness, Rockwell C-52.5, after bluing at 
700°F (370°C). However, 72-hour elevated tempera- 
ture spring tests at 400, 500 and 600°F (205, 260 and 
315°C) show the optimum results from the Rockwell 
C-48.5 and C-50 wires. From the results obtained, it is 
observed that chromium-silicon steel is superior to SAE 
6150 under the conditions studied. 


INTRODUCTION 


HE demand during the war years for highly stressed springs, 
particularly for ordnance materiel, led to the development and 
use of several steels as substitutes for SAE 6150. One of the most 
successful in this category was a grade of steel known as chromium- 
silicon. Now chromium-silicon is not a recently developed analysis 
by any means, but a survey of the literature does not reveal any 
concrete mechanical properties that might be of assistance to the 
spring engineer. 
It has been stated in “The Alloys of Iron and Silicon” (1)? 
” The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, H. J. Elmendorf, 
is metallurgical spring engineer, American Steel & Wire Company, Worcester, 
Mass. Manuscript received May 27, 1947. 
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that a steel of approximately 0.50% carbon, 0.75% manganese, 
0.50% silicon and 0.75% chromium was used in the early days of 
the automotive industry for springs, axles and shafts. Likewise, 
Halcomb Steel Company’s catalog of 1912 listed three grades of 
chromium-silicon steel with attendant properties. The analysis of 
the present-day chromium-silicon steel has been tentatively set at 
0.50 to 0.60% carbon, 0.60 to 0.80% manganese, 1.30 to 1.60% 
silicon and 0.50 to 0.80% chromium which, except for the higher 
silicon content, closely approximates the older grades. Herres (2) 
recently reported that the Japanese 8th Military Technical Labora- 
tery had developed a 0.50% carbon, 0.50% manganese, 1.20% 
silicon, 1.0% chromium steel for torsion bar suspensions for army 
tractors and light tanks. The SAE War Engineering Board (3) 
published an ordnance spring manual in 1943 which contained some 
general spring design data for chromium-silicon spring steel and 
Zimmerli (4) recently made general statements regarding the be- 
havior of chromium-silicon springs under elevated temperature con- 
ditions. 

In this paper we have presented the results of our investiga- 
tions wherein the effects of heat treating practices are shown on 
mechanical properties of the wire and spring properties under both 
room temperature and elevated temperature conditions. 


MECHANICAL PROPERTIES OF TEMPERED CHROMIUM-SILICON 
SPRING WIRE 


In this investigation we have employed one heat of chromium- 
silicon steel which was processed to wire of 0.097-inch diameter 
which was then continuously tempered to Rockwell C-48.5, C-50 
and C-52.5. The analysis of this heat of steel was: 0.57% carbon, 
0.76% manganese, 0.014% phosphorus, 0.017% sulphur, 1.60% 
silicon and 0.77% chromium. Mechanical properties for each of the 
three hardness levels of tempered wire were studied and the results 
are presented in the following tabulation: 


Hardness Tensile 0.2% Yield Elastic % Red. % Eiong. 

Rockwell C Strength Strength Limit of Area in 10 In. 
48.5 247,000 196,000 169,000 47.2 7.3 
50.0 260,000 190,000 168,000 50.0 8.1 
52.5 281,000 246,000 213,000 49.4 9.3 


It should be particularly noted that each of the hardness levels 
shows remarkably high per cent elongation values and these figures 
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should be compared with the regular grades of tempered carbon and 
alloy spring steels whose elongation is normally between 3.5 and 
5.5%. This high elongation has been found to be characteristic of 
the chromium-silicon grade of tempered spring wire. 

In, the course of spring coiling, the elastic limit of the wire is 
noticeably reduced as a result of the cold working and such a lower- 
ing of the elastic limit results in a spring of inferior load carrying 
capacity. It is common practice in the spring industry to employ 
a low temperature stress-relieving heat treatment known as “bluing” 
to raise the elastic limit of the wire to its precoiled value. A number 
of experiments have been conducted in an effort to determine the 
effect of various bluing treatments on the spring wire in expectation 
that the data might be applied to springs which are subsequently 
coiled from the wire. 

In the course of determining the mechanical properties of the 
blued spring wires it was observed that certain lots of tempered 
chromium-silicon spring wires exhibited a marked change in the 
general shape of the tension stress-strain curves. This change, when 
present, had been. observed to take place at or above a bluing tem- 
perature of 500°F (260°C) and a number of variables have been 
studied to determine the cause for such behavior. A number of 
experiments led to the supposition that the hardness of the tempered 
wire was the deciding factor and accordingly one heat of steel was 
tempered to three hardness levels. The tension stress-strain curves 
for each hardness level at a number of bluing temperatures are 
shown in Figs. 1 to 3. 

A study of these graphs shows that the bluing temperature 
seems to have no effect on the stress-strain relationship for the 
Rockwell C-52.5 wire; however, both Rockwell C-48.5 and C-50 
wires show a marked change in the general shape of the stress-strain 
curves as a function of the bluing temperature. The Rockwell C-48.5 
wire shows a change at 600, 700 and 800 °F (315, 370 and 425 °C) 
while the Rockwell C-50 wire shows a change at 700 and 800 °F 
(370 and 425°C). Further data showing that hardness of the 
tempered wire is responsible for the change in the stress-strain rela- 
tionships are shown in Fig. 4 wherein we have retempered the 
Rockwell C-52.5 wire at 850°F (455°C) for 30 minutes which 
reduced the hardness to Rockwell C-48.3. It is observed that the 
shape of the stress-strain curve for the “as-tempered Rockwell C-52.5” 
and the “as-tempered and retempered at 850 °F (445°C) Rockwell 
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0.097" DIAMETER TEMPERED TO 48.5 ROCKWELL C 


AS | 400°F. 500°F |600°F | 700°F 
TEMP | BLUE BLUE | BLUE | BLUE 


STRAIN 
Fig. 1—Effect of Bluing on Stress-Strain Relationship. 


STRESS 





0.097" DIAMETER TEMPERED TO 50 ROCKWELL C 


pL CLL 


STRAIN 
Fig. 2—Effect of Bluing on Stress-Strain Relationship. 


STRESS 





C-48.3” are similar; however, the insertion of a 700°F (370°C) 
blue after the 850°F (455°C) retemper has radically changed the 
shape of the curve. A complete metallographic examination was 
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0.097" DIAMETER TEMPERED TO 52.5 ROCKWELL C 


STRESS 


400°F SOO°F i6 
BLUE BLUE 





STRAIN 
Fig. 3—Effect of Bluing on Stress-Strain Relationship. 


0.097" DIAMETER TEMPERED TO 52.5 ROCKWELL C 


STRESS 
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STRAIN 
Fig. 4—Effect of Hardness on Stress-Strain Relationship. 


conducted and no structural changes were evidenced; in like manner 
hardness surveys showed no changes to account for the behavior. 
An X-ray examination is contemplated in an effort to determine the 
causes for the change in stress-strain relationship. 
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The complete mechanical properties of the tempered wire at the 
three hardness levels have been plotted as a function of the bluing 
temperature and the results are shown in Fig. 5. It is to be observed 
that the bluing temperature has little effect on the tensile strength of 
the three steels; however, for both Rockwell C-48.5 and C-50 
wires the 0.2% yield strength and elastic limit show a decided 


TENSILE 
STRENGTH 


0.2% YIELO 
STRENGTH 


ELASTIC 
LIMIT 





BLUING TEMPERATURE - °F 


Fig. 5—Effect of Bluing on Chromium-Silicon Spring Steel Tempered 
to 3 Hardness Levels. 


upward trend as a function of increasing bluing temperature while 
the Rockwell C-52.5 wire reaches a peak at about 600 °F (315°C). 
Likewise, when compared to the Rockwell C-52.5 wire both Rock- 
well C-48.5 and C-50 wires show equal or higher elastic limit values 
as blued at and above 500°F (260°C). No great change in per 
cent reduction of area is to be observed but the per cent elongation 


changes quite noticeably. From a study of these curves we are 
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able tentatively to set 700°F (370°C) as the most satisfactory 
bluing temperature for this grade of wire. In fact, this selection is 
borne out by the results shown in the room temperature spring tests. 


SPRING PROPERTIES UNDER Room TEMPERATURE CONDITIONS 


Springs from each hardness level of wire were manufactured 
on automatic coiling equipment to the following specifications : 


Outside diameter............. ¥% inch 
Wire diameter................ 0.097 inch 
WO UNIS oo oS oi dccens ccyee 3 inches 

MO Gis + «3 hbo ei vee ec oter 12 
CT, 35a co en aan oe 10 


Ends squared and ground. 


All spring stresses were calculated through use of the Wahl 
formula (5) which takes into account the additional stress caused by 
the curvature and shear load which vary with the ratio of mean 
diameter to wire diameter. 

The formula is expressed as: 


8PD ( 4c—1 0.615 ) 
_— teu of 
Where S = stress in lbs./sq. in. in outer fibers. 
LD = mean diameter in inches. 
d = wire diameter in inches. 


> = load in Ibs. 
c = ratio of D/d. 








S= 


The general test procedure followed was to gage all springs for 
free height; then apply load to produce the desired stress and then 
regage for free height to determine amount of permanent set. The 
total deflection including permanent set was noted for each spring 
in its loaded position, and from the combination of total deflection, 
load and permanent set we have determined the per cent loss in load 
by the following calculations : 


Permanent set in inches 


Total deflection in inches * 100 =% loss in load 


The question may arise that this method of determining per cent 
loss in load may be in error inasmuch as we are using total deflection 
which includes the permanent set. However, this method has been 
used throughout and accordingly all results are comparable. 

Prior study of this spring wire at the three hardness levels 
showed no loss in load to be present at and below corrected stresses 
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PERCENT LOSS IN LOAD 
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Fig. 6—Room Temperature Spring Tests. 


of 125,000 psi. Fig. 6 shows a plot of per cent loss in load as a 
function of corrected stress for the three hardness levels at bluing 
temperatures of 600 and 700°F (315 and 370°C). It is evident 
from this graph that the optimum bluing temperature for room tem- 
perature operation is 700 °F (370°C) and that the highest hardness 
(Rockwell C-52.5) shows the lowest loss in load. 

A number of load-deflection curves for blued springs have been 
determined wherein small increments of load have been plotted as 
a function of the resulting deflections and the deviation from a 
straight line has been considered as the maximum torsional elastic 
load of the spring. Then through use of the Wahl formula (5) 
these loads have been converted into torsional elastic limits. The 
data are shown in Fig. 7. A careful study of these torsional elastic 
limit data has been made and it was determined that a definite ratio 
seems to exist between the torsional elastic limit of the blued springs 





CHROMIUM-SILICON SPRING STEEL 


DEFLECTION 
Fig. 7—Load-Deflection Curves. 


and the tensile strength of the similarly blued spring wire. This 
comparison is shown in the following tabulation: 


Hardness—Rce Torsional Elastic Limit Tensile Strength Ratio 
157,000 248,000 63.3 


50.0 164 000 258,000 63.5 


52.5 75,000 281,000 62.3 


This information is offered only as a general observation for this 
one lot of wire. Further investigation is contemplated to determine 
if this ratio applies to other grades of spring wires. 

The above data have been further corroborated by other lots 
of chromium-silicon where we have found the ratio to be 62.5 to 64. 


SPRING PROPERTIES UNDER ELEVATED TEMPERATURE CONDITIONS 


In any elevated temperature work on springs, consideration 
must be given to the effect of temperature on the torsional modulus 
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of elasticity (G). Sutherland (6) and Zimmerli (7) have both pre- 
sented papers on the subject which show slightly different values 
for the modulus of elasticity as a function of temperature. Inasmuch 
as Zimmerli has shown no actual data for chromium-silicon steel we 
have used Sutherland’s formula: 


S ia Siglee 
eos Tm 
WhereG = torsional modulus of elasticity at particular temp. 
= torsional modulus of elasticity at absolute zero. 


T =absolute temperature at which modulus is desired. 
Tm = absolute melting point of metal. 


This formula has been slightly revised for this work and is 
used in the following form: 


( Tr 
Ge ors Tm 


Gt Ks ( T ) 
Tm 


Where Gr = torsional modulus at room temperature, absolute. 
Gt torsional modulus at test temperature, absolute. 
Tr room temperature, absolute. 
T =test temperature, absolute. 
Tm = melting temperature of metal, absolute. 


The above formula involves the use of the melting point of the 
steel and we have used a formula developed by the U. S. Steel Cor- 
poration Research Laboratory (8) for the freezing point of steel. 
It is realized that this formula is for the freezing point of the metal 
but for the purposes of the investigation we have considered the 
melting and freezing points to be the same. 


Freezing temperature 2790—145(% C)—(% Mn) —12(% S)—45(% P) 
—27(% Si)—12(% Ni)—2(% Cr). 

The ratio Gr/Gt plotted against test temperature is shown in 
Fig. 8. These ratios have all been employed in the calculations for 
the elevated temperature spring tests. 

Once again the general test procedure was to gage all springs 
for free height ; employing Wahl formula (5) calculate test tempera- 
ture loads required for desired stresses, these test temperature loads 
are then converted into room temperature load by use of formula 
Pr = Pt & Gr/Gt where Pr is load at room temperature, Pt is load 
at test temperature and Gr/Gt is from Fig. 9. These calculated 
loads are then applied to the springs on a Fairbanks scale and the 
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Fig. 8—Modulus Correction Curve for Elevated Temperatures. 


deflection noted for said loads. The springs are then placed on 
heat resisting bolts and compressed to the measured loaded height. 
The springs are then placed in a furnace for. predetermined times 
and temperatures; after cooling, the springs are again compressed 
to the original loaded height and the loss in load determined which 
is converted into per cent loss in load. 

In all cases we have employed the optimum bluing temperature 
for elevated temperatures which has been found to be 800°F 
(425°C) and the majority of the data shown are for bluing times 
of 30 minutes duration; however, some data are shown for a 2-hour 
blue. All springs were subjected to elevated temperatures of 400, 
500 and 600°F (205, 260 and 315°C) for periods of 72 hours. 
The 72-hour time was selected so that the data might be correlated 
with that for other grades of spring steels as reported by Zimmerli 
(9), (10). However, unlike Zimmerli we have studied these springs 
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without benefit of setting our springs solid after bluing and we have 
employed load corrections, hence stress corections, to compensate 
for the change in the torsional modulus with temperature. 

The spring properties under elevated temperatures have been 
plotted in Figs. 9 to 11. Fig. 9 shows the elevated test temperature 


PERCENT LOSS IN LOAD 
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Fig. 9—Elevated Temperature Spring Tests. 


plotted against the per cent loss in load for each hardness at a series 
of stresses. This set of curves shows the expected relationships 
except for the Rockwell C-52.5 wire where an anomaly is present 
in that comparable losses in load are observed for both 400 and 
500 °F (205 and 260 °C) tests. 

Fig. 10 shows that both Rockwell C-48.5 and C-50 wires exhibit 
smaller loss in load than Rockwell C-52.5 wire at all test tempera- 
tures and stresses and that Rockwell C-50 wire is slightly superior 
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to Rockwell C-48.5 wire. This tends to follow observations reported 
by Zimmerli (9) for carbon and alloy tempered steel springs wherein 
the middle range is preferable to either high or low hardness. 

Once again the anomaly present in Fig. 9 is shown in Fig. 11 
with regard to the 400 and 500°F (205 and 260°C) comparable 
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Fig. 10—Elevated Temperature Spring Tests. 


losses in load for the Rockwell C-52.5 wire. It is believed that this 
anomaly is explainable on the basis of the hardness surveys. The 
hardness of the Rockwell C-48.5 and C-50 wires after 72-hour 
elevated temperatare testing shows no change from the original 
tempered wire hardness. In fact, all manner of bluing and elevated 
temperature testing have been studied without any noticeable changes 
in hardness ; the Rockwell C-52.5 wire shows the following behavior: 
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Fig. 11—Elevated Temperature Spring Tests. 


Hardness Hardness Hardness 
Hardness Aiter Bluing After Bluing After Blue 
Treatment AsTempered 800°F.—30 Min. 9800 °F—2Hr. Elev. Temp. 
Bluing 52.5 50.4 jou bios 
Bluing 52.5 oss 48.9 donk 
Blue and test 
at 400 *F—72 hr. 52.8 50.5 fete 52.3 
Blue and test 
at 500 °F—72 hr. 52.8 50.4 ae 51.1 
Blue and test 
at 600 °F—72 hr. 52.7 51.0 eae §2.1 
Blue and test 
at 400 °F—72 hr. 52.5 a 48.9 49.6 
Blue and test 
at 500 °F—72 hr. 53.0 j 49.4 49.0 


It should be stated that all bluing treatments up to and including 
700 °F (370°C) have shown no effects on the hardness. It is 
believed that the above hardness study may account for the anomaly in 
the losses in load for the 400 and 500°F (205 and 260°C) tests. 
It is evident that an 800°F (425°C) blue for 30 minutes and 2 
hours will soften the tempered wire, but the subsequent low tempera- 
ture-long time treatment is instrumental in increasing the hardness 





1948 CHROMIUM-SILICON SPRING STEEL 295 


6150 - BLUED AT 800°F.-30 MIN.-SET SOLID es 
TESTED AT 350°F FOR 72 HOURS. 


' 
| 
| 
i 
| | 


0.148 ——— be ole 
| 











; 
0.097" DIA.- 50 ROCKWELL C CHROME: SILICON 
TORSION MODULUS or ee FOR TEMP 


i 






| | 
CHROME -SILICON-BLUED AT 800°F.- 30 MIN. 
TESTED AT 400°F FOR 72 HOURS. 








PERCENT LOSS IN LOAD 


0.062 DIA. - 6150 
~, i 









——--——..¢-~ 
' 


0.097" DIA. - 50 ROCKWELL C CHROME-SILICON 
TORSION MODULUS CORRECTED FOR TEMP 






25,000 50,000 75,000 100,000 
CORRECTED STRESS 


Fig. 12—Comparison of 6150 and Chromium-Silicon at Elevated 
Temperatures. 


again. However, it is likewise observed that there is a smaller 
increase in hardness for the 2-hour blued steel. We are unable to 
explain why the low temperature treatments should increase the 
hardness of the steel and particularly why both 400 and 600 °F (205 
and 315°C) should be more effective than 500 °F (260 °C). 

A series of tests have been conducted to determine the effect 
of bluing time on the per cent loss in load. 

For these tests we have used a corrected stress of 100,000 psi 
at 400 °F (205°C) for 72 hours with bluing times of 30 minutes 
and 2 hours at 800°F (425°C) for the three hardnesses of steels. 
The results are shown in the following tabulation: 





Hardness -——-30- Minute Blue ——2-Hour Blue————__, 
Level % Loss In Load Hardness % Loss in Load Hardness 
48.5 4.7 48.5 4.6 48.5 
50.0 3.8 50.0 4.2 50.0 
52.5 9.1 52.3 3.1 49.6 
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It may be clearly observed from this table that neither the 
per cent loss in load nor hardness is noticeably changed for the 
Rockwell C-48.5 and C-50 levels as a result of either a 30-minute or 
a 2-hour blue at 800°F (425°C). However, it would be well 
worthwhile to employ a 2-hour blue at 800°F (425°C) for the 
Rockwell C-52.5 springs in order to achieve the optimum properties 
at elevated temperatures. It is believed that this behavior may be 
explained on the basis of the hardness survey of the material. 

In Fig. 12 we show a comparison of SAE 6150 elevated tem- 
perature data from Zimmerli (9) with the Rockwell C-50 chromium- 
silicon. It should be realized that the Zimmerli SAE 6150 data are 
for springs wound from 0.062 and 0.148-inch diameter wire and 
that all springs were blued at 800°F (425°C) for 30 minutes and 
were then set solid with a load 100 pounds in excess of the load 
required for solid compression. In addition the SAE 6150 springs 
were tested at 350°F (175°C) for 72 hours and no correction was 
made for the change in torsional modulus of elasticity with tempera- 
ture. In comparison, the chromium-silicon springs were not set 
after bluing; were tested at 400 °F (205°C) for 72 hours and cor- 
rections made for the change in torsional modulus with temperatures. 
Even with these comparisons it is observed that the chromium-silicon 
steel is superior to the SAE 6150. 


SUMMARY AND CONCLUSIONS 


The noted change in shape of the tension stress-strain curve 
as a function of the bluing temperature is definitely associated with 
the hardness of the tempered wire. For any one particular hardness 
level neither microstructure nor hardness offers any solution to 
account for the change but an X-ray study is contemplated in an 
effort to account for the behavior. The change in the stress-strain 
relationship is reflected in the mechanical properties of the blued 
spring wires in that the elastic limits of Rockwell C-48.5 and C-50 
wires blued at 500, 600 and 700°F (260, 315 and 370°C) are 
higher than the values for the similarly blued Rockwell C-52.5 wire. 
The optimum bluing temperature for the spring wires is identical to 
that employed for the room temperature springs. The Rockwell 
C-52.5 springs exhibit the optimum spring properties under room 
temperature conditions. The most desirable bluing temperature is 


700 °F (370°C). 
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Load-deflection curves of springs from the three hardness levels 
studied show that there seems to be a definite ratio existent between 
the torsional elastic limit of the springs and the tensile strength of 
the blued spring wire. Further study is contemplated to determine 
if this ratio exists for other grades of spring wire. 

Elevated temperature spring tests show that the optimum prop- 
erties are associated with the Rockwell C-50 wire; however, Rockwell 
C-48.5 wire is only slightly inferior. An anomaly exists for the 
Rockwell C-52.5 wire in that both the 400 and 500°F (205 and 
260 °C) results are identical but it is felt that the hardness survey 
explains the behavior. 

For the elevated temperature conditions studied, chromium- 
silicon (Rockwell C-50) is superior to SAE 6150. This is quite 
interesting when it is realized that SAE 6150 has definite advantages 
due to the following factors: (a) 350°F (175°C) test temperature 
for SAE 6150 versus 400°F (205°C) for chromium-silicon; (b) 
all SAE 6150 springs were set solid after bluing while chromium- 
silicon springs were not given this treatment and (c) all chromium- 
silicon springs were corrected for the change in torsional modulus of 
elasticity due to temperature change while the SAE 6150 springs 
were not so corrected. This correction alone could well account for 
as much as 5% in stress to the disadvantage of the chromium-silicon 
springs. 
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DISCUSSION 


Written Discussion: By F. P. Zimmerli, chief engineer, Barnes- 
Gibson-Raymond, Division of Associated Spring Corp., Detroit. 

The paper by Mr. Elmendorf will go far to fill a vacant space in the 
realm of spring steel metallurgy. In calling this steel to the attention of 
metallurgists, the author is performing a distinct benefit to his profession, 

The use of steels of an analysis like the chromium-silicon steels, 
which, while not new, has deserved more attention than in the past. 
These steels were of immense service during the war in gun recoil mech- 
anisms where their high elastic limits both at room temperature and above 
were most useful. 

The shape of the stress-strain curve of the Rockwell C- 52.5 wire as 
heated to 850°F (455°C) and then after cooling reheated to 700° F 
(370°C) does not seem logical. One would presume that after heating 
to 850° F (455 °C), a short heat at 700 °F (370°C) would cause no change. - 
Were enough tests run, all giving the same result, to make an average 
which would preclude any possible error? Often this type of wire taken 
from the tempering furnace and tested will show marked changes in 
physical properties by simply standing at room temperature for a week 
or two. This often affects the ductility figures as reduction of area and 
elongation more than the tensile strength, but the wire is unstable for a 
length of time after the final heat treatment. We would like to ask the 
author’s view as to any possible connection between this unstable condi- 
tion and the shape of the stress-strain curves shown after various bluing 
heats. 

We believe the author theoretically correct when he included a 
change of modulus in the load calculations as well as to test the springs 
without the trapped stresses produced by pressing solid. In our work on 
other steels, we reversed this procedure because we could then give 
interested parties data on exactly what they would obtain on a commer- 
cially-made spring. 

The author’s remarks on the superior performance of the chromium- 
silicon steel over SAE 6150 are well founded. During the last war, we 
used many tons of chromium-silicon steel. We produced Rockwell 50 to 
54-C springs blued at 750 °F (400 °C) after coiling that lasted two to three 
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times longer than similar ones from pretempered 6150 in automatic can- 
non. The heat and impact loading caused the springs to fail from setting 
rather than fatigue in the number of loadings during the gun life. This 
setting caused them to be too short to give the necessary gun action. 
When we could get silicon-manganese steel SAE 9260 in sound wire, this 
ran the chromium-silicon a close second in resistance to setting. It seems 
to us that the use of steels containing appreciable quantities of silicon 
should be investigated for use in springs. The fact that most wire mills 
do not like to process these steels should not mitigate against a knowl- 
edge of their properties. We hope the author will continue his good 
start and test vanadium-silicon, silicon-manganese or similar steels for 
spring uses. It may be by juggling the present analyses a little, the ease 
of processing can be improved and the high spring qualities retained. 

Written Discussion: By Daniel Chieger, corporation metallurgist, 
L. A. Young Spring & Wire Corp., Detroit. 

As users of spring wire material, we are extremely interested in the 
thorough investigation of tempered chromium-silicon steel by H. J. 
Elmendorf. The superiority of chromium-silicon over SAE 6150 under 
elevated temperatures was proved by actual field reports during the war 
years. 

The reduction of the elastic limit during the coiling operation due to 
cold work is an important problem in the spring industry. The elastic 
limit of any grade of wire must be raised by “bluing,” not necessarily to 
its precoiled values but to a value which will give the springs optimum 
spring properties. These values may even be higher than precoiled values. 

All tests performed to determine the most desirable bluing tempera- 
ture were made on as-tempered wire. The tension stress-strain curves 
for each hardness at various bluing temperatures as shown in Figs. 1 to 3 
do not take into effect the cold work that is actually done when a spring 
is coiled. These curves would have assimilated actual conditions had there 
been previous cold work on the material as in the case of hard drawn 
spring wire. 

It is the opinion of the writer that the same amount of cold work 
should be performed on each of the three hardnesses in question. Then 
the response to the bluing temperatures would be of practical value. 
One method used by the writer is the use of a wire straightening machine 
to break down the elastic limit. Another is to actually uncoil around an 
arbor a previously coiled spring. 

In investigating properties of this particular grade of steel, we have 
obtained a coil of this material which was cold drawn after tempering, 
the tensile strength being 287,000 psi with a hardness of only Rockwell 
C-48.5. This coil is at present being tested in the laboratory for use in 
highly stressed springs. 

Written Discussion: By B. S. Norris, research metallurgist, York 
Corp., York, Pa. 

There are several questions that I would like to ask the author in 
connection with the effect of the “bluing” heat treatment on the proper- 
ties of the chromium-silicon steel wire and of the springs coiled from it. 
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Does the modulus of elasticity of the wire change with increase in “blu- 
ing” temperature? 

We have observed while working with cylindrical music wire springs 
that their load-deflection properties change as the “bluing” temperature 
increases. The load required to compress a spring to a given height in- 
creases to a maximum and then decreases with increase in the “bluing” 
temperature. Has the author ever observed this behavior in the chro- 
mium-silicon steel springs? 

I want to congratulate the author for the fine contribution which 
he has made to the fundamental information pertaining to spring steels. 


Author’s Reply 


I wish to thank all of those who have taken the time and effort to 
contribute discussions to this paper. Their kind comments are appreci- 
ated and it is to be hoped that other spring wire producers will assist us 
all in the accumulation of data which are so much needed by the spring 
designer. 

Mr. Zimmerli states that reducing the hardness of the Rockwell 
C-52.5 wire to Rockwell C-48.3 and subsequently stress relieving at 
700 °F (370°C) should not logically change the shape of the tension 
stress-strain curve. We agree that such a change is not to be expected; 
however, the curve shown is but one of five duplicates each and every- 
one showing the same result. 

We have likewise observed that tempered wires often exhibit marked 
changes in ductility properties when allowed to age at room temperature 
for a period of time. With this observation in mind we allowed each 
hardness lot of this wire to age at room temperature for one month 
before our investigation was initiated. We consequently do not feel 
that the unstable condition referred to has any connection with the 
marked changes in shape of the tension stress-strain curves; however, 
it may well be that an even longer period of time might be required. 

We are glad to note that Mr. Zimmerli corroborates our findings on 
the superiority of chromium-silicon to SAE 6150 both at room and ele- 
vated temperatures. In like manner we, too, have found that SAE 9260 
offers properties closely related to those of chromium-silicon. From all 
the data available it would seem that the addition of silicon in alloying 
amounts to spring steels has resulted in superior properties particularly 
for high temperature uses. It is, however, felt that for room temperature 
uses the spring industry could well look into the production of a higher 
carbon chromium-vanadium steel such as SAE 6160-6170 which would 
allow us to temper it to higher hardnesses thus offering a new steel for 
use in high stress springs. 

Mr. Chieger emphasizes the fact that the use of a stress-relief “blu- 
ing” after coiling is of paramount importance to the spring industry. He 
likewise states that the elastic limit of a coiled spring is materially raised 
by such a stress-relief and the value may be greater than that exhibited 
by the precoiled wire. We, too, have found such a condition to exist and 
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we would like to ask if Mr. Chieger has any data correlating such values 
with the amount of cold work which might be predicated by, say, the 
index of the spring. 

It is true that we tentatively determined the most desirable bluing 
temperature from the results obtained on tempered wire which had not 
been subjected to any amount of cold work. We would like to say that 
in almost every instance the springs subsequently coiled from this wire 
have exhibited their maximum properties when blued at the temperatures 
based on the tempered wire survey. We do agree that probably an 
absolute comparison could be made if the wire had been cold-worked to 
the same amount as the spring and little exists that the best method 
would be to unwind a series of springs trusting that the unwinding has 
no harmful effects. 

With regard to Mr. Norris’s question we would like to say that we 
have not observed any change in the modulus of elasticity with the 
changes in bluing temperatures. We have found that there is a pretty 
definite bluing temperature for every analysis of spring wire and the use 
of this specific bluing treatment results in the maximum spring proper- 
ties. We might say that said bluing temperature will depend to a large 
extent on the analysis and method of manufacture of the wire. 


es 





TEMPERING EFFECTS AND THE MECHANICAL 
EQUATION OF STATE 


By J. C. Fisher anp C. W. MacGrecor 


Abstract 


The notion of a mechanical equation of state is ex- 
tended to include materials in which the process of tem- 
pering is proceeding. A composite variable p, including 
the combined effects of tempering temperature and time, 
is introduced as a measure of the degree of tempering. 
Tension tests of the true stress-strain type, conducted at 
constant true strain rates on SAE 1045 steel, are em- 
ployed to show the effects of tempering on the true stress- 
strain properties. It is shown that the tempering process 
is independent of strain, supporting the view that in the 
absence of recrystallization and similar phenomena the 
stress reaction in a specimen composed of tempered mar- 
tensite depends only on the instantaneous values of the 
testing temperature, strain, strain rate and tempering 
parameter p. 


HE view that under certain conditions the stress reaction in 

metals undergoing plastic flow depends only upon the instanta- 
neous values of the testing temperature, strain and strain rate (1) 
to (3)? is supported by recent experimental evidence (1) to (4). 
Symbolically the relationship is o =o (T,«,«’) and accordingly it is 
possible, in principle at least, to tabulate groups of oa, T, «, e’ values 
in such a way that when any three are known the fourth can be 
found from the table. 

The relationship o =o (T,«,«’) for the plastic flow of metals 
is similar to that relating the pressure, temperature and specific vol- 
ume of gases, P—P(T,v). For ideal gases the latter equation 
becomes P = RT/v where R is a constant, and for real gases the 
dependence of P on T and v is frequently given in tabular form as 
 ‘*Phe figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, J. C. Fisher 
is associated with the Department of Mechanical Engineering, and C. W. Mac- 
Gregor is professor of applied mechanics, Massachusetts Institute of Tech- 
nology, Cambridge, Mass. Manuscript received July 1, 1947. 
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for example in tables of the thermodynamic properties of steam. 
The relationship P= P(T,v) has been called the “equation of 
state” for gases, and similarly the relationship ¢ —o (T,«,¢’) has 
been called the “mechanical equation of state” (1) to (3) for the 
plastic flow of metals. 

A mechanical equation of state would be of considerable value 
for predicting the plastic behavior of metals. Assuming that the 
relationship is known, then the strain rate is determined for each 
combination of values of stress, strain and temperature. If stress 
and temperature are given as functions of the time or strain, a com- 
plete creep curve may be calculated without recourse to additional 
experiment. 

Since the stress reaction in a material which is governed by a 
mechanical equation of state is fixed by values of instantaneous 
strain, strain rate and temperature, the previous history of these 
variables is unimportant. Where this equation holds, a specimen 
may be extended rapidly to a given strain at room temperature, then 
stressed at elevated temperature and the creep rate measured. This 
would be the same creep rate which the specimen would have if it 
were allowed to exterid to the same strain by creep alone, a process 
which might take many months or years. By making use of the 
mechanical equation of state, the strain rate versus strain relation- 
ship might be rapidly determined by prestraining various amounts 
in this manner (2). 

The actual embodiment of the mechanical equation of state for 
an “ideal metal” in an algebraic formula would give the greatest 
possible simplification to the prediction of plastic flow phenomena. 
It would then be necessary only to make a few tests designed to 
determine the values of the constants in the formula, after which 
plastic behavior under any set of conditions is determined. Such 
a formula for the mechanical equation of state has in fact recently 
been proposed (3). 

The mechanical equation of state o—o (T,«,¢’) applies only 
to a restricted class of materials, in which there is no strain aging, 
recrystallization, graphitization, tempering, phase change, corrosion, 
or other process which alters the composition or structure of the 
metal as a function of time. As the composition or structure changes 
due to one or more of these processes, the nature of the mechanical 
equation of state is also expected to change. The restriction of the 
present theory to such stable and inert metal structures is a serious 
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drawback in its application to alloys of practical value, most of which 
change with time by one or more of these processes. 

, The present paper attempts to overcome this difficulty in part, 
extending the notion of a mechanical equation of state to materials 
in which the process of tempering is proceeding. The extension is 
made possible by introducing a fifth variable as a measure of the 
degree of tempering, indicating a procedure whereby the mechanical 
equation of state can be still further extended to include rate proc- 
esses other than tempering. 


Tue TEMPERING PARAMETER 


Recent studies of the hardness of tempered martensite indicate 
that the hardness is a function of the single parameter p defined as 
p == T(1+ k log,,t) for tempering at a constant temperature T(5).° 

This suggests that in a tension test of a specimen of tempered 
martensite, the stress reaction at a given value of testing temperature, 
strain and strain rate is also a function of the single parameter p 
determined from the tempering process. Symbolically, 


o=a(p) 
1a 


or more generally 


oa (T,¢,¢,p) 


where it is understood that the degree of tempering indicated by p 
has been reached before the tension test has begun and does not 
change appreciably during the test. : 
The relationship ¢ =o (p) | , subject to the restriction 
PY ed 
that p shall not change during the tension test, has been verified by 
the experimental program described below, in which a number of 
tension tests are performed on specimens composed of tempered 
martensite at different values of p obtained by tempering at a num- 
ber of temperatures for different times. 





*If the tempering process is not carried out at constant temperature the value of the 
parameter p can be computed by integration according to the relationship ‘ 


dp T 
a: p/T — I/k 


(2.303) (10) 
(see reference 5). 
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EXPERIMENT 


About 50 quarter-inch diameter tension specimens were ma- 
chined from a single bar of SAE 1045 steel. They were heated at 
1550 °F (845°C) for 30 minutes in a lead bath, and then water- 
quenched.’ Three specimens were then tempered in a lead bath at 
each of the following temperatures: 1300, 1200, 1100, 1000, 900, 
800, and 700 °F (705, 650, 595, 540, 480, 425 and 370°C). At 
each temperature one specimen was tempered for 10 hours, one for 
1 hour and one for 0.1 hour. Upon removal from the lead bath 
after tempering, each specimen was quenched in water. 

True stress-strain tension tests were then conducted on each 
specimen, maintaining a constant true strain rate e«’ = (10)-*sec”? 
and a constant temperature (room temperature) throughout each test. 

The stress-strain curves so obtained are shown in Figs. 1 to 3. 
Two specimens broke at small strain values from surface cracks 
which appeared near the end of the test. The curves corresponding 
to these specimens are terminated with crosses. The remaining 
specimens exhibited cup and cone fractures originating on the axis 
of the specimen. One specimen had a large axial crack apparently 
formed during quenching, and was discarded. 

For constant tempering temperature, the parameter p takes the 
form p = T(1+ k log, ,t) where k is to be determined from experi- 
ment. By several trials it was found that for t in hours a value of 
k = 0.050 gave the smoothest curve of stress at a given strain versus 
p, and this value was adopted. A typical curve of stress at a given 
strain versus'p is shown in Fig. 4 for this group of tension tests. 
The strain value selected was 0.2, although similar curves were found 
for all other strain values. Fig. 4 indicates clearly that with the 
testing temperature, strain and strain rate fixed the stress reaction 
in a specimen depends only upon the parameter p. This confirms 
the relationship o =o (p) < discussed above under the con- 

, 
» €,€ 
ditions that p does not vary appreciably during the test. 

The question now arises as to the possibility of applying the 
relationship o =o (T,«,«’,p)- to situations where p varies during 
the test; in other words to tests at temperatures high enough for 
appreciable tempering to occur during the course of the deformation. 
In order to answer this question in part, a second series of tests was 
conducted. 

A number of as-quenched martensitic specimens were tempered 
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True Stress -!OO0O psi 





0 0.2 0.4 0.6 0.8 1.0 1.2 
True Strain 

Fig. 1—True Stress-Strain Curves for Specimens of 

Tempered Martensite, Tempered for 0.1 Hour at Indicated 


Temperatures. Tension tests conducted at room tempera- 
ture and at a constant true strain rate e’ = (10)-%sec™., 


for 1 hour at 900°F (480°C). Two of these specimens were de- 
formed at room temperature and at a constant true strain rate of 
e’ = (10)-*sec™* to each of the following true strains: « —0.10, 0.05 
and 0.025. Two specimens were left unstrained. To these eight 
specimens were added two as-quenched martensitic specimens, and 
the ten were tempered for 1 hour at 1200 °F (650°C). The subse- 
quent tempering at 1200 °F was selected to continue the tempering 
process in the presence of plastic strain. 

Following the 1-hour temper at 1200 °F (650 °C) the deforma- 
tion of each specimen was continued to fracture at room temperature 
and at the same constant true strain rate « — (10)-*sec**. The av- 
erage true stress-strain curves are shown in Fig. 5.* 

The curve for the unstrained specimens tempered at 1200 °F 
(650°C) for 1 hour superposes on that for unstrained specimens 


*One of the specimens strained to 0.10 prior to the 1200 °F temper was discarded as 
irregular. It broke from external cracks at a small strain value. 
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True Stress - 1000 psi 








0 0.2 0.4 06 0.8 1.0 1.2 
True Strain 


Fig. 2—True Stress-Strain Curves for Specimens of 
Tempered Martensite, Tempered for 1 Hour at Indicated 
Temperatures. Tension tests conducted at room tempera- 
ture and at a constant true strain rate e’ = (10)-%sec™}. 


tempered at 900°F (480°C) for 1 hour and then at 1200 °F for 
1 hour. This is to be expected for this material since it can be 
shown that 1 hour at 900°F is equivalent to about 1 additional 
second at 1200 °F, a negligible quantity.‘ The curves for specimens 
tempered at 900 °F for 1 hour, strained, tempered at 1200 °F for 
1 hour and then strained to fracture show that the process of tem- 
pering for 1 hour at 1200 °F has removed the effects of prior strain. 
Each specimen begins deformation anew as though it had not been 
previously strained. The stress-strain curves obtained after the 
1200 °F heat treatment are all identical with one another and with 
those for zero prior strain if they are all shifted by the amount of 
their prior strain to a common origin. Table I gives the stress values 
at several strains for the curves so shifted, the differences being too 


‘Tempering for 1 hour at 900 °F is equivalent to tempering for a shorter time At at 
1200 °F, according to the relationship p = (460 + 900) (1 + 0.050 log 1) = (460 + 


1200) (1 + 0.050 log At) since the value of p is by hypothesis the same at each tempera- 
ture. Solving this equation, At = 0.00025 hour = 1 second. 
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True Stress -/OOO psi 





0 0.2 0.4 06 08 1.0 1.2 
True Strain 

Fig. 3—True Stress-Strain Curves for Specimens of 

Tempered Martensite, Tempered for 10 Hours at Indicated 


Temperatures. Tension tests conducted at room tempera- 
ture and at a constant true strain rate e’ — (10)-%sec™}. 


small for observation in curves of the same scale as shown in Figs. 
1 to 5. These small differences are within experimental variation. 

Fig. 5 and Table I indicate that tempering proceeds independ- 
ently of strain, even when the process of recrystallization is also 
going on. 


DISCUSSION OF RESULTS 


In order to demonstrate that an extended mechanical equation 
of state of the form o =o (T,«,¢’,p) exists for metals in which no 
processes other than deformation and tempering occur, it is neces- 
sary to show the following: 

(A) At each (fixed) value of p a restricted mechanical equa- 
tion of state of the form o —ao (T,.«,«’) exists. This is the mechan- 
ical equation of state proposed by Zener and Hollomon (1) to (3) 
for metals in which processes other than deformation do not occur. 
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Fig. 4—-Stress Reaction at a Strain of 0.2 for Specimens of Tempered Martensite, 
Versus Tempering Parameter p — T(1 + 0.050 logit), from Stress-Strain Curves in 
Figs. 1-3 Conducted at Room Temperature and Constant True Strain Rate 


é — (10) 83sec 1 


evidence has been given elsewhere for its validity, which is assumed 
in the present discussion. 

(B) The relationship o =o (T,.«, e’) corresponding to a given 
value of p (fixed before deformation begins) is the same for all 
possible heat treatments leading to that value of p; i.e., p is a variable 
which uniquely fixes the “degree of tempering’. This has been con- 
firmed earlier for hardness measurements (5) and in the present 
investigation where the relationship between o and e at constant T 
and e’ (and therefore presumably between o, T,« and ¢«’ in the gen- 
eral case) is shown to depend only on the value of p independently 
of the heat treatment through which p was produced. 

(C) [an extension of (B)]. The tempering parameter p 
uniquely fixes the “degree of tempering” and the corresponding re- 
stricted mechanical equation of state oo (T,«, e’) even when tem- 
pering proceeds in the presence of arbitrary values of the remaining 
variables strain, strain rate and stress. The present investigation 
supports this in part, showing that the rate of tempering does not 
change in the presence of strain. It is also shown that the rate of 
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Fig. 5—Effect of Strain Prior to Tempering on True 
Stress-Strain Curves of Tempered Martensite. 


tempering does not change in the presence of recrystallization. 

Some information regarding the effects of stress and strain rate 
on the tempering process can be inferred from a study of the influ- 
ence of these variables on the rate of spheroidization of pearlite. 


Table | 


Stress Reaction Versus Strain for Martensitic Specimens Tempered 1 Hour at 900 °F, 

Strained Varying Amounts, Tempered 1 Hour at 1200°F and Then Strained to Fracture 

at Room Temperature and Constant True Strain Rate «’ — (10)-*sec-'. Strain Values Are 
Computed from Zero at Beginning of Final Deformation After 1200 °F Treatment 





psi) X 1000 at Selected Strain Values—., 


Specimen Prior -—Stress Reaction ( 
umber Strain e = 0.05 e= 0.1 € = 0.20 e€ = 0.40 € = 0.80 
53 © 105.9 116.3 127.0 145.3 179.0 
54 ® 105.6 117.2 128.4 147.0 182.0 
46 0 107.1 117.7 128.8 147.1 181.0 
47 0 104.2 114.9 125.4 143.7 177.8 
37 0.025 107.3 117.6 128.4 146.5 179.4 
44 0.025 106.8 116.8 127.2 145.3 179.5 
36 0.05 108.3 119.5 130.2 148.4 182.5 
45 0.05 107.6 118.2 129.1 147.4 181.4 
48 0.10 109.5 119.9 131.1 149.3 182.4 


*No 900 °F treatment. No prior strain. Tempered 1 hour at 1200 °F only. 


Nene 
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Pearlitic specimens heated under load have been found to spheroidize 
with unchanged rate in the presence of stress, strain rate and strain 
(6), where the values of these variables were large in comparison 
with those customarily encountered in creep testing but small in 
comparison with those encountered in the tension test. Since the 
tempering of martensite and the spheroidization of pearlite are both 
processes which depend upon the diffusion of carbon, it is not un- 
reasonable to expect that the former would also proceed independ- 
ently of stress and strain rate. 

It seems probable therefore that the parameter p determines the 
“degree of tempering” of martensite even when tempering proceeds 
in the presence of strain, strain rate and stress; and that a mechanical 
equation of state of the form oo (T,«,¢’,p) exists for this ma- 
terial.® 


CONCLUSIONS 


It has been shown that at a given strain the stress reaction in a 
specimen with tempered martensitic structure is a function of the 
single tempering parameter p = T (1+ k log,,t) for tension tests con- 
ducted at constant temperature and constant true strain rate. 

The rate of tempering for this material has been shown to be 
independent of prior strain and of recrystallization. 

Experimental evidence has been given which is consistent with 
the view that an extended mechanical equation of state of the form 
o =o (T,.«,¢’,p) exists for tempered martensite during the temper- 
ing process, in the absence of recrystallization, phase change and 
similar phenomena. 


References 


1. C. Zener and J. H. Hollomon, “Problems in Non-Elastic Deformation,” 
Journal of Applied Physics, February 1946. 


J. H. Hollomon, “The Mechanical Equation of State,” American Institute 
of Mining and Metallurgical Engineers, Technical Publication No. 
2034; Metals Technology, September 1946. 


3. J. H. Hollomon and J. D. Lubahn, “The Flow of Metals at Elevated 
Temperatures,” General Electric Review, February and April 1947. 


4. C. W. MacGregor and J. C. Fisher, “Tension Tests at Constant True 
Strain Rates,” Journal of Applied Mechanics, Vol. 12, No. 4, Decem- 
ber 1945, p. A-217; also “A Velocity-Modified Temperature for the 
Plastic Flow of Metals,” Journal of Applied Mechanics, Vol. 13, No. 
1, March 1946, p. A-11. 


" 8It is is, however, less likely that a similar mechanical equation of state exists for large 
deformations of a pearlitic structure during spheroidization, as it appears that large strain 
values increase the rate of spheroidization (6). 


to 





; 
: 
; 


312 TRANSACTIONS OF THE A. S. M. Vol. 40 


5. J. H. Hollomon and L. D. Jaffe, “Time-Temperature Relations in Tem- 
pering Steel,” American Institute of — and Metallurgical Engi- 
neers, Technical Publication No. 1831, 1945. 


6. R. W. Bailey and A. M. Roberts, “Testing of Materials for Service in 
High-Temperature Steam Plant,” Proceedings, Institution of Me- 
chanical Engineers, Vol. 122, 1932, p. 209. 


DISCUSSION 


Written Discussion: By L. D. Jaffe, Watertown Arsenal Laboratory, 
Watertown, Mass. 

The authors mention that they found the rate of tempering to be 
independent of recrystallization. They do not give evidence that recrys- 
tallization took place in their experiments. Was the occurrence of re- 

crystallization simply inferred from the treatments used? 

Written Discussion: By Mary Baeyertz, senior physical metallurgist, 

Armour Research Foundation of Illinois Institute of Technology, Chicago. 

The authors are to be congratulated on their effort to supply experi- 
mental evidence leading to the practical application of the mechanical 
equation of state and the tempering parameter as defined by Hollomon 
and Jaffe. The very excellence of their data leads to our comment. 

In discussing the data in their Table I and Fig. 5, they state that the 
stress-strain curves, after straining and tempering at 1200°F (650 °C), 
are identical with one another and with those for zero prior strain, within 
experimental error. While this is true for the error involved in tensile 
tests in general, examination of Table I shows that there is a constant 
; drift in the values of stress at selected units of strain in the final tensile 
tests, tending toward higher stress values as the prior strain is increased. 

This drift over the series from 0 to 0.1 prior strain is in general greater 


: than the difference between duplicate values from specimens with the 


same prior strain. Might this not indicate a small effect of recrystal- 
lization, or a resultant of the influence of recrystallization and a change 
in the rate of growth of the carbide spheroids, which effects might be 
larger with larger amounts of prior strain or longer tempering periods 
at 1200 °F (650°C)? 

It is known that recrystallization of ferrite in 0.45% carbon steels 
with strain between zero and 0.1 is a slow process even at 1200°F 
650 °C), thus the 1-hour period might be expected to have an effect, but 
small in magnitude. In view of this we wonder whether the data from 
these tensile tests can be considered as support of the broad general con- 
clusion that the rate of tempering is independent of prior strain and re- 
crystallization without confirmation that the effect of prior strain is 
negligible for larger strains and longer tempering periods. 

Written Discussion: By J. J. Kanter, materials research engineer, 
Crane Co., Chicago. 

A suggestion is made by the authors to the effect that a specimen 
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may be strained at room temperature in such a manner that subsequent 
stressing at elevated temperature will afford an immediate creep rate 
such as would attain only after an extensive period of time by creep 
alone. This indeed is a rash suggestion, as made without supporting 
evidence, particularly in view of the emphasis with which it was set forth 
in the presentation of the paper. 

Lest anyone get the impression that we have yet attained a state of 
theoretical development on the subject of creep testing, warranting con- 
templation of the abandonment of long-time creep tests, attention is 
directed to the fact that rather abundant experimental evidence exists 
showing that cold pre-straining of creep test specimens does not either 
eliminate or diminish primary creep as it should under the authors’ thesis. 
On the contrary it serves to increase the amount of primary creep and to 
prolong the time period necessary for the reaching of a uniform creep 
rate. 

It is difficult to reconcile the view held by the authors with the cur- 
rently accepted conceptions on the nature of primary creep. If primary 
creep be an aspect of the leavening of inequities in micro-stress distribu- 
tions among crystals, it is difficult to understand how the rapid attain- 
ment of the end result of such a process could be attributed to cold 
straining in any degree. One would expect cold strain only to accentu- 
ate these micro-stress inequities. The process whereby a creep specimen 
attains its secondary uniform creep rate at elevated temperature seems 
rather to be one of adjustment or acclimatization to the conditions attend- 
ing that temperature. The acclimitization process is made possible in 
creep straining through the mutual effects of diffusion and dislocation 
movements. At room temperature the practical absence of the diffusion 
adjustment in most metals would obviously lead to quite another strain- 
ing process and a subsequent prolonged creep straining involving simul- 
taneously ‘diffusions and dislocations is required to establish a uniform 
rate of creep. 


Authors’ Reply 


The authors wish to thank the several discussers for calling their 
attention to a number of interesting questions. 

Mr. Jaffe is correct in that the occurrence of recrystallization was not 
checked metallographically. It was observed that initial work hardening 
of the specimens had disappeared after tempering. Recovery, rather 
than recrystallization, may well have been the mechanism by which the 
effects of prior deformation were removed. 

Dr. Baeyertz has drawn attention to the slight increase in stress with 
increasing prior strain for specimens strained varying amounts at room 
temperature, tempered 1 hour at 1200°F (650°C), then tested in tension 
at room temperature. The authors feel that this increase does not 
necessarily represent a change in the material properties, but rather a 
change in specimen geometry. The tension specimens employed in the 
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investigation were not strictly cylindrical throughout their reduced sec- 
tion; the final polishing operation left the central portion of each gage 
length an average of about 0.002 inch smaller in diameter than the end 
portions. Straining prior to tempering increased the relative depth of 
this very shallow notch. It is believed that the small increase of stress 
noted by Dr. Baeyertz was due to a slight notch effect which became 
more severe with increasing prior strain. 

The case for short-time creep testing as a substitute for long-time 
tests was considerably oversimplified, particularly in the oral presentation 
of the paper, as pointed out by Mr. Kanter. It was the purpose of the 
authors to stimulate further interest and study in what they believe to be 
an important field of investigation; one which may ultimately lead to 
reliable short-time tests. The possibilities of such short-time testing are 
indicated by the data of Hollomon and Lubahn*® who showed that for the 
material tested, specimens stressed at elevated temperature after rapid 
straining at room temperature proceeded with very nearly the same creep 
rate as though they had attained their final strain value by creep alone. 
Any inconsistencies between the mechanical equation of state concept and 
currently accepted views of the creep process can only be reconciled by 


further experiment, perhaps along the lines of the investigation under 
discussion. 


*J. H. Hollomon and J. D. Lubahn, General Electric Review, February and April 1947. 


CONCEPT OF THE HYDROGEN POTENTIAL IN 
STEAM-METAL REACTIONS 


By CarL A. ZAPFFE 


Abstract 


A thermodynamic study of numerous reactions of 
metals and alloys with moisture develops the concept of 
the “hydrogen potential”—a chemical attribute of the 
hydrogen released during the moment of reaction which 
generates known or calculable pressures of hydrogen in 
a closed system and which can therefore in turn be meas- 
ured for dynamic systems in terms of those pressures. 

Since the absorption of hydrogen by metals is a func- 
tion of the hydrogen pressure, these “hydrogen potentials” 
provide a basis for calculating the liability of the various 
metal systems to hydrogen pickup from the moisture 
reaction. 

Calculations for iron, steel, stainless steel, nickel, 
chromium, manganese, silicon, aluminum, and magnesium 
are presented in graph form; and the significance of the 
plots is discussed. Conditions over a wide range of 
temperature and a wide range of humidities and steam 
pressures yield calculations which readily explain numer- 
ous metallurgical phenomena, such as gassiness in ferritic 
stainless steels, gassiness in siliconized iron and steel, 
pinhole porosity in magnesium and aluminum, anomalous 
low, ductility in killed steels, decarburization of steam 
superheaters, embrittlement of steam boilers, differences 
between steels made in summer and in winter, and be- 
tween pig trons made in southern and in northern cli- 
mates, and so forth. 


INTRODUCTION 


HROUGHOUT the metal industry observations are numerous 

that hydrogen-caused defects stem from reactions of the metal 
with moisture at elevated temperatures. 

In the aluminum and magnesium industries, moisture is such a 
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virulent source of hydrogen for the metal that dehydrogenizing 
measures become a virtual necessity for preventing pinholing; yet 
these metals scarcely dissolve measurable hydrogen when melted 
under one atmosphere of the pure gas. 

In the ferrous industry, the role of moisture as a hydrogenizer 
has been widely indicated, though never well understood. To 
moisture can be traced the fact that an improperly dried charge, 
ladle lining, or mold can lead to hydrogen-caused gassiness; that 
weld defects from moisture in an arc-weld electrode coating can be 
more severe than those from the atmosphere of atomic hydrogen 
welding itself; that defects in vitreous enamel coatings applied to 
cast iron and steel are strongly ruled by reactions with remanent 
moisture in the bisque; that hydrogen-caused defects in general are 
more prevalent in humid summer months; that southern pig iron 
differs from northern pig iron in at least one respect traceable to 
hydrogen; and that commercial steels analyzed for hydrogen cus- 
tomarily show greater contents of that gas than correspond to the 
Sieverts’ solubility calculated from measured partial pressures of 
hydrogen found, for example, in the atmosphere of furnace, ladle, 
or mold. 

In addition, there are phenomena of “wild heats’’, porosity, and 
low ductility anomalously associated with additions to iron and steel 
of deoxidizer elements—aluminum, silicon, manganese, also the chro- 
mium in stainless steel—which become readily explained when the 
individual steam-metal reactions are explored thermodynamically on 
the basis of their respective hydrogen potentials. 


CONCEPT OF THE HypROGEN POTENTIAL 
Chemical Principles of Steam-Metal Reactions 


In steam-metal reactions, one is dealing primarily with surface 
reactions. A product, hydrogen, develops which in the case of most 
metals finds two subsequent paths available: (a) diffusion into the 
metal and (b) escape into the atmosphere. 

For both paths there are limiting conditions for (a) solubility, 
on the one hand, and (b) aerostatics, on the other, which depend 
directly upon and are controlled by the chemical activity of the 
nascent hydrogen at its point of genergtion. 

Because of the interdependency ot these limiting conditions with 
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the activity of the im situ hydrogen produced by the steam-metal 
reactions, that activity can be described and measured either in terms 
of limiting solubility or limiting pressure. The latter—limiting pres- 
sure—is quite accurately known from decades of investigations on 
the equilibria of metals in atmospheres of steam and hydrogen. 
Briefly reviewing the chemical principles of the systems in ques- 
tion, one begins with the equation for the dissociation of steam (1) : 


H: + % OO. = H:0 Equation la 








P io ' 
log K log —_____. ¢ Equation Ib 
H.0 ~ "8 pop, yf 
AF° 
4.575 T 
12,375 19.93 
—_— — .8065 log T + 0.0797 K 10° T + — 0.5955 
T T* 


This expression can be simplified to retain sufficient accuracy in the 
important temperature range 2730 to 3090°F (1500 to 1700 °C) 
later to be discussed: 


13,150 
log K yy. a 
O 7 





— 3.045 Equation Ic 


From K 4.0, the oxygen pressure, P o,, is readily calculated: 


é P, Rd 
Po ~— s Equation II 
(Pu, (Kyy.0 ) f 


If one considers a system wherein P,, ,. = 1 atmosphere: 


: J . j 
Po yP x, (Ke.o ) ) Pr, (Ky.0) { 
iquation III 


All metals which are oxidized by steam establish by that fact 
that the oxygen pressure P,. of thermally dissociated steam is 
greater than the oxygen pressure of the particular oxide which is 
formed: 


\P O. Ho > P of MeO Equation IV 


Thus, the metal and steam proceed to react to form hydrogen and 


'The figures appearing in parentheses pertain to the references appended to this paper. 
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metal oxide until (a) the metal phase vanishes, (b) the steam is 
depleted, or (c) sufficient hydrogen is produced and retained to 
equilibrate the oxidation reaction : 


k 
xMe + HzO ——> MexO +2H(=H:) Equation V 


° © . ° 
with the reverse reduction reaction: 


k’ 
MexO + He ——> xMe + H:0 Equation VI 


where k and k’ are the respective reaction rates; and equilibrium 
is established : 





Me.O + H: S$ xMe + H:O Equation VIla 
™ k’ P i.0 (Me)* " s 
Kye = 7 = Py. . Me.O Equation VIIb 


with all three phases simultaneously present: (a) metal, (b) oxide, 
and (c) gas containing a prescribed balance of H, and H,O. 


Limiting Hydrogen Pressure in Closed Systems 


Thus, from experimental determinations of the equilibrium 
constant in Equation VIIb, the limiting P,, of a steam-metal 
reaction can be readily calculated for any given P,, .... Throughout 
subsequent calculations, P,,. shall be arbitrarily fixed at 1 atmos- 
phere, except where necessary digressions are noted. A practical 
significance of setting P,, ,. — 1 atmosphere lies in the fact that hot 
metal contacting H,O in a condensed phase—such as moisture in a 
damp charge or in a mold wash—probably creates a local steam pres- 
sure having an approximate minimum magnitude of 1 atmosphere ; 
also, calculations therefrom are conveniently extrapolated to other 
pressures. 

Because of the instantaneous nature of the surfacial reaction in 
question, it is clear that the system cannot be studied on a gross 
scale. Error has developed before from attempting to relate hydro- 
gen solubility in boiler steel, for example, to the measured P,, in the 
external system; and a similar warning (2) should be issued in the 
case of recent attempts to relate hydrogen in weld metal to the 
Pj;, of the gaseous envelope (3 to 6). There is a relationship; but 
it is sufficiently indirect to make recent promising results fortuitous 
and not dependable. 
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Instead, one must make his measurements, at least for hydrogen 
solubility, on the basis of that limiting P,, which would develop 
if the system were closed off appropriately to allow accumulation of 


the H, product. This, then, is the concept of the hydrogen potential 
here introduced. 





@ OXIDE 
B® METAL 


Fig. 1—-Hypothetical Thermodynamic Chamber Containing 
a Metal Diaphragm Upon Which Steam Impinges at a Fixed 
Pressure of 1 Atmosphere. As long as the system retains its 
metallic phase, hydrogen is developed until the equilibrium ratio 
H.O/He is attained in accordance with the stipulations of the 
Phase Rule and known experimental measurements. Diffusion 
of H atoms into the metal is governed by the surface activity 
of the nascent hydrogen which similarly creates Pyy,. This sur- 


face activity is therefore measured in turn by Py, here called 
the “hydrogen potential’. 


Condition I: Metal Saturated With Oxygen—To clarify the 
thermodynamic nature of the hydrogen potential, isolation of a thin 
microsystem will be helpful, taken at the site of a steam-metal re- 
action before dissipation of reaction products into the environmental 
macrosystem has taken place. Let us consider a metal Me, liquid 
or solid, which contacts steam H,O at some elevated temperature. 
In Fig. 1 there is constructed an hypothetical thermodynamic cham- 
ber made of nonreactive walls, representing the effectively closed 
microsystem in question. Subdividing this chamber is a diaphragm 
of metal, which represents the metal surface in question. Into the 
right-hand compartment steam is introduced ; and its partial pressure 
is maintained there at P,,,. 1 atmosphere, regardless of other 
changes in the system. This is permissible as an approximating 
assumption, for an instantaneous reaction is being considered whose 
chemical potential is determined by the initiating P,,,. That hypo- 
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thetical chamber then receives H,O at a fixed pressure and collects 
the H, as it is developed. The right-hand side of the diaphragm 
shows diagrammatically simultaneous exposure of metal and oxide 
to this gas atmosphere, consistent with the sense of an instantaneous 
reaction. 

Both oxygen and hydrogen dissolve in the metal :* 


% % 
Py) =a(O]= 1K o, (Po, ) =K’o, (Po, ) Equation VIII 


% % 
Py, = b[H] =} ) Ku, (Pu, ) = K’y, (Pu, ) Equation IX 


where K,, and K,, are the dissociation constants for O, and H,, 
respectively. In both cases the solubility approximately conforms 
to Henry’s Law, as shown by the first terms of Equations VIII and 
IX. However, since free oxide is present in the conditions of Fig. 1: 


[O}] = [O] sat. Equation X 


} Po, [0] = IP 6, tee 1P o, = Equation XI 


A further increase in oxygen pressure would therefore not increase 
|O], but would instead remove the free metal phase, in accordance 
with the demands of the Phase Rule. 

As for hydrogen, however, its solubility has no known limit 
and increases with pressure according to Equation IX, with no 
sacrifice of the metal phase. While P,. is made constant by the 
simultaneous presence of oxide, P;, —w baich determines [H] accord- 
ing to Equation [X—is a variable within certain prescribed limits. 
For the thermodynamic microsystem of Fig. 1, the limiting P,, can 
be calculated by equating Equations III and XI: 


P n, = yi Equation XII 


K 1,0(P o, 
also 


log Py, = — log Ky,.09 — % log Po, Equation XIII 
where P,, is*now simultaneously the oxygen pressure of the oxide, 
the oxygen-saturated metal, and the atmosphere. 

In this microscopic chamber, H, would therefore collect to the 


right of the partition at a limiting pressure P,, determined by the 
surface activity of the hydrogen at the instant of its generation. This 





*Brackets represent a dissolved phase; parentheses a free phase. 
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potential hydrogen pressure, as stated earlier, is a measure of the 
surface activity and is here called the “hydrogen potential”. The 
same limiting P,, would also form ultimately in the left-hand com- 
partment from precipitating hydrogen atoms |[H] which have 
diffused through the diaphragm; and concurrent development of 
P,,, in the left-hand chamber, not indicated, would consummate 





M@ METAL 


Fig. 2—Thermodynamic Microsystem of Preceding Figure 
Modified to Express a Preliminary Condition in Which Oxygen 
Produced by the Reaction Dissolves in the Metal Prior to Form- 
ing a Free Oxide Phase. In this case, the hydrogen potential is 
aggravated by a factor varying inversely with the degree of 
saturation. 


at 1 atmosphere, of course. ‘These equilibria constitute the concept 
applied by the author to certain steam-boiler reactions (2), and by 
Specht and the author to phenomena occurring in the reduction of 
inagnetite by hydrogen(7). 

3y definition, then, systems having a known steam pressure 
with co-existent metal and oxide phases will develop hydrogen po- 
tentials during reactions with the metal which can be expressed 
according to Equation XII. The total pressure of the closed system 


for P,,, = 1 atmosphere becomes, as shown in Fig. 1: 
' # - . r 
> P=1+ K Equation XI\ 
H.O 
' 1 
where C = (Po.)* and is constant when temperature and the 
Ovco 


oxide form are fixed. 

Condition I]: Metal Unsaturated With Oxygen—Foregoing 
calculations consider only those instantaneous reactions between 
steam and oxygen-saturated metal. Where the oxygen pressure of 
the metal is less than saturation, the H,O/H, ratio obviously shifts 
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to greater H, pressures, hence to greater hydrogen potentials. In 
Fig. 2 the thermodynamic microsystem is depicted for such a system 
in which [O] < [O]sat. and Pj, is correspondingly greater, such 
that : 


C [O] sar. 
>P=1+ Ries ‘ Tol 

In the fluent character of the reactions under consideration, 
one may thus conclude that, with P,, 0 arbitrarily constant, there 
will be an introductory P,, potential fixed instantaneously by the 
particular threshold [O] of the system. Since H,O simultaneously 
oxidizes and hydrogenizes, this threshold [O] must immediately 
increase during the course of the reaction, resulting in a progression 
of lesser Pj, potentials which ends with a temporary minimum 
value when [O] = [O] «at. and free oxide forms. If the oxide com- 
pletely covers over the metal, of course, the reaction stops, and the 
hydrogen potential immediately approaches zero. The calculations 
disregard situations under which the reaction ceases. Restriction 
of attention to situations in which the reactions do not strangle them- 
selves with reaction product is allowed by the fact that practical 
conditions frequently provide for removal of the oxide film and con- 
tinuation of the process, as by the fluid motion of liquid metals, by 
cracking of the scale on hot metals, and by dissolution of the oxide, 
for example, by the NaOH always found concentrated in the boiler 
seams where the phenomenon of boiler embrittlement occurs (2). 

In closing this introductory discussion, recognition must be 
given to those factors which prevent the method from having unre- 
stricted quantitative usefulness. First, most data on H,O/H, ratios 
for metal/oxide/gas systems concern a total partial pressure of 
approximately 1 atmosphere. The equilibrium constants cannot 
therefore be extrapolated with rigorous dependability to the great 
pressures discussed in this paper. Second, although the hydrogen 
potential at the surface of reaction must be validly measurable by 
the environmental pressure it would generate in a closed system, 
modifying details of surface chemistry could be raised. Thirdly, 
the matter is obviously one of kinetics, which always seems to exact 
an apology from thermodynamics. 

With regard to these matters the answer must be given that the 
qualitative significance of the calculations alone so obviously answers 
numerous common metallurgical problems that criticisms of a quan- 
titative nature lose point. 


Equation XV 
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CALCULATIONS OF HypDROGEN POTENTIALS 
Liquid Iron 


According to Chipman and Samarin (8) :* 





[FeO] + H. = Fe + H:O Equation XVIa 
K j P 0 ) 10,200 
Kp. = ————* _ —— —550 Equati 
5 *Fe og \P 4, [FeO] { T 5.50 Equation XVIb 


For [QO] sat, Chipman and Fetters (9) give: 


4860 . E ae 
log [O] cat ee + 1.935 Equation XVIIa 
Since: 
log [FeO] = log (4.49[O]) Equation XVIIb 
This becomes in terms of [FeO]: 
, 4860 adi s : he 
log [FeO] sat T + 2.587 Equation XVIIc 


Combining Equations XVIIc and XVIb: 


P 53 
H.O 5340 ene fe 
log ). ae a — 2.91 Equation XVIII 
\ Pu, 
Whereupon, with P,, .. = 1 atmosphere: 
5340 os ak a 
log Py = — fe 2.91 Equation XIX 


Since this Equation XIX provides the potential hydrogen 
pressure for oxygen-saturated liquid iron, the calculated pressures 
are all minimum values for a continuously reacting system. All con- 
tacts of steam with liquid iron not completely saturated will develop 
P|, potentials which are greater. In Fig. 3, therefore, the calculated 
curve is shown as an underboundary for those greater pressures 
developing over unsaturated, or deoxidized, metal. According to 
Chipman and Fetters (9), the melting point of pure iron is 2795 °F 
(1535 °C), and of oxygen-saturated iron 2775 °F (1524°C); and 
the curve is drawn accordingly. 


SLiquid phases are underscored. 
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Fig. 3—Hydrogen Potential for 1 Atmosphere of .Steam Over 
Liquid Iron. The stippled region measures 1 atmosphere, equal 
to Py.9o- The ruled area measures the hydrogen potential. 
Even the underboundary of the Py potential, referring to 
oxygen-saturated iron, lies for the most part at pressures greater 
than 1 atmosphere. The upper reaches refer to steam reactions 


with unsaturated, or deoxidized, iron. The offset in the Py 


potential at the melting point expresses the change in the activity 
of dissolved oxygen when iron solidifies. 


Note that: (a) over almost the entire temperature range, 1 
atmosphere of steam has at least as great a hydrogenizing potential, 
even on oxygen-saturated iron, as 1 atmosphere of pure hydrogen 
gas, and that (b) with increasing temperature, steam becomes an 
even more virulent source of hydrogen. 

These observations explain in turn: (a) the effectiveness of 
steam in hydrogenizing iron, and (b) the tendency for hydrogen- 
caused defects to be aggravated by superheating. With increasing 
temperature, of course, the isobaric solubility for hydrogen also 
increases, which aggravates the effect. 


Solid Iron 


Liquid FeO—Immediately below the melting point there is a 
range in which Fe is solid, but FeO remains liquid: 
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Fig. 4—-Hydrogen Potential for 1 Atmosphere of Steam Over Solid Iron. Continu- 
ing on the right from the previous figure, the hydrogen potential in the ranges of liquid 
FeO, solid FeO, and FegO, is shown. The underboundary, again a minimum referring 
to oxygen- saturated iron, changes curvature in each range until it reverses itself and 
moves toward very high pressures at lower temperatures. For comparison, the P 710 


pressure of 1 atmosphere is indicated across the bottom of the diagram. 








FeO +H: = Fe + H:O Equation XXa 
Pi.o 1583 

log K peo = log 1 ‘a = “2 — 1.021 Equation XXb 
1583 

log Py, = — > + 1.021 Equation XXc 


Chipman and Marshall (10) provide Equation XX by measur- 
ing the H,O/H, ratios in the equilibrium system. The P,, potential 
is shown by the curve begun at the left of Fig. 3 and completed on the 
right of Fig. 4. The sharp rise at the solidification temperature 
expresses the fact that the fugacity of dissolved oxygen changes to 
require higher hydrogen proportions to maintain the solid metallic 
phase. 

Note in Fig. 4 that (a) the P,, potentials at all temperatures 
exceed 1 atmosphere even for oxygen-saturated iron, and that (b) 
the rate of decrease with decreasing temperature is less than in the 
range of liquid iron. 

Solid FeO—Below 2500 °F (1369 °C), according to Chipman 
and Marshall (10), FeO solidifies. A third range of values there- 
fore results; and the necessary expressions are here developed from 
a critical review by Specht and Zapffe (7) of the range from 1050 
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to 1830 °F (565 to 1000°C). These are based principally on the 
work of Emmett and Schultz (11), corrected to include Chipman 
and Marshall’s (10) point at 2500°F (1370°C): 





FeO + H.= Fe + H:O Equation XXIa 
/P 790 
log K eo = oe = =— +0423 Equation XXIb 
790 
log Py, = — = 0.423 Equation XXIc 


Range III in Fig. 4 depicts the hydrogen potential. Note that 
(a) the curvature now extends upward with decreasing temperature, 
reversing its previous tendency, and that (b) potentials greater than 
3 atmospheres are reached at 1050 °F (565°C) even for the under- 
boundary, which represents minimum values. 

Fe,0,—Below 1050°F (565°C), FeO transforms to Fe,O, 


(7). The steam-metal reaction becomes : 


Fe,0, + 4H: = 3 Fe + 4H:O Equation XXIla 


Pio) 1538 

log Kyeo, = log a a — +1312 Equation XXIIb 
1538 

ere. = _— 1.312 Equation XXIIc 


In Fig. 4, Range IV depicts these potentials. Note that (a) 
the curvature swings even more sharply upward than in Range III, 
and that (b) minimum hydrogen potentials exceeding 6 atmospheres 
are already attained considerably above the temperature range of 
steam boiler operation. 

This raises an important question, for certain defects occurring 
in steam boilers and superheaters have long been associated with 
hydrogen, but in an inconclusive way. Several years ago the author 
discussed the thermochemistry of steam-metal reactions with par- 
ticular respect to the phenomenon of boiler embrittlement (2). The 
present calculations re-emphasize the significance of the principles 
presented in that work. 

Since those principles seem still to be misunderstood by some, 
Fig. 5 devotes itself exclusively to the temperature range of boiler 
operation. Now, continuing the calculations of Equation XXII down 
to ordinary temperatures, one finds it necessary to express P;, on a 
logarithmic scale. For example, even with a steam pressure of only 





1948 STEAM-METAL REACTIONS 32 


NI 


it 







ATMOSPHERES 


PRESSURE 


0 100 200 300 400 500 
TEMPERATURE iw °C. ————— 


Fig. 5—Hydrogen Potentials for Steam on Iron in the Tem- 
perature Range of Steam Boiler Operation. This figure ade- 
quately depicts the background for the hydrogen theory of boiler 
embrittlement. The middle boundary, a continuation of the Pp o 


1 atmosphere curves in the previous figures, crosses near 50° 
the range of tensile strengths for plain steel. With a steam pres- 
sure of 50 atmospheres, the potential hydrogen pressure exceeds 
the yield and tensile strength ranges even at 480 °F (250 °C), 
attaining potentials in the millions of psi below 210 °F (100 °C). 
A curve for PiH.o 1/50 atmosphere is also included to show 


that even atmospheric humidity can be important. Thus, the 
outward diffusion of hydrogen atoms from a 2000-psi commercial 
tank would scarcely balance the infusion from atmospheric 
rusting even in a relatively dry place. 


| atmosphere, hydrogen potentials are of the order of 100 atmos- 
pheres in the boiler operating range of 300 to 480°F (150 to 
250 °C). 

Since the reaction of Equation XXII is specifically the reaction 
producing the oxide (Fe,O,) found at seats of boiler embrittlement ; 
and since embrittlement is known only to result when a local con- 
centration of NaOH develops which dissolves the oxide reaction 
product, thus permitting the reaction to continue, it is pertinent to 
digress momentarily. Calculations are therefore also presented in 
Fig. 5 for Py; 4 = 50 atmospheres, and for 1/50 of an atmosphere. 

Observing the upper curve for 50 atmospheres, and disregarding 
the actual difficulties in maintaining that pressure over the whole 
temperature range shown, one will note that (a) close to 480 °F 
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(250°C) the minimum P,, potential exceeds the yield strength 
range of ordinary steel, (b) at 400°F (200°C) the minimum 
potential has exceeded the ultimate tensile strength of ordinary steel, 
and (c) below 210°F (100°C) the theoretical potentials exceed 
100,000 atmospheres. 

Regardless of quantitative fallibility, these curves retain a 
qualitative significance which enforce hydrogen as a principal sus- 
pect in certain boiler failures. Under any conditions which permit 
continuation of the steam-iron reaction, whether by dissolution of 
oxide by NaOH or by spalling of the scale from thermal expansions 
and contractions, hydrogen entering the metal will be backed up by a 
potential which will support deteriorating internal stresses and 
chemical reactions wherever the gas may go. 

In closing the discussion of Fig. 5, attention is drawn to the 
lower curve, which reveals surprising figures even for a compara- 
tively dry atmosphere ; and especially to the curve for P,, ,. = 1 at- 
mosphere, which intersects the tensile strength of ordinary steel at 
ordinary temperatures. Thus, the common rusting reaction could 
embrittle steel; and it definitely could charge local areas of steel with 
sufficient pressures of the gas to destroy such subsequent coatings 
applied to steel as paint, enamel, and electroplate. 


Effect of the Oxygen Content of Molten Steel 


Returning now to temperatures of molten steel, we shall inves- 
tigate the nature of the potentials lying above the underbourdary, 
specifically for the previous Fig. 3. Modification of Equation XVIb 
gives: 


log Py, = — ne —log [FeO] + 5.50 Equation XXIII 


Using this equation, one obtains the curves in Fig. 6. It is immedi- 
ately evident that as the oxygen pressure of the melt decreases, meas- 
sured here as [FeO] decreasing to the right, the P,, potential 
increases. In fact, a logarithmic scale is again required; for the 
values lying near 1 atmosphere for oxygen-saturated steel in the pre- 
vious Fig. 3 rapidly expand to thousands of atmospheres for well- 
deoxidized steel. 

For several reasons, Fig. 6 is interesting. First, it displays 
the vast change in the hydrogenizing potential of steam as the oxygen 
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content of the metal changes. (All previous calculations concern 
only the lower left of Fig. 6.) Second, it displays the augmenting 
of the potential as the melt is superheated, other values remaining 
constant. The melting point line, incidentally, is slanted to correct 
for the change in melting point with oxygen content. Thirdly, the 
figure depicts by arrows along the isotherms the approximate kinetic 
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Fig. 6—Hydrogen Potentials for Steam on Iron of Varying 
Oxygen Activity. All previous calculations have concerned only 
the far lower left of this figure. With decreasing oxygen activity, 
the instantaneous hydrogen potentials increase as shown. The 
effect of superheat is also indicated by isothermic lines up to 
3270 °F (1800 °C). The arrows indicate the kinetic path of the 
hydrogen potential as the metal becomes oxidized by the steam. 


path followed by the individual microsystem. Thus, steam contacting 
liquid steel having a temperature of 2910°F (1600°C) and an 
[FeO] content of 0.001 weight per cent would generate an initial 
hydrogen potential of approximately 100 atmospheres; but the coin- 
cident oxidation of the metal would cause this potential to reduce 
along the 2910 °F (1600°C) isotherm (neglecting changes in tem- 
perature from heats of reaction) as indicated by the arrows, until 
free oxide forms and the potential is reduced to the boundary value 


at [O] sat. 
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Fig. 7—-Hydrogen Potentials of Ordinary Atmos 
pheres Contacting Molten Steels at 2910 °F (1600 °C). 
The dashed line refers to the dew-point abscissa and 
the humidity ordinate on the right. Three typical 
steels, on basis of oxygen activity, are then exposed to 
air dew-pointed across the range shown. The result- 
ing hydrogen potentials reveal that air, even when 
relatively dry, may hydrogenize the metal as effectively 
as melting under 1 atmosphere of pure Hy,; that the 
lower the oxygen pressure of the metal, the greater the 
hydrogen potential becomes; and that increasing hu 
midity rapidly increases the hydroegenizing power of 
the air to an equivalent of many atmospheres pressure 
of pure Hg. 


Effect of Humidity 


While the foregoing calculations specifically apply to steam 
pockets—generated where liquid metal volatilizes H,O combined 
in the charge, ladle lining, mold, welding electrode, and so forth— 
great interest also attaches to the role of the general atmosphere in 
contact with the metal throughout its history from furnace to mold. 

In Fig. 7 there is plotted a conventional dew point curve 
(dashed line) for the room temperature range. Three molten baths 
are then chosen having [FeO] contents of 0.01, 0.001, and 0.0001 
weight per cent, respectively. Using Equation XVIb and_ sub- 
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stituting for P,,, the values given along the dew point curve, there 
result the three curve families shown. 

Thus, a steel at 2910 °F (1600°C) containing 0.01 weight per 
cent [FeO] will develop a hydrogen potential of 1 atmosphere from 
contact with air saturated with moisture at only 42°F. If the melt 
has an oxygen activity equal to 0.001 weight per cent [FeO], air 
dew-pointed at only 7 °F can provide hydrogen absorption approxi- 
mating that from melting under 1 atmosphere pressure of the pure 
gas; and if the |FeO] content should be brought as low as 0.0001, 
even the humidity from air passed over ice could develop hydro- 
genizing potentials exceeding 50 atmospheres of H,. These figures 
should be especially interesting to students of the blast furnace and 
the cupola, for in these processes great quantities of air are intro- 
duced to metal having very low oxygen activities. 

Conversely, Fig. 7 shows that a steel containing 0.01 weight 
per cent of [FeO], for example, could become quite immune to 
hydrogen pickup if the air was moderately dehumidified, as would 
occur naturally in cold, clear weather; but that hot and humid 
summer weather could quickly extend the hydrogenizing potential 
for that same steel up toward 10 atmospheres. 

In this figure, therefore, lies an explanation for the frequent 
observation that hydrogen-caused defects within steel and in coatings 
applied to steel tend toward a maximum for metal made in summer 
months; and that hydrogen-caused gassiness, for example, becomes 
an especial threat to certain grades of steel in humid weather. 

To these observations could be added further surmises regarding 
the tendency of southern pig iron to contain more combined carbon 
than northern pig iron; the tendency toward cracking of welds made 
in rainy weather; and even the fact that the mainsprings of watches 
tend more to break in summer months, and especially during thunder- 
storms. Brief reference to the previous Fig. 5, and reflection on 
the remarkable sensitivity of most spring steel to hydrogen em- 
brittlement (12), (13), now provides an explanation for a previously 
puzzling phenomenon. 


Effect of Carbon Content 
In view of the great effect of [FeO] content revealed in Figs. 


6 and 7, one’s attention immediately turns to the individual effects 
of those alloy elements in steel which strongly reduce [FeQ]. 
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Fig. 8—Hydrogen Potential as a Function of Carbon Content. 
Previous calculations for oxygen-saturated iron concern only the 
far lower left of this figure. As the oxygen pressure, or activity, 
of the metal is reduced by a carbon addition, the hydrogen poten- 
tial of steam at 1 atmosphere pressure increases as shown for 
three temperatures. Note the effect of superheat, and the poten 
tials of hundreds of atmospheres for cast iron and pig iron. 


Marshall and Chipman (14) studied the following reaction: 
[FeO] + [C] = Fe + (CO) Equation XXIVa 


== tog $(CO)__} — 1080 ila cotati 
log Keo 8 1 TET [Feo] § T + 0,991 ‘quation XXIVb 


Combining this with Equation XVIb: 


H.O + [C] = CO+ HH: Equation XXVa 
Pu. Peo Keo 
log Ke lon P pr > i = log K = = — 8340 + 6.49 


Equation XX Vb 


awe . J 2946 . . 
Fixing P;,. and P;, each at 1 atmosphere 
Py. = Ke [Cl Equation XX Vc 


bs Py = — _ + log [C] + 6.49 Equation XXVd 
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While these calculations are rendered somewhat insecure be- 
cause of the lack of precise knowledge on the carbon-oxygen inter- 
relationships within steel, their accuracy suffices to provide useful 
approximations as shown in Fig. 8. On the scale of that diagram 
the steam pressure of 1 atmosphere coincides with the abscissa. At 
very low carbon contents, of course, the system approaches that of 
pure iron shown in the previous Fig. 3. As the carbon increases 
toward the tool steel and then the cast iron ranges, the hydrogen 
potentials climb into the hundreds of atmospheres. Also, the po- 
tentials rise rapidly with temperature for any given carbon content. 
The significance of Fig. 8 is self-explanatory, in that hydrogen pickup 
from moisture becomes much more likely as the carbon content of 
the melt increases. Note in this figure and the several following 
that the calculated curves are now upper boundaries on the shaded 
areas, since they represent deoxidation maxima. 


Effect of Silicon Content 


For the effect of silicon, Zapffe and Sims (15), (16) provide 
the necessary equations from a direct study of the H,O/H, ratio: 


2 Fe + SiOz = 2 [FeO] + [Si] Equation XXVIa 
log K’g; log} {FeO [Silt aa + 9.46 Equation XXVIb 
[Feo] = )K’sil * Equation XXVIc 

({Si]) 


Substituting this last expression for | FeO] in Equation XVIb: 


Pp ‘K’e \, 
, H, : F . 
Ke * Si Equation XXVId 


and for P,, .. = 1 atmosphere: 


"1 (K's) is 
Pi. K re ) [Sil § Equation XXVIe 
log Pi, — log Kp, — % log K g; + % log [Sil] Equation XXVIf 


However, Zapffe and Sims discovered that the total silicon 
content of steel divides itself between at least two important por- 
tions: (a) the “active” portion, designated [Si] in Equation XXVI, 
and (b) an associated portion expressible as a monoxide, [SiO]: 
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Fe + [SiO] = [Si] + [FeO] Equation XXVII 
Fe + [SiOz] = [SiO] + [FeO] Equation XXVIII 


Accordingly, the actual silicon analysis of a steel includes two por- 
tions of silicon, from a chemical standpoint, which must be dis- 
tinguished in a determination of oxygen pressure, and hence hydro- 
gen potential : 

> Si = [Sil + [Sil sio Equation XXIX 


From the value for Ks;—o provided by these authors (16) : 





2[SiO] = [Si] + [S102] Equation XX Xa 
, Si 16,130 - . . rvww 
log K ¢;_9 = log zor = * — 7.45 Equation XX Xb 


one can calculate the increment [Si]sio which must be added to the 
value for [Si] in Equation XXVI to provide analyzed values: 
[Sileo = Jeet : Equation XXX1 
Si-O 
Table I lists arbitrary |Si] activities for 0.10 to 10.0% with their 
calculated P ,, potentials at three steelmaking temperatures : 


Table | 


Hydrogen Potential in Atmospheres for Several [Si] Activities at Three Steelmaking 
Temperatures, According to Equat XXVI and XXXI 


2730 °F 2910 °F 3090 °F 
[Si] (1500 °C) (1600 °C) (1700 °C) 
0.10 17.8 36.3 66.7 
030 39.5 80.8 153 
2.10 79.5 162.5 308 
5.00 125 256 484 
10.00 178 363 687 


Table II then lists the corrections for the [Si] values in Table I to 
convert them to analyzed values S[Si] for silicon in steel: 


Table Il 


[Si] Values From Table I Corrected for Dissolved Silicon Monoxide to Provide 
=Si Values Corresponding to Common Chemical Analyses 





IIS) 


paemnageeepeeacnemeeereeseensmmanennt 
27) °F 2910 °F 3090 °F 
[Si] (1500 °C) (1600 °C) (1700 °C) 
0.10 0.15 0.18 0.24 
0.50 0.61 0.69 0.81 
2.00 2.21 2.37 2.62 
5.00 5.34 5.39 5.98 
10.00 10.47 10.83 11.38 
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Fig. 9—Hydrogen Potential as a Function of Silicon Content. 
With increasing silicon content, liquid steel develops increasing 
hydrogen potentials from reaction with 1 atmosphere of steam as 
shown. As with carbon, superheating increases the potential. 


Using the P,, values from Table I in conjunction with the cor- 
rected silicon values in Table II, we obtain the curves shown in Fig. 
9. The calculations, incidentally, carry a minor but increasing error 
in the upper range of silicon content because of the neglect of 
changing [Fe] activity in the equations. 

Note that the magnitudes of the potentials correspond with 
those for carbon shown in the previous figure. This is consistent 
with the known general equivalence of carbon and silicon as deox- 
iclizers. 

There now appears a logical explanation for ‘certain long-puz- 
zling phenomena attending siliconized heats. A “wild heat’, for 
example, has sometimes been related to ferrosilicon additions in 
the ladle. Ferrosilicon has accordingly been suspected of carrying 
hydrogen; but analyses of the ferroalloy show no hydrogen content 
sufficient to account for the observations. The explanation here 
offered is that silicon increases the hydrogen potential of the steam 
reaction so greatly that siliconized steel has a greatly increased tend- 
ency to pick up hydrogen from subsequent contacts with moisture. 

Furthermore, while half a per cent of silicon—a common content 


Le 
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—can increase the P ,, potential toward 100 atmospheres, that silicon 
added late in the process, perhaps in the ladle, will establish tem- 
porary local concentrations of silicon running as high as the content 
of the ferrosilicon. Extrapolation of the curves in Fig. 9 would 
indicate a magnitude of perhaps 1000 atmospheres P,, for a 75% 
ferrosilicon. From the nature of the curves, one will see that this 
high potential is pretty much retained during dissolution of the 
alloy right down to the ultimate dilution of a fraction of a per cent. 
Consequently, any moisture contained in a ladle lining, the atmos- 
phere, or later in the mold, could become harmful under the con- 
ditions of late ferrosilicon additions. 


Effect of Chromium 


In the production of stainless steel it is common knowledge 
that the ferritic grades are especially liable to gassiness; also that 
that gassiness is directly traceable to moisture in the charge and in 
the various materials contacting the melt. Zapffe and Sims (17), 
(18) have explained this phenomenon of “bleeding’’ in the ferritic 
grades on the basis of the greatly decreased isobaric hydrogen solu- 
bility which occurs when steel freezes into the delta structure, in 
contrast to its freezing into the gamma structure. 

From the present study there follows another aspect of “‘bleed- 
ing’—that the hydrogen potentials of chromiferous steels are aug- 
mented sufficiently by the chromium content to make them especially 
liable to hydrogen pickup from moisture, and that only the high 
solid solubility of the austenitic stainless steels saves that grade from 
similar gassiness. 

Chen and Chipman (19) studied the H,O/H, ratios over the 
Fe-Cr-O system: 


3 He + Cr-O; = 3 HO + 2 [Cr] Equation XXXIla 


P a* 20,350 
log Kc, = log 4 [Cr}}=— 2°" +893 Equation XXXITb 
log PH, = % } > 108 [Cr] — log K cr Equation XXXTic 


Chromium monoxide, CrO, undoubtedly plays a role in this 
system analogous to that of SiO in the Fe-Si-O system; and Chen 
and Chipman recognize that fact. Nevertheless, its quantitative 
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Fig. 10-—-Hydrogen Potential as a Function of Chromium Con 
tent. Chromium, particularly in the range of composition of stain 
less steel, considerably increases the hydrogenizing potential of 
moisture. This carn be an important factor in the propensity of the 
ferritic grades to gassiness, especially prominent in damp weather 
However, the effect is considerably less than that for carbon and 
silicon; and, in further contrast, superheating the chromium-iron 
system decreases the hydrogen potential. 


aspects remain in some question; and Fig. 10 is based upon Equation 
XX XIIe without converting [Cr] to =[Cr] as was done for the sili- 
con system, 

In that figure, note that the scale of the ordinate is only one-tenth 
that of the previous figure for carbon and silicon. This is consistent 
with the known fact that chromium, with respect to deoxidation, is 
much weaker than carbon or silicon. Nevertheless, the curves show 
that in the composition range of stainless steels the chromium content 
alone brings the hydrogen potential into the range of 20 atmospheres, 
such that the steel is considerably more liable to hydrogen pickup 
from moisture than is plain iron. On the other hand, deoxidizers are 
usually present in these steels which may take the control of P,, 
potential away from the chromium. 

Also note that superheating these steels has an effect exactly 
the reverse of that previously noted for carbon and silicon and, 
fact, for iron itself. This interesting observation is consistent with 
the commercially utilized principle by which chromium is _ shifted 
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from slag to bath by superheating. Chromium becomes a relatively 
weaker deoxidizing element as the temperature increases. 


Effect of Aluminum 


Wentrup and Hieber (20) seem to have supplied the most de- 
pendable evaluation for K4,: 


Al.O; + 3 Fe = 2 [Al] + 3 [FeO] Equation XXXII la 


Ka) = [Al]? [FeO}* Equation XXXIIIb 
Combining Equations XXXIII and XVI: 
Al.O; + 3 Hs = 2 [Al] + 3 H:O Equation XXXIIIc 





P i.0 | * 
K’,; = (Kp Kay = 45 - [Al]? Equation XXXIIId 
oo H 


o 
S 


[Al]? \ ly ; 
P Sf eee Equation XX XIIlIe 
Hy, fe Kay f q 


Wentrup and Hieber list the values for K,4; as follows: 


K 4; = [Al]? [O]*=7.5x 10" (1700 °C) 
9.0x10™ (1600 °C) 
1.6x 10°? (1530 °C) 


and from these are made the calculations for Fig. 11. 

Note that (a) like chromium, the potentials decrease with in- 
creasing temperature; (b) the ordinate again extends to 1000 atmos- 
pheres; and (c) the abscissa extends only to 1 weight per cent of 
aluminum. 

These curves for aluminum open a new explanation for certain 
aspects of the low-ductility problem in aluminum-killed heats. While 
the explanation based upon inclusion type answers the general prob- 
lem, one finds anomalies which may be answered by the information 
in Fig. 11. Very little aluminum greatly increases the avidity of 
the steel for hydrogen pickup from moisture. In the case of those 
ferritic stainless steels containing aluminum in amounts of several 
tenths of a per cent as a ferritizer, or in amounts of several per cent 
for developing oxidation-resistant alloys, one should certainly expect 
a liability to gassiness requiring careful consideration of sources for 
moisture. 
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Fig. 11—Hydrogen Potential as a Function of Aluminum 
Content. One of the most powerful deoxidizers that can be added 


to steel, aluminum in an amount of only a few hundredths of a 
per cent raises the rs. potential into the range of 100 atmos- 
pheres; and half a per cent carries the potential into the range 
of 1000 atmospheres. As with chromium, superheating decreases 
the potential. 


Potentials Over Various Elemental Metals 


Because of the strong effects just shown for alloy and deoxidizer 
elements in iron, interest attaches to a comparison of the individual 
potentials developed by these and other elements in the unalloyed 
state. For example, trouble with hydrogen is common in aluminum 
and magnesium, periodic in iron and steel, and rare in nickel. Why? 

For these calculations, we shall depend almost entirely upon 
the method of solving simultaneously the equations for the dissocia- 
tion of water vapor (Equation I) and for the oxidation of the par- 
ticular metal in question by elemental oxygen. 


From Equation I, we find the following values for K,,, at 
three temperatures chosen in the steelmaking range: 


°F "' — log Ky.0 
1700 2730 1773 + 4.373 
1500 2910 1873 + 3.973 


1600 3090 1973 + 3.612 
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Also from Equation I: 


Pi.o 


log Ky.9 = ——_—=___- 
08 \H,0 ed (PO) # 


and for P|, = 1 atmosphere 


\ Equation XXXIV 


log Py, = —log Kyo — %logPo, Equation XXXV 


Thompson (1) has collected and appraised the free energy 
expressions for the oxidation reactions of most of the metals in ques- 
tion. For others we shall refer to tables in “Basic Open Hearth 
Steelmaking” (21). 

Iron—Although this system has been discussed, the plot in Fig. 
12 has the Fe designation slightly modified on the basis of an anom- 
alously curved line following from the recent experimental work 
of Marshall and Chipman (14). Thompson (1) reviews their data 
and gives: 


Fe + % O:= FeO Equation XXXVIa 


AF° = — 55,842 — 4.12 x 10° T (T-1873)? + 11.36 T 
Equation XXXVIb 


From the relationship: 


AF°® 
log K = — 4575T Equation XXXVIc 
am 
log K* p- = 4} ee + 0.900 x 10° (T-1873)* — 2.482 
= — ¥, log Po, Equation XXXVId 


and solution for P,;, follows by substituting in Equation XXXV. 
By partitioning the second term in XX XVId, a simplification results 


which is useful in the temperature range under consideration and 
will be recorded: 


log K* re = ad ee — 2.44 Equation XXXVIe 
In these expressions the asterisk merely distinguishes the expression 
from the previously listed one which may be similar. 

Since this system seems still open to some discussion, it will be 
noted here that some carefully considered equations for the oxygen 
pressure of liquid iron have also been given by Schenck (22) and 
by Schwarz and Kootz (23). Nevertheless, so far as the accuracy 











1948 STEAM-METAL REACTIONS 341 
1,000,000,000 

100,000,000 

10,000,000 

1,000,000 

100,000 
10,000 
1,000 


100 


ATMOSPHERES —> 


Pueo = | ATM. “7% 


NICKEL 





P., POTENTIAL IN 
2 


1500 1600 1700 
TEMPERATURE itn °C. ——————> 


Fig. 12—-Hydrogen Potentials for Various Metals Oxidized 
by 1 Atmosphere of Steam The curve for each metal is an 
underboundary calculated for co-existent metal and oxide. Alu- 
minum and magnesium develop fantastic pressures, making H,O 
at these temperatures the equivalent of an acid in hydrogenizing 
propensity. Nickel is quite immune to hydrogenizing by steam. 


of Fig. 12 is concerned, the curve suffices as shown. The hydrogen 
potential generated by the oxidation of pure iron in this temperature 
range lies close to a 1:1 equivalence with the steam pressure, as 
earlier described. 

Chromium—Extrapolation of the data from the stainless steel 
range of chromium contents, shown in the previous Fig. 10, to pure 
chromium will be based upon a listing of approximate enthalpies 
and entropies appearing on p. 492 of “Basic Open Hearth Steel- 
making” (21). Here the reaction is: 


2 Cr + 3/2 O2: = Cr2O0 Equation XXXVIT 
Only solid chromium is considered, since its melting point lies well 
to the right on Fig. 12. From the relationship: 


AF* = AH° — TAS‘ —RTInK Equation XXXVIIla 
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the equilibrium constant can be calculated: 


60,900 
log K*¢, = —y— —154= —3/2logPo, Equation XXXVIIIb 





Because these equations concern the oxidation of solid chro- 
mium, and because oxygen-saturated chromium melts at some dis- 
puted temperature probably in the range of the plot, the curve is 
discontinued toward the right. A more serious criticism of the cal- 
culation lies in the neglect of CrO, which is an intermediate oxidation 
product strongly changing the H,O/H, ratio because of its lower 


oxygen pressure (24), (25). Maier (26) evaluates the monoxide 
reaction : 


CrO + H: = Cr + H.0O Equation XXXIXa 


; , fPu.0) 
log K ¢-.¢ = log \Pu. f 
H, 
8380 se x . / _ 
— 2.01 log T + 0.267 x 10° T — 0.0263 X 10°° T? + 8.55 
Equation XX XIXb 

but the curve in Fig. 12 for chromium will be left as given by 
Equation XX XVIII. 

Thus, elemental chromium reacting with 1 atmosphere of 
steam to produce the sesquioxide would develop hydrogen in the 
pressure range of 50 to 100 atmospheres. However, chromium 
monoxide is the initial product of oxidation; and for that reaction 
these pressures must be raised considerably. 

While these aspects of hydrogen potential might some day prove 
significant in the manufacture of ferrochromium and metallic chro- 
mium, attention here is drawn principally to the consequences to be 
expected from adding chromium, and particularly ferrochromium, to 
steel baths. 

Manganese—Earlier calculations neglected this common con- 
stituent of steel, manganese. Thompson (1) gives: 


Mn + % O:= MnO Equation XLa 

log K* y, = — % log P o, Equation XLao 
AF*® = — 95,077 + 8.20 T In T — 5.09 x 10°°T* + 0.60 X 10°°T® + 85.68 T” 
— 40.20 T 


Equation XLc 
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from which: 


: AF° 
log K* Min = — “9 575T 
20,800 a ilies 
= + RE — 4.12 log T + 1.11 x 10°T — 0.131 X 10°T? — y+ 8.79 


Equation XLd 


A simplification of this expression can be derived in the manner 
used for deriving Equation XXXVIII, with data from that same 
source (21): 
23,250 
log K* Min + oo 5.88 Equation XLe 
3oth equations concern solid MnO, which probably melts in the 
upper temperature range of Fig. 12. 

In that figure we observe manganese in its expected position on 
the reducing side of chromium, and quite removed from iron, gener- 
ating hydrogen potentials in the hundreds of atmospheres. As with 
chromium, the calculations are less pertinent to the melting of man- 
ganese than to the adding of manganese metal and ferromanganese 
to steel. Manganese obviously considerably increases the hazard 
of hydrogen pickup from moisture. 

Since manganese in the steel also increases the ability of the 
steel to hold hydrogen in solution (17), a precaution is here indicated 
against prematurely relating hydrogen potentials to any given defect 
without proper consideration of all factors involved. For example, 
chromium increases the hydrogen pickup of liquid steel; but it does 
not lead to hydrogen embrittlement of the high-chromium steels 
because the chromium simultaneously reduces the isobaric capacity of 
the steel, at least in the solid state, for hydrogen. The result is 
gassiness, but not embrittlement. Exactly the opposite effect might 
be expected of an addition such as manganese. On the other hand, 
the austenitic stainless steels retain such a high capacity for hydrogen 
throughout freezing and cooling that neither gassiness from precipi- 
tation in the liquid nor embrittlement from precipitation in the solid 
commonly occurs. 

Silicon—From “Basic Open Hearth Steelmaking” (21) : 


Si + O. = SiOz Equation XLIa 


AF° = 4H* — TAS° 214,300 + 47.0 T Equation XLIb 
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: AF°* 46,850 
log K*¥,; = — 4575T > + = 10.28 = — log Po, 


Equation XLIc 


As with chromium, the silicon system should be corrected for the 
known presence of the monoxide (15), (16). Nevertheless, these 
equations will temporarily suffice. 

Thus we see from Fig. 12 that hydrogen potentials generated by 
chromium in the tens of atmospheres, and by manganese in the hun- 
dreds, are generated by silicon in the thousands of atmospheres. 
This confirms the earlier conclusion that one can well expect occa- 
sional appearances of hydrogen-caused phenomena in metals which 
have had silicon-rich alloys added during melting. 

Aluminum—Because aluminum is known to have one of the 
lowest oxygen pressures of all elements commonly added to steel, 
and because it is added as metallic aluminum in most cases, tem- 
porarily creating great local enrichments, the hydrogen potential 
associated with high concentrations of the element is of interest. 
Thompson (1) gives: 


2 Al + 3/2 Oz = Al:Os Equation XLIla 
AF —376,000 + 61.56 T Equation XLIIb 
ue AF° i i 82,200 
log K Ionia’ * > dhamiiees 3/2 log Po, = + —F— — 13.47 


Equation XLIIc 


In Fig. 12 the aluminum curve lies in the range of millions of 
atmospheres, far above all yet considered. One may well inquire 
about the quantitative significance of such values; but qualitatively 
these calculations insist upon granting to aluminum a violent ability 
for dissociating hydrogen oxide (H,O) and freeing its hydrogen 
under chemical conditions which cause the soluble atomic H form to 
have a vastly aggravated activity. Water vapor on aluminum be- 
comes the analog of acid in creating great hydrogenizing potentials. 
One must therefore regard aluminiferous steels as steels having an 
increased liability to hydrogen pickup from moisture. Association 
of this observation with an embrittlement problem was mentioned 
earlier. As for the obvious implications to the metallurgy of alumi- 
num itself, these will shortly be treated. 

Magnesium—Although magnesium is rarely, if ever, added to 


liquid steel, the known great propensity of both aluminum and mag- 
nesium for hydrogen pickup from water vapor (27), (28) makes 
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calculations of hydrogen potentials for these two metals of wide 
significance. The elemental metal in each of the two cases comprises 
an industry in its own right, and an industry notably troubled with 
a hydrogen-caused defect: pinhole porosity. 

We shall continue calculations tentatively in the steelmaking 
range of temperatures, for the sake of consistency in plotting Fig. 
12 and for the reason that in any temperature range the hydrogen 
potentials of the magnesium reaction are so vast they lose quantita- 
tive significance anyway. One obtains from Thompson (1): 


Mg(gas) + 4% 0O2.= MgO Equation XLIIlIa 
AF*® — 122,604 + 3.60 T In T — 0.51 & 10°°T? + 1.044 X 10°T™* + 85.65 T% 
— 16.60 T 
Equation XLIIIb 
; AF* ; 
log KR” (mg) = — 4575T  — 7 '08 Po, 
26,800 


=-+ ore om 1.812 log T + 0.1114 X 10°T — 0.2285 X 10°T-? 
— 18.73 T-% + 3.63 
Equation XLIIIc 
where (Mg) is represented as a gas phase of fixed pressure. A sim- 
plification of the expression follows: 


: 26,800 e = s 
log K* ae —2.52 Equation XLIIId 


Referring to Fig. 12, one observes the highest hydrogen poten- 
tials of all those plotted to belong to magnesium—potentials exceed- 
ing 100,000,000 atmospheres—which increase toward lower tem- 
peratures. These are therefore minimum values. As with alumi- 
num, we have a figure which loses quantitative value, but quite 
without interference with its qualitative significance. 

Nickel—Principally for the sake of contrast, calculations are 
included for nickel, based on data in “Basic Open Hearth Steel- 
making” (21): 


Ni + 40:, = NiO Equation XLIVa 
; AS 4H°* 13,300. ,, ore 
log K* ni = 4575 — 4575T es 2 log Po, 


Equation XLIVb 
Combining Equation XLIV with the water-vapor Equation I in 
this case provides hydrogen potentials of only a few millimeters, in 
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_ Fig. 13—Hydrogen Potential for Aluminum Continued From the Previous 
Figure Into Its Industrial Melting Range. This figure explains the prevalence 
of pinholing in cast aluminum and the great care that must be taken either to 


keep moisture away from the metal or to dehydrogenize the metal by flushing 
with a hydrogen-free gas before casting. 


great contrast to all metals yet considered. The curve for nickel, 
therefore, lies toward the bottom of the plot in Fig. 12, designating 
its known comparative inertness toward hydrogen pickup from water 
vapor. Thus, nickel does not augment the liability of steel to hydrogen 
pickup from moisture. It does, however, lend to the steel an in- 
creased capacity for dissolving hydrogen which may become pre- 
sented to it (17). As in.the discussion of manganese, it is again 
advised in applying these calculations to regard all other aspects as 
well. The present study purports to be nothing other than a devel- 
opment of one facet of an involved problem. 


Recalculation for Aluminum in Its Own Melting Range 


To bring the preceding calculations for aluminum and mag- 
nesium into closer focus for their respective industries, Equation 
XLII will be applied to the commercial melting range for aluminum. 

In the previous Fig. 12 both the aluminum and magnesium 
curves rise strongly with decreasing temperature, indicating even 
greater hydrogen potentials in their own commercial melting ranges. 
Fig. 13 proves this to be true, with the astonishing hydrogen poten- 
tial of 10'* atmospheres indicated for aluminum at its melting point 
—clearly defining the hydrogen problem to be expected in the alu- 
minum industry. 

While one is at first dismayed by the improbability of such a 
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figure having any accuracy, it must be remembered that these hydro- 
gen potentials are expressed in terms of molecular H,—a species 
resulting from a reaction secondary to the system in question and 
having no solubility in the metal as such. Measured correctly, the 
species would be atomic H; and the figures would become extremely 
small. It was remarked that H,O at elevated temperatures is an 
analog of acid in supplying hydrogen to metal. Calculations of the 
“hydrogen potential” of acid-metal reactions were long ago shown 
by Nernst to range as high as 10*° atmospheres. 


{ 


CONCLUSIONS 


Two broad conclusions develop from this study: 

(A) When moisture, H,O, is allowed to react with a metal, 
the hydrogen which is released has a hydrogen potential which 
depends upon the thermodynamic attributes of each particular system 
and can be calculated from recorded thermodynamic measurements. 
This “hydrogen potential” is that pressure of hydrogen which would 
be generated within a closed system if the reaction proceeded to 
equilibrium without change in P,,,,.. The fact that that pressure 
would generate provides the validity for measuring the local surface 
condition in terms of the ultimate chemical system. 

(B) On the basis of these calculations of hydrogen potential, 
several important metallurgical phenomena become clarified. These 
can be arbitrarily divided among three groups: 


Group I 
Conditions: Steam at 1 Atmosphere Pressure Reacting With 
Metals in the Steelmaking Temperature Range 
2730 to 3090 °F (1500 to 1700 °C) 


A) Nickel develops hydrogen potentials of only several 
millimeters pressure of H,. Consequently, nickel is only weakly 
susceptible to hydrogen pickup from moisture. In its class fall 
other metals which have weak oxidation reactions, such as 
copper, silver, and gold; 

B) Iron develops hydrogen potentials approximately equal 
to the steam pressure when the iron is saturated with oxygen. 
At lesser oxygen pressures the hydrogen potentials increase 
so rapidly that cast irons, deoxidized steels, and certain alloy 


ee 
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steels may develop conditions favoring hydrogen potentials of 
thousands of atmospheres of H,; 

C) Carbon is one of these alloy additions; and the hydro- 
gen potentials of carbon steels and cast irons carry them into 
a class where the liability to hydrogen pickup from moisture 
must be increasingly guarded against; 

D) Chromium is an alloy addition which increases the 
hydrogen potential of the moisture reaction less than carbon, 
but toward 100 atmospheres P,, for the stainless steels. This 
accounts for the known tendency of the ferritic stainless steels 
toward gassiness when substantial precautions are not taken 
to reduce the moisture content of the materials comprising the 
melt or surrounding it. Similarly, some attention should be 
directed toward the hydrogen content of the austenitic stainless 
steels. In the ingot stage the increased solubility for hydrogen 
effected by the nickel content may suppress its appearance until 
some later period ; 

E) Manganese effects hydrogen potentials ranging in the 
hundreds of atmospheres of P,, and therefore should remain 
suspect as a promoter of hydrogen absorption by steels. Like 
nickel, manganese masks the hydrogen activity in the ingot 
stage by increasing the retentivity of the solid steel for hydrogen ; 

F) Silicon increases the liability of steels to hydrogen pick- 
up from moisture beyond all elements listed thus far, potentials 
in the thousands of atmospheres being realized. Attention is 
therefore directed to the “wild heats’ sometimes associated with 
ferrosilicon additions in the ladle; for, until the period of dilu- 
tion of the ferrosilicon within the molten metal has completed 
itself, the avidity for moisture can be particularly great locally. 
A new ladle lining, even though carefully burned in, could 
supply much hydrogen to a ladle-siliconized heat ; 

G) Aluminum provides probably the greatest hydrogen 
potentials of all elements commonly added to steel, the pressures 
lying in the range of millions of atmospheres of H,. Quanti- 
tatively, these figures may be questioned. Qualitatively they 
are secure, for aluminum in its own industry is notoriously liable 
to pinhole porosity from the moisture reaction; whereas under 
1 atmosphere of pure hydrogen scarcely measurable amounts 
of the gas are dissolved. In effect, aluminum does for H,O 
at elevated temperatures what the acid radical does for H,O 
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at ordinary temperatures, greatly increasing the partial pressure 
of atomic hydrogen, Py, at the metal surface, upon which the 
solubility of hydrogen in metals directly depends. Certain fea- 
tures of the low-ductility problem in aluminum-treated steels 


should therefore be re-examined from the standpoint of hydro- 
gen, embrittlement. 


Group I] 
Conditions: Steam at 1 Atmosphere Pressure Reacting 
With Metals at Intermediate Temperatures 


In this second group, three features are outstanding: 

A) Aluminum develops hydrogen potentials from the 
moisture reaction which increase with decreasing temperature 
such that in its own melting range the P,, potentials reach a 
calculated value of 10** atmospheres at the melting point. Such 
figures, in a sense fantastic, compare quite well with Nernst 
pressures for the hydrogen potentials of aqueous pickling reac- 
tions and perhaps are best understood in that way. They essen- 
tially designate moisture as the unique source of hydrogen for 
molten aluminum; and they corroborate exactly the fact that a 
dehydrogenizing treatment is a prerequisite in the commercial 
production of aluminum ; 

B) Magnesium creates hydrogen potentials even excceding 
those of aluminum, thereby verifying in turn the requirement of 
a dehydrogenizing treatment to prevent hydrogen-caused poros- 
ity in the commercial production of magnesium ; 

C) Solid Iron reverses the trend of liquid iron and develops 
increasing hydrogen potentials in contact with water vapor at 
decreasing temperatures, such that in the operating range of 
steam boilers and superheaters the hydrogen potentials for 1 
atmosphere of steam climb toward a thousand atmospheres of 
H,. With steam pressures of 50 atmospheres, these potentials 
readily exceed the range of yield strengths and tensile strengths 
of ordinary steel, making the hydrogen theory for boiler em- 
brittlement extremely probable, as outlined earlier by the author. 
All that the thermodynamic system requires is a continuing 
removal of the solid oxide reaction product. This is perhaps 
enabled by thermally generated mechanical stresses in the super- 
heater, but specifically by the dissolving action of the NaOH 
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always found in sufficient concentration at the seat of embrittle- 
ment in steam boilers. 


Group III 
Conditions: Steam-Metal Reactions From Normal 
Moisture Content of Air 


While the foregoing studies base themselves upon the gen- 
eralization that moisture in the charge, ladle and mold linings, 
and so forth, will develop steam pockets whose local partial 
pressures of H,O approximate 1 atmosphere, a concluding con- 
sideration concerns atmospheric moisture contents of consider- 
ably less pressure: 

A) Iron and steel melted under atmospheric conditions en- 
tailing only natural humidities develop hydrogen potentials which 
increase so rapidly with increasing humidity that the difference 
often noted between steel made in summer and in winter, and 
pig iron made in southern and in northern furnaces, become 
readily explained ; 

B) Iron and steel merely reacting at ordinary temperatures 
with moisture in a rusting reaction could charge themselves 
with sufficient hydrogen to account for numerous present prob- 
lems with the peeling of paint and with similar defects in sub- 
sequently applied coatings. 
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DISCUSSION 


Written Discussion: By G. A. Moore, Battelle Memorial Institute, 
Columbus, Ohio. 

Dr. Zapffe is to be congratulated for so clearly setting forth the con- 
cept governing the availability of hydrogen for solution in various metals 
melted in the unavoidable presence of water vapor. The need for this 
presentation is clear when it is realized that even the most comprehensive 
recent papers in the field have considered primarily the supposed differ- 
ences in solubility at standard pressure when attempting to explain the 
different hydrogen contents of various metals. 

The writer is pleased that Dr. Zapffe takes his thermodynamic con- 
stants with several grains of salt and hopes that the fact that the nu- 
merical calculations may be in error by a factor of 100 or more will not 
in any way detract from the acceptability of the general conclusions. 
While the slightly unbelievable exponents are divided by two when cal- 
culating solubilities proportional to the square root of the pressure, it 
remains obvious that the theoretical pressures are infrequently attained 
in practice. It would be in order to inquire if Dr. Zapffe has any specific 
suggestion regarding the mechanism which actually establishes the top 
observable pressures as distinguished from the thermodynamically pos- 
sible values. Dr. Zapffe might at the same time consider the discrepancy 
between the observed hydrogen potentials of a few hundred atmospheres 
under cathodic pickling as performed in many of his previous experiments 
and the Nernst potential for the acid-metal systems. 

The calculations on chromium conveniently explain the puzzling ob- 
servation that the hydrogen analyses of ferritic chromium steel tend to 
be about twice as high as those of similarly melted carbon steel in spite 
of evidence that the solubility at fixed pressure was lower. 

Dr. Zapffe strains his calculations a bit in an attempt to show why 
aluminum-killed steels have more hydrogen than _ silicon-killed 
His Fig. 12 should indicate that once the steel has had an 


steels. 
addition of 
manganese to give Py 1000, the further multiplication of the exponent 
by additional deoxidations will have little practical effect, since all water 
making contact with the surface will decompose instantly in any case. 
The writer will present evidence on another occasion that the supposi- 
tion of high hydrogen in aluminum steel is fallacious, and results from 
confusion of the simultaneous embrittling effects of the normal hydrogen 
content and the effect of aluminum on inclusions. In commercial prac- 
tice, aluminum is not added at times when additional exposure to the 
atmosphere is to follow, hence the postulated reaction with water has 
no opportunity to occur. On the other hand, the addition of 


silicon or 
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manganese to the furnace, particularly in the form of blocking, undoubt- 
edly has exactly the effect predicted by Dr. Zapffe, and may often com- 
pletely counteract all other precautions to attain or maintain a low hydro- 
gen content in the steel. 

Written Discussion: |! 
Crane Co., Chicago. 


a 


e 
— 


J. J. Kanter, materials research engineer, 


Dr. ‘Zapffe states in his paper that the data used cannot be extra- 
polated with rigorous dependability to great pressures. This thought, it 
seems, should receive greater emphasis; in fact, one might ask whether 
the data can be so extrapolated with any dependability. 

Dr. Zaptfe’s hydrogen potential is a quantity derived as a value desig- 
nated the fugacity by the late G. N. Lewis in 1901. Lewis conceived the 
fugacity calculation as a sort of procedure for “correcting” a vapor pres- 
sure to what it would be if the substance behaved as a perfect gas. Thus 
“the fugacity”, and Zapffe’s hydrogen potential is a fugacity, is a priori 
of no actual physical significance as a pressure. It is merely a yardstick 
for measuring what Lewis described as “the escaping tendency” of a mole- 
cule. It is rather doubtful that to such a quantity should be attributed 
any physical significance as a measure of the ability of a molecule to build 
up pressure in a closed container. 

The data upon which Dr. Zapffe’s calculations have been based per- 
tain for the most part to observations taken in the realm of atmospheric 
pressure (P=10°). Actual observations by Bridgman upon the hydro- 
gen molecule have been reported to about 15,000 atmospheres (P = 10**). 
Far below this pressure the departure from “perfect gas’ behavior is 
significant. At 15,000 atmospheres the distance between molecular cen- 
ters of the hydrogen is of the order of metallic lattice spacings. Efforts 
to iurther compress the hydrogen result in its rapid migration through 
the interstices of the container. Dr. Zapffe asks us to consider the fu- 
gacity of hydrogen in molten aluminum as tantamount to the ability to 
create a pressure of 10" atmospheres in a container. This would be a 
pressure about 10° times as great as that at which we have any actual 
knowledge of the behavior of hydrogen. If at 10* atmospheres the be- 
havior of hydrogen and its properties are no longer fugacious, it is diffi- 
cult to grasp what useful purpose is accomplished by extending the “con- 
tainer concept” far into a realm about which we know nothing whatsoever. 


Author’s Reply 


Questions advanced both by Dr. Moore and by Mr. Kanter move 
the author to re-emphasize that the entity of principal concern here is the 
surfacial partial pressure of atomic hydrogen, Pu, since absorption is in 
direct relationship with it. Values for P are used purely for conven- 
ience in picturization. As fantastic as 10“ atmospheres may seem, it is 
probably about 10” times greater a strain on the imagination to think in 
terms of the 10” atmospheres appropriate to the opposite side of the 
equation ! 


In future writing, we expect to drop entircly the indirection of 
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using Py; as a primary entity except where metals are specifically main- 
tained under a known and fixed Py. But to talk in terms of Pu now 1s 
to lose emphasis, because of the difficulty in present thinking in attaching 
much significance to a variation in Px from 10™"* to 10° atmospheres— 
although a 100-ton melt of steel might be ruined by it. 

As for Dr. Moore’s question on pressure limits, the generated fugaci- 
ties follow from the chemical potentials much as described in the paper; 
and the maintained fugacities, so far as the hydrogen and residual metal 
are concerned, must depend upon limiting dissociation pressures of Fe-H 
forms not yet described. The mentioned discrepancy between theoretical 
and observed pressures, however, is the fault of the metal, not the theory. 
No metal subject to the hydrogen phenomenon has yet delimited the 
power of the reaction. Welded steel plates buckle and blister as readily 
as thin sheet, given time for the reaction to progress on the larger scale. 

Dr. Moore's comments on aluminum-killed steel are not entirely 
satisfying. Regardless of the period in which aluminum is added, that 
addition upsets in a direction of H absorption whatever the balance is at 
that time of Me-H.O-H.2-MeO, whether the H.O is in slag, air, ladle lining, 


or mold wash. Also, although the P);,; = 1000 atmospheres of manganese 
does guarantee quite complete dissociation of H:O, it does not stipulate 
quite complete absorption. After all, at the temperatures of liquid 
steel, Py, 1000 atmospheres still only supports a Pu of possibly 0.01 


atmosphere; and on that Pu absorption depends. Consequently, increas- 
ing Py; from 1000 atmospheres to 4000 will double the partial pressure of 
Py and will accordingly double the possible absorption. 

Perhaps it would be clearer, therefore, to regard the “hydrogen 
potential” as a qualitative measure of the proportion of H in HO which 
will tend to dissolve during a given reaction. It is not the fact that the 


H.O dissociates which is important, but what the fugacity, or potential, 
of the nascent H is. 
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THE DAMPING CAPACITY OF COPPER-MANGANESE 
ALLOYS 


By R. S. Dean, E. V. Potter, R. W. HuBER anp H. C. LUKENS 
Abstract 


The unusually high damping capacity of copper- 
manganese alloys produced by certain heat treatments was 
reported in earlier publications. These investigations were 
continued to determine the effect of other heat treatments 
and to determine the fundamental nature of the damping 
capacity and its variation with heat treatment. The damp- 
ing capacities and moduli at high and low stresses were 
determined for alloys quenched from the gamma field and 
slowly cooled at various rates. The variations in moduli, 
Poisson's ratio, and damping capacity are correlated. 

High damping capacities in the quenched alloys at 
low stresses are associated with tetragonal Structures, 
typical of gamma manganese, and may arise from elastic 


anisotropism in the crystals. The very high damping 
capacities and low moduli characteristic of the range from 
/4 to YO% manganese, especially at high stresses, are 


associated with the transition of the gamma structure 
from cubic to tetragonal, which occurs at a composition 
between 79 and 82% manganese. This transition its anal- 
ogous, to a polym Lor phic transformation in pure metals, in 
which the variable is composition rather than temperature. 
ny: high damping capacity in the slowly cooled alloys, 

well as that of certain quenched alloys when cold- 
worked, and reheated to various temperatures for 2 hours, 
is due to the transitional state of these alloys. The atoms 
in the original single-phase gamma _ structures are only 
partially rearranged, preparatory to the formation of defi- 
nite decomposition phases, and the alloys are in a plastic 
condition. The sluggishness of the transitions in these 
alloys makes it possible to catch them at various stages in 
the transformation and obtain wide variations in damping 
capacity and modulus. 


Of the authors, R. S. Dean was formerly assistant director, Bureau of 
Mines, Washington, D. C.; E. V. Potter is physicist, Bureau of Mines, Salt 
Lake City Division, Metallurgical Branch; R. W. Huber is metallurgical engi- 
neer, and H. C. Lukens is physicist of the same Bureau. Manuscript received 
June 3, 1946. 
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INTRODUCTION 


[GH vibration damping capacity is probably the most remark- 

able property of certain manganese-copper alloys. The damp- 
ing is so much greater than for most common metals and alloys 
that the difference is readily apparent even without quantitative 
measurements. Rods of alloys containing over 80% manganese 
quenched from below the solidus are completely dead when struck ; 
when properly heat treated most of the alloys containing over 40% 
manganese also have very high damping. This unusual property of 
copper-manganese alloys has been reported previously (1), (2),' but 
since the earlier observations damping capacity measurements have 
been made at both high and low stresses and for other heat treat- 
ments. Furthermore, recent X-ray studies (3) of the structures of 
these alloys has led to a better understanding of the relation between 
high damping and structure. 


A Tueory oF DAMPING CAPACITY 


There are a number of causes for energy losses producing vibra- 
tion damping effects, some of which have been discussed in the litera- 
ture (4), (5), (6); the most important in nonmagnetic materials 
are plastic deformation and thermoelastic effects. 

Plastic deformation of a metal is generally considered to occur 
only at stresses near its elastic limit. Actually, some plastic deforma- 
tion occurs at low stresses (5 to 10 psi). Although the actual 
deformation is not directly measurable, the energy losses can be 
measured accurately. This energy loss increases rapidly with in- 
creasing stress and is the predominant cause of internal damping 
at high stresses. Since the plasticity of metals increases as the tem- 
perature is raised and during polymorphic transformations (7), (8), 
the damping capacity increases likewise; the increase in damping 
capacity is accompanied by a decrease in modulus. 

As a consequence of the thermoelastic properties of metals, 
strains are always accompanied by heat effects; tensile and compres- 
sive strains producing temperature decreases and increases, respec- 
tively. If nonuniformities in stress exist (either on a macroscopic 
or microscopic scale), temperature differences will exist in a body 
and heat will flow from one portion to another. Under certain con- 


'The figures appearing in parentheses pertain to the references appended to this paper. 
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ditions, energy losses will result from this and produce damping 
effects. These damping effects are independent of stress but very 
sensitive to frequency. At high and low frequencies the heat effects 
are adiabatic and isothermal, respectively, and the energy losses are 
low. But, at intermediate frequencies the heat effects are neither 
adiabatic nor isothermal and the energy losses increase; the magni- 
tude of the losses depends on the thermal diffusion constant of the 
material and the nature of the stress inhomogeneity. 

Macroscopic stress inhomogeneities are produced by the type 
of vibration of the specimen. Transverse and longitudinal vibra- 
tions produce simultaneous zones of tension and compression. Con- 
siderable heat flow may occur for transverse vibrations where the 
two zones are close together, but it is small except at very high fre- 
quencies for longitudinal vibrations where the zones are more widely 
separated. 

Microscopic inhomogeneities in stress occur in polycrystalline 
materials, in which the crystals have random orientations and are 
elastically anisotropic. In such cases zones of different stress exist 
close together and heat flow occurs, the resulting energy loss depend- 
ing on the frequency, grain size, and the nature of the material. 
Since these conditions exist in nearly all metals, this is a common 
cause for damping, and at low stresses may be the principal cause. 
This type of damping is affected by anything which affects the ani- 
sotropism of the metal and is thus sensitive to ordering in the atomic 
lattices. The damping capacity is greater in the ordered condition, 
but the modulus may either increase or decrease. 

Microscopic inhomogeneities in stress may also be produced by 
residual strains resulting from either cold working or quenching and 
can occur in isotropic as well as in anisotropic materiais. The magni- 
tude of these energy losses again varies with frequency and the 
nature of the material, as well as the mean distance between stress 
inhomogeneities. In general, the damping capacity caused by ther 
mal currents is small, and even though it may be the predominant 
factor under certain conditions, it 1s generally important only at low 
stresses. 

EXPERIMENTAL PROCEDURE 


Damping Capacity Measurements 


The damping capacities at low stress were measured by the 
“resonance curve’ method, using longitudinal vibrations. The appa- 
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ratus and method of measurement were described in a previous pub- 
lication (2) and the theory of the method is completely discussed 
in a more recent publication (6). In these tests, the actual stress 
is seldom determined. The nature of the apparatus limits the stress 
which can be produced in the specimen so that it is generally less 
than 10 psi. In this stress range and even up to 100 psi the actual 
stress is not important because the damping capacity is essentially 
independent of stress. 

The high stress damping capacities were determined by the 
free torsional vibration method. This apparatus is essentially the 
same as that described by Norton (9), with the exception of the 
recording system. Instead of Norton’s optical recording system, an 
electrical recording system was used. The vibrating torsion bar 
formed one plate of a condenser, the other plate being supported 
from the stationary frame of the apparatus. The stationary plate 
was triangular, so that the condenser capacity would change linearly 
with the motion of the torsion bar. This capacity change was con- 
verted into a varying direct current by an electrical transducer (10), 
the output current being used to record the vibrations of the torsion 
bar on a recording oscillograph. This type of damping capacity 
tester and its theory are also discussed in another paper (6). The 
stresses employed are limited only by the size of the specimen of the 
testing apparatus. Measurements can be made as low as 100 psi but 
between 100 and 1000 psi the accuracy is generally not good enough 
and stresses of 1000 psi and higher are used. Above 1000 psi, the 
stress is very important because the damping capacity varies consider- 
ably with stress. Generally, it increases with increasing stress at a rate 
which grows increasingly large as the stress approaches the elastic 
limit of the specimen, but in some cases, the damping capacity may 
even decrease with increasing stress in certain stress ranges. 

In this paper, the term “damping capacity” will be used to desig- 
nate the “specific damping capacity”. This term is defined as the 
ratio of the energy loss per cycle of strain to the elastic energy in the 
specimen at maximum strain and, as is customary, will be expressed 
as per cent. 


Preparation of Specimens 


The low stress damping capacity specimens were rods 14 inch 
in diameter and 10 inches long. They were heat treated as follows: 


necessaries litieintnes 
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1. Quenched from the gamma field. 
2. Furnace-cooled or cooled at 100 °C per hour. 

3. Slowly cooled at controlled rates of 40°C per hour, 20°C 
per hour, 100°C per day (4.2 °C per hour), and 0.55 °C per hour 
(1°F per hour) from 850°C to room temperature (cooling at 
0.55 °C was stopped at 416 °C). 

The significance of these treatments will be more readily under- 
stood by referring to the equilibrium diagram for these alloys shown 


5 +Melt 


erature °C 
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in Fig. 1. This diagram was taken from an earlier publication (11). 
The single-phase alpha and beta manganese fields are not shown 
because the solubility of copper in alpha and beta manganese is very 
small. The quenched alloys were held at temperatures in the gamma 
field for several hours and quenched in water. The alloys up to 60% 
manganese were quenched from 850 °C (1560°F); those from 60 
to 90% manganese, from 950°C; and those over 90% manganese, 
from 1050°C (1920°F). They were all single-phase alloys con- 
sisting of the gamma phase. The furnace-cooled alloys were heated 
to temperatures in the gamma field and allowed to cool to room tem- 
perature in the furnace with the power shut off. In the tempera- 
ture range above 500°C (930°F) where the transitions are rela- 
tively rapid, this corresponds to a cooling rate of about 100 °C per 
hour. The other cooling treatments are self-explanatory. 

The high stress damping capacity specimens were bars 7 inches 


long and 5¢ inch square, with the center 5-inch section turned 
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down to a diameter of 3¢ inch. They are essentially the same as 
those used by Norton (9), the square ends being used to clamp them 
into the stationary base and to the vibrating torsion bar, the round 
center portion being the section under test. The heat treatments were 
essentially the same as for the low stress specimens. The specimens 
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Fig 2—-Damping Capacity of Copper-Manganese Alloys at Low 
Stresses, Alloys Quenched from Gamma Field. 


were heated and water-quenched from the gamma field in exactly 
the same way, but instead of cooling in the furnace with the power 
off, the cooling was done at a controlled rate of 100°C per hour. 
Specimens cooled at slower rates were unsatisfactory and no signifi- 


cant results were obtained. 
DAMPING CAPACITIES 
Damping Capacity of Ouenched J llloys 


The damping capacity of the quenched alloys at low stresses is 
shown in Fig. 2. The values are quite low in all the alloys below 
75% manganese and increase rapidly with increases in manganese 
content from 75 to 95%. For ready comparison, the damping capaci- 
ties of a number of typical metallic and nonmetallic materials at vari- 
ous stresses are listed in Tables I to IV, inclusive. The damping 
capacity of the alloys containing less than 75% manganese is in the 


same order as that of most all of the metallic materials and is ex- 


ceeded by that in some pure metals, cast iron, some stainless irons, 
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Table I 
Damping Capacity of Steels and Cast Iron 


psi Ver eee ee ee Pee ee Te eee 0 5000 
Steels 
0.2% Carbon 
Drawn 400 °C (750 °F) 
rr ee  . ppaceobesee= 
CS” FARA 
0.4% Carbon, Drawn 650°C .......-cccccees 
0.9% Carbon, 0.2% Manganese 
ES DEE Eee 0.02 
Drawn 400 °C (750 °F) 0.05 
Drawn 1000 °C (1830 °F) 2 , 
5% Nickel Tee Ee a ee 0.5 
22% Nickel, O LES 2) RRS 0.12 
Stainless Iron, 13% Chromium 
I a a ae Me ale chi ale decal eecnw win 8.0 g 
Cast Iron 
3 2% Carbon 2-4 7 1 


Material Low Stress Maximum 
Armco Iron 0.05 
Electrolytic Iror 0.30 
lron 

Demagnetized we = 0.52 

Saturated. 0.16 
Saet ESOM 2. oss ; ‘ 0.11 18 
Nsemel fee Co 1.4—-1.9 10—42 
Permalloy 3.00 


Damping Capacity 


Stress, psi 
Aluminum 
Aluminum 
Aluminum Alloy 
Bismuth 
Cadmium 
Cobalt 
Copper 
Annealed 
Cold-worked 
Duralumin 
Lead 
Magnesium 
Magnesium All 
Molybdenum 
Nickel 
Silver 
Tin 
Zine 


Copper Alloys 


< 


Aged 500 
10% Zine 
Annealed 


Annealed 


*Obtained with t 


feryllium, 
2%, Cobalt, 4% 


Table Il 
Damping Capacity of Magnetic Materials 


or 


Damping Capacity, 


Table Ill 
of Nonferrous Metals and Alloys 


Damping Capacity, 
On 
0.004—0.07 
~ ‘) 
i) 
0.2 
6.7 
- 
i / 
119 
LZ 
() 1) O4 
e 0.0 
0.1 
1.4—-1].9 ‘) 
0.09 
1.08 
0.15 
() 
Beryllium 
( 0.02 
0.00] 0.022 
Ra 


ransverse vibrations of proper frequency. 
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Table IV 
Damping Capacity of Nonmetallic Materials 


Damping Capacity, % 


OO OE SE o.kk. din cévisubteewndes tren 0 100 200 
RE, sits Aired cas id Sin clare Maratea or ie ae aa 20-25 
Re, ae Ree Soe ee ee 0.6 a 
fa Ni i a re a 9.0 34 dea 
i a eee ee ce ie Chey ee a a 40.0 (not sensitive to stress) 
Pe foes a. oe abled aah Seed Rees 17.0 ¥ cae a 
ne Siu esa Goa by vale deerme hare 0.3— 1.2 es 1.7 
CN al ee ai are Sie ala Rept aet aria aoe sri ae 11.0 
NR Sos.  kaiaie meadbew a ad oie eee 9.6 
CEE. wecinthe sivas 05s G04eksakaeebne 0.52 
Rubber 
so aarige dies erate ably ies 12.6—22.0 (not sensitive to stress) 
NN eee Sie tte a taal here ine ais 52.0 ; 
Re hie aes ois mwas peeked eee eae 30.0 
W ood 
OS See ee eee ee ere ty ere 14.0 (not sensitive to stress) 
Maple Swaine wb el ee 6 ae hawk ee wae Rae 4.5 (not sensitive to stress) 
DE <insadkvace nas died Cha eA edasewnes 13.0 (not sensitive to stress) 


some magnetic materials, and most nonmetallic materials. It is not 
an important property in these alloys. At higher manganese con- 
tents, the values rise from 0.2% at 75% manganese to 4.4% at 95% 
manganese. In this range the damping capacities become important 
for they exceed those in most metals and alloys, with the exception 
of lead, some stainless irons and cast iron, and are comparable to 
those in some nonmetallic materials. With the exception of the 
stainless irons, the moduli of these alloys and the tensile strengths 
exceed those of other materials with comparable damping capacities. 
Data on the physical properties of some of these alloys have been pub- 
lished (12), and similar data on the rest will be published soon. 

The damping capacity of the quenched alloys at high stresses is 
shown in Fig. 3. In general, the damping capacities vary in the 
same manner as at low stresses and the values at 1000 psi are essen- 
tially the same as the low stress values, in the alloys up to 74% man- 
ganese. The effect of increasing stress is to increase the damping 
capacity in all the alloys, especially those containing over 74% man- 
ganese. The alloys below 40% manganese will not stand stresses 
of 10,000 psi without being plastically deformed, so no damping 
values are shown for these alloys for stresses over 5000 psi. Again 
the damping capacities of the alloys having less than 74% manganese 
do not exceed those of most other metallic materials and are not as 
great as those found in some stainless irons and cast iron. The 
damping capacity of the alloys containing over 74% manganese is 


very high, however, reaching values of 50 to 80% at 82% manganese. 
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In this composition range the damping capacities exceed those found 


in most common materials including the nonmetallics, and the modu- 
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li and tensile strengths are sufficiently high to make these alloys 
potentially valuable as engineering materials. 

The significant characteristics of the damping capacity of the 
quenched alloys are: 

a. Only those alloys containing over 74% manganese have high 
damping capacities. 

b. The damping capacity of the alloys over 74% manganese 
at low stresses increases essentially linearly with composition from 74 
to 95% manganese, this trend being broken by a small but significant 
peak at 82% manganese. 

c. At high stresses, the small peak at 82% manganese noted 
above has become so large that the general increase in damping 
capacity with manganese content, noted at low stresses, is completely 
obscured. 


Damping Capacity of Alloys Furnace-Cooled and Cooled at 
100 °C per Hour 


The low stress damping capacity of the furnace-cooled alloys 
is shown in Fig. 4. The curve for the quenched alloys is also shown 
for comparison. The tremendous increase in the damping capacity 
for all the alloys between 36 and 87% manganese is obvious. These 
alloys have damping properties superior to all but a few of the 
common metallic materials and compare favorably with those of the 
nonmetallic materials. 

The high stress damping capacities of the alloys slowly cooled 
at 100°C per hour (corresponding to a furnace cool) are shown 
in Fig. 5. As for the quenched alloys, the increased stress increases 
the damping capacities. The increase is small at 1000 psi but is very 
great at 10,000 psi. The values obtained with these alloys at 5000 
and 10,000 psi exceed by far those obtainable in any of the common 
metals or alloys. The shear moduli of these alloys are somewhat 
lower than those for many other common constructional materials, 
but they are not too low for many purposes. Because of their very 
high damping capacities, these alloys should have many applications 
where objectionable vibrations and noise must be eliminated. 


Damping Capacity of Slowly Cooled Alloys 


The low stress damping capacity of alloys slowiy cooled at rates 
from 40 to 0.55 °C per hour is shown in Fig. 6. The damping varies 
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Fig 5—-Damping Capacity of Copper-Manganese Alloys at High 
Stresses, Alloys Cooled at 100 °C per Hour from Gamma Field. 
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Fig. 6—Damping Capacity of Copper-Manganese Alloys at Low 
Stresses, Alloys Slowly Cooled from 850 °C (1560 °F). 


with composition in a manner similar to that of the furnace-cooled 
alloys except that the maximum damping occurs between 60 and 
70% regardless of the cooling rate, while the furnace-cooled alloys 


had the highest damping capacities between 70 and 82% manganese. 
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The damping capacities decrease rapidly as the cooling rate de- 
creases; many of the alloys cooled at 0.55 °C per hour have values 
as low or lower than those of the quenched alloys (Fig. 2). 

The significant characteristics of the damping capacity of the 
furnace-cooled and slowly cooled alloys are: 

a. High damping capacities occur in all the alloys between 36 
and 90% manganese, the peak values falling between 60 and 80% 
manganese, 

b. The damping capacities are highest at the high cooling rates 
and decrease rapidly as the cooling rate decreases, 

c. The values increase with Increasing stress, the relative in- 
creases being essentially the same for all the alloys. 


TENSILE AND SHEAR Mopvutr, AND Potsson’s Ratio 
Quenched Alloys 


Moduli—The tensile moduli of the quenched alloys are shown 
in Fig. 7. These values were obtained from the resonant frequencies 
as determined during the low stress damping capacity measurements. 
They are lower than those for steel and a few other metals but 
exceed most of the common metals and do not seriously limit the use- 
fulness of the alloys. 

The shear moduli of the quenched alloys are shown in Fig. 8. 
They were obtained from the resonant frequencies as determined 
during the high stress damping capacity measurements. Again the 
values are less than those for steel and a few metals but exceed those 
for most of the other common metals. 

The curves show a tendency to dip in the center. the alloys 
having lower moduli than either pure copper or gamma manganese 
and changing only slightly in the range from 20 to 70% manganese. 
The values decrease sharply above 74% manganese to a minimum 
between 79 and 82% manganese and then rise sharply to normal 
values above 90% manganese: they indicate a relatively high value 
for pure gamma manganese. 

Poisson’s Ratio—Since no values of Poisson’s ratio for thes 
alloys have been published, the ratios were calculated from the moduli 
data for quenched alloys given in Figs. 7 and 8, and are plotted in 
Fig. 9. The value varies from 0.22 to 0.3 below 74% manganese, but 
rises rapidly to 0.7 at 82% manganese, after which it again decreases. 








1948 COPPER-MANGANESE ALLOYS 367 


0 an 
viVvu 


Tensile I 








O lO 20 3C 40 SO 60 70 80 90 100 


‘or theoretical reasons, Poisson's ratio for metals can only approach 
0.5 as a limit and can never exceed it. The values shown in Fig. 9 
above 74% manganese are theretore in error. This is to be expected 
because the shear modulus was calculated from data obtained at high 
stresses, these values being necessarily too low and the value of 


Poisson’s ratio too high. 
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Fig. 9—Poisson’s Ratio for Copper-Manganese Alloys, Alloys 
Quenched from Gamma Field. 


Moduli of Slowly Cooled Alloys 


The shear moduli of the alloys slowly cooled at 100 °C per hour 
are shown in Fig. 8. They were obtained from the resonant fre- 
quencies determined during the high stress damping capacity meas- 
urements. The values are considerably less than those of the 
quenched alloys, except in the range from about 80 to 90% man- 
ganese. This does not indicate any peculiarity of the slowly cooled 
alloys in this range, but rather emphasizes the abnormally low values 
of the moduli of the quenched alloys. Note dip in modulus curve 
in Fig. 7 between 70 and 90% manganese. 

The tensile moduli of the slowly cooled alloys are shown in 
Kig. 10. The values for the furnace-cooled alloys at low stresses 
are not shown. They are essentially the same as those of the alloys 
cooled at 40°C per hour up to 70% manganese and are somewhat 
lower at higher manganese contents. Again in all the alloys from 
about 34 to 70% manganese, the alloys cooled at higher rates (which 
have the higher damping capacities, Figs. 4 and 6) have lower moduli 
than the quenched alloys. 

At the slower cooling rates (4.2 and 0.55 °C per hour), the 
moduli are greater than those of the quenched alloys (Fig. 10) At 
these rates the damping capacities are low. All the moduli curves 
for the slowly cooled alloys rise rapidly toward 100% manganese 


and indicate that both the shear modulus and the tensile modulus of 
alpha manganese (see equilibrium diagram, Fig. 1) must be much 
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greater than those of copper, gamma manganese, or any of the 
manganese-copper alloys. 

The significant variations in the moduli and Poisson’s ratio to 
be noted are: 

a. The sharp decrease in moduli in quenched alloys between 
74+ and 90% manganese, with a minimum at 79 to 82% manganese. 

b. The sharp rise in Poisson’s ratio in the quenched alloys 
between 74 and 90% manganese, with a maximum at 82% man- 
canese. 

c. The low moduli of the alloys furnace-cooled and cooled at 
10 and 20 °C per hour, compared to that of the quenched alloys and 
the alloys slowly cooled at 100 °C per day or 0.55 °C per hour. 

d. The dips in the modulus curves for the alloys slowly cooled 
at 100°C per day and 0.55 °C per hour between 60 and 70% man- 


vanese. 


RELATION BETWEEN Mopu ti, Porsson’s RATIO, AND 
DAMPING CAPACITY 


Quenched Alloys 


Relation Between Moduli and Damping Capacity—In_ the 
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quenched alloys at low stress, there is no obvious relation between 
the variations in damping capacity and modulus. Both high and low 
damping capacities are associated with normal values of modulus. 
The only obvious correlation is that the sharp dip in the modulus 
curve with a minimum at about 80% manganese (Fig. 7) occurs in 
the region where the damping capacity (Fig. 2) begins to rise rap- 
idly and shows a small peak. This situation in itself would not be 
entirely significant. 

At high stress no better correlation seems to exist except in the 
range from 74 to 90% manganese. In this region the damping ca- 
pacities are very high and the moduli are low, the maximum damping 
capacity and the minimum moduli both occurring near 82% man- 
ganese. As noted above, the low stress damping capacity also shows 
a small peak at 82% manganese. This peak was considered too small 
to be significant in itself but since the high stress damping capacities 
also show peaks at the same point its significance must be recognized. 
Thus, the general rise in damping capacity above 74% manganese, 
as shown by the low stress values, has no obvious relation to the 
moduli, but the sharp rise in damping capacity at 82% is definitely 
associated with the sharp drop in modulus in this region. 

The same conclusions seem to hold for Poisson’s ratio. No 
significant variation occurs except in the region from 74 to 90% 
manganese where the values rise rapidly to a peak at 82% manga- 
nese. Thus high values of Poisson’s ratio, low values of modulus, 
and high damping capacities occur in the same region, the respective 
minima and maxima all occurring near 82% manganese. 

It is interesting to note that Poisson’s ratio is high in the alloys 
where the damping capacities are high. It is high in lead, which also 
has a high damping capacity. Since our values are subject to con- 
siderable error in the high ranges, there may be no correlation be- 
tween these observations, but it is planned to determine the tensile 
and shear moduli of some of these alloys at low stresses, using the 
same specimen in each test to see if there is any correlation between 
damping capacity and Poisson’s ratio in metals. 

Relation Between Moduli and Damping Capacity in Furnace- 
Cooled and Slowly Cooled Alloys—The relation between damping 
capacity and modulus is more apparent in the slowly cooled alloys. 
The high damping capacities of the furnace-cooled alloys (Fig. 4), 
the alloys cooled at 100°C per hour (Fig. 5), and the alloys cooled 
at 40 and 20 °C per hour (Fig. 6) are all associated with low moduli 
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(Figs. 8 and 10). This is also true for quenched alloys, cold- 
worked and reheated for 2-hour periods at temperatures from 350 
to 600 °C (660 to 1110°F). The damping capacities of alloys heat 
treated in this manner were reported in an earlier paper (2) and the 
results are shown here in Fig. 11. In these alloys, reheating to 
350 °C has little effect on the damping capacities, the values being 
essentially the same as in the quenched alloys. At 400°C (750 °F) 
definite changes are occurring and are very pronounced above 75% 


Damping Capacity % 





80 90 100 


Manganese % 


Fig. 11—Damping Capacity of Copper-Manganese Alloys at Low 
Stresses, Alloys Reheated for 2 Hours and Quenched. 


manganese, with some change occurring as low as 50% manganese. 
At 450 and 500° C (840 and 930 °F) all the alloys over 30% manga- 
nese have high damping capacities, but the values are less at 500 °C 
(930 °F), and much less at 600°C (1110°F). Thus, reheating to 
450 °C (840 °F) produces the same effect as furnace cooling or cool- 
ing at 100 °C per hour; reheating to 500 °C (930 °F) corresponds to 
cooling rates of 20 to 40°C per hour, and reheating to 600°C 
(1110°F) produces effects similar to slowly cooling at 0.55 to 
4.2°C per hour. The moduli of elasticity of these alloys decrease as 
the reheating temperature is increased, being a minimum in the alloys 
reheated to 450°C (840°F), and thereafter increase with the tem- 
perature. Again the high damping capacity in the alloys from 36 
to 80 or 90% manganese is found to be associated with low moduli 
of elasticity. 
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RELATION BETWEEN STRUCTURE AND DAMPING CAPACITY 
Causes of Combination, High Damping and Low Modulus 


The combination of high damping and low modulus may arise 
from two causes: ordered atom distribution or polymorphic trans- 
formation. Forster (5) gives examples of each of these processes 
and shows that, in the case of ordering, damping capacity increases 
but modulus may either increase or decrease. Ordering is accom- 
panied by a decrease in resistivity, however. Polymorphic trans- 
formations are accompanied by increased damping capacity and de- 
creased modulus, both of which are caused by the especially plastic 
state of the material during the transformation. 

The electrical resistivity of furnace-cooled and slowly cooled al- 
loys, given in other papers (13), (14), shows a decrease with respect 
to that of the quenched alloys and has a minimum value in the vicin- 
ity of 80% manganese. This would tend to indicate that ordering 
might be occurring in these slowly cooled alloys, the ordered phase 
having a composition of about 80% manganese. Other considera- 
tions, however, make the formation of an ordered phase unlikely, 

Ordering—Assuming that high damping capacity indicates the 
formation of an ordered phase, this phase would have to form at a 
temperature in the two-phase gamma-alpha manganese field (Fig. 1) 
because the alloys quenched from any temperature in the single- 
phase gamma field have low damping capacities. The maximum or- 
dering would occur in the alloys slowly cooled at a rate of about 
100 °C per hour, where the damping capacity is a maximum; the al- 
loys cooled at 0.55 °C per hour having low damping capacity would 
have become ordered and again disordered. The latter alloys were 
only slowly cooled to 416 °C, however, so disordering would neces- 
sarily have occurred at some temperature above this. Ordering 
would thus be limited to a temperature range from 416 to 650 °C. 
On the other hand, the quenched and reheated alloys would indicate 
a maximum ordering at 450 °C (840 °F) with a definite disordering 
tendency at 500 and 600 °C (930 and 1110°F). Thus the ordering 
range is limited to a narrow temperature band not more than: 50 °C 
wide and centered near 450°C (840°F). This is possible, but 
does not seem likely, especially. since the X-ray patterns gave no 
indications of ordering. 

Polymorphic Transformation—A more plausible explanation 
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for the high damping capacities in these slowly cooled alloys is that 
a transformation is occurring, and X-ray examinations of them show 
that this is the case. A complete report of the X-ray studies of the 
structure of these alloys is given in an earlier paper (3). These 
studies show that the transformation of these alloys from single- 
phase gamma structures to the two-phase gamma-alpha manganese 
structures (Fig. 1) is very sluggish. The time required for alloys 
quenched from the gamma field to reach equilibrium when reheated 
to 550°C is shown in Table V; less than 24 hours is required for 
50% alloy, while over 200 hours is required for the 40 and 60% 
alloys. Also, in all the alloys above 56% manganese, the transition 
involves the formation of an intermediate phase, which occurs with 
a gamma-solid solution phase and alpha manganese, all of which later 
decomposes to form the equilibrium gamma-solid-solution and alpha 
manganese phases required by the equilibrium diagram in Fig. 1. 
Because of the sluggishness of the transition, the alloys furnace- 
cooled or cooled at 100°C per hour only have time to begin trans- 
forming. This is shown by their X-ray patterns, which show them 
to have face-centered structures similar to their original gamma 
structure but significantly altered. The alloys from 36% manganese 
are tetragonal with axial ratios varying from 0.96 to 1.0. Similar 
behavior has been observed in other alloy, systems (15) and sub- 
stantiate the conclusion that these alloys represent the initial stages 
in the transformation. The atoms are regrouping preparatory to the 
actual’ formation of the two or three definite phases found in the 
more slowly cooled alloys, and this regrouping of the atoms has dis- 
torted the structures from their original cubic form. This is more 
fully discussed in the paper cited in reference 3. 


























High Damping Capacity in Furnace-Cooled and Slowly Cooled Alloys 










The high damping capacities and low moduli of the furnace- 
cooled and slowly cooled alloys are associated with this transitory 

































Table V 
Time Required to Reach Equilibrium at 550 °C 












Manganese, % Time, Hours Manganese, % Time, Hours 







40 126-330 70 24— 48 
45 168-216 75 48— 72 
50 0— 24 80 168-216 
60 216-330 85 24— 48 






48— 72 
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state, during which the material is in an especially plastic condition. 
Because the transition is so sluggish, they can be caught and pre- 
served in this condition. Cooling at slower rates permits them more 
nearly to approach equilibrium and to form definite and more stable 
structures which have low damping capacities and high moduli (Figs. 
6 and 10). The peaks in the damping capacity curves of the alloys 
cooled from 40 to 0.55°C per hour occur between 60 and 65% 
manganese and are accompanied by minima in the modulus curves. 
This is due to the fact that these alloys require more time to reach 
equilibrium than those near them in composition on either side, and 
at any given time they are furthest from equilibrium and less stable. 


High Damping Capacity in Alloys Reheated for 2 Hours 


The variation in the damping capacities of the alloys quenched 
and reheated for 2 hours can be explained in the same way. The 
maximum damping capacity and the minimum moduli occur at 
450 °C (840 °F) because these alloys are in the same stage of transi- 
tion as the alloys furnace-cooled or cooled at 100°C per hour. At 
lower temperatures, 350°C (660°F), the transition is slower and 
the original gamma structure has been less disturbed; virtually no 
change occurs in 2 hours and the damping capacities and moduli re- 
main unaltered. At 500 and 600 °C (930 and 1110 °F) the transition 
is more rapid and the gamma phase has decomposed to a greater de- 
gree, forming the other metastable phases, previously discussed, which 
have high moduli and low damping capacity. The decomposition is 
less complete at 500°C (930°F) than at 600°C (1110 °F), so the 
damping capacities are higher. The actual heating temperature in 
these tests is not significant except as it determines the rate at which 
the transition proceeds. The same degree of transformation obtained 
by heating for 2 hours at 450°C (840°F) could be obtained at 
lower temperatures (above the recrystallization temperature) by al- 
lowing more time or by heating to a higher temperature for a shorter 
time. In either case the resulting damping capacities would be the 
same. 


Damping Capacity of Quenched Alloys 
Alloys Below 74% Manganese—The damping capacity of the 


alloys below 74% manganese is low at both high and low stresses. 
At low stresses it is probably composed of several parts; one is due 
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to plastic deformation and one to microscopic thermal currents. Both 
elastic anisotropism and residual strains due to quenching probably 
contribute to the latter loss. The data available are not sufficient to 
determine anything more specific about this energy loss, and since it 
is small, it is not especially important. The increase in damping at 
high stresses is undoubtedly due to plastic deformation. The increase 
is slight at 1000 psi but is great at 5000 and 10,000 psi. In the alloys 
below 40% manganese, the plastic deformation at 10,000 psi was 
too great to permit damping capacity measurements at this stress. 

Alloys Above 74% Manganese—Comparing the damping capac- 
ities of the quenched alloys above 74% manganese at high and low 
stresses (Figs. 2 and 3) shows immediately that they behave in 
radically different manners in the two stress ranges. At low stresses 
(under 100 psi) the damping capacity increases uniformly with 
manganese content from 74 to at least 95% manganese. The peak 
at 82% is only a minor departure from this general rise. At high 
stresses (over 1000 psi) the peak at 82% manganese has become so 
high that it is the outstanding characteristic of the damping capacity 
curve in this composition range and the general rise, characteristic 
of the low stress curve, is completely obscured in all but the 95 and 
97% manganese alloys. The damping capacity of these alloys must, 
therefore, be composed of at least two components, one of which 
predominates at low stresses and the other’ at high stresses. These 
will be referred to as low and high stress components, respectively. 

The low stress component is characterized by the gradual rise 
in damping capacity from 74 to at least 95% manganese shown in 
Fig. 2. The high stress component is characterized by a sharp peak 
at 82% manganese. At low stresses the latter component is small 
and can be seen only in the 82% manganese alloy but at high stresses 
it predominates from 74 to between 90 and 95% manganese. It is 
most prominent in the 82% alloy and decreases rapidly as the com- 
position deviates from this value in either direction. 

The nature of the low stress component is not definitely known, 
but some connection does exist between the structure of these alloys 
(over 74% manganese) and the damping capacity. In Fig. 12 the 
X-ray parameters of the quenched alloys are shown. They are all 
face-centered structures, but are cubic only up to about 80% man- 
ganese; above they are tetragonal with axial ratios varying from 
0.938 to 1. Alloys with low damping capacities (below 74% man- 
ganese) are thus all cubic structures. The alloys with the high 


376 TRANSACTIONS OF THE A. S. M. Vol. 40 


damping capacities are tetragonal, the maximum damping capacities 
occurring in the alloys whose structures differ most from cubic. 
Thus, the high damping capacity in the quenched alloys at low 
stresses seems to be definitely associated with the tetragonal struc- 
tures and would seem to be a property of gamma manganese; the 
damping capacity decreases as copper is added and the structure 
becomes more nearly cubic. It may be caused by thermoelastic en- 
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ergy losses arising from elastic anisotropism in the tetragonal gamma 
manganese structure, the anisotropism decreasing as copper is added 
and the structure becomes more nearly cubic. 

If the low stress component arises from elastic anisotropism, 
this component of the damping capacity would not increase with in- 
creasing stress. The damping capacity of all the alloys increases 
with stress; however, even the 95 and 97% manganese alloys which 
are not influenced as much by the high stress component as the rest 
of the alloys over 74% manganese, show increases of 100% at 5000 
psi and 250% at 10,000 psi. This is due to some plastic deformation 
which is undoubtedly present in all of the alloys at high stress both 
above and below 74% manganese and thus increases the damping 
capacity at high stress. 

As noted above, the high stress component is characterized by a 
peak in damping capacity at 82% manganese, which is small at low 
stresses and increases rapidly at 1000 to 10,000 psi. This compo- 
nent of the damping capacity predominates in all the alloys from 74 
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to between 90 and 95% manganese at high stresses. The moduli 
curves (Figs. 7 and 8) show sharp dips, also between 74 and 90% 
manganese, the minima also occurring at 80 to 82% manganese. This 
behavior again suggests a transformation, and the X-ray parameter 
curve (Fig. 12) for these alloys shows that a type of transition does 
occur near 80% manganese. 

Throughout most of the composition range, from the copper 
side, the quenched alloys have cubic structures, but at manganese con- 
tents above approximately 80% they become tetragonal. The change 
from one to the other is gradual, the axial ratio gradually decreasing 
from 1 to 0.938 for pure gamma manganese. The departure from 
an axial ratio of unity occurs between 80 and 82% manganese, later 
data favoring the lower value. This transition may be considered 
similar to the polymorphic transitions occurring in pure materials, 
the change being caused by a composition rather than a temperature 
change. The interatomic forces will then be weakest at the transition 
composition. The damping capacity should be a maximum and the 
modulus a minimum at this composition, but the influence of the 
transition should be reflected in the properties of all the alloys near 
this composition. — 

The actual transition composition is not definitely known, but 
the minima in the tensile and shear moduli, the maxima in damping 
capacity, and the X-ray parameters all indicate that it is between 79 
and 82% manganese. Moreover, the decrease in the moduli between 
74 and 90% manganese shows that the properties of the alloys differ- 
ing in composition by as much as 6 to 10% manganese are influenced 
by the proximity of this transition. 

Thus the damping capacity of the alloys between 74 and 90% 
manganese is increased relative to that in the alloys containing lesser 
or greater amounts of manganese because plastic deformation occurs 
to a much greater extent. At low stresses it is a minor factor in all 
but the most plastic alloy (82% manganese) where its contribution 
is about equal in magnitude to the other energy losses. At high 
stresses the energy losses due to plastic deformation are large in all 
the alloys from 74 to 90% manganese, a maximum being reached 
at 82% manganese. The magnitude of this energy loss compared 
to that arising from other causes can be appreciated by the fact that 
the damping capacity of the 82% alloy is increased 5500% at 1000 
psi and 8000% at 10,000 psi. 
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SUMMARY 


1. The damping capacity of copper-manganese alloys is very 
sensitive to heat treatment. In all the alloys over 36% manganese, 
the damping capacity can be varied over a wide range, the most 
versatile alloys having compositions between 36 and 74% manganese. 

2. The wide range of damping capacity obtainable in these al- 
loys and the ease with which it can be controlled are generally due 
to the sluggishness of the transformations in the alloys, making it 
possible to quench and preserve transitional states which have high 
plasticity and high damping capacity. 

3. Alloys up to 74% manganese quenched from the gamma field 
have damping capacities at both low and high stresses that are rela- 
tively low and comparable to those in many other materials. The 
damping capacity is not an important property of these alloys. 

Alloys over 74% manganese quenched from the gamma field 
have damping capacities rising from 0.2% at 74% manganese to 
4.4% at 95% manganese at low stresses. The causes of the energy 
losses giving rise to these high damping capacities are not definitely 
known, but they are associated with the tetragonal structures in 
these alloys, and the damping capacity increases with the deviation 
of the structures from that of a cube. At high stresses, plastic de- 
formation increases the damping capacity of these alloys, the increase 
being 100% at 5000 psi and 250% at 10,000 psi in alloys over 90% 
manganese. 

4. The alloys between 74 and 90% manganese in the quenched 
condition are very plastic because they are in a transitional state as- 
sociated with the transition of the gamma phase from a cubic to a 
tetragonal structure. At low stresses, the energy loss due to plastic 
deformation is negligible in all but 82% alloy, where it is about equal 
to the losses arising from other sources. At high stresses, the losses 
are high in all the alloys, producing a damping capacity of 80% in 
the 82% manganese alloy at 10,000 psi. The increases in damping 
capacity caused by plastic deformation are 5500% at 1000 psi and 
8000% at 10,000 psi. | 

5. Alloys slowly cooled at 100°C per hour or furnace-cooled 
from 850°C have very high damping capacities above 36% manga- 
nese, especially in the range below 87% manganese. The damping 
capacity in these alloys is related to a transitional condition in which 
the atoms in the gamma phase have become partially rearranged 
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preparatory to the formation of definite decomposition phases. In 
this condition the alloys are very plastic and the energy losses due 
to plastic deformation are high. 

6. The high damping capacities of the quenched alloys over 
74% manganese and the slowly cooled alloys (100 °C per hour) be- 
tween 36 and 87% manganese are higher than those obtainable in 
virtually all metallic materials and compare favorably with those ob- 
tained in nonmetallic materials. These alloys also have sufficient 
tensile strength and high enough moduli to make them useful as 
structural materials, especially where the structure or its members 
is subject to considerable mechanical vibration. 
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THE ELECTRICAL RESISTIVITY AND TEMPERATURE 
COEFFICIENT OF RESISTANCE OF COPPER- 
MANGANESE ALLOYS 








By R. S. DEAN, E. V. Potter anp R. W. Huser 









Abstract 






The resistivity and temperature coefficient of copper- 
manganese alloys from 20 to 97% manganese were deter- 
mined, 

Alloys quenched from the single phase gamma field 
showed resistivities varying in a manner typical of solid 
solutions. They increased from 2 X 10-* ohm-cms. for 
copper to 188 & 10-* Q cms. for 60 to 70% manganese, 
decreasing to 45 X10-*° Q cms. for gamma-manganese. 
The temperature coefficients were small up to 70% man- 
ganese, increasing thereafter to about 40 x 10-4 for 
gamma-manganese, the rise starting where the structure 
changed from cubic to tetragonal and increasing as the 
axtal ratio departed from unity. Quenched alloys cold- 
worked and reheated to various temperatures for 24 hours 
showed resistivities and temperature coefficients which were 
typical of alloys in equilibrium. Single phase alloys fol- 
lowed the curves for quenched alloys. Two phase alloys 
followed straight lines between the solubility limits. Pro- 
jected to 100% manganese these curves indicated a resis- 
tivity of 145 to 164 K 10-° 2 cms. for alpha-manganese, 
and temperature coefficients for beta- and alpha-manga- 
nese 11 X* 10-* and 3 to 4.2 & 10-* respectively. 

Slowly cooled alloys have abnormally low resistivities 
and high temperature coefficients from 40 to 90% manga- 
nese with a minimum resistivity and maximum tempera- 
ture coefficient near 80% manganese. This is caused by 
a transitorial phase occurring in the transition from 
gamma to gamma plus alpha-manganese. This phase, 
called epsilon, has a low resistivity, 94 K 10-* Q cms., and 
high temperature coefficients, 19 X 10-*, and is most preva- 
lent near 80% manganese. 
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INTRODUCTION 


HE copper-manganese alloy system was one of the first to be 

studied in a comprehensive investigation of pure electrolytic 
manganese as an alloying element. The electrical resistivity of these 
alloys was studied systematically because of its own importance as 
well as its usefulness as an indicator of structure. The results of 
this investigation have been discussed in earlier papers (1), (2)? 
but since then more comprehensive studies have been made. Addi- 
tional data on resistivity and temperature coefficients of resistance 
are presented in this paper, and an attempt has been made to corre- 
late electrical resistivity with the structures of these alloys and the 
mechanism of transformation as obtained by X-ray studies (3), (4) 
made after the publication of the previous references. A more lucid 
and complete explanation can now be given of the properties and 
phenomena occurring in these alloys than was possible when the 
earlier results were published. 


METHOD oF MEASUREMENT AND SPECIMEN PREPARATION 


The electrical resistance was measured at room temperature by 
passing direct current through the specimen and comparing the po- 
tential drop in a given length of the specimen to the drop across a 
standard resistor in series with the specimen. The electrical contacts 
with the specimens were made through clamps placed as near as 
possible to the ends of the specimen. The potential contacts were 
made by placing the specimens on knife edges spaced various dis- 
tances apart to accommodate specimens of different lengths. The 
potential was measured over several lengths to help eliminate errors 
arising from nonuniformity of the specimens, the maximum length 
being such that the knife edges were not closer than three- to five- 
specimen diameters from the current connections. This precaution 
was taken to assure uniformity of the current distribution in the 
section of the specimen being tested. This consideration becomes 
important when the specimen is not long compared with its diameter. 
The electrical measurements were reproducible within 0.1%, but 
nonuniformity in the specimens introduced considerably greater vari- 
ations, the values in most cases being reproducible within 1% for 
values under 200 micro-ohm-cm. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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The temperature coefficient of resistance was measured in a 
similar manner, in this case the values of resistance being determined 
at temperatures of about 125 °C and room temperature, respectively. 
In these measurements, knife edges were also used for potential con- 
nections, but they were clamped to the specimen, their separation 
being immaterial because only the relative change in resistance is 


Temperature °C 


lO 200. 3d. 42-- 86. ©. jw 8 
Manganese % 
Fig. 1—Copper-Manganese Equilibrium Diagram. 


involved in these determinations. The specimens were immersed in 
hot and cold oil baths to obtain the desired change in temperature. 

The alloys were prepared from electrolytic manganese (containing 
not more than 0.02% sulphur and 0.01% iron) and electrolytic cop- 
per melted in an induction furnace. The ingots were hot-worked 
from 4 by 4-inch bars to 34-inch square rods, one intermediate heat 
being required; after soaking at a temperature in the single-phase 
solid solution range and quenching, they were cold-rolled to %-inch 
bars, with intermediate heat treatments as required, and swaged to 
rods % inch in diameter and about 10 inches long. In one case the 
rods were drawn to wire about 18 BS gage. 

The %-inch specimens were tested after the following heat 
treatments : 

1. Quenched from gamma solid solution field. 

2. Reheated for 24 hours at temperatures ranging from 500 
to 900 °C (930 to 1650 °F). 

3. Slowly cooled at controlled rates of 40, 30, 20, 4.2, 2.5, and 
0.55°C per hour from 850°C (1560°F) to room temperature 
(cooling at 0.55 °C per hour was stopped at 416 °C). 
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In another test, using wire specimens, the resistivities were 
determined at temperatures from 400 to 850°C (750 to 1560 °F). 
The significance of these heat treatments will be evident from 
the equilibrizm diagram in Fig. 1. The quenched alloys were 
heated for several hours to temperatures in the gamma field and 
quenched. The alloys up to 60% manganese were quenched from 


200 


150 


100 Held at Temperature 
for 24 Hours 

500 °C 

600 °C 

650 °C 

700 °C 

800°, 900°C 


Oo 10 20 30 40 50 60 70 80 90 100 
Manganese % 
Fig. 2—Resistivity of Cold-Worked and Reheated Alloys. 





Resistivity in 1O-“© Ohm - Cms. 


850 °C (1560 °F), those from 60 to 90% manganese were quenched 
from 950°C (1740°F), and those above 90% manganese were 
quenched from 1050 °C (1920°F). The second group of alloys was 
quenched from the gamma field, cold-worked, reheated to tempera- 
ture for 24 hours, and quenched. Alloys of the third group were 
quenched, cold-worked, reheated to 850°C (1560 °F), and slowly 
cooled at a controlled rate. 


RESISTIVITIES OF ALLOYS 
Quenched Alloys 


The resistivities of the quenched alloys are shown in Fig. 2. 
They are represented by the 900°C (1650 °F) curve to 90% man- 
ganese but follow the dotted curve from 90 to 100% manganese. 
The values increase from about 2 & 10°° ohm-cm. for pure copper 
to a maximum of 188 & 10°* ohm-cm. at about 65% manganese and 
decrease again as the alloys approach pure manganese. This curve 
is essentially the same as that obtained previously (1) except near 
100% manganese. Recent measurements in the Bureau laboratories 
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have indicated a value for gamma manganese of about 45 x 10° 
ohm-cm., and the curve in Fig. 2 is projected to this value. In the 
earlier work, data on pure manganese were not available and the 
extrapolated curve indicated a value of about 62 « 10° ohm-cm. 
This value must be considered inaccurate, however, because the 
values obtained directly on electrolytic manganese are definitely 
lower. Moreover, if the measured resistivities of pure gamma man- 
ganese are in error they are likely to be too high, making the true 
values even lower. 


Alloys Reheated for 24 Hours 





The resistivities of the reheated alloys are also shown in Fig. 2. 
The values at 500, 600, and 650 °C (930, 1110, and 1200 °F) depart 
from the curve for the quenched alloys [900°C (1650°F) curve] 
at progressively higher percentages of manganese and then fall on 
essentially straight lines, showing a low rate of change of resistivity 
with composition. These lines when extrapolated intersect the 100% 
manganese co-ordinate at points between 145 and 164 & 10° ohm- 
em. The curves for 700, 800, and 900 °C (1290, 1470, and 1650 °F) 
deviate from the quenched alloy curve on the high manganese side 
of the resistivity maximum and tend toward lower values of resis- 
tivity at 100% manganese than the curves for the lower temperatures. 


' Alloys at High Temperatures 





The resistivity of wire samples, measured at temperature, is 
shown in Fig. 3. These curves show the same characteristic behavior 
as the reheated alloys. The 700 and 850°C (1290 and 1560 °F) 
curves up to 80% manganese follow the curve characteristic of 
quenched alloys. The maximum is shifted somewhat, but this is to 
be expected because of the change of resistivity with temperature. 
The lower temperature resistivities depart from the high temperature 
curves at progressively lower values of resistivity and manganese con- 
tent and tend to follow straight lines above the point of departure. 
These values converge within a small range at 100% manganese and 
indicate a value of 159 to 160 & 10-* ohm-cm. for pure alpha manga- 
nese. The resistivities below the points of departures [shown by the 
600, 700, and 850°C (1110, 1290, and 1560 °F) curves] increase 
with decreases in temperature, showing that these alloys have negative 
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temperature coefficients in the range from 600 to 850°C (1110 to 
1560 °F). Also the close convergence of the projected lines for 
400, 450, 500, 550, and 600 °C (750, 840, 930, 1020, and 1110 °F) 
indicates that pure alpha manganese has a small value of tempera- 
ture coefficient. 
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Fig. 3—-High Temperature Resistivities of Copper-Manganese Alloys. 
Slowly Cooled Alloys 


The resistivity of the alloys slowly cooled at rates of 40 to 
0.55 °C per hour is shown in Fig. 4. For comparison, the resistivity 
of the quenched alloys is also shown. In every case the resistivities 
decrease above 40% manganese, and in general show a minimum 
value of about 95 & 10°* ohm-cm. near 80% manganese. The alloys 
cooled at 0.55 °C per hour differ significantly from the others and 
will be discussed later. These curves differ radically from those of 
the reheated alloys in Fig. 2, and the resistivities measured at high 
temperatures, shown in Fig. 3. They resemble those of the furnace- 
cooled and reheated alloys reported in the earlier papers (1), (2) 
and shown in Fig. 5. 


‘TEMPERATURE COEFFICIENTS 


Quenched Alloys and Reheated Alloys 


The temperature coefficients of resistance of the quenched alloys 
and reheated alloys are shown. in Fig. 6. All the alloys from 20 to 
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65% manganese have small negative values for all treatments. For 
the quenched alloys, the values rise sharply above 75% manganese 
and are shown by the 900°C curve up to about 90% manganese; 
they continue to rise as indicated by the dashed curve above 90% 
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Cooling Rate, °C 
e 20? 30% 40°C per Hour 
50 o 2.5%$ 4.2°C per Hour 
© O,55°C per Hour (850°- 416°C) 
----Quenched Alloys 


Resistivity inlO" Ohm-Cms. 
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Fig. 4—Resistivity of Copper-Manganese Alloys Slowly Cooled 
from 850 to 25 °C at Controlled Rates. 
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Fie. 5—Resistivity of Quenched and Reheated Alloys Held at 
Temperature for 2 Hours. 


manganese. The alloys heated to temperatures of 900 °C (1650 °F) 
and less deviate from the quenched alloy curve at progressively 
lower manganese content. The 700, 750, and 800°C (1290, 1380, 
and 1470 °F ) curves converge to a value of about 11 & 10~* at 100% 
manganese, while the 600 and 650°C (1110 and 1200°F) curves 
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tend toward values of 3 and 4.2 « 10“, respectively, at 100% man- 
ganese. 

At this point it should be observed that the quenched alloys 
possess an unusual combination of properties. The resistivities from 
30 to 80% manganese are unusually high for ductile material, and 


+25 
Held at Temperature 
+20 for 24 Hours 
600°C 
an 650°C 
700°C 
750°C 
+10 800°C 


900°C 


+5 





0 io 20 30 40 50 60 70 80 930 100 
Mangonese % 


Temperature Coeff. of Resistance x |O-* 


Fig. 6—Temperature Coefficient of Resistance of Cold-Worked 
and Reheated Alloys. 


at the same time the temperature coefficients are small. In the whole 
range from 30 to 70% manganese, these alloys would be very useful 
for standard resistors; but in the range from 60 to 70% manganese, 
the optimum combination is reached—a maximum in resistivity with 
a zero temperature coefficient. 


Slowly Cooled Alloys 


The temperature coefficient of resistance of the slowly cooled 
alloys is shown in Fig. 7. In every case the values are low up to 
35% manganese and rise rapidly to maxima of about 17 to 19 « 10% 
between 80 and 85% manganese and then decrease toward 100% 
manganese. The only notable exception to this behavior is the alloys 
cooled at 0.55 °C per hour, which have low values up to 57% man- 
ganese, after which they rise to the same maximum as those of the 
faster cooled alloys. 

Comparing these curves with those in Fig. 6, it can be seen 
that they differ materially from the quenched or reheated alloys, 
especially in the range from 40 to 80% manganese. It should be 
noted that the maximum temperature coefficients occur in the same 
region where the resistivities are a minimum (Fig. 4). 








1948 COPPER-MANGANESE ALLOYS 389 


Cooling Rate °C 
20% 308 40°C per Hour 
4.2°C per Hour 
2.5°C per Hour 
0.55°C per Hour 


+ 
ol 


+ 
oO 


(850°- 416°C) 


+5 


oO 





O 10 20 30 40 50 60 70 80 90 100 
Manganese % 


Temperature Coeff. of Resistance xl0-* 


Fig. 7——-Temperature Coefficient of Resistance of Alloys 
Slowly “Cooled from 850 to 25 °C at Controlled Rates. 


RELATION BETWEEN REsIsSTIVITY, TEMPERATURE COEFFICIENT, 
AND STRUCTURE 


Quenched Alloys 


The resistivities of the quenched alloys are shown by the dotted 
curve (Fig. 4) and the 900°C (1650°F) curves with the dotted 
projection beyond 90% manganese (Fig. 2). These alloys are single- 
phase structures typical of the gamma solid solution field (Fig. 1) ; 
the resistivity curves for quenched alloys represent the resistivity of 
alloys in this field. In previous publications (1), (2) similar resis- 
tivity curves were obtained for quenched alloys, but the apparent 
linear relationship between resistivity and composition in the ranges 
from 0 to 40 and 82 to 90% manganese was thought to indicate that 
these alloys did not form a typical series of solid solutions. The 
results of the more recent investigations indicate a definite curvature 
in the resistivity curve above 80% manganese; however, no evidence 
has been obtained to indicate that these alloys behave differently from 
normal continuous series of solid solutions. It is more probable 
that the quenched alloys do form a continuous series of solid solu- 
tions, and the resistivity curves in Figs. 2 and 4 are typical of these 
solid solutions. 

The temperature coefficients of the quenched alloys are shown 
in Fig. 6 by the 900°C curve up to 87% manganese and by the 
dotted extension beyond 87% manganese. The data are typical of 
the alloys in the single-phase gamma solid solution field. A coeffi- 
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cient of about 40 x 10* is indicated for pure gamma manganese. 
This value could nct be checked by direct measurements on pure 
gamma manganese but agrees reasonably well with the values of 
Brunke (5) and Valentiner and Becker (6) which range from 39 
to 53 & 10°. 
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Fig. 8—Parameter Curve, Solid Solution. 


The sudden rise in the temperature coefficient beyond 75% man- 
ganese is especially interesting if we correlate the variation in the 
temperature coefficient with the structure of the alloys. In Fig. 8 
the parameter curve for the gamma solid solution phase is shown. 
The structures are face-centered throughout but are cubic only up 
to about 80% manganese. Beyond this they become tetragonal, the 
axial ratio gradually decreasing to 0.938 at 100% manganese. The 
high values of temperature coefficient are found in the region where 
the tetragonal structures occur, and they seem to be associated with 
this structure, the values increasing as the axial ratio departs from 
unity. 

Alloys Reheated for 24 Hours 


The equilibrium diagram (Fig. 1) indicates that the reheated 
and quenched alloys and the alloys held at high temperatures until 
their resistivities are stabilized should consist of single-phase struc- 
tures up to a composition corresponding to the limiting solubility of 
manganese in copper at that temperature. Above this composition 
they should be two-phase structures consisting of a solid solution 
phase with a composition corresponding to the maximum solubility 
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of manganese in copper at that temperature and virtually pure alpha 
or beta manganese. The resistivity of the alloys below the solubility 
limit will not be altered by these heat treatments and will follow the 
curve for the quenched alloys up to the solubility limit. Above this 
point they will depart from the quenched alloy curve and should 
follow a straight line from this point to a point at 100% manganese 
corresponding to the resistivity of alpha or beta manganese, which- 
ever is present at that temperature. 

The resistivities of the reheated alloys and the alloys measured 
at temperatures shown in Figs. 2 and 3, respectively, vary in this 
manner. Some of the points do not fall on the straight lines, but 
it will be seen later that some of these alloys approach equilibrium 
very slowly and most of the discrepancies in the resistivity values 
can be attributed to this. The values for the alloys measured at 
high temperatures show this quite well. At the three lower tempera- 
tures, the values for the 40, 60, and 75% alloys do not fit the straight 
lines. X-ray studies (3) show that the transformations in these 
alloys are more sluggish than the others. The resistivity values are 
less likely to represent equilibrium conditions and were disregarded 
in drawing the curves. 

The straight portion of the curves for the alloys measured at 
high temperature (Fig. 3) and the alloys reheated to 500, 600, and 
650 °C (930, 1110, and 1200 °F) (Fig. 2) should intersect the 100% 
manganese line at the resistivity value of alpha manganese. The 
interséctions of the lines in Fig. 3 agree very well and indicate a 
value of 159 to 160 & 10° ohm-cm. The curves in Fig. 2 do not 
agree as well and indicate a value between 145 and 164 x 10° 
ohm-cm. The curves for 700°C (1290 °F) and higher should pro- 
ject at 100% manganese, to the value for beta manganese. The 
curves are not accurate enough to indicate a definite value for beta 
manganese, but do indicate that the value for beta manganese should 
be between those for gamma and alpha manganese. 

For comparison, values of resistivity and temperature coefficient 
for three forms of pure manganese and one of the alloys (which 
will be discussed later) are shown in Table I. The values of resis- 
tivity for alpha manganese obtained from the alloys agree within 
themselves but are less than that shown for electrolytic manganese. 
This difference is not too serious, however, because the measurements 
on electrolytic manganese are subject to errors which increase the 
apparent resistivity of the material and may well account for the 
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difference shown in the table. We have not been able to obtain pure 
beta manganese, so no value can be given, but Brunke’s value of 
91 X 10°* ohm-cm. is intermediate between the values for gamma and 
alpha manganese, as indicated by the curves in Fig. 2, and qualita- 
tively agrees with the projections of the curves in Fig. 2 for temper- 
atures of 700 °C (1290 °F) and higher. 


Table I 


Resistivity and Temperature Coefficient of Resistance of Alpha, Beta, and Gamma 
Manganese and the Epsilon Phase of Copper-Manganese 


Resistivity Temperature Coefficient 
Alpha manganese 
189 X 10-*, Bureau of Mines electrolytic 4.2 X 10-4, Bureau of Mines electrolytic 
manganese manganese 
145 to 160 X 10-*, Bureau of Mines alloys 1.7 X 10+, Brunke 


Beta manganese 
91 X 10-4, Brunke 8 to 14 X 10-+, Bridgman 
13.6 X 10-4, Brunke 

Gamma manganese 

44.5 X 10, Bureau of Mines electrolytic 39 to 53 * 10+, Brunke; Valentiner and 
manganese Becker 
Epsilon manganese 
(80% manganese, 20% copper) 


94.2 X 10-*, Bureau of Mines alloys cooled 19.4 X 10-*, Bureau of Mines alloys cooled 
20 °C per hour 20 °C per hour 





Since the curves in Figs. 2 and 3 have the form expected for 
alloys in equilibrium, and the values of resistivity for alpha and beta 
manganese indicated by these curves agree reasonably well with the 
values determined for pure manganese, we may consider these curves 
to be representative of the resistivities of alloys in equilibrium at the 
indicated temperatures. 

The temperature coefficients of the reheated alloys are shown 
in Fig. 6. The values depart from the gamma solid solution curve 
at progressively higher manganese contents as the temperature in- 
creases, the points of departure occurring at the compositions where 
the alloys become two-phase structures (Fig. 1). The alloys reheated 
to 700, 750, and 800°C (1290, 1380, and 1470°F) contain beta 
manganese, and the curves converge at 100% manganese to a value 
of about 11 & 10°. This value could not be checked by direct meas- 
urements on pure beta manganese, but it agrees well with the values 
obtained by Bridgman (7) and Brunke (5) shown in Table I. 
The 600 and 650 °C (1110 and 1200 °F) alloys contain alpha man- 
ganese, and the curves indicate a value between 3 and 4.2 & 10~ for 
alpha manganese. These values agree closely with measurements 
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on pure electrolytic manganese made in the Bureau of Mines lab- 
oratories and with Brunke’s value shown in Table I. 

Most of the single-phase alloys have low temperature coeffi- 
cients, the high values being limited to the tetragonal structures in 
the gamma solid solution field. In the two-phase alloys the presence 
of alpha or beta manganese decreases the temperature coefficients ; 
this is especially true at the low temperatures where alpha manganese 
is present and the gamma solid solution phase contains less than 
70% manganese. Both phases have low temperature coefficients 
and all the alloys have small values. Since these alloys are known 
to have essentially equilibrium structures (according to Fig. 1) and 
the temperature coefficients vary in a manner to be expected of such 
structures, the curves in Fig. 6 may be considered representative of 
alloys in equilibrium at the various temperatures indicated. 


Variation of Resistivity and Temperature 
Coefficient With Composition 








Slowly Cooled Alloys—The resistivities and temperature coeffi- 
cients of the alloys cooled at controlled rates of 40 to 0.55 °C per 
hour from 850°C (1560°F) to room temperature, except as 
previously noted, are shown in Figs. 4 and, 7, respectively. The 
decrease in resistivity and the increase in temperature coefficient 
beyond 40% manganese do not agree with the variations observed 
in the curves for equilibrium alloys shown in Figs. 2, 3, and 6. The 
resistivities are abnormally low, having a minimum, except for those 
cooled at 0.55 °C per hour, at about 80% manganese. The tempera- 
ture coefficients rise rapidly from 40% manganese, except for those 
cooled at 0.55 °C per hour, to a peak at 80 to 85% manganese and 
then decrease. The alloys cooled at 0.55°C per hour also show 
abnormally low resistivities and abnormally high temperature coeff- 
cients, but the resistivities are higher than those in the faster cooled 
alloys, and the temperature coefficients do not rise until after 57% 
manganese. 

In an earlier paper (1) a similar decrease in resistivity was 
observed for alloys furnace-cooled or reheated to 450 and 500 °C 
(840 and 930 °F) for 2 hours and quenched. This decrease in resis- 
tivity was attributed to the formation of ordered atomic lattices in 
the alloys containing more than about 50 atomic per cent manganese. 
Subsequent X-ray studies did not verify the presence of ordered 
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lattices, but this did not preclude the possibility of their existence 
because the difference in the reflection coefficients of the manganese 
and copper atoms is so small. The X-ray studies of the slowly 
cooled alloys and alloys held at constant temperatures showed that 
the transitions in these alloys were more sluggish and complex than 
had been expected. These observations led to a simpler and more 


definite hypothesis for explaining the peculiar properties of the 
alloys. 


Transformation From Gamma to Gamma-Plus-Alpha Manganese 


The decomposition of the gamma solid solution proceeds by the 
formation of a transitional phase, which gradually decomposes into 
the equilibrium, gamma solid solution, and’alpha manganese phases 
indicated by the equilibrium diagram. This phase was observed in 
all the alloys containing 56% or more manganese and is referred 
to as the epsilon phase. In the early stages of the transition, epsilon 
and alpha manganese are formed in the alloys over 80% manganese, 
and epsilon and a cubic gamma phase are formed in the alloys below 
80% manganese. Epsilon and the cubic solid solution phase then 
decompose, forming other solid solution phases richer in copper and 
alpha manganese, until epsilon is completely decomposed and the 
equilibrium solid solution phase and alpha manganese are left as 
indicated by the equilibrium diagram. The 79% alloy cooled at 
20 °C per hour appears to be single-phase epsilon ; and since this and 
the 82% alloy always appear to have a minimum amount of other 
phases present, it was thought that the epsilon would have a com- 
position near 80% manganese and its properties would be represented 
by the 79% alloy cooled at 20°C per hour. These properties, ob- 
tained from the curves in Figs. 4 and 7, are listed in Table I. The 
resistivity is very low and the temperature coefficient very high. The 
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Time Required to Reach Equilibrium at 550 °C 
Manganese, Per Cent Time, Hours 
40 126—330 
45 168-216 
50 0O— 24 
60 216-330 
65 48— 72 
70 24— 48 
75 48— 72 
80 168-216 
85 24— 48 


90 72— 96 
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rate at which this transformation proceeds can be seen from Table IT. 
In this study quenched alloys were reheated to 550°C (1020 °F) 
for 24 to 330 hours, and their structures were determined after vari- 
ous time intervals. The time required for the final equilibrium 
phases to appear is shown and varies from 24 to 330 hours, the 


50% alloy being the most rapid and the 40 and 60% alloys the most 
sluggish. 


Cause of Decrease in Resistivity and Increase in Temperature 
Coefficient From 40 to 90% Manganese 


The decrease in resistivity and the increase in temperature coeffi- 
cient observed in the slowly cooled alloys can now be explained 
entirely on the basis of the observed structures. The decrease in 
resistivity above 40% manganese is caused by the presence of epsilon 
in these alloys. Above 80% manganese, the resistivity rises because 
of the alpha manganese accompanying the epsilon phase. The alloys 
cooled at 2.5 and 4.2 °C per hour have higher resistivities than the 
faster cooled alloys because epsilon is partly decomposed and more 
alpha manganese is present. Below 80% manganese, the resistivity 
increases because the solid solution phase present with epsilon has a 
higher resistivity than epsilon. The alloys cooled at 4.2 and 2.5 °C 
per hour have lower resistivities because epsilon and the solid solu- 
tion phase initially formed have partly decomposed, forming solid 
solution phases richer in copper and having lower resistivities. The 
alloys cooled at 0.55°C per hour represent a closer approach to 
equilibrium, the 40 and 45% alloys having slightly lower resistivities 
than those cooled at 2.5 °C per hour because the solid solution phase 
is richer in copper. At 51% manganese and above the alloys have 
higher resistivities because additional alpha manganese is present. 
With this heat treatment the 45, 51, and 56% alloys are substantially 
in equilibrium at 416°C (780 °F), where the cooling was stopped. 
These resistivity values tend to form a rising resistivity curve similar 
to those shown in Figs. 2 and 3. The straight dotted line shows the 
probable course of this curve, the lower end starting on the quenched 
alloy curve at a composition corresponding to the solubility of man- 
ganese in copper at about 416 °C and the upper end passing through 
the value for alpha manganese given in Table I. With slower cool- 
ing, the resistivity of the 45% alloy will decrease further and the 
values for the alloys over 56% manganese will continue to increase 
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as indicated by the change occurring between the cooling rates of 
2.5 and 0.55 °C per hour. The values will tend to follow the indi- 
cated straight line. 

The increase in temperature coefficient of slowly cooled alloys 
above 40% manganese is also caused by the presence of epsilon. 
Above 80 to 85% manganese, the coefficients decrease because of 
the alpha manganese present in these alloys, the alloys cooled at 4.2 
and 2.5 °C per hour having lower values than the faster cooled alloys 
because epsilon has partly decomposed and more alpha manganese 
and solid solution phases are present. Below 80% manganese, the 
coefficient decreases because the solid solution phase in this region 
has a low temperature coefficient ; the 4.2 and 2.5 °C per hour values 
are lower because less epsilon is present than at the higher cooling 
rates. The alloys cooled at 0.55°C per hour represent a closer 
approach to equilibrium. The coefficient at 40% manganese is low, 
and it is not much higher for the 45, 51, and 56% alloys, indicating 
a close approach to equilibrium. The coefficient for the rest of the 
alloys is high but is generally less than for the alloys cooled at the 
higher rates because less epsilon is present. 


Furnace-Cooled Alloys and Alloys Reheated for 2 Hours 


The decrease in resistivity found to occur in furnace-cooled 
alloys and reheated alloys held at various temperatures for 2-hour 
periods, referred to previously (Fig. 5), can also be explained on 
the basis of a sluggish transition in the alloys and the formation of 
the epsilon phase. 

The cooling rate during the furnace cooling treatments varies, 
but in the upper temperature range (over 400 °C) it is approximately 
100°C per hour. This rate is higher than that in the present work 
and the alloys had less time to decompose. However, at the more 
rapid cooling rate some decomposition will occur and some epsilon 
will form, as indicated by the decreased resistivity with a minimum 
value occurring near 80% manganese. The values are not as low as 
those for the alloys cooled at rates from 40 to 2.5 °C per hour, indi- 
cating less epsilon. This is to be expected, however, since complete 
decomposition of the solid solution phase into epsilon and its accom- 
panying phases does not occur at cooling rates greater than 20°C 
per hour. 

In the case of the alloys reheated for periods of 2 hours, some 
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decrease in resistivity occurred at temperatures below 400°C, but 
the greatest changes occurred at 450 and 500, the 500 °C values being 
the lowest. Considering the time required for equilibrium to be 
established in these alloys at 550 °C, it is obvious that a 2-hour heat 
treatment at 500 °C is only long enough to permit the transition to 
start ;,these alloys will be in a condition similar to that of the slowly 
cooled alloys. The decomposition of the original solid solution phase 
and the formation of epsilon are probably incomplete and make the 
resistivity greater than that of the slowly cooled alloys where this 
stage of the transition has been completed. The rapid rise in the 
resistivity of the 600°C alloys shows that at this temperature the 
original solid solution phase has completely decomposed and epsilon 
and its accompanying phases have formed and partly decomposed. 
The maximum formation of epsilon, indicated by a minimum resis- 
tivity at 80% manganese, would occur at some temperature between 
500 and 600°C (930 and 1110°F), probably between 500 and 
550 °C. 


RELATION BETWEEN DAMPING CAPACITY AND RESISTIVITY 
IN ALLoys REHEATED FOR 2 Hours 


In a previous paper (8) it was noted that the maximum damping 
capacity was produced by reheating quenched alloys to 450°C for 
2 hours, while the minimum resistivity occurred upon reheating to 
500 °C (930°F). This is a natural consequence of the manner in 
which these alloys transform. In a recent paper (9) the damping 
capacity of these alloys was discussed, and it was shown that the 
maximum damping capacity occurred while the original solid solution 
phase was in the process of transforming into epsilon and its accom- 
panying phases, the alloys being very plastic at this time. The mini- 
mum resistivity, however, occurs when the solid solution has actually 
decomposed and the maximum amount of epsilon is present. There- 
fore, the maximum damping capacity must occur before the minimum 
resistivity is reached. Reheating to 450°C for 2 hours evidently 
permits some rearrangement of the atoms in the solid solution to 
occur but does not permit the actual formation of epsilon to occur 
in the 2-hour period. It is in this stage that the alloys are plastic 
and the damping capacity is high. More time or higher temperatures 
were required for epsilon and its accompanying phases to form, the 
maximum amount of epsilon and the minimum resistivity occurring 
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after a 2-hour heat treatment at some temperature probably not 
much higher than 500°C (930°F) and definitely below 600 °C 
(1110 °F). 


SUMMARY 


1. Copper-manganese alloys have a wide range of resistivities 
and temperature coefficients of resistance. Resistivitiés from 2 to 
188 & 10-* ohm-cm. and temperature coefficients from —2 to +20 « 
10-* can be obtained. In the quenched alloys high resistivities 
and low temperature coefficients occur simultaneously (see Figs. 2 
and 6), the temperature coefficient being 0 between 60 and 70% 
manganese where the resistivity is a maximum. In this condition 
these alloys are very useful as standard resistors, the resistivities 
being higher than those obtainable in most ductile materials and the 
temperature coefficient being very small. 

2. The resistivities vary from 2 X 10°° ohm-cm. for pure cop- 
per to a maximum of 188 & 10°° ohm-cm. at 65% manganese and 
then decrease to a value of 45 & 10°° ohm-cm. at 100% manganese 
for gamma manganese. The resistivities of the quenched alloys vary 
in a manner characteristic of a continuous series of solid solutions. 

3. The resistivities of the two-phase alloys vary linearly with 
composition, starting with the value of the gamma solid solution 
corresponding to the maximum solubility of manganese in copper 
at that temperature and extending at 100% manganese to the values 
for alpha or beta manganese, whichever is present in the alloys. A 
value of 145 to 164 & 10°* ohm-cm. is indicated for alpha manganese. 

4. The temperature coefficient of resistance of the gamma solid 
solution phase has a small negative value up to about 70% man- 
ganese and increases rapidly at higher manganese contents to a value 
of about 40 x 10* for pure gamma manganese. The temperature 
coefficient is small when the gamma solid solution phase is cubic, the 
high values occurring in the tetragonal structures, the values increas- 
ing as the axial ratio departs from unity. 

5. The temperature coefficients of the reheated alloys follow the 
quenched alloy curve until the alloys become two-phase structures. 
The values are lower in the two-phase structures because the alpha 
or beta manganese in them has a lower coefficient than the gamma 
phase. Values of 11 & 10% and 3 to 4.2 & 10° are indicated for 
beta and alpha manganese, respectively. 
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6. The decrease in resistivity of the slowly cooled alloys relative 
to that of the quenched alloys is due to the presence of the low resist- 
ance, transitional epsilon phase in these alloys. It has been observed 
in all the alloys over 56% manganese but is present in the greatest 
proportions in the alloys near 80% manganese. 

7: The high temperature coefficients in the slowly cooled alloys 
are also due to the presence of the epsilon phase in these alloys. 
This phase has a high temperature coefficient, and the coefficient of 
the alloys is a maximum near 80% manganese because the greatest 
amount of epsilon is found in this region. The influence is appre- 
ciable, however, in all the alloys from 45 to over 90% manganese. 

8. The low resistivities of the alloys furnace-cooled from the 
gamma field or quenched and reheated to 450 or 500°C (840 or 
930 °F) for 2 hours also are due to the presence of epsilon and its 
accompanying phases in these alloys. In these cases the original 
solid solution phase is not completely decomposed and the maximum 
amount of epsilon has not been formed, the resistivities therefore 
being higher than those obtained by slow cooling at rates from 40 
to 2.5°C per hour, where complete decomposition of the original 
solid solution has occurred and the maximum amount of epsilon is 
present. 
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IRON-MANGANESE ALLOYS 


Properties of Cold-Worked and Normalized Alloys 
Containing 26 to 48% Manganese 


By J. R. Lone, T. R. GraAnam and A. H. Rosperson 


Abstract 


Normalized iron-manganese alloys containing 30 to 
48% manganese show little change in properties with in- 
creasing manganese. Their strength is approximately 
71,000 psi; hardness, 110 Brinell; and elongation, 40% 
and above. Alloys containing 26 to 29% manganese show 
higher strength and hardness owing to the decomposition 
of the gamma phase. Their yield strength, proportional 
limit, and resistivity, however, are in agreement with those 
of the higher manganese alloys. 

Manganese contents of 26.6 to 29% are most difficult 
‘o cold roll. They work harden rapidly, reaching a tensile 
strength above 200,000 psi and hardness above 400 Brinell 
when reduced 60%. Alloys in the range of 35 to 48% 
manganese are readily cold-rolled to 80% reduction; in 
this condition their strengths decrease from 176,000 to 
124,000 psi and their hardness from 362 to 245 Brinell 
as the manganese is increased. 

Properties are also given for the allonls normalized 
at temperatures of 600 to 1600 °F (315 to 870°C) after 
60% reduction. Compositions of 26 to 35% manganese 
recrystallize at 1000 to 1100°F (540 to 595°C), while 
those of 45 to 48% recrystallize at 1200 to 1300 °F (650 
to 705 °C). 


HE investigation described in the present paper is a part of a 
systematic research by the Federal Bureau of Mines on alloys 
prepared with electrolytic manganese. The studies on iron-manganese 
alloys have been focused primarily on the amenability of these alloys 
to cold working and the properties developed as a result of working. 
In a previous paper (1)', the properties of cold-worked and heat 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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treated alloys containing up to 7% manganese were presented. These 
compositions could be reduced 80% by cold rolling if given a normal- 
izing and tempering treatment before cold working. The properties 
in the normalized and tempered condition showed an increase in 
tensile strength of approximately 11,000 psi for each 1% manganese. 
This increase produces a tensile strength of 114,900 psi, a yield 
strength of 70,000 psi, an elongation of 16%, and a hardness of 
Rockwell C-23 in the 7% manganese alloy. In the cold-rolled con- 
dition (80% reduction) this alloy attained a tensile strength of 
192,500 psi, a yield strength of 160,500 psi, and a hardness of Rock- 
well C-38; the elongation decreased to 2.7% in 2 inches. 

Preliminary data on higher manganese alloys, coupled with the 
reports (2) of other investigators working with forged and heat 
treated alloys, showed that in the range of 7 to 25% manganese 
complex transitional constituents are formed and the alloys become 
increasingly difficult to cold work. These compositions are not read- 
ily softened by normal annealing treatments; moreover, they work 
harden quite rapidly with cold rolling. In some cases the surface 
stresses developed by working are sufficient to split the material 
through the thickness parallel to the rolled surface either during the 
rolling or on standing after rolling. The difficulties undoubtedly are 
due to the mechanics of the gamma-alpha transformation, which in- 
volves the formation of the epsilon constituent during plastic de- 
formation. In these preliminary trials it became quite evident that 
special techniques must be developed to permit varying degrees of 
cold reduction of these alloys and that the determination of their 
properties in the cold-worked state would have to be delayed until 
such studies are completed. 

With still further increases in manganese content, the gamma 
phase is more stable, giving low initial hardness, and the work hard- 


Table | 








Chemical Analysis of Alloys 
Heat No. Manganese Carbon Silicon Sulphur Phosphorus 
1354 26.6% 0.025% 0.04% 0.03% <0.01% 
1338 27.5 0.030 0.03 0.03 <0.01 
1339 29.0 0.020 0.03 0.03 <0.01 
1340 32.0 0.020 0.03 0.03 <9.01 
1342 35.3 0.030 0.02 0.03 < 0.01 
1343 37.3 0.030 0.03 0.03 < 0.01 
1344 40.0 0.030 0.04 0.03 < 0.01 
1345 42.0 0.020 0.04 0.03 <0.01 
1357 44.7 0.020 0.10 < 0.03 <0.01 
1348 47.0 < 0.020 0.03 0.04 Sta 
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ening is much less pronounced. Alloys containing 25% manganese 
and above are readily cold-worked after a normalizing treatment, 
especially those containing more than 35% manganese. The present 
investigation was therefore undertaken to determine the properties in 
alloys containing 25 to 50% manganese, with particular emphasis on 
the effects of cold work and normalizing treatments following cold 
work. 


PREPARATION AND FABRICATION OF ALLOYS 


The alloys were prepared and fabricated in substantially the 
same manner as the lower manganese alloys (1). The raw materials 
—electrolytic manganese cathode chips and ingot iron—were alloyed 
in 50-pound heats in a high-frequency induction furnace, using mag- 
nesia crucibles. They were cast into square ingot molds fitted with 
hot tops. No particular difficulties were encountered in making the 
alloys, and deoxidation other than that provided by the manganese 
additions was not attempted. It was believed that the rapid melting 
made possible by this type of furnace, combined with the excellent 
deoxidation characteristics of manganese, would make further efforts 
unnecessary. The soundness and cleanness of the metal produced 
amply supported this view. 

The chemical analyses of the individual alloys are given in 
Table I. Although the purity of these alloys cannot be considered 
exceptional, the order of impurities classes them, for all practical 
purposes, as simple binary iron-manganese alloys. Carbon contents 
do not exceed 0.030%, and silicon contents are 0.040% or under, 
while the phosphorus and sulphur are constant in all heats and of 
the order usually found in ingot iron. One exception to these gen- 
eralizations is alloy H-1357 which contains 0.10% silicon. This 
alloy, containing 44.7% manganese, shows slightly higher work hard- 
ening effects, higher strengths, hardness, and electrical resistivity, © 
and lower elongation than its neighbors. It suggests that the silicon 
content of iron-manganese alloys has important effects. 

The ingots were hot-stripped, reheated to 2000°F, forged into 
l-inch slabs suitable for rolling into sheet, and air-cooled. After 
conditioning of the surfaces they were hot-rolled into 54 by 4-inch 
plate, reheating between passes to maintain the metal at 1850 to 
2000 °F during the rolling. All of the alloys were then reheated to 
2000 °F for 1 hour and air-cooled. After this treatment the plates 
were again machined to remove the heavy scale, so that rough sur- 
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faces and other effects due to surface oxidation could be avoided. 
The cold rolling was conducted in several steps, with intermediate 
normalizing at 1600°F. This choice of normalizing temperature was 
based on a study of the hardness of samples of all alloys cold-rolled 
and normalized at a wide range of temperatures: In all cases, min- 
imum hardness was obtained on material heated to 1600 and 1700 °F 
(870 and 925 °C) ; little was gained by heating to the higher tem- 
perature. Since low hardness was produced by simple normalizing, 
no additional tempering, as required for the lower manganese alloys, 
was considered necessary. 

The cold rolling schedule was arranged to finish the sheet at a 
thickness of ;¢ inch, with varying degrees of cold work after the last 
heat treatment; that is, sheet to be reduced 20, 40, 60 and 80% was 
given the last anneal at: thicknesses of 0.0781, 0.1041, 0.156 and 
0.3125 inch, respectively. The major part of the sheet was finished 
with 60% reduction, and the zero cold-worked state was obtained 
by normalizing this material at 1600°F. Studies on the effect of 
normalizing temperature on the cold-worked material were conducted 
on sheet reduced 60% in thickness by cold rolling. 

As previously noted, the low manganese alloys were much more 
difficult to cold roll than the high manganese alloy, a fact that is 
quite evident from a consideration of the rolling schedule for the 
various alloys. In general, the reductions per pass were made as 
large as possible, consistent with the hardness of the metal and the 
capacity of the rolling mill. When possible, the sheet was reduced 
by large increments until within a few thousandths of the final size 
and then by much smaller increments. The following comparison 
based on producing sheet with 60% reduction illustrates the differ- 
ences encountered with increasing manganese: Alloys containing 26 
and 28% manganese required a total of 50 passes of 0.001 to 0.002 
inch per pass to reduce it from a thickness of 0.156 to 0.0625 inch; 
those containing 29 to 32% manganese required 25 passes of 0.003 
to 0.006 inch; and those containing 35 to 48% manganese required 
only 10 passes in which most of the reduction was made in steps of 
0.010 to 0.015 inch per pass. Furthermore, the high hardness and 
the great difficulty of rolling alloys containing 26.6 to 32% mah- 
ganese made it inadvisable to attempt reduction beyond 60%. The 
rapid rate at which these compositions hardened with cold rolling 
is also shown in Fig. 1. This chart gives the Brinell hardness of 
the 26.6, the 32, and the 48% alloys with each step of cold reduction 
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Fig. 1—Work Hardening of the 26.6, 32.0 and 48.0% 
Manganese Alloys as a Result of Cold Rolling. 


(intermediate compositions are omitted for the sake of clarity). The 
increases\in hardness from 140 to above 400 Brinell in the low 
manganese contents are very large compared to'the increase from 
110 to 260) Brinell shown by the 48% alloy. This large increase in 
hardness with cold rolling is undoubtedly due to the decomposition 
of the gamma phase which, while retained on cooling from the nor- 
malizing temperature, is unstable and breaks down during the plastic 
deformation. The epsilon constituent formed by this decomposition 
produces the large increase in hardness because of its fine grain size 
and its own intrinsic hardness. The high manganese alloys consist- 
ing of stable gamma, however, show only a normal increase in hard- 
ness with cold work. Intermediate compositions exhibit increases 
in hardness ranging between those two limits and roughly propor- 
tional to the alloy content. No abrupt changes, which would permit 
an estimation of the lower limit of stable gamma, were apparent in 
these hardness data. 

The properties of the alloys were determined on material in the 
normalized condition (0% cold reduction), as cold-rolled, and as 
normalized at various temperatures after being reduced 60% by 
cold rolling. For this purpose, standard-sheet tensile specimens 
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were prepared with a parallel section 4 inches long and 0.5 inch wide; 
extensions for yield strength, proportional limit, and elongation were 
determined on a 2-inch gage length. The tensile tests were made on 
five individual specimens in each condition; the averages obtained 
from these are plotted in the accompanying graphs. 

The data are arranged with each property determined—tensile 
strength, yield strength, proportional limit, hardness, and elongation, 
in separate graphs so that the variations produced by increasing the 
manganese content and by mechanical or thermal treatments can be 
readily evaluated. It should be noted that the properties for the zero 
cold-worked condition of the alloys are not tabulated as such, but 
correspond to the data for the 1600°F (870°C) normalizing 
treatment. 

Hardness was measured on the Rockwell B and C scales and 
converted to standard Brinell numbers, using the accepted conversion 
tables. Electrical resistivities were also determined on specimens 
reduced 60% by cold rolling and on those normalized at various 
temperatures after the cold rolling. The resistivities were measured 
on the parallel section of the tensile specimens before the tensile test. 


PROPERTIES OF ALLOYS NORMALIZED AT 1600 °F 


The properties corresponding to the zero cold-worked state are 
plotted against the manganese content of the alloys in Fig. 2. In 
general, the properties change little with manganese content, par- 
ticularly in the range of 29 to 48% manganese. The lower man- 
ganese alloys, containing 26.6 and 27.5% manganese, show de- 
creasing strength and hardness and increasing elongation with. in- 
creasing manganese. These trends are a sharp contrast to the prop- 
erties of the rest of the group and an apparent contradiction of the 
yield strength, proportional limit, and resistivity of the same alloys. 
The latter properties are in complete agreement with the trends of 
the higher manganese compositions. 

It is believed that the higher strength, higher hardness, and 
lower ductility, compared with the 29% alloy, is due to the instability 
of the gamma phase in this manganese range. The gamma phase, 
stable at the normalizing temperature and retained in air cooling, 
is partly transformed during the tensile test. Other workers (3) 
have reported that the epsilon constituent is readily formed in alloys 
in this range when subjected to as little as 5% cold work. It is 
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Fig. 2—Properties of Wrought Iron-Manganese Alloys as Normalized 
by Heating to 1600° F_(870° C) for 1 Hour and Air Cooling. 


therefore not unlikely that the plastic deformation associated with 
the tensile test itself has caused enough transformation to produce the 
high strength and hardness noted. The proportional limit, corre- 
sponding to, the stress at 0.01% offset from the modulus line, and 
the yield strength, determined as the stress at the 0.2% offset, would 
not be so greatly affected because the plastic deformation of the 
specimen up to this point would be negligible. These properties are 
therefore not affected and, together with the resistivity, are in com- 
plete agreement with the data for the higher manganese alloys. 

The decrease of these effects when the manganese content is 
increased from 26.6 to 29% is also in accord with published data, 
which indicate that the retained gamma phase becomes more stable 
toward cold work because the smaller amount of epsilon formed at 
higher manganese contents would have less effect on the properties. 
Increased cold work, such as produced by cold rolling the alloys, 
causes greater decomposition of the gamma, with similar effects on 
the properties, as discussed later. The curves of Fig. 2 therefore 
cannot be used to fix the lower limit of stable gamma, which accord- 
ing to Troiano and McGuire (4) would be well beyond 30% man- 
ganese content at room temperature. 
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In the normalized condition the properties of the alloys contain- 
ing more than 29% manganese are remarkably insensitive to man- 
ganese content. The tensile strength of 73,400 psi at 29% man- 
ganese decreases to 70,200 psi at. 48% manganese, a difference of 
only 2200 pounds in strength for a difference of 19% in composition. 
Somewhat greater although still quite negligible changes occur in 
the yield strength (24,200 -to 27,000 psi) and proportional limit 
(20,500 to 22,800 psi), while the hardness increases slightly from 
Rockwell B-58 to B-64 and the elongation drops from about 52 to 
40% with the same change in composition. These slight changes 
in properties with composition are quite unusual for solid solutions 
but nevertheless agree with similar trends observed in the iron- 
nickel alloys and in austenitic stainless steels, which likewise show 
only slight changes in properties with relatively large variations in 
composition. 


PROPERTIES OF CoLD-WorRKED ALLOYS 


The effects of plastic deformation on the mechanical properties 
of these alloys in the form of ;g-inch sheet are given in the graphs. 
Tensile strengths obtained in the normalized material (O% cold 
rolling) and in that reduced 20, 40, 60 and 80% in thickness, are 
plotted in Fig. 3. These curves emphasize the high work hardening 
effects developed in the lower manganese alloys as compared to those 
containing 40 to 50% manganese. Each curve shows a distinct 
change in slope at compositions corresponding to the manganese 
contents at which the decomposition of the gamma phase plays a 
major role. This point shifts from 29% manganese in the normal- 
ized alloys to 37 to 40% manganese in material reduced 60 and 80% 
by cold rolling. 

It is apparent from these curves that increased cold work causes 
greater decomposition of the gamma phase and that at least up to 
37% manganese this phase is not stable at room temperature. The 
lower limits of stability of gamma, however, cannot be accurately 
placed from these data, as the eurves for 40, 60 and 80% reduction 
show definite increasing slopes for compositions beyond this man- 
ganese content. If the alloys were composed of stable gamma, the 
cold working effects could be expected to parallel the normalized 
curves and show more nearly the same increases in strength with 
cold reduction. This conclusion indicates that gamma is present as 











IRON-MANGANESE ALLOYS 


Tensile Strength- 1000 psi 


100 





a 20% Red. ———4 
ee 
25 30 


80 





T eeauiali = 


7 45 50 


Fig. 3—Tensile Strength of Iron-Manganese Alloys as Cold-Rolled From the Nor- 
malized State to 20, 60 and 80% Reduction in Thickness. 


a metastable phase only and that true equilibrium would show alpha 
and gamma phases in all of the alloys. Troiano and McGuire’s data 
(4) for alloys up through 30% manganese, if projected to room 
temperature, would suggest that gamma is not stable below about 
50% manganese. X-ray diffraction patterns were made of specimens 
in the normalized state and after 60% cold reduction: These, in 
general, show only traces of epsilon in the 26.6% manganese alloy 
in the normalized condition and up through 37% manganese in the 
cold-worked state. It is, however, quite possible for small amounts 
of epsilon or other decomposition products to be present at higher 
manganese contents and to have definite effects on the strength with- 
out, at the same time being present in large enough amounts to be 
detected by casual X-ray examination. The actual equilibrium limits 
of the gamma phase will therefore require further study before def- 
inite limits for this phase can be accurately established at room 
temperature. 


The strengths developed in these iron-manganese alloys by cold 
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Fig. 4—Yield Strength of Iron-Manganese Alloys as Cold-Rolled 


From the Normalized Condition to 20, 40, 60 and 80% Reduction in 
Thickness. Values correspond to 0.20% offset from modulus line. 


work are quite high, especially in those containing 26 to 35% man- 
ganese. Their relatively low strengths in the normalized state are 
rapidly increased by cold rolling. The 26.6% alloy, for example, 
increases from 95,000 to 135,000 psi with 20% cold reduction. This 
is vety nearly a 50% increase in strength. Further working to 40% 
reduction increases the strength to above 200,000 psi, or somewhat 
more than double the normalized strength. At this point the de- 
composition of gamma must be quite complete, as further rolling to 
80% reduction only increases the strength to 216,000 psi. 

The 35.3% alloy shows similar but smaller increases in strength ; 
20% cold reduction increases its tensile strength from 71,000 to 
88,000 psi, 40% reduction increases it to 126,000, and 60% reduction 
raises it to 157,000, or a little more than double the normalized 
strength. This alloy also was reduced 80% by rolling, and the 
strength increased to 176,000 psi. 

Alloys containing 40 to 45% manganese show even smaller in- 
creases, requiring 80% reduction to double the normalized strength, 
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Fig. 5—Elongation of Iron-Manganese Alloys as Cold-Rolled From the Normalized 
State to 20, 40, 60 and 80% Reduction in Thickness. Values correspond to 2-inch gage 
length. 


while the 47 and 48% alloys are not quite doubled by this reduction. 

The yield\ strength curves plotted in Fig. 4 are similar to the 
tensile strength curves and again indicate that in alloys containing 
more than 37% manganese only small amounts of the gamma phase 
are decomposed by 80% cold reduction. The usual rapid increases 
of yield strength with cold reduction, especially in the initial stages, 
occur in these alloys modified to some extent by the accompanying 
phase change. The 26.6% alloy, which is the most unstable, shows 
the greatest changes. Its yield strength rises from 23,000 to 115,000 
psi, a fourfold increase, produced by 20% cold rolling, while 40% 
reduction produces a yield of 178,000 psi or almost eight times the 
normalized yield strength. Cold rolling to 60% reduction produces 
further increase to 204,000 psi. 

The 40% manganese alloy may be taken as representative of 
the alloys in which only small amounts of gamma are decomposed 
by the cold work. The yield strength increases from 26,200 to 82,800 
psi, or a threefold increase, resulting from 20% cold work. After 
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Fig. -Brinell Hardness of Iron-Manganese Alloys as Cold-Rolled 


From the Normalized State to 20, 40, 60 and 80% Reduction in Thickness. 


Values obtained by conversion of hardness measured on the Rockwell B 
and C scales. 
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Fig. 7—Electrical Resistivity of 26.6% Manganese Alloy as Cold-Rolled 
to 60% Reduction in Thickness and as Normalized From 600 and 1300° F. 
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40% cold work the yield strength is 116,000 psi, and after 60% 
reduction its yield strength is 133,000 psi, or about five times the 
normalized strength. This alloy was also reduced 80% in thickness 
by rolling, and the yield strength was further increased to 143,000 psi. 

The elongation of these alloys, as normalized and as cold-rolled 
to 20 and 60% reduction, is given in Fig. 5. The curves for 40 
and 80% reduction are omitted from this chart, as they were quite 
similar to the 60% reduction curve. Cold rolling to 20% reduction 
reduces the elongation to about one-quarter of the normalized values 
in a quite uniform manner. Alloys ranging from 29 to 40% man- 
ganese have elongations ranging from 15 down to 10%. After 60% 
cold working the higher manganese alloys (over 32%) have an 
elongation of approximately 4%, which is not decreased further by 
additional working. Those alloys with less than 32% manganese 
are much less ductile with 60% reduction and have elongations of 
1 to 2.5%. 

The Brinell hardness of these iron-manganese alloys in the 
normalized and cold-rolled condition is illustrated graphically in 
Fig. 6 and shows the same general trends as the strength curves of 
Figs. 3 and 4. In the normalized condition the hardness decreases 
with increasing manganese from 139 for the 26.6% alloy to 104 for 
the 32% alloy. With increasing manganese, up to 48%, hardness 
increases only slightly (from 104 to 112 Brinell)./ The hardness 
increases with cold working more rapidly in the low manganese 
alloys than in, the higher manganese alloys. After 60% reduction 
the 26.6% alloy attains a hardness of 415 Brinell, while the 48% 
manganese composition has hardened to only 250 Brinell. 


RESISTIVITY OF CoLpD-WoRKED AND NORMALIZED AELOYS 


The. observed electrical resistivity of these alloys in the 60% 
cold-worked condition and as normalized, after cold working, at 600 
and 1300°F°(315 and 705°C) are plotted in Fig. 7. As was 
pointed out previously, the resistivity of the normalized alloys shows 
a straight-line increase with increasing manganese content, ranging 
from 66 microhms per cubic centimeter for 26.6% manganese to 72 
microhms per cubic centimeter for an alloy containing 48% man- 
ganese. When reduced 60% in thickness by cold rolling, those alloys 
containing 26.6 to 35.3% show a pronounced drop in resistivity, 
while the higher manganese alloys containing 37.3 to 48% man- 
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Fig. 8—Electrical Resistivity of 26.6, 35.3 and 48.0% Manganese Alloys 
as Cold-Rolled to 60% Reduction in Thickness and Then Normalized at Vari- 
ous Temperatures. 


ganese show a slight increase. The decrease in resistivity for the 
lower manganese contents is inversely proportional to the manganese 
content; the 26.6% alloy shows the greatest decrease and the 35.3% 
ailoy, the least. Heating these cold-worked alloys to 600°F 
(315 °C) increases the resistivity to substantially the original values 
obtained for normalized material. 

These data suggest that the epsilon formed on cold working the 
unstable gamma disappears to reform the gamma at 600 °F (315 °C) 
and suggest that gamma is stable at this temperature when the man- 
ganese content is 26.6% or higher. This conclusion conflicts with 
the equilibrium data of Troiano and McGuire but is in general agree- 
ment with the summary of previous thermal data given by Hansen 
(5). It is quite possible that resistivity may be a more sensitive 
indication of this transformation; further study of the equilibrium 
relationships should include careful correlation of X-ray and resis- 
tivity investigations. 

The changes in resistivity of cold-worked materiai with normal- 
izing temperature for three representative alloy compositions are 
illustrated in Fig. 8. The 26.6% manganese alloy has a resistivity 
of 53 microhms per cubic centimeter as cold-worked ; this is increased 
to 67 microhms on normalizing at 600°F. Increasing the normal- 
izing temperature to 800°F (425°C) causes an additional small 
rise ;| this is followed by a gradual decrease at still higher normal- 
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Fig. 9—Tensile Strength of Iron-Manganese Alloys as Normalized at Various 
Temperatures After Cold Rolling to 60% Reduction in Thickness. 


izing temperature. These changes, however, are quite small and do 
not appear particularly significant. The 48% manganese alloy shows 
little change ‘in resistivity with normalizing temperature; its re- 
sistivity ranges from 71 to 73 microhms throughout the series of 
treatments. The resistivities of the 35.3% manganese alloy fall 
midway between the other two alloys, exhibiting a moderate increase 
from 68 microhms as cold-worked to 71 as normalized at 600 °F 
(315°C) and then show a small but steady decrease as the normal- 
izing temperature is increased further. 


EFFECTS OF VARIATION IN NORMALIZING TEMPERATURE 


To determine the effect of variation in normalizing temperature 
on the properties of these alloys, sheet reduced 60% in thickness by 
cold rolling was normalized at temperatures of 600 to 1600 °F (315 
to 870°C). This treatment consisted of heating to the indicated 
temperature, holding for 1 hour, and air cooling. The properties pro- 
duced by such treatment are shown graphically in Figs. 9, 10 and 11. 
Results for a few of the normalizing temperatures are omitted from 
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Fig. 10—Yield Strength of Iron-Manganese Alloys as Normalized 
at Various Temperatures After Cold Rolling to 60% Reduction in 
Thickness. Values correspond to 0.2% offset from modulus line. 


the graphs to avoid overcrowding of the curves but are nevertheless 
in complete accord with the plotted data. 

Normalizing at 600°F (315°C) produces a marked drop in 
strength accompanied by an increase in elongation in alloys contain- 
ing up to 35% manganese. These changes are due to relief of cold 
working strains and, more particularly, to the disappearance of 
epsilon and agree with the resistivity. data previously discussed. 
The higher manganese alloy, however, shows slight aging effects on 
normalizing at this temperature. These increases in strength are 
most evident in the proportional limits which, as can be seen from 
the tabulated data, increase from 8000 to 10,000 psi over the cold- 
worked values. When the alloys are normalized at 900 °F (480°C), 
the tensile and yield strengths show a uniform decrease from those 
determined on material treated at 600°F (315°C) and in general 
show practically a straight-line relationship with manganese content, 
the strength decreasing with increasing manganese. The elongation, 
however, shows a slight decrease with increasing manganese. 
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Fig. 11—Elongation of [ron-Manganese Alloys as Normalized 
at Various Temperatures After Cold Rolling to 60% Reduction 
in Thickness. Values obtained on 2-inch gage length. 


At still higher normalizing temperatures somewhat. more pro- 
nounced changes in properties take place because of recrystallization, 
which is evident in some alloys normalized at 1000 °F (540°C) and 
is complete in all after heating to 1300°F (705°C). The increase 
of recrystallization temperature with increasing manganese is quite 
marked. The curves indicate that recrystallization begins below 
1000 °F (540°C) in alloys containing less than 35% manganese 
and is complete at 1100°F (595°C), while those containing 40 to 
48% manganese do not begin to recrystallize until heated to 1200 °F 
(650°C) and are completely recrystallized at 1300°F (705°C). 
The intermediate compositions undergo recrystallization at temper- 
ature ranges between these two extremes. When the normalizing 
temperature is increased further, the properties approach those of 
the zero cold-worked state, corresponding to 1600°F (870°C) 
normalizing. 
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SUMMARY 


Iron-manganese alloys containing 26 to 48% manganese have 
been fabricated successfully by cold rolling procedures into ;;-inch 
sheet. The lower manganese alloys were the most difficult to fabri- 
cate because of their high work hardening rates, but the higher man- 
ganese alloys were readily rolled. The higher work hardening rates 
of alloys containing up to 29% manganese are attributed to the epsilon 
phase formed during the cold rolling. Although this phase is also 
formed in some of the higher manganese alloys during working, the 
amounts are relatively small and do not greatly interfere. 

The properties of normalized alloys containing 26 to 29% man- 
ganese, because of the formation of epsilon, show unusual effects, 
in that the tensile strength decreases with increasing manganese, 
while the yield strength, proportional limit, and resistance show 
straight-line relationship which increases with increasing manganese. 
Alloys containing 29 to 48% manganese, when normalized from 
1600 °F (870 °C), exhibit rather small variations in all their prop- 
erties as manganese content increases. 

The tensile strength of the 26.6% manganese alloy is increased 
by cold rolling to 60% reduction in thickness. It rises from 95,100 
to 214,000 psi, a twofo!d increase; the yield strength shows a nine- 
fold increase from 23,200 to 204,000 psi; the proportional limit in- 
creases from 18,400 to 95,700 psi; the elongation decreases from 45.0 
to 1.0% ; and the hardness increases from Rockwell B-76 to C-44. 
The rather high order of tensile strength and hardness and the low 
elongation of this alloy suggest complete decomposition of the gamma 
phase. The higher manganese alloys, containing 40 to 48% man- 
ganese, increase in strength with working but do not attain tensile 
strengths exceeding approximately 140,000 psi or hardness greater 
than Rockwell C-25. This strength is twice that of the normalized 
strength (approximately 70,000 psi), and the hardness has increased 
from Rockwell B-64. 


Resistivity of the low manganese alloys decreases sharply with 
cold working but returns to substantially the normalized value with 
a heat treatment of 600 °F (315°C). These data indicate that the 
epsilon phase, formed during cold work, has redissolved in the 
gamma phase as a result of heating to 600 °F (315°C) and suggest 
that gamma is stable at this temperature rather than alpha plus 
gamma, as shown by Troiano and McGuire. 
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Normalizing the cold-worked alloys at various temperatures 
shows that the recrystallization temperature increases with increasing 
manganese. The 26.6% manganese alloy is completely recrystallized 
at 1100°F (595°C), while 1300°F (705°C) is necessary for 
complete recrystallization of the 48% manganese composition. 
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RECRYSTALLIZATION AS A MEASUREMENT OF 
RELATIVE SHOT PEENING INTENSITIES 


By K. B. VALENTINE 


Abstract 


The phenomena of recrystallization and grain growth 
of a critically strained, low carbon steel at subcritical 
temperatures were used as a means of determining the 


depth to which the cold work introduced by shot peening 
penetrated. 


Data from tests utilizing this method indicate that 
depth of penetration is increased: (a) by increase of shot 
size; (b) by increase of shot velocity; (c) by increase of 
time of peening. 

Penetration depths up to 0.025 inch were observed. 


HOT peening involves a number of variable factors including the 
size and shape of the part to be peened, shot size, velocity of 
shot, and the duration of peening. It is generally agreed that all of 
these variables enter into the effectiveness of a shot peening operation. 
The specific extent to which such variables affect the depth to which 
the cold work penetrates has not, however, received detailed con- 
sideration in reports concerning shot peening. 

J. T. Norton (1),? by use of X-ray diffraction methods, deter- 
mined that the thickness of cold-worked metal resulting from shot 
peening is about 0.006 inch. However, no data are presented concern- 
ing size of shot used, time of peening, and shot velocity. 

Zimmerli (2) presented a photomicrograph showing structural 
differences at a depth of 0.004 inch below the surface of a shot-peened 
part, but he implied that the influence of shot peening penetrates to 
a greater depth than this. 

Horger (3) states that much of the fatigue data already avail- 
able loses some of its significance because of the absence of specifi- 
cations concerning shot size, time of peening, and other factors. 

It is the purpose of this paper to (a) describe a method of 
iThe figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, K. B. Valentine, 
is project engineer, Pontiac Motor Division, General Motors Corp., Pontiac, 
Mich. Manuscript received May 20, 1947. 
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determining the effect of shot size, shot velocity, and duration of 
peening on the depth to which the cold work penetrates, and (b) 
present results of tests run to determine the effect of these variables 
on the depth of penetration of the cold work. 

Metallurgists are familiar with the coarse grain structures in 
low carbon sheets which are insufficiently cold-reduced prior to 
commercial annealing. Sprankle and Hughes (4) have shown that 
5 to 15% cold reduction of a 0.17% carbon steel results in a coarse 
grain structure after annealing at 1320°F (715°C). Sauveur (5) 
presents photomicrographs showing that 40,000 psi on low carbon 
steel tensile bars produced a coarse grain structure upon subcritical! 
annealing, whereas 42,000 and 38,000 psi did not. 

The method herein described for determining the effect of shot 
size, shot velocity, and duration of peening on the depth of. cold 
work penetration was based on these phenomena of recrystallization 
and grain growth of critically strained, low carbon steel at sub- 
critical temperatures. Low carbon steel test pieces were subjected 
to shot peening under controlled conditions and, after subcritically 
annealing, were microscopically examined, measuring the depth of 
recrystallization and grain growth. 

Test strips 114 x 4% x 0.117 inch were cut from a hot-rolled, low 
carbon steel sheet. The chemical and physical properties of the steel 
from which they were cut are as follows: 


C Mn P S Si Ni Mo 
0.06 0.33 0.013 0.033 0.02 0.05 0.03 
Ryiteee GRP ie esc ec bees 46,800 psi 
NS ce dei wa egn ges cb ve eb 35,400 psi 
Elongation in 8 Inches .............. 30.3% 
DEO eek rie. 6. vay uae we Rockwell B-74 


These test strips were subjected to shot peening, utilizing con- 
ventional, manually-operated air blast equipment. Air pressures of 
25, 35, 50, 70, and 90 psi and shot sizes of 0.023-0.033 and 0.047- 
0.055 inch were used. The shot was screened through U. S. standard 
sieves before tests were run to insure accurate.sizes. Test strips 
were peened ™% minute, 1 minute, and 2 minutes with the air 
pressures and shot sizes mentioned. The shot peening nozzle was 
held 3% inches from the test piece and perpendicular to the surface 
peened. 

These peened test pieces were annealed at 1250°F (675°C) 
for 2% hours in a neutral salt bath. Under these conditions the cold- 
worked metal was subjected to recrystallization and grain growth, 
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Fig. 1—Photomicrograph Taken Perpendicular to the Surface of the Test Strip 
oa niet oe Minute at 25-psi Air Pressure. Shot size 0.023-0.033 inch.  X 100. 
3% nital etch. 


Fig. 2—Photomicrograph Taken Perpendicular to the Surface of the Test Strip 
Shot-Peened 2 Minutes at 90-psi Air Pressure. Shot size 0.047-0.055 inch. X 100. 
3% nital etch. 


Fig. 3—Photomicrograph of an Unpeened Section of the Surface of the Test Strip 
That Had Received a Subcritical Anneal. 100. 3% nital etch. 


and the structural difference from the original was distinctly dis- 
cernible by microscopic examination. Measurement of the layer of 
changed structure afforded a method of determining the depth of 
critical strain. (An annealing temperature of 1050°F (565 °C) 
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was tried, but at this temperature the resultant grains were smaller 
than the original and not as easy to measure.) The microsections 
for observation were cross sections taken from the center of each 
test strip. 

Fig. 1 js a photomicrograph taken perpendicular to the surface 
of a test strip which had been shot-peened with 0.023-0.033-inch shot 
for % minute at 25-psi air pressure and then annealed as described 
above. This photomicrograph shows a layer of coarse grains 0.005 
inch deep, illustrating that the cold work resulting from these par- 
ticular shot peening conditions penetrated at least to this depth. 
Since small amounts of cold work do not cause grain coarsening 
upon subcritical annealing, it may be assumed that the shot peening 
effect penetrated to a somewhat greater depth than that indicated. 
Fig. 2 is a photomicrograph perpendicular to the surface of a test 
strip that had been shot-peened for 2 minutes at 90-psi air pressure 
using 0.047-0.055-inch shot and then annealed. This photomicro- 
graph shows 0.022-inch recrystallization due to the cold work created 
by these conditions of shot peening. It should be noted that the 
surface of this specimen has a thin layer of fine grains, which indi- 
cates that this layer has been cold-worked beyond the critical strain 
range. Fig. 3 is a photomicrograph of an unpeened section that had 
received a similar subcritical anneal. This shows no change in 
structure from the original unannealed material. | 

Six curves plotting air pressure versus depth of strained metal 
are shown in Fig. 4. Each curve represents a single peening period 
and shot size. 

These data show : 


(a) that cold work introduced by shot peening for 2 minutes 
with 0.047-0.055-inch shot and 90-psi air pressure pene- 
trated to a depth of 0.022 inch 

(b) that in all tests run the larger shot size (other factors re- 
maining constant) caused a deeper penetration of strained 
metal than the smaller shot size 

(c) that as the air pressure (velocity of shot) was increased, 
the depth of strained metal increased 


(d) that, in general, the depth of penetration of the cold work 
was increased with increased peening time. 


Another series of tests was run to determine the effect of ex- 
tended peening time on the depth of cold-worked layer. Using 70- 
psi air pressure and 0.023-0.033-inch shot, test pieces were peened 
1, 2, 5, and 10 minutes. The thickness of these specimens was meas- 
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ured before and after peening and found to remain constant for 
1, 2, and 5 minutes of peening time; but after 10 minutes of peening 
0.004 inch had been removed from the surface of the test piece. 
Consequently, the depth of penetration for the 10-minute peening 
time test was not considered entirely valid. These test pieces were 
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Fig. 4—Air Pressure Versus Depth of Recrystallized Metal for 
Shot Sizes and Peening Times Indicated. 
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Fig. 5—Air Pressure Versus Depth of Recrystallized Metal. Air pressure 
70 psi. Shot size 0.023-0.033 inch. 


annealed as previously described and cross sections microscopically 
examined to determine the depth of recrystallized metal. Results 
obtained from this series of tests are plotted in Fig. 5. These data 
show that for this set of peening conditions the depth of penetratien 
of the cold-worked layer increased with peening time up to 5 minutes. 

Further tests showed that erosion of the test pieces caused by 
shot peening at high air pressures for extended peening times could 
be eliminated by a shallow hardened carburized case. Test pieces 
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were carburized at 1650 °F (900 °C), pot-cooled, reheated to 1425 °F 
(775 °C) and quenched in water. Microscopic examination showed 
0.007-0.010 inch total case depth, 0.005 inch hardened case depth, 
and a core of equiaxed polyhedral grains. These test strips were 
shot-peened under the following conditions: air pressure—90 psi; 
shot size—Q.047-0.055 inch; peening times—2, 5, and 10 minutes. 
Measurements taken before and after peening showed no decrease 
in thickness of the test piece. After subcritical annealing, cross 





Fig. 6—Photomicrograph Taken Perpen- 
dicular to the Surface of a Carburized Test 
Strip Shot-Peened 5 Minutes at 90-psi Air 
Pressure. X 100. 3% nital etch. 


sections of the test pieces were microscopically examined to deter- 
mine the depth of recrystallized metal. Fig. 6 is a photomicrograph 
taken perpendicular to the surface of a test piece which had been 
shot-peened with 0.047-0.055-inch shot for 5 minutes at 90-psi air 
pressure. This photomicrograph shows that the cold work of peening 
penetrated to a depth of at least 0.023 inch. Results of this series 
of tests are plotted in Fig. 7. These data show that for this set of 
peening conditions the depth of penetration of the cold work in- 
creased with peening times up to 10 minutes. 

The expedient of measuring the arc height of a hard, high 
carbon test strip as a control means for shot peening may not always 
be applicable. Conceivably, for example, on heat treated parts of 
medium hardness it might be desirable to use a peening intensity 
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insufficient to affect such a strip. A low carbon test specimen treated 
and examined according to the method described herein would give 
the required information for these conditions. 

Another obvious advantage inherent in low carbon steel test 
specimens is the possibility of closely simulating the parts to be 
peened in such features as radii, flanges, or other shape characteristics 
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Fig. 7—Air Pressure Versus Depth of Recrystallized Metal. Air Pressure 
90 psi. Shot size 0.047-0.055 inch. 


as may affect the peening operation. These could then be advan- 
tageously used to determine satisfactory shot size, nozzle positioning, 
and angle of shot impingement, and as control pieces for maintaining 
the optimum shot peening conditions thus determined. 

The shot peening of coil springs (such as valve springs) offers 
an illustration of where these could be helpful. A flat, hard test 
piece cannot give an indication of the efficacy of shot peening on the 
inside of the coils. However, a coil identical in dimensions to the 
springs to be shot-peened, made of low carbon wire and normalized 
to remove coiling stresses, can be put through the actual shot peening 
operation. Subsequent examination, in accordance with the method 
herein described, would then indicate the effectiveness of . shot 
peening in any surface locations in the coil. 
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DISCUSSION 


Written Discussion: By H. H. Clark, manager, Coil Spring Dept., 
Spring Division, Eaton Manufacturing Co., Detroit. 

The proposal to measure shot peening intensity by the phenomena 
of recrystallization and grain growth of critically strained, low carbon 
steel at subcritical annealing is interesting, novel and ingenious. Perhaps 
the most significant feature of the process is that it will permit one to 
determine the efficacy of the shot peening on portions of an oddly shaped 
piece. The restrictions imposed upon peening efficiency by the shape of 
the piece apply forcefully to coil springs. For this reason a description of 
the application of the author’s method to chassis suspension coil springs 
may be of general interest. 

For this application of the author’s method of peening intensity 
measurement, the shot peening was done in a conventional production 
machine which contains two centrifugal shot slinger wheels or impellers. 
The impellers revolve in opposite direction to minimize shielding from the 
blast stream, and are mounted in tandem so that the springs enter the 
blast stream of the second impeller as they emerge from the stream of! 
the first impeller. The springs are advanced through the two successive 
blast streams by \a chain conveyor arrangement carrying pins which push 
the springs axially while the springs rotate on two revolving pipes. The 
shot size used is SAE P-23 (0.023 to 0.033-inch diameter); and each 
spring is exposed to the blast stream for approximately 1 minute. An 
Almen “A” strip fastened to the conveyor and passed through the shot 
peening machine with continuous exposure to the blast stream will yield 
arc height readings of 0.020 A-2. However, when the Almen “A” strip 
is mounted in a fixture permitting it to follow a helical path as it travels 
through the machine to approximate the conditions encountered by a 
point on the outside or inside diameter of the spring, readings of the 
order of 0.010 A-2 will be obtained. 

A low carbon bar test specimen was made in the form of an otherwise 
normal chassis suspension coil spring. The steel used in the specimen 
was 0.745-inch diameter, and it analyzed 0.18% carbon, 0.79% manganese, 
0.29% silicon. The specimen bar was coiled at 1625 °F (885°C) on a pro- 
duction coiling machine, and was permitted to cool slowly to room tem- 
perature. When cool, the specimen was given a light hydrochloric acid 
etch to remove scale, whereupon the specimen was shot-peened in the 
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Fig. A—Photomicrograph of Cross Section of Coil Spring Showing Recrystallized 
Metal at Inside Diameter of Spring. 3% Nital etch. X 100. 

Fig. B—Photomicrograph of Cross Section of Coil Spring Showing Reerystallized 
Metal at Outside Diameter of Spring. 3% Nital etch. X 100. 


Fig. C—Photomicrograph of Cross Section of Coil Spring Showing No Recrystal- 
lized Metal at Point on Surface of Bar Intermediate Between the Inside and Outside 
Diameters of Spring. 3% Nital etch. X 100. 


equipment described in the preceding paragraph. The specimen was tnen 

annealed at 1250°F (675°C) for 2% hours as prescribed by the author. 
From the specimens so prepared a cross section of the bar was taken 

2nd photomicrographs were made at points corresponding respectively to 


the ‘outside diameter, the inside diameter, and intermediate thereto on 
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the pitch line of the spring. It is to be appreciated that the intermediate 
points on the pitch line are partially shielded from the blast stream by 
the next adjacent coils of the spring, and that shot impingement at these 
points at best occurs at quite an acute angle. From the photomicrographs 
of Fig. A and Fig. B it appears that there is no substantial difference in 
the impingement intensity on the outside diameter and the inside diam- 
eter of the spring, the depth of the recrystallized layer being about 0.006 
to 0.009 inch in both cases. In Fig. C, however, there is no evidence of 
grain growth, indicating that the peening intensity on the bar surface 
at the pitch line is less than it is on the surface in the vicinity of either 
the inside diameter or the outside diameter. 

Where the fatigue life of coil springs is concerned, this differential 
action of the shot impingement is not a great cause for concern, though 
it may be a dangerous condition in items other than coil springs. In the 
case of coil springs the effect of coil curvature causes the fibers on the 
inside diameter of the spring to operate on a higher stress level than the 
fibers on the pitch line. Consequently, the higher peening intensity on 
the fibers on the inside diameter relative to that on the fibers on the 
pitch line is a desirable condition. It is interesting to observe that out of 
150 recent laboratory fatigue test failures of shot-peened chassis suspen- 
sion coil springs, the locations of the origins of the fractures were as 
follow : 


At or near outside diameter 27 springs 
At or near inside diameter 40 springs 
At or near pitch line—one side 35 springs 
At or near pitch line—other side 48 springs 


It will be observed that the depth of the recrystallized layer obtained 
in the coil spring application is substantially less than the/depths obtained 
by the author. The discrepancy may have been caused in part at least 
by differences in the methods of peening, in the condition of the shot, 
and in the analyses of the material used in the specimens. In any event 
it is important to realize that the results obtained in the coil spring ap- 
plication are representative of good commercial practice. 

The phenomenal increases in the fatigue life of parts which have 
been shot-peened have received extensive publicity. When applied to 
production, however, a wide spread in results from the best to the poorest 
tends to temper one’s ardor for the process. A portion of this spread is 
inherent, but a substantial part of the spread is a matter of control. The 
author’s work in presenting an effective means to promote control of the 
shot peening process is a valuable contribution to the literature on the 
subject. It is to be hoped that the work will be extended and developed 
to the point where the recrystallization test will receive general recog- 
nition and appreciation. 

Written Discussion: By F. P. Zimmerli, chief engineer, Barnes- 
Gibson-Raymond, Division of Associated Spring Corp., Detroit. 

The author is to be congratulated on the presentation of a unique 
method of measuring the depth of shot peening. This new technique 
may add to our present knowledge of the shot peening process. 
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The results as indicated in the paper somewhat parallel the arc height 
tests using the Almen method. Fig. 5 shows as do the Almen test strips 
that, after a given peening time, further treatment is rather ineffective 
as far as depth of penetration is concerned. Fig. 7 indicates that 10 
minutes is not quite sufficient with the air pressure and shot size to 
reach equilibrium. Using Almen “A” strips 46% to 47% hard with P-16 
shot in a commercial machine under strictly identical conditions as all 
strips were treated at the same time, we obtained: 


Time in Minutes Arc Height 
5 7.5 
15 9.0 
30 11.5 
120 12.0 


These results illustrate rather well also how useless it is to peen over 
the optimum time for a given quantity of similar parts under uniform 
conditions. 

At the time the test was made, we also ran a C-43 test strip for 2 
hours. This gave 17.5 arc height. 

We wonder, therefore, if the depth of penetration in hard spring steel 
is of the proportions of that listed by the author for soft steel. We hope 
he will continue his work to obtain a correlation between the soft steel 
in his test and spring steel of, say, Rockwell C-47. This should be very 
helpful to those interested in this problem. 

Unfortunately for all concerned, neither of these methods measures 
uniformity of coverage which equals intensity in importance. This is 
very much as if we were able to measure voltage but not amperage in 
electrical circuits where we desired to know the power used. As a result, 
the spring maker at least is left with the problem of a test method for 
the effectiveness of shot peening other than a fatigue test. The industry 
would appreciate help on this from those who are interested. 

Written Discussion: By R. L. Mattson, assistant head, Mechanical 
Engineering 1, Research Laboratories Division, General Motors Corp.., 
Detroit. 

In the field of shot peening, information of the type presented in 
this paper is sorely needed. The various effects of the many variables 
involved in the process are not too well known. The author is to be 
complimented for presenting data concerning the depth effect of shot 
peening in relation to some of the other major variables of the process. 

Residual stress experiments made some time ago by J. O. Almen’ 
showed residual compressive stress extending to 0.010 inch depth below 
the surface. The shot peening treatment in this case was a relatively 
mild one. This result corresponds reasonably well with the recrystalliza- 
tion experiments. 

One important variable is not too well defined in the paper; namely, 





2]. O. Almen, Transactions, Society of Automotive Engineers, Vol. 51, No. 7. 
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“coverage”. No statement is given to indicate the rate of flow of shot, 
and consequently the exposure times given have no meaning except that 
they are relative. I should like to ask the author if he has data on rate 
of shot flow for each of the two shot sizes used and for each of the 
pressures used. 

Another question is, has the author examined specimens by this 
method if they, are sparsely covered; that is, the original surface has not 
been completely disturbed? If he has done so, what are his findings? 

Mention of measuring the arc height of test strips no doubt refers to 
the Almen test apparatus, which is crude, but serves well as a coarse 
measure of the shot peening treatment. The author is incorrect in stat- 
ing that mild peening treatments are insufficient to affect the test strips. 
We have measured the blast of granulated walnut shells and plastic pellets 
by this method. 

The Almen apparatus was designed primarily as a production control 
means. Properly set up, the apparatus measures a particular property 
of the blast—something akin to “the capacity of the blast to do cold 
work”. Should the size distribution of the peening shot fall for some 
reason, this will be reflected in the arc height reading. If the shot flow 
is partially restricted, resulting in inadequate coverage of the part, the 
arc height of test specimens will drop. Inasmuch as the equipment serves 
as a machine control-means, it is desirable for the specimen to simulate 
the critical surface being peened. Although this does not give a measure 
of the direct peening effect on confined areas such as in fillets and the 
ID of coil springs, it can measure the blast being directed at these points. 
Hence, it serves as a control means. 

The recrystallization method described would serve well in the case 
of the examination of fillets, small parts, etc., if the variable of “coverage” 
is detectable. 

Written Discussion: By J. C. Straub, chief research engineer, Ameri- 
can Wheelabrator,and Equipment Corp., Mishawaka, Ind. 

This is a very interesting paper, and in my opinion it presents a dis- 
tinct possibility for better understanding and control of the shot peening 
process. One question that comes to my mind is whether during the 
course of these tests the author observed relative degrees of “coverage” 
with various times of exposure. By “coverage” I mean the percentage of 
a given area which was struck by the shot pellets. I would also like 
to ask if there has been any attempt to correlate these depth measure- 
ments with arc height as measured by the Almen test method. 

Referring to Fig. 5, Mr. Valentine considers the result of 10 minutes 
exposure as not entirely valid because of the erosion of 0.004 inch from 
the surface. It seems quite possible that the depth of penetration with 
respect to the final surface would not differ appreciably even though 
some of the material had ‘been removed from the surface by the peening 
itself. 

It would be interesting to know whether a test point between 2 and 
5 minutes would have placed the “knee” of this curve at a shorter expo- 
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sure time. That is, would intermediate test points show the horizontal 
part of this curve to exist at lower exposure times? 

A similar question arises concerning Fig. 7, which was obtained by 
the use of specimens with-a shallow hardened case, and in which the 
shot size was substantially twice that used in the tests shown in Fig. 5. 
Is it not possible that if test points were obtained between 5 and 10 
minutes that a “knee” would be obtained, thereby resulting in a horizon- 
tal portion beyond, say, 7 or 8 minutes? This would tie in quite reason- 
ably with what might be expected in the light of our experienee in deal- 
ing with peening intensities in terms of arc height. 

When the arc height is measured on an Almen specimen and plotted 
against exposure time, a curve similar to that of Fig. 5 is usually obtained. 
Also, with larger shot sizes the saturation point is reached at a greater 
exposure time. It appears that this same tendency might exist in Figs. 
5 and 7 if the intermediate points were filled in, particularly in Fig. 7. 

Similarly, I would like to ask the author if in his opinion this method 
of measurement would be sufficiently simple to use as a means of control 
of a production peening process. It appears that for this purpose it might 
be involved, but if it could be used in conjunction with arc height, as’ 
measured by the Almen method, it might have distinct advantages in de- 
termining the intensity in regions inaccessible for the determination of 
arc height and coverage. In such a case a more comprehensive measure 
of the intensity in critical areas could be obtained in setting up a peening 
job. Once having accomplished this, it would only be necessary to dupli- 
cate the results obtained. Such duplication is entirely practical since it 
is necessary only to maintain a uniform blast at all times during the 
peening operation. 


Author’s Reply 


Perhaps the questions asked by Mr. Straub and Mr. Mattson and the 
statement made by Mr. Zimmerli concerning “coverage” can be answered 
by relating our experience with shot peening a low carbon steel coil. 
Fig. D illustrates a low carbon steel coil used for checking valve spring 
shot peening. This coil was normalized at 1625 °F (885°C) and shot- 
peened (visual examination indicated 100% peening coverage). After sub- 
critically annealing, it was sectioned for microscopic examination. The 
resultant microstructure is illustrated by sketch in Fig. E. This shows 
that the grain growth has penetrated to a depth of 0.006 inch at the ID 
and OD of the coil. The absence of coarse grains adjacent to the pitch 
line denotes that little cold work was done in this location. These difter- 
ences of microstructure indicate that apparent 100% “coverage” as deter- 
mined by visual examination is not a dependable criterion of uniform 
peening intensity. On the other hand, recrystallization and grain growth 
of a low carbon steel do appear to be reliable indicators. 

In answer to Mr. Straub: 
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Fig. D—Coil of Low Carbon Steel Wire for Checking Valve Spring Shot Peening. 


1.D. of Coil 


Pitch Line 
of Coil 


0.D. of Coil 


Fig, E—Sketch Illustrating Grain Structure of Low Car- 
bon Steel Coil After Shot Peening and Annealing. 


We have made no effort to correlate depth of recrystallized metal 
with arc height. 

We were not immediately interested in the exact location of the 
“knee” of these curves but only in the broader aspect of the pos- 
sibilities of recrystallization as a measurement of peening inten- 
sities. 


This method of determining relative -shot peening intensities 
should not be difficult for an organization that possesses heat 
treating equipment and facilities for microexamination. For those 
companies that do not possess such equipment, many commercial 
laboratories are available. 

Following is the rate of flow of shot as requested by Mr. Mattson: 
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Air Pressure 
25 


35 
50 
70 
90 
25 
35 
50 
70 
90 
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Weight of Shot Per Minute 
Shot Size Pounds 
0.047 -0.055 94 
0.047-0.055 12 
0.047-0.055 12 
0.047-0.055 16 
0.047 -0.055 16 
0.023-0.033 10 
0.023-0.0383 12 
0.023-0.033 14% 
0.023-0.033 143, 
0.023-0.033 15 




















THE BEND TEST FOR HARDENED HIGH SPEED STEEL 
By ArTHUR H. GroBE AND GEORGE A. ROBERTS 


Abstract 


The object of this investigation was to develop the 
bend test as a useful tool for measuring the “toughness” 
of tool steels and to apply this test to high speed steels. 
In the development of the test, three factors were investi- 
gated: the specimen size; single and double point loading ; 
and the number of specimens necessary to obtain reason- 
ably accurate values of yield strength, bend strength, plas- 
tic deflection and total deflection. 

The bend test properties were determined for an 
18-4-1 high speed steel quenched from six different tem- 
peratures 2000 to 2400 °F. (1095 to 1315 °C). The effect 
of tempering on the bend test properties over a wide range 
of tempering times and temperatures was studied for two 


high speed steels (18-4-1 and 6-5-2 types). 


INTRODUCTION 








HE most important property of high speed steel is its cutting 
ability. The cutting ability depends upon a combination of cer- 

tain mechanical properties of which the most important probably are: 

a. The ability to resist softening at elevated temperatures— 
“hot hatdness.” 

b. The resistance to wear of the tool area contacting the work 
at the operating temperature. 

c. Toughness. 


It is difficult to separate the contribution of these properties to 
the over-all cutting ability as they are all somewhat interrelated. 
Accurate and convenient laboratory tests to determine the above three 
properties would be useful metallurgical tools as a means of inspec- 
tion and comparison of high speed steels. These properties should 
not be used individually for this purpose and, in any event, should 
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be combined with actual cutting tests, since the relative importance 
of the three for a particular application is often difficult to determine. 

The most widely used test in rating high speed steel quality is 
the hardness test at room temperature. A complete study of the 
effect of heat treatment on the hardness of high speed steel and other 
tool steels has been published (1).* It is realized, of course, that the 
hardness at room temperature is not that which exists at the elevated 
temperature produced by the friction between the tool and the work. 
However, the hardness at room temperature offers a convenient check 
on the particular heat treating cycle which is being used, is related 
to the structure of the steel and, as such, bears some relation to the 
cutting performance. -Hardness at elevated temperature can be con- 
veniently measured on a laboratory basis by the Hot Brinell, Hot 
Rockwell (2) or Mutual Indentation (3) methods. Each of these 
tests has been applied to high speed steel and the data are summar- 
ized in “Tool Steels” (4). Both heat treatment and composition of 
high speed steel have a marked effect upon its hot hardness. With 
respect to tempering, it has been observed that the maximum hard- 
ness at room temperature precedes the maximum hardness at elevated 
temperatures (2). The latter was seen to coincide with the com- 
plete transformation of retained austenite. 

No satisfactory laboratory test has been devised for the wear 
resistance of high speed steel. The only approach to this problem is 
obtained by hardness tests at room temperature and elevated temper- 
atures combined with a knowledge of the composition and structure 
of the steel. 

The third component of cutting ability as mentioned above is 
toughness. For hardened high speed steels toughness can be defined 
as a combination of two factors: 

1. The ability to deform before breaking (ductility). 

2. The ability to resist permanent deformation (elastic 

strength). 

If either of these factors is to be used to describe toughness (a 
practice not to be condoned), the second appears more practical for 
high speed steels, since rarely with fine tools are large degrees of 
flow or deformation permissible. Often the word “brittleness” is 
considered opposite in meaning to toughness. This is not necessarily 
true since a brittle material may either be very weak or very strong. 
Truly the word “brittleness” implies a material that shows little or 


The figures appearing in parentheses pertain to the references appended to this paper. 
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no plasticity to fracture with the magnitude of the elastic strength 
of the material not clearly implied. 

Laboratory tests for the measurement of toughness of hardened 
steels include static torsion (4), (5), torsion impact (6), (7), un- 
notched impact (4), (8), and bend (4), (9), (10) tests. 

Torsion tests have been qualitatively applied to high speed steels 
by the makers of taps and drills for many years. Their quantitative 
application is a development of the past decade. The static torsion 
test gives a good evaluation of the strength and ductility of hardened 
high speed steels in terms of the torsional elastic limit and ultimate 
strength and the elastic and plastic twist to fracture. The torsion 
impact test measures the energy expended in twisting a specimen to 
fracture—related to the area under a torque-twist curve—and this 
has been used as a rating of toughness. Both tests, properly inter- 
preted, yield comparable information. Individual tests for the same 
heat treatment show a wide range of results. The difficulties in 
maintaining straightness, consistent surface quality and close dimen- 
sional tolerances on a specimen whose length-to-diameter ratio is 
great and which usually consists of sections of two diameters is re- 
sponsible, in part, for this scatter. To obtain accurate data, there- 
fore, a number of specimens must be prepared for each heat treat- 
ment and this is both costly and time consuming for hardened steels. 

Unnotched impact tests are the simplest of all toughness tests 
to conduct on hardened steels. This test, however, suffers from lack 
of sensitivity and erratic results and, like the torsion impact test, 
gives no information as to the relative values of strength and duc- 
tility necessary for a proper evaluation of toughness. 

Bend tests on hardened steels have been conducted for many 
years. Generally, the results of such tests have been reported as a 
single value, representing the stress, calculated from elastic theory, 
required to fracture the specimen. This value has been variously 
termed the modulus of rupture or the maximum fiber stress. Occa- 
sionally the total deflection to failure has also been recorded. The 
bend test, like the static torsion test, is apt to yield a scatter of re- 
sults, requiring a number of specimens for each heat treatment. The 
preparation of bend test specimens is simple, however, and the 
necessary number can readily be processed and tested. Because of 
this convenience and the possibility of obtaining accurate information 
concerning the strength and ductility of hardened steels, a series of 
experiments has been conducted to establish the application of the 
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Fig. 1—Sketch of Loading Arrangement for Various Bend Test 
Specimens. (a) Single point loading—2-inch gage length. (b) Double 
point loading—2-inch gage length—standard arrangement. (c) Double 
ae loading—-0.500 by 0.500 by 2-inch samples. (d) Double point 
oading—4-inch gage lengths. 


bend test in determining the mechanical properties of tool steels. In 
this paper a new evaluation of the bend test and its application to the 
heat treatment of high speed steels is presented. The methods of 
testing and presentation of data are applicable to other hardened 
steels. 


DEVELOPMENT OF PRESENT BEND TEST 


Reproducibility of the Bend Test. Bend tests have been con- 
ducted in our laboratories for many years on a variety of tool steels 
after various heat treatments. The samples used were 0.140 by 
0.500 inch in cross section with a gage length of 2 inches. The load 
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Fig. 2—Bend Test Jig Serine Speen Minter Load. 
y 2-inch sample. 


Double point loading. 0.140 by 0.500 


was applied by a single top loading point midway between the two 
bottom supporting points. A sketch of the loading arrangement is 
shown in Fig. la. Data obtained from these experiments were ini- 
tially reported in ““Tool Steels” (4). For each of the heat treatments 
involved only a limited number of samples were employed and the 
results were reported in terms of “maximum fiber stress” and total 
deflection. The “maximum fiber stress’ was calculated from elastic 
theory as the stress at fracture in the outermost tension fibers of the 
specimen. This value has also been referred to as the “modulus of 
rupture.” The total deflection was measured as the vertical deflection 
of the top or single loading point at fracture by means of a dial gage 
mounted in a loading jig similar to that shown in Fig. 2. Because 
of the limited number of specimens, the data often exhibited con- 
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Bend Strength - 1000 psi 


Fig. 3—Distribution Curve Bend Strength of . “a High Speed Steel 
Bato from 2350 °F (1290 cS and Double Tempered 2% Hours at 1030 °F 


siderable scatter. This scatter reduced the sensitivity of the test and 
made it impossible to detect and interpret differences in properties 
caused by slight changes in heat treatment. 

As stated previously, because of the advantages inherent in the 
bend test specimen, it was desired to make the test more useful, accu- 
rate and reliable. The reproducibility of the bend test using a 0.140 
by 0.500-inch sample was investigated. Samples 2% inches long 
were ground prior to heat treatment to 0.170 by 0.520 inch from 
stock measuring approximately %4 by 74; inch. After heat treatment 
the samples were ground on four surfaces to the testing size. A dis- 
tribution curve for bend strength (maximum fiber stress or modulus 
of rupture) is shown in Fig. 3. This curve combines data for 98 
samples from two different heats of an 18-4-1 high speed steel and 
four separate heat treatments which were nominally the same. Ap- 
proximately half of the samples were tested with the single point 
loading system described previously while the remainder were tested 
with a double point loading system (see Fig. 1b and Fig. 2). The 
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nominal heat treatment was as follows: preheat at 1500 °F, austeni- 
tize at 2350 °F and double temper for 24% hours at 1030°F. How- 
ever, included were samples austenitized in semimuffle furnaces and 
salt baths, samples salt-quenched and oil-quenched as well as samples 
tempered in salt baths and air-circulating furnaces. This combination 
of methods of heat treating and testing should yield a frequency curve 
with a spread as great or greater than is to be expected from con- 
trolled experiments. 

Analysis of this curve is best made by the use of statistical cal- 
culations. For these data and all following data in the paper three 
values have been calculated as follows: 


2£X 
x= —— — the arithmetic mean of the individual results 


MER 
c= - — X* — the standard deviation 


Co 
7x = — the standard deviation of the arithmetic mean 


VN 


Where X equals the individual value (viz., bend strength, etc.) 
f equals frequency of all identical values 
N equals total number of tests 


X, the arithmetic mean, is the simple average of the data. The stand- 
ard deviation, sigma (co), has the significance that on the average 
68.27% of the data are included by X + o; that 95.45% are included 
by X + 2; and that 99.73% are included by X + 3c. The stand- 
ard deviation of the mean, ox, indicates the spread to be expected in 
the average, X, of N specimens tested a number of times. Six hun- 
dred eighty-three times out of one thousand, the average will fall 
within the range of X + ox. Nine hundred ninety-seven times out 
of one thousand, the average will fall within X + 3ex. In the tables 
presented, the value 30x is reported in order to readily and simply 
indicate significance in differences between the various averages of 
individual properties. 

As an example, the average, X, of the data in Fig. 3 is 590,000 
psi. The standard deviation, o, is 30,300 psi and 3ex is 9200. This 
indicates that 997 times out of 1000 tests on 98 specimens the aver- 
age bend strength of an 18-4-1 high speed steel given the above 
nominal standard heat treatment will fall in the range 590,000 + 
9200 (X + 3ex), or 581,000 to 599,000. For a different heat 








442 TRANSACTIONS OF THE A. S. M. Vol. 40 


treatment, any average bend strength outside this range would be 
very significantly different and some significance may be attached to 
differences in which the ranges overlap to a limited degree. If tests 
for each heat treatment were limited to a smaller number of speci- 
mens, the above range would be widened. Using 20 specimens, 
assuming the same spread, or o, the average bend strength for Fig. 3 
would, on the average, be accurate to 99.7% within the range 570,000 
to 610,000, or accurate to 95.5% within the range 577,000 to 603,000. 
One hundred specimens were impractical for- the range of heat treat- 
ments desired in this investigation and the accuracy with approxi- 
mately 20 samples appeared to be sufficient. In succeeding tests this 
number of samples was selected. 

Single Point Versus Double Point Loading and Experimental 
Procedure. The stress in the outside fibers of the bend test specimen 
is calculated, according to elastic theory, to be proportional to the 
bending moment along the sample. Accordingly, under a single point 
loading system (Fig. la) the stress is a maximum only at the center 
under the top loading point. If the single top loading point is re- 
placed by two top loading points equidistant from the bottom sup- 
porting points (see Fig. 1b), the maximum stress is a constant over 
the entire length of the specimen between the top points. Because 
of this constancy of bending moment, or maximum stress, it was felt 
that the test could be made more sensitive to material variations and 
that the possibility of fracture occurring outside the area of calcu- 
lated maximum stress would be minimized. Tests were, therefore, 
conducted to compare the bend test properties for the two loading 
systems. 

‘The preparation of the samples used in this series of tests and 
the interpretation of the results are representative of the experimental 
technique employed throughout the remainder of the investigation. 
A detailed description of these techniques will, therefore, be given 
in this instance and it will be understood to apply to other tests re- 
ported later unless otherwise noted. 

The finished specimen size was 0.140 by 0.500 by 2% inch. The 
specimens were prepared from bar stock measuring 0.220/0.230 by 
0.560/0.570 inch. After cutting to length (2% inches) all four 
surfaces of the bar stock were ground. Approximately 0.030 inch 
per. side was removed from the thickness and 0.020 inch per side 
from the width. This left approximately 0.015 inch per side on the 
thickness and 0.010 inch per side on the width to be removed by dry 
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Table I 
Composition of High Speed Steels Investigated 


Mn Ss P WwW 

0.23 .009 0.015 17.88 
00: 0.014 17.92 
01 0.019 6.31 
00: 0.022 17.50 


surface grinding after heat treatment. For the latter operation the 
removal of material was at the rate of 0.0005 inch per pass with the 
last 0.001 inch being removed at the rate of 0.00025 inch per pass. 
Soft grinding wheels were used and frequently dressed to insure 
clean, smooth cuts and grinding was interrupted when necessary to 
maintain specimen temperatures below 120°F. Numbering of speci- 
mens was done on the end. 

For heat treatment, samples were placed on a ferrous metal 
screen 8% by 17 inches which was supported on a wire rod tray. 
Samples were all placed on the screen so that proper identification 
could be made of the surface not contacting the screen. This surface 
was later used as the tension side of the bend test specimens. Pre- 
heating was conducted in a semimuffle furnace at a temperature of 
1450 to 1500°F. The total time in this furnace was 15 to 20 min- 
utes with a heating time of from 12 to 15 minutes. The screen and 
samples were transferred from the preheat furnace to the high heat 
gas-fired semimuffle furnace 15 by 27 inches in hearth size and 
placed on a heated supporting wire rod tray. The time to reach the 
austenitizing temperature was 4 to 6 minutes and samples were held 
at temperature for approximately 30 seconds. The high heat furnace 
atmosphere was maintained “reducing.” All samples were quenched 
in warm oil, cooled to room temperature and degreased. Tempering 
was conducted in an air circulating furnace and cooling after temper- 
ing was in still air, after which the final grinding was performed as 
described above. 

For the experiments on single and double point loading 50 
samples of an 18-4-1 high speed steel (Steel 1, Table I) were treated 
simultaneously at an austenitizing temperature of 2350°F. Double 
tempering for 214 hours each time at 1030 °F was employed. Alter- 
nate samples with respect to furnace position were selected (25 sam- 
ples each) and tested under each loading system shown in Figs. la 
and 1b respectively. 

Fig. 2 illustrates the jig as it was employed for the double point 
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loading experiments. This jig was designed so that the loading 
member between the dial gage and the specimen could be replaced 
by one having a single V-notch for the single point experiments. 
Readings of load in pounds on a tensile machine dial and of deflec- 
tion in inches on the dial gage were taken simultaneously. For the 
single point loading system the maximum deflection was that read 
on the dial gage. For the double point loading system, the maximum 
deflection was 19% greater than the dial reading since the dial gage 
indicated only the vertical displacement of the top loading points. 
All deflection values given later are maximum deflection unless 
otherwise noted. From these readings a load-deflection curve was 
plotted for each sample. The stress in the outer tension fibers of the 
bend test sample may be calculated by the formula 


Mc 


Where S equals maximum stress 
M equals bending moment 
c equals distance from neutral axis to outside fibers (normally one-half 
thickness of specimen) 


width X (thickness )* 
12 


The bending moment, M, will vary with the design and dimensions 
of the testing jig and will be a function of the load. Through this 
relationship load readings may be converted to stress values. This 
conversion from load to stress applies rigidly only to elastic behavior 
and, in the absence of plastic deformation in the outer fibers, it 
should represent the true stress in the outer fibers. The formula has 
been applied by the authors and previous investigators to loads in 
the plastic region in the absence of a rigid conversion formula in this 
zone. The accuracy of the calculated stress value will probably di- 
minish as plastic flow increases. 

A typical stress-deflection curve is shown for each loading sys- 
tem in Fig. 4. From such curves four basic bend test properties 
may be determined : 


and __ | equals the moment of inertia or 


Yield Strength—the stress at which the stress-deflection curve devi; 
ates from a straight line. 

Bend Strength—formerly termed rupture modulus or maximum fiber 
stress—the calculated maximum stress at fracture. 

Total Deflection—the maximum vertical deflection to fracture. 

Plastic Deflection—the nonelastic component of total deflection meas- 
ured on the load-deflection or stress-deflection curve as the dif- 
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Fig. 4—Stress-Defiection Curves for 0.140 by 0.500 by 2-Inch 
Bend Test Samples of 18-4-1 High Speed Steel Hardened from 
2350 t (1290 °C) and Double Tempered 2% Hours at 1030 °F 
(555 °C). : 


ference between the total deflection and the deflection indicated 
by the straight-line portion of the curve extended to the break- 
ing load or stress. 


As shown later, all four of these properties should be reported for 
bend test results with perhaps greatest significance being attached to 
the yield strength and plastic deflection values. 

The summary of results obtained, shown in Table II, indicates 
that the values of yield strength and bend strength are unaffected by 
the method of loading in this instance but that the double point load- 
ing system gives deflection values greater than the single point load- 
ing system. This difference in both total and plastic deflection is 
apparent from the stress-deflection curves of Fig. 4. Because of the 
somewhat greater deflections obtained and for reasons previously 
mentioned, the double point loading system was adopted for all sub- 
sequent work. 

Ground Versus Unground Samples. The experimental proce- 
dure described earlier involved grinding all samples after heat treat- 
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Table Il 
Effect of Loading System on Bend Test Results—18-4-1 High Speed Steel 
All Specimens were Oil-Quenched from 2350 °F (1290 °C) and were then Double Tempered for 


2% Hours at 1030 °F (555 °C) 





Vol. 40 




















30 - 30 - 
Plastic for Total for wT eS 
Defiec- Plastic Deflec- Total Yield for Bend for 
Loading tion Deflec- tion fiec- Strength Vield Strength Bend 
System Inches tion Inches tion psi Strength psi Strength 
Single 
oe 0.008 0.001 0.100 0.003 440,000 9,000 575,000 11,000 
uble 
Point 0.012 0.002 0.126 0.006 432,000 11,400 570,000 16,500 
Table Ill 


Bend Test Results Obtained for Ground and Unground Specimens 
All Specimens were Oil-Quenched from 2350 °F (1290 °C) and Double Tempered for 
2% Hours at 1030 °F (555 °C) 





30 = 30 “ - 
Plastic for Total for os x so x 
Defiec- Plastic Deflec- Total Yield for Bend for Hardness 
Surface tion Deflec- tion Deflec- Strength Yield Strength Bend Rockwell 
Condition Inches tion Inches __ tion psi Strength psi Strength “oe: 
Unground kare yee 0.071 ne “cama. Seukeow 380,000 47,600 64.6 
Ground 0.007 0.002 0.112 0.006 455,000 11,900 585,000 21,800 


64. 




















ment with liberal removals to avoid any possibility of the influence 
of decarburization or carburization during heat treatment on the re- 
sults of the test. To properly evaluate the effect of such surface 
chemistry alterations during heat treatment it was decided to test a 
series of samples some of which were ground to final size prior to 
heat treatment and tested with no significant removal of the treated 
surface. Sixteen ground comparison samples were processed accord- 
ing to the standard procedure from Steel 2, Table I. Sixteen “‘un- 
ground” samples of the same steel were processed to 0.142 by 0.502 
inch before treatment and after treatment were polished on No. 1 
metallographic paper until all scale was removed. An austenitizing 
temperature of 2350°F (1290°C) was used followed by double 
tempering for 2% hours each time at 1030°F (555°C). The re- 
sults shown in Table III reveal that the unground samples fracture 
at a stress less than the yield strength of the ground samples. As a 


result no plastic deflection, no yield strength and markedly reduced 
values of bend strength and total deflection values are obtained. 
Carburization of the surface layers to a depth of 0.001 to 0.002 
inch is undoubtedly responsible for this lowering of the bend test 
properties as shown in Fig. 5. The ground sample, on the left in 
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Fig. 5—Photomicrographs of Edge of Cross Section of 18-4-1 High Speed Steel 
Bend Test Samples. At Left: Sample ground after heat treatment. At Right: Sample 
not ground after heat treatment. WNital etch. Xx 500. 


Fig. 5, exhibits no change in microstructure to the edge while the 
unground sample, on the right, shows a dark etching band associated 
with definite but not excessive carburization. This amount of car- 
burization is normal on 18-4-1 high speed steel samples hardened 
from similar atmospheres for short times (10). 

Additional data, not quantitatively reported here, reveal that 
decarburization of the surface of bend test specimens lowers the bend 
strength, but does not necessarily lead to the elimination of plastic 
deflection. Yield strength is markedly reduced and total deflection 
is often diminished. 

Effect of Specimen Size. It is known that other laboratories 
currently using the bend test on hardened steels for measurement of 
the bend strength employ samples with dimensions considerably dif- 
ferent from the 0.140 by 0.500-inch cross section and 2-inch gage 
length used in this work. To evaluate the effect of variations in 
both cross section and gage length under a double point loading sys- 
tem, 20 samples of Steel 2, Table I, were prepared for each of the 
testing sizes shown in Table IV. Two gage lengths nominally 2 
and 4 inches were combined with cross sections of 0.140 by 0.500 
itich, 0.250 by 0.500 inch, 0.250 by 0.250 inch and 0.500 by 0.500 inch. 
The processing of samples was designed for removal of 0.060 inch 
from the thickness and 0.040 inch from the width of the rectangular 
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shapes and 0.060 inch from both dimensions of the squares prior 
to heat treatment. All samples were oil-quenched from 2350 °F 
(1290 °C) and double tempered for 2% hours each time at 1030 °F. 
After treatment, 0.030 inch was ground from the thickness and 
0.020 inch from the width for the rectangular shapes and 0.030 inch 
from both dimensions of the squares. Those samples which could 
not be accommodated by the jig shown in Fig. 2 were tested in a 
jig consisting of a bottom and top plate connected by guide pins. 
The dimensions of the loading system for the 4-inch gage length 
samples are shown in Fig. ld. The 0.500 by 0.500 by 2-inch sam- 
ples, requiring exceptionally high loads for fracture, were also tested 
in a separate jig shown in Fig. lc. The results of these tests were 
unreliable with respect to deflection values because the 0.500 by 
0.500 by 2-inch sample required such high loads that deflection of 
loading members was encountered. No results are reported for this 
specimen size. 

The effect of specimen size on the bend test properties is shown 
in Table IV. The average hardnesses of all samples were within 0.6 
Rockwell C and with the exception of the 0.140 by 0.500 by 4-inch 
samples, the yield strengths are in reasonably good agreement. No 
explanation for the somewhat lower value on the latter sample is 
available. With respect to bend strength it is noted that the 2-inch 
gage length gives higher bend strength values than the corresponding 
4-inch gage length. The calculated value of the maximum stress is 
probably greater in error for the 4-inch samples because of the 
greater deflections. Also it is noted that the bend strength tends to 
increase with thickness. The fact that different values of bend 
strength can be obtained as the specimen size is varied had been 
noted previously when comparing data shown in “Tool Steels” (4) 
on samples 0.140 by 0.500 by 2 inches with those reported by Cohen 
and Gordon on samples 0.375 by 0.375 by 5 inches (11). It is ob- 
vious, therefore, that any reference to bend strength, as herein de- 
fined, should be always accompanied by a statement of specimen size. 
Stress-deflection curves for all eight specimen sizes plotted from 
average data in Table IV are shown in Fig. 6. 

With respect to deflection values, these are obviously greater 
for the 4-inch gage lengths than for the 2-inch gage lengths and 
there is a trend toward a reduction of both plastic and total deflec- 
tion as the sample thickness increases. This may be related to the 
lateral constraint imposed on the specimen in thicker gages because 
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j Fig. 6—Stress-Deflection Curves for 7 Different Bend Test Specimens. 18-4-1 
~~ esto from 2350°F (1290 °C), Double Tempered 2X Hours 
at ° ° 3 


of the narrowing of the width at the tension surface through the 
Poisson effect and the attendant bilateral tensile stresses created on 
this surface. 

The 0.140 by 0.500 by 2-inch sample appeared to give sufficient 
deflections for sensitivity yet not excessive deflections to create a 
lowering of the calculated bend strength and was adopted for the 
work on high speed steel heat treatment. 

Evaluation of Strain as a Function of Deflection. In order to 
obtain a true stress-strain curve rather than a load or stress-deflec- 
tion curve for the bend test, the relationship between measured 
deflection and strain in the outer fibers was determined using the 
jig shown in Figs. 1b and 2, and type A-5, CR-4 electrical resistance 
strain gages. The strain gages were cemented with Duco household 
cement to the tension side of the 0.140 by 0.500 by 2-inch specimens 
and copper lead wires soldered to the strain gage leads were con- 
nected to a direct strain reading Wheatstone bridge. During the 
test, readings were taken of the strain, dial gage deflection and load. 
Fig. 7 shows the relationship between the strain in inches per inch 
and the dial gage deflection. All points for the three 18-4-1 samples 
fall within the breadth of the curve. Using this calibration it is 
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Fig. 7—Measured Deflection on Double Point Loaded 0.140 by 
0.500 by 2-Inch Samples as Function of Strain Determined with SR-4 
Strain Gages on Tension Fibers. 


possible to translate dial gage deflections to true strain readings for 
any data shown which applies-to the standard 0.140 by 0.500 by 2- 
inch specimen loaded in the standard double point jig. The relation 
plotted is with respect to measured deflection ; true maximum deflec- 
tion is 19% greater. 

Using this calibration a stress-strain curve jwas plotted for 
each of the three samples (see Fig. 8). The particular samples were 
evidently overheated so that no plasticity was obtained and breakage 
occurred at a stress of from 360,000 to 410,000 psi. The points all 
lie on straight lines and since no plastic flow was obtained the values 
of stress are thought to be accurate. Strain values so obtained are 
accurate even in the plastic range. The curve is, therefore, a true 
stress-strain curve for 18-4-1 high speed steel hardened to 65.2 to 
65.5 Rockwell “C” and shows a modulus of elasticity of 31,500,000 
to 32,500,000 psi. 


BEND TEST PROPERTIES OF H1GH SPEED STEEL 


Effect of Austenitizing Temperature. In this investigation one 
hundred twenty specimens of 18-4-1 high speed steel (Steel 2, Table 
I) and forty specimens of 6-5-2 high speed steel (Steel 3, Table 1) 
were prepared according to the standard procedures (specimen size 
0.140 by 0.500 by 2 inches). Twenty specimens of each grade were 
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Fig. 8—Stress-Strain Curve for Hardened and songs 18-4-1 
High Speed Steel” Hardness 65.2 to 65.5 Rockwell . Three 
samples. 


hardened from each of the following temperatures: 


For 18-4-1 For 6-5-2 
2000 °F (1095 °C) 2175 °F (1190 °C) 
2100 °F (1150 °C) 2225 °F (1220 °C) 


2200 °F (1205 °C) 
2300 °F (1260 °C) 
2350 °F (1290 °C) 
2400 °F (1315 °C) 


After oil quenching, all samples were double tempered for 214 
hours each time at 1030°F (555°C). A constant tempering cycle 
was adopted despite the fact that maximum hardness is generally 
reached at a slightly lower tempering temperature as the austenitizing 
temperature is lowered. Near maximum hardness was obtained for 
each grade and it was felt that this would offer an adequate repre- 
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Fig. 9—Effect of Austenitizing Temperature on the Yield 
Strength and Bend Strength of 18-4-1 High Speed’ Steel. 
Samples tempered 2% hours at 1030°F (555°C) plus 2% 
hours at 1030 °F (555 °C) after hardening. 


sentation of the effect of varying the austenitizing temperature. 

The bend test properties and hardness values are recorded in 
Table V. Hardness increased from Rockwell C-57.1 to C-64.5 as 
the temperature was raised on the 18-4-1 steel. The hardness of 
the tungsten-molybdenum steel was Rockwell C-63.8 from both tem- 
peratures employed. 

The values of the four principal bend test properties for the 
18-4-1 steel are shown in Figs. 9 and 10 as a function of austenitizing 
temperature. The yield strength increases rapidly up to the nominal 
hardening temperature of 2350°F (1290°C) but the bend strength 
increases only slowly in this range and passes a maximum between 
2200 and 2300 °F (1205 and 1260°C) (Fig. 9). The bend strength 
drops rapidly as the grain size enlarges and more carbides are dis- 
solved on heating to temperatures over 2350 °F (1290°C). Samples 
hardened from 2400 °F (1315 °C) exhibited no plasticity and frac- 
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tured before a yield point was reached. Coincident with these 
changes the values of both plastic and total deflection were reduced. 
The drop in these properties is almost a linear function of the aus- 
tenitizing temperature (Fig. 10). 

Referring to Fig. 9 it will be noted that the gap between yield 
strength and bend strength is great at low hardening temperatures 
and that this coincides with relatively high values of plastic deflec- 


.250 
.200 


.150 


Deflection - Inches 


.100 
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2000 2100 2200 2300 2400 


Temperature °F 
Fig. 10—Effect of Austenitizing Temperature on_ the 
Plastic Deflection and Total Deflection of 18-4-1 High Speed 


Steel. Samples tempered 2% hours at 1030 °F (555 °C) plus 
2% hours at 1030 °F (555 °C) after hardening. 


tion. As the hardening temperature is raised and the plastic deflec- 
tion is reduced this gap becomes smaller. Both yield strength and 
plastic deflection are determining factors in toughness and they 
operate together in the bend test to partly determine the bend 
strength. A study reporting only the bend strength of samples such 
as those investigated in this portion of the work would not reveal 
the 55% increase in yield strength or the 93% reduction in plastic 
deflection as the hardening temperature is advanced from 2000 to 
2350 °F (1095 to 1290°C). Over this range of hardening tem- 
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peratures the bend strength varies only 45,000 psi, or approximately 
Lu as 

Effect of Tempering. A rather complete study of the effect of 
tempering temperature and tempering time ori the bend test prop- 
erties of both 18-4-1 and 6-5-2 high speed steels was conducted. The 
structural (4), (11) and hardness (1) changes accompanying these 
tempering cycles are known and it was desired to relate these to the 
mechanical properties obtained with the 0.140 by 0.500 by 2-inch 
double point loaded bend test sample. 

The experimental procedures parallel those given previously 
with but few exceptions. Compositions of the two standard types 
of high speed steels are shown as Steels 2 and 3 in Table I. In all, 
thirty-two tempering cycles were employed and one set of samples 
was tested in the as-quenched condition. Each heat treating load 
consisted of a sample from each of the thirty-three lots and twenty 
specimens were tested for every tempering cycle. This necessitated 
twenty different furnace charges for each of the two grades in ques- 
tion, but spread any errors introduced by possible variations in aus- 
tenitizing conditions equally among all the lots. Austenitizing tem- 
peratures were 2350 and 2225 °F (1290 and 1220°C) respectively 
for the 18-4-1 and 6-5-2 steels. Tempering was conducted in salt 
baths and the tempering times recorded are times at temperature. 

The tempering cycles were designed so that a complete record of 
the effect of tempering temperature for times of 1 hour would be 
obtained. In addition, for tempering temperatures of 950°F 
(510°C) and over from three to five tempering times were investi- 
gated. The times were selected with regard to the occurrence of 
maximum hardness and complete transformation of retained aus- 
tenite ; accordingly 100 hours was employed as a maximum for tem- 
pering at 950°F (510°C), 10 hours was maximum at 1000 and 
1050 °F (540 and 565°C) and 1 or 2 hours maximum at higher 
tempering temperatures. Further, certain double tempering cycles 
were selected in which the second tempering was established as 214 
hours at 900°F (485°C). The first treatment was employed to 
vary the hardness and structure as desired while the second was to 
serve only to temper the martensite which formed during cooling 
from the first cycle. By this means no appreciable change in hard- 
ness would accompany the second tempering. The effect of double 
tempering as normally applied in commercial practice was also in- 
vestigated using Steel 4, Table I. In this case both tempering 
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cycles were identical with respect to time and temperature, each 
2% hours at 1030°F (555°C) after austenitizing the 18-4-1 com- 
position at both 2300 and 2350 °F (1260 and 1290 °C). 

In Tables VI and VII are recorded the average results ob- 
tained on the 18-4-1 and 6-5-2 steels, the tempering cycles employed 
and the resulting hardness. After tempering for 2% hours at 
1050 °F (565°C), a cycle which produced near maximum bend 
strength in both grades, the microstructures were typical of a mix- 
ture of tempered martensite, untempered martensite and excess car- 
bide. No significant difference in austenite grain size was noted 
(intercept count 11-12 on both grades). It is probable, however, 
that the 6-5-2 steel contained a greater amount. of retained austenite 
and, after single tempering, a greater amount of untempered mar- 
tensite than the 18-4-1 steel (4), (11). 

To facilitate interpretation of the data, graphs showing the 
effect of tempering temperature upon the two strength properties 
(Fig. 11) and upon the two deflection properties (Fig. 12) of both 
steels are presented for a tempering time of 1 hour. Also included 
is a hardness chart for ready comparison with the property most 
familiar to users of high speed steel. To summarize these curves 
one might state that in the as-quenched condition all properties are 
relatively low but that as the martensite becomes tempered and 
residual stresses are lowered, deflection and strength increase on 
tempering up to about 550 to 600 °F. This is the first stage of the 
tempering process described by Cohen (11). Above this tempera- 
ture alloy carbides begin to precipitate from the residual austenite 
and the residual austenite is rendered capable of transforming to 
untemipered martensite. The strength decreases on tempering up to 
950 to 1000 °F while the deflection appears to undergo a minimum 
at 700 °F in addition to the minimum at the secondary hardness 
peak.. The first may be associated with the initial stages of carbide 
precipitation which lower the ductility of retained austenite. The 
second is associated with the austenite-to-untempered-martensite 
transformation. 


As the tempering temperature increases, the bend strength and 
yield strength are roughly parallel with the exception of the range 
950 to 1050°F (510 to 565°C). The yield strength is seen to 
undergo a minimum at 950°F while the bend strength, low at 
950 °F, is also at its minimum value after tempering at 1000 °F, cor- 
responding approximately to the initial stages of the maximum hard- 
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Table VII 


Bend Test Results Obtained After Various Tempering Treatments for the 6-5-2 Type 
High Speed Steel 


All Specimens were Oil-Quenched from 2225 °F (1220 °C) 
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Fig. 11—Effect of Tempering Temperature on the Yield 
Strength, Bend Strength and Hardness of 18-4-1 and 6-5-2 
High Speed Steels. empering time 1 hour. 18-4-1 austen- 
oa SB): 2350 °F (1290°C). 6-5-2 austenitized at 2225 °F 

1220 ° 


ness zone. At 1050 °F (565°C), perhaps just slightly over maxi- 
mum secondary hardness, both the yield strength and bend strength 
are approaching or at their maximum values for 1-hour tempering. 
The yield strengths of the two high speed steels, as treated in these 
experiments, are almost identical with the exception of a lower value 
for the 6-5-2 grade between 500 and 950°F. This may be associ- 
ated with the greater amount of retained austenite (note a 
lower minimum hardness in this tempering range for this steel). 
At the same time the bend strength of the 6-5-2 steel is higher by a 
slight amount in this zone because of the greater plastic deflection 
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Fig. 12—-Effect of Tempering Temperature on the Total 
Deflection, Plastic Deflection and Hardness of 18-4-1 and 6-5-2 
High Speed Steels. Tempering time 1 hour. 18-4-1 austen- 
i <) 2350 °F (1290 °C). 6-5-2 austenitized at 2225 °F 
(1220 °C). 


that is associated with the retained austenite (see Fig. 12). 

It is to be noted that at or only slightly above maximum secon+ 
dary hardness all four properties, except plastic deflection, reach 
values as great, or greater than, any to be found in the tempering 
range under maximum secondary hardness. Tempering above 
1100°F (595°C) causes the plastic deflection to exceed that at 
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Fig. 13a—Effect of Tempering Time on the Bend Test Properties of 
6-5-2 High Speed Steel Hardened from 2225 °F (1220°C). Effect on 
plastic deflectiort. 

950°F. While the plastic deflection is somewhat higher at 950 °F 
(510°C) than at maximum secondary hardness, it must be remem- 
bered that the yield strength is at a minimum at 950 °F (510°C). 
The effect of tempering time at temperatures between 950 and 
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Fig. 13b—Effect of Tempering Time on the Bend Test Properties 
of 6-5-2 High Speed Steel Hardened from 2225 °F (1220 °C). Effect on 
total deflection. 


1200 °F (510 and 650°C) on all four of the bend test properties 
is illustrated in the semilogarithmic charts of Fig. 13 for the 6-5-2 
steel. This illustrates a regular pattern of property change with 
both time and temperature and shows that longer times of tempering 
at temperatures 1000°F and above result in continued improve- 
ment. The minimums are shifted to lower times by higher tempera- 
tures, from which a general shift of curves such as Figs. 11 and 12 
to the left may be anticipated with longer times of tempering. By 
interpolation from charts such as Fig. 13a it can be determined that 
the minimum in the plastic deflection versus temperature curve is 
shifted as follows for 18-4-1 high speed steel: 

14-hour tempering—minimum at 1050 to 1075 °F 

1-hour tempering—minimum at 1050 °F 


24-hour tempering—minimum at 1000 °F 
5-hour tempering—minimum at 950 °F 


These temperatures are within 15°F of the tempering temperatures 
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Fig. 13c—Effect of Tempering Time on the Bend Test Properties of 
6-5-2 High Speed Steel Hardened from 2225 °F (1220 °C). ffect on 
yield strength, J 


previously shown to give maximum secondary hartiness on this 
steel (1). The normal commercial procedures of tempering for 
2-3 hours at temperatures above 1025 °F (550°C) are, therefore, 
seen to produce near maximum properties of strength and higher 
than minimum properties of deflection. Only a slight change in 
properties was found to accompany the use of a second tempering 
treatment at 900 °F (480 °C) in which the hardness was unaffected. 
On the average, values of yield strength were increased to a more 
significant and consistent degree than bend strength. No change 
occurred in total deflection values while the plastic deflection was 
also little affected with the possible exception of the minimum value 
which on the average appeared to be improved. 

The experiments conducted on Steel 4, Table I, in which both 
of the two tempering treatments were identical did indicate a signif- 
icant improvement in mechanical properties when because of double 
tempering the hardness is reduced (see Table VIII). It will also 
be noted that as the austenitizing temperature increases in this set 
of experiments the properties decrease so that almost identical prop- 
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Fig. 13d—Effect of Tempering Time on the Bend Test Properties 


of 6-52 High Speed Steel Hardened from 2225 °F (1220°C). Effect on 
bend strength. 


erties are obtained after austenitizing at 2350°F (1290°C) and 
double tempering as those recorded after austenitizing at 2300 °F 
(1260 °C) and single tempering. In this experiment note that 
high values of hardness have been reached. Photomicrographs of 
the structure show considerable untempered martensite in the single 
tempered samples. 

While the above results indicate that, without lowering the 
hardness above the maximum secondary hardness peak, double 
tempering may not improve the bend test properties, the advantages 
of double tempering are still all-important. Double tempering in 
most instances does lower the hardness to some extent as practiced 
commercially and insures against having tools placed in service 
exactly at the maximum hardness. In addition, the stresses likely 
to be encountered in commercial articles manufactured from high 
speed steel cannot readily be duplicated in the small and simple 
specimen used in these bend test experiments. Such stresses arise 
both during the quench and during cooling after tempering from 
the transformation of austenite to martensite and are intensified by 
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Table VIII 





Effect of Single and Double Tempering on Bend Test Results 
30— 30— 
x x 3o— 35 — 
Plastic for Total for x x 
: Defiec- Plastic Deflec- Total Yield for Bend for Hardness 
Treat- tion Defiec- tion Deflec- Strength Yield Strength Bend Rockwell 
ment Inches tion Inches tion psi Strength psi Strength Cc 


a. 0.004 0.001 0.099 0.004 405,000 9,800 490,000 20,000 65.6 
Double 0.008 0.0015 90.117 0,004 440,000 7,000 570,000 15,000 64.8 
Single 0.001 0.0004 0,087 0.004 360,000 9,500 440,000 20,000 66.5 
Double 0.003 0.0008 0.096 0.004 410,000 8,000 490,000 17,700 65.7 





any temperature differentials in the article during cooling. Finally, 
commercial high speed steel tools may have more retained austenite 
prior to tempering these bend test samples because of the often-used 
practice of arresting the cooling during the quench and tempering 
before room temperature is reached. For these several reasons 
double tempering is to be strongly recommended. 


CORRELATION OF DATA 


Relationships between hardness and the four bend test proper- 
ties were sought and are shown in Figs. 14 to 17 indlusive. The 
yield strength: hardness relationship (Fig. 14) is plotted eliminating 
all data under maximum secondary hardness. Data for both steels 
are included. When tempered under maximum secondary hardness 
the points lie above and to left of the curve. This curve provides an 
extension of the Janitzky and Baeyertz relationship to high hardness 
levels. Additional tests now in process will indicate the possibility 
of applying such data to other hardened ferrous materials. One 
chart for the relationship between hardness and bend strength is 
presented for each steel (Figs. 15a and b) showing that bend strength 
may vary considerably above Rockwell C-61 to C-62, depending on 
the particular tempering cycle adopted. The solid points represent 
samples given a second tempering at 900°F. Hardness and total 
deflection appear related for the data over maximum secondary hard- 
ness (see Fig. 16). One curve for each steel is presented showing 
somewhat higher total deflection values for the 6-5-2 steel. Such a 
differential was also noted in plastic deflection and bend strength 
and may be associated with unequivalent austenitizing conditions 
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Fig. 14—Relationship Between Hardness and Yield Strength. 
Data for 18-4-1 and 6-5-2 high speed steels hardened from 2350 and 


2225 °F (1290 and 1220°C) respectively. Tempered at or above 
maximum secondary hardness peak. 
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Fig. 15a—Relationship Between Hardness and Bend Strength. 18-4-1 high 
speed steel hardened from 2350°F (1290°C). Open circles—single temper. 
Solid circles—double tempered [second tempering at 900 °F (480 °C) i. 


(the identical grain sizes of the quenched samples do not bear this 
out, however). Hardness versus plastic deflection shows a similar 
relationship for all of the data with the difference between the two 
steels less noticeable at high hardness levels (see Fig. 17). 

In the bend test on these materials, the extra load-carrying 
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Fig. 15b—Relationship Between Hardness and Bend Strength. 6-5-2 high 
speed steel hardened from 2225 °F (1220 °C). pen circles—single temper. 
Solid circles—double tempered [second tempering at 900 °F (480 °C)]. 
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Fig. 16—Relationship Between Hardness and Total Dpfection for 18-4-1 and 
6-5-2 High Speed Steels Hardened from 2350 and 2225 °F (1290 and 1220 °C) 
Respectively. Tempered at or above maximum secondary hardness peak. 


capacity after yielding and, therefore, the bend strength, depends 
to some extent upon the plastic deflection obtained. Since with the 
exception of those samples under Rockwell C-63, only a little devia- 
tion from straight-line behavior is shown by the stress-deflection 
curves, the total deflection should relate well to the bend strength. 
Such a relationship for each steel is illustrated in Fig. 18. The points 
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Fig. 17—Relationship Between Hardness and Plastic Deflection 
for 18-4-1 and 6-5-2 High Speed Steels Hardened from 2350 and 
2225 °F (1290 and 1220°C) Respectively. Tempered at or above 
maximum secondary hardness peak. 


to the right of the maximum are for hardness well below Rock- 
well C-64 where large amounts of plastic deflection were noted. All 
other points show a regular pattern that could almost be considered 
as a linear function. 


COMPARISON OF PROPERTIES AT EQuAL HARDNESS 
(Over MAxIMuM SECONDARY HARDNESS) 


A comparison of the bend test properties at Rockwell C-64, 62 
and, 57 when these hardnesses were obtained by different treatments 
was possible by combining data from the studies of the effect of 
austenitizing temperature and of tempering time and temperature. 











Table 1X 
Comparison of Bend Test Results at Equal Hardness 
Hardness Austenitizing Tempering Hours Plastic Total Yield Bend 
Rockwell Temperature and Deflection Deflection Strength Strength 
a °F °F Inches Inches psi psi 
64.0 2300 2%—1030+ 24%—1030 0.018 0.139 450,000 636,000 
64.3 2350 100— 950 0.007 0.111 435,000 570,000 
63.7 2350 1—1100 0.013 0.125 455,000 605,000 
64.1 2350 1/10—1150 0.008 0.113 430,000 575,000 
61.8 2200 2%—1030+ 2%—1030 0.035 . 0.159 400,000 635,000 
61.9 2350 1— 700 0.008 0.097 380,000 475,000 
62.1 2350 1—1150 0.010 0.112 425,000 545,000 
57.1 2000 2%—1030+ 2%—1030 0.108 0.238 310,000 595,000 
57.2 2350 5—1150 0 


| 


051 0.155 325,000 540,000 
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Fig. 18—Relationship Between Bend Strength and Total Deflection for 
18-4-1 and 6-5-2 High a Steels Hardened from 2350 and 2225 °F (1290 
and 1220 °C) Respectively. 


The data are summarized in Table IX. At equal hardnesses the 
yield strengths are quite similar with the exception of the one sample 
included in the table that was tempered below the maximum hard- 
ness peak. The bend strength, and deflection values, however, vary 
with treatment to some extent and are consistently higher when 
lower hardening temperatures are employed. 


SUMMARY 


1. A bend test has been described for application to hardened 
steels. The test, while subject to scatter, is capable of yielding ac- 
curate measurements of the strength and ductility of hardened steels. 
The 0.140 by 0.500 by 2-inch double point loaded sample adopted 
for this work is simple and economical to prepare. Readings of 
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deflection as well as load are of importance and should be made 
during the test. Properties determined are yield’ strength, bend 
strength, total deflection and plastic deflection. Longer gage lengths 
give greater sensitivity of deflection, but give lower values of bend 
strength. The specimen size should be stated when reporting bend 
test results. 

2. Twenty samples of each heat treatment are sufficient to 
establish differences between minor variations in heat treatment. 
If the test is applied to steels which do not show secondary hardness, 
yield strength, bend strength and total deflection values can be 
determined on fewer samples with fair accuracy but less accurate 
data for plastic deflection will result. Statistical interpretation of 
the results of these experiments are reported. 

3. A calibration of deflection in terms of true strain has been 
made using resistance strain gages on the standard sample. A true 
stress-strain diagram for high speed steel hardened to Rockwell C- 
65.2 to 65.5 has been presented. 

4. The effect of austenitizing temperature was investigated 
from 2000 to 2400°F (1095 to 1315°C) on an 18-4-1 high speed 
steel. As the temperature is raised the yield point is increased 55% 
to 2350 °F (1290 °C) while the plastic deflection is decreased 95%. 
Total deflection likewise decreases but the bend strength is relatively 
constant. Tests were made after double tempering at 1030 °F 
(555°C). At 2400°F (1315°C) all four values are quite low 
because of overheating. 

5. A complete study of the effect of tempering temperature 
and time on both the 18-4-1 and the 6-5-2 high speed steels was 
made after hardening from 2350 and 2225°F (1290 and 1220 °C) 
respectively. 

6. Double tempering was found to increase the bend test prop- 
erties when the hardness was lowered by the second tempering treat- 
ment. The bend test does not evaluate the beneficial effects of double 
tempering in altering residual stresses since the stress conditions 
existing in large or complicated tools cannot be duplicated in the 
small bend test specimen. 

7. Correlations between the bend test properties and hardnéss 
for hardened high speed steels have been made. These correlations 
are best for yield strength and deflection values but are valid only if 
data; for steels tempered under the maximum secondary hardness 
peak are eliminated. 
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DISCUSSION 


Written Discussion: By Paul FE. Scheid, metallurgist, Clark Equip- 
ment Co., Buchanan, Mich. 

In tool design, the metallurgist is looking for information pertaining 
to physical properties of high speed steel. The paper gives a great 
amount of this needed information and the authors are to be con- 
gratulated. 

In discussing the bend test, I would like to point out some variations 
in physical properties such as bend strength, total deflection and hard- 
ness of high speed steel by different quenching methods, or rates from 
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the hardening temperatures as quenched isothermally for short periods 
of time at various températures from 1500 to 1660 °F (815 to 905°C), or 
air quenching. From the data of this experimental work, it was found 
that interrupting or slow cooling during quenching in the upper tempera- 


ture range was very detrimental and impaired the physical properties oi 
the steel. 


Many processors of: high-speed steel state that the steel may be 
air-quenched and this practice of some tool hardeners may account for 
poor tool life or service because of lowered physical properties produced 
by this type quench. 

This experimental work was done with molybdenum M-2 and tung- 
sten 18-4-1 high speed steel. The analysis, heat treatment, and quench- 


Table A 
Heat Treatment of High Speed Steel With Delayed or Isothermal Quench 











Vol. 40 








Specimen—Round 0.515-inch diameter, ground, annealed, 8 inches long 
Analysis of M-2 


Cc Mn Si Ww Cr Vv Mo 
0.82 0.23 0.39 6.54 4.22 1.89 5.01 
Heat treat.—Furnace, salt bath, soaking time 1 minute 
Group No. Preheat, °F High Heat, °F Quench 
1 1600 2200 Oil to 800°F; air to room temp. 
2 1600 2200 1600 °F for 5 min.; oil to 800°F; 
air to room temp. 
3 1600 2200 Air to room temp. 


Draw 1000°F—2% hrs. plus 1000 °F—2 hrs. 
Analysis of Tungsten 18-4-1 


Mn Si Ww Cr Vv 
0.74 0.27 0.24 18.05 4.07 1.15 
Heat treat.—Furnace, salt bath, soaking time 1 minute 
Group No. Preheat, °F High Heat, °F Quench 
1A 1600 2375 Oil to 800°F; air to room temp. 
2A 1600 2375 1600°F 3 min.; oil to 800°F; air 


to room temp. 


Draw 1075 °F—2\ hrs. plus 1050°F—2\ hrs. 








Table B 
Physical /Properties of High Speed Steel With Delayed or Isothermal Quench 





Specimen—Round 0.500-inch diameter, ground after heat treat., 8 inches long 
Span—6 inches between centers 
Loading—1000-lb. increment at center of span 


Avg. Bend Total Hardness Grain Boundary 
Group Strength Deflection Rockwell Description 
No. psi! Inches Cc Etch 2% Nital—45 sec. 
1 M-2 687,000 0.308 65.2 Faint outline 
2 M-2 644,000 0.351 61.8 Distinct outline 
3 M-2 635,000 0.308 63.4 Distinct outline 
1A 18-4-1 545,000 0.176 64.7 Faint outline 
2A 18-4-1 512,000 0.165 62.3 Distinct outline 


Groups 1, 2 and 3 Average oi four test bars. 
Groups 1A and 2A Average of three test bars. 


I 





IPsi =S- - 
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Figs. A, B, C—Carbide Precipitation at Grain Boundaries. Figs. A and B aus- 
tenitized at 2250° F, double drawn 1025° F, 2.5 hours. Fig. A held at 1600° F, 25 
minutes, Rockwell hardness C-57. Fig. B oil-quenched, Rockwell hardness C-66.2. 
Fig. C austenitized at 2000° F, double drawn 1025° F, 2.5 hours, Rockwell hardness 
C-59. Etch 10% HCl, 1% HNOsz in methyl alcohol, 18 minutes. X 500. M-Z high 
speed steel. 


ing procedure are shown in Table A. The low hardening temperature used 
for M-2 was to determine the physical properties of the steel for tools 
requiring a maximum toughness, and the high hardening temperature for 
18-4-1 was to determine the physical properties with high red hardness. 
The physical properties of the different quenches from thé austenitiz- 
ing temperature are given in Table B. It will be noted that Groups 2, 3, 
and 2A which were isothermally held at 1600 °F (870°C) or air-quenched 
had a decreased bend strength and hardness. It should also be noted that 
the total deflection for Groups 3 and 2A, which have a lowered hardness, 
is equal to or less than the groups oil-quenched. In all our experiments 
with delayed quenches we found that a decrease in total deflection was 
generally associated with decreasing hardness. This decrease in deflection 
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is contradictory to what one might expect. However, the explanation for 
this phenomenon is a carbide precipitation dropping out during the de- 
layed quench and forming at the grain boundaries. These grain bound- 
aries are shown in Fig. A for -M-2 steel quenched from 2250°F and held 
at 1600°F compared to oil-quenched steel in Fig. B. The presence of 
grain boundaries would account for the loss in deflection. This was also 
shown by Weldon and Watson.’ 

In looking at the physical properties of Group 2, it is noted that the 
deflection increases with decreased hardness. The reason for this deflec- 
tion change is not known except that the hardness may have dropped 
enough to offset the effect of the grain boundaries. 

The rate the hardness will decrease is as shown in Fig. D for 18-4-1 
high speed steel austenitized at 2375°F (1300°C) then isothermally 
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Fig. D—Rate of Hardness Drop-Off by Iso- 
thermal Quench. 18-4-1 high speed steel. 



























quenched at various temperatures, i.e., 1500 to 1600 °F (815 to 870°C) and 
1660 °F (905°C). It should be noted that as the arrested quenching 
temperature increases, the rate of hardness drop-off increases. Unfor- 
tunately higher arrested quenching temperatures were not obtainable due 
to the limitation of our equipment. However, I feel that a higher arrested 
temperature would give a maximum rate of carbide precipitation or hard- 
ness drop-off. For this reason, to obtain tools with the best physical 
properties it is necessary to quench to at least 1000 °F (540°C) as fast as 
possible. 

Again referring to Fig. A for the development of grain boundaries 
by the carbide precipitation at 1600 °F (870°C), I would like to point out 
that the grain boundaries are pronounced for the Rockwell C-57 hardness. 
On the other hand if high speed steel is heat treated at a temperature. to 
give this hardness it would be difficult to detect the grain boundaries 
(Fig. C). Since the grain boundaries are developed isothermally at 
1600 °F (870 °C), a common annealing temperature, they may be an indi- 


“Weldon and Watson, discussion, Transactions, American Society for Metals, Vol. 
31, 1943, p. 201 
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cation of the annealed grain size of high speed steel. Our experiments 
would lead us to believe that the annealed grain size depends on the 
previous high temperature heat treatment of the steel. Experimental 
work along these lines is now being carried out in our laboratory. 

Written Discussion: By T. H. Gray, research engineer, Westinghouse 
Electric Corp. Research Laboratories, E. Pittsburgh. 

The description of the test and the results contained in this paper 
should be of use to those persons who have the perplexing task of evalu- 
ating the characteristics of hardened tool steels. Bend tests have a some- 
what ill repute among many stress analysts because of the discrepancy 
between the actual stresses at the outer fiber and the calculated stresses 
based on theoretical considerations. As pointed out by Timoshenko and 
MacCullough® the discrepancies that arise are due to the inhomogeneity 
of the materials, the presence of longitudinal shearing stresses between 
the outer surface and the neutral axis, and the occurrence of plastic 
deformation among other causes. If these factors are taken into con- 
sideration, bend tests, as shown by the authors, can be of value in evalu- 
ating the characteristics of hardened steel, particularly for the comparison 
of materials and heat treatments. 

The authors have indicated the presence of measurable permanent 
deformations and definite yield points on many of their specimens. 
Because of this, accurate comparison of bend strength calculated from the 


- 


c ;, 
equation S= = cannot be obtained between two hardened steel speci- 


mens, one of which fails elastically and one of which fails after some 
measurable permanent deformation. Where permanent deformation oc- 
curs, the computed value of bend strength will become greater than the 
true value, probably by an amount roughly proportional to the degree of 
permanent deformation suffered by the specimens. . 

As the authors point out, the utility of bend tests lies in the sim- 
plicity of the specimens and the ease of test procedure. However, an 
analysis of the test itself will reveal that the reactions are as complex as 
those in the tensile or impact tests. Both cohesive or tensional stress 
and shear stress components are present since some permanent deforma- 
tion almost always occurs even in hardened steels. Depending on the 
hardness and ductility of the steel, the shear component of failure in the 
bend test can be shown by the characteristic cup and cone or, if a rec- 
tangular test specimen is used, a truncated pyramid type of fracture. It 
would be of interest to view the fractured surfaces of the specimens de- 
scribed in this paper. 

The writer agrees with the term “bend strength’ employed by the 
authors to denote the outer fiber stress at failure. It is felt that this is a 
more understandable description than the awkward “modulus of rupture”. 
For values of outer fiber stress below faiure, the term “bending stress” 
would appear appropriate. 

The writer has performed some bend tests on 0.375 by 0.25 by 2.5-inch 


*Timoshenko and MacCullough, “Elements of Strength of Materials,” D. Van Nostrand 
Company. 
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Fig. E—Comparison of Bend Strength and Torsion Impact Strength. 
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ig. F—Transverse Break Test of Tool Steels, Gage Length 2 Inches. Size— 
0.25 by 0.375 by 3 inches. 












specimens of the 18-4-1 type of high speed steel, the results of which, 
shown in Figs. E and F, may be of interest here. These specimens were 
hardened conventionally from 1280°C (2336 °F), oil-quenched, and tem- 
pered for one-half hour at temperatures from 70 to 800°C. The points on 
the curves are the average of three tests. The values of bend strength 
plotted against tempering temperature show the same trend as those of 
the authors’ except that the values obtained are lower and the pronounced 
lrop and recovery of bend strength as the maximum secondary hardening 
temperature is approached, shown in Fig. 11, are not found. The results 
here given confirm the authors’ finding that the maximum bend strength 
for 18-4-1 steel is obtained when tempered at and slightly beyond the 
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maximum secondary hardness temperature. The values obtained by the 
writer, similar to those found by A. H. d’Arcambal,* are appreciably lower 
than those given by the authors. This may be attributed to the differ- 
ence in tempering time which appears to be important as shown by 
Fig. 13c in the authors’ paper. 

In Fig. F, the bend strength of 18-4-1 is plotted against the hardness 
produced by tempering treatment. The differences in bend strength of 
high speed steel and ordinary tool steels at a particular hardness are thus 
brought out more strikingly, particularly when the comparisons are made 
at the maximum secondary hardness value. Thus, for some applications 
where both hardness and strength are required, the use of high speed 
steels may prove to be most advantageous, even at room temperature. 

Written Discussion: By Otto Zmeskal, director, Department of Met- 
allurgical Engineering, Illinois Institute of Technology, Chicago. 

It has indeed been a pleasure to study another contribution to the 
systematizing of the data on high speed steels by Roberts and his co- 
workers. 

Roberts, Grobe and Moersch’s analysis of tempering data has been 
a significant addition to the building of a scientific structure from 
formerly unrelated masses of data. This present work is another out- 
standing analysis, and will be welcomed by both the producer and the 
user of high speed steels. The amount of work involved in both of 
these contributions is tremendous. Having collected bend test data for 
several years, the writer can fully appreciate this classic job of Grobe and 
Roberts. He has taken this opportunity to add corroborative testimony. 

The need for standardizing the bend test is great. It has been some- 
what the practice to use a specimen size and shape related to the type 
of tool made from the stock, and the results obtained have at times been 
compared without regard to the effect of shape or of conditions of 
loading on the results. Effort should be made to adopt the 0.140 by 0.500 
by 2-inch gage length specimen as a tentative standard. _ Incidentally, 
this is also an excellent size of specimen for the Falling Weight Impact 
Test developed by Metcalfe. 

The authors have shown that for a specimen of rectangular cross 
section the bend strength increases with the specimen thickness. The 
writer has found that specimens of circular cross section have higher 
bend strengths than have specimens of rectangular cross section. 

Grobe and Roberts have nicely demonstrated the adverse effect of 
either decarburization or of carburization on the bend strength of high 
speed steel. Work with which the writer is familiar has shown that 
nitriding exerts a similar effect. It must be emphasized, however, that 
one should not construe this to mean that all carburized or nitrided tools 
should be ground before use. On the contrary, the carburized, and espe- 
cially the nitrided, surfaces make significant improvements in cutting abil- 
ity. The nitriding herein described was obtained by quenching-out in a 
cyanide-bearing salt (1 to 2 minutes at 1150°F in a commercial salt for 


4A. H. d’Arcambal, “Physical Tests on High S oer Steels,” Transactions, American 
Society for Steel Treating, Vol. 2, 1921-1922, p. 58 
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Table C 
Cutting Ability and Bend Strength as Influenced by a Nitrided Surface 


(Nitriding obtained by quenching-out 1 to 2 minutes in salt at 1150 °F. All samples pre- 
a 1550 °F and given high-heat as shown—then double tempered for 2 hours at 
1050 °F.) 

(Nitrided surfaces obtained on previously ground-to-shape tool blanks, 0.500 by 0.500 


by 6% inches. Comparison tools obtained by grinding %-inch square blank to same size 
after heat treatment.) 


(Avg. 6 Tools) (Avg. 6 Tools) 


Steel High Heat Condition Hardness Cutting Ability Bend Strength 
Re Per Cent Psi 
18-4-1 2325 
0.71 C nitrided 65.0 109 490,000 
17.86 W 
4.02 Cr not nitrided 65.0 100 555.700 
1.21 V 
6-5-2 2215 
0.82 C nitrided 65.0 114 460,000 
6.45 W 
4.90 Mo not nitrided 65.0 102 720,000 
4.24 Cr 
1.89 V 
1-4-1-9 Co 2225 
0.82 C nitrided 66.0 115 320,000 
1.66 W 
3.89 Cr not nitrided 66.0 108 562,000 
1.24 V 
8.52 Mo 
5.00 Co 


Description of Tool Test 
The cutting ability was derived from»tool test data, assigning the value of 100% to 
some value in a series of tests. The test is*run as a face-cut across an SAE 3275 steel disk 
of 300 Brinell hardness, 14.75-inch diameter, and center bored 2.22 inches. The feed is 
0.02325 inch per revolution, and the depth of cut 0.055 inch. 


The following standard angles were used on all tools: 


Back rake 7 degrees 
Side rake 14 
End relief 12 
Side relief 12 


End cutting edge 15 
Side cutting edge 25 
Nose radius 0.090 inch 














Effect of Tempering Tomoecetars on ont. Ability and Bend Strength of 1-4-1-9 High 
Speed Steel (0.78 C, 1.52 W, 3.77 Cr, 1.09 8.12 Mo), Hardened From 2175 °F (13/15 
Snyder | Grain Size), Tempered 2 Hours (Single) at Temperatures Shown 





Tempering (Avg. 2 Tools) (Avg. 2 Tools) 
Temperature Hardness Cutting Ability Bend Strength 
°F Re Per Cent Psi 
500 61.0 86 520,000 
600 60.5 87 650,000 
700 61.0 83 600,000 
800 61.5 82 555,000 
900 63.0 86 560,000 
1000 65.0 96 700,000 
1050 65.0 100 800,000 


63.0 96 





this purpose). A nitrogen content of 0.03% resulted, as compared to 
0.01% in the untreated steel. No change in the carbon content was found. 
A hardness of Rockwell C-72 was found in the 0.002-inch deep case (con- 
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Table E 


Effect of Multiple Tomei. on Bend Strength of 1-4-1-9 High Snent Steel (78 C, 1.52 
W, 3.77 Cr, 1.09 V, 8.12 Mo), Hardened From 2175 °F (12/14 Snyder Grain Size), Tempered 
1 Hour at 550 °F, Then Multiple Tempered at 1025 °F for 1 Hour as Indicated 


(Avg. 4 Spec.) 


Hardness Bend Strength 
Number of Tempers Re Psi 
2 65.0 687,000 
4 65.0 722,000 
6 64.5 798,000 


Description of Bend Test 


All tests were made on a jig composed of two massive steel blocks mounted on four 
guide posts and bored to hold the anvils, which were made of 1-inch diameter tungsten 
carbide ground rounds. Single point loading used. 








verted from Eberbach micro hardness). Table C gives data illustrating 
this effect for three high speed steels. 

Referring to Fig. 11, the ‘narrow peaking of the curves for bend 
strength and for yield strength shows that the proper tempering tempera- 
ture is quite critical. If one should judge tempering temperature by 
hardness alone the maximum strength could be easily missed. As will 
be seen from an inspection of Table D, not only is bend strength low 
at tempering temperatures between 600 and 950°F (315 and 510°C), but 
also low is the cutting ability of tools tempered in this range. 

Figs. 13a, b, c, and d give the effect of tempering time on the bend 
test properties of 6-5-2 high speed steel. They show that an increase in 
time at tempering temperatures up to 1050 °F (565°C) increases the prop- 
erties. The writer has noted a similar effect on bend strength of multiple 
tempering, as shown in Table E. 

Fig. 11 shows that over 10% higher bend strengths were obtained in 
the molybdenum-bearing high speed steel, 6-5-2, than were obtained in 
the 18-4-1 grade. This fact has been confirmed by the writer in many 
tests. It has been the writer’s experience that the 6-5-2 composition is 
fairly critical for maximum bend strength in high speed steels in which 
the tungsten: molybdenum ratio is close to ynity. The higher molybde- 
num grades, characerized by the Mo-Max type, have somewhat higher 
bend strength values than does the 6-5-2 type. 

In conclusion, the writer again wishes to express his admiration of 
this fine job. 

Written Discussion: By Stuart E. Sinclair, chief metallurgist, Green- 
field Tap and Die Corp., Greenfield, Mass. i 

Manufacturers of cutting tools are always grateful for any informa- 
tion that may be used in the improvement of their product. The authors 
of this paper have certainly made a real contribution to the manufac- 
turers in their critical analysis of the bend test as applied to hardened 
high speed steels. 

It is recognized that the primary object of the paper was to develop 
the bend test as a useful tool for measuring toughness. This emphasized 
the testing techniques rather than the interpretation of the results. How- 
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ever, the writer would appreciate the authors’ comments on a possible 
method of interpretation that would provide definite contrasts of tough- 
ness values for various heat treatments. 
Toughness is defined on page 436 as a combination of two factors: 
1. The ability of the tool to deform before breaking. 
2. The ability to resist permanent deformation. 
The authors point out that it is difficult to associate any per- 
manent deformation with the performance of cutting tools and yet 
the term “brittleness” is applied to tools having little or no plastic 
deformation which would seem to indicate that the ability of hard- 
ened high speed steel to deform plastically does contribute to the 
over-all toughness. 
A study of the data suggests the desirability of a method of evaluat- 
ing toughness that would make the differences of the various heat treat- 





Table F ~ 


Data From Table V 
All Specimens Were Double Tempered for 24. Hours at 1030 °F 



















Type Quenching Yield Plastic 
of Temperature Strength Deflection Toughness 

Steel °F Psi Inches Factor 
18-4-1 2000 310,000 0.108 33,480 
18-4-1 2100 230,000 0.077 25,400 
18-4-1 2200 400,000 0.035 14,000 
18-4-1 2300 450,000 0.018 8,100 
18-4-1 2350 480,000 0.008 3,840 
6-5-2 2175 435,000 0.034 14,800 
6-5-2 ° 2225 440, 0.029 12,770 




















Table G 
Data From Tables VI and VII 
18-4-1 High Speed Steel (Oil-Quenched From 2350 °F) 
6-5-2 High Speed Steel (Oil-Quenched From 2225 °F) 













First Tempering Second Tempering 
Ty -———Treatment-———_.. ~———Treatment———. Yield Plastic 
ae Time Temperature Time Temperature Strength Deformation Toughness 

Steel Hrs. °F Hrs. °F Psi Inches Factor 
18-4-1 0.5 1150 2.3 900 470,000 0.007 3,290 
18-4-1 1.0 1100 2.5 900 450,000 0.008 3,600 
18-4-1 1.0 1050 2.3 900 490,000 0.006 2,940 
18-4-1 eS 1050 2.5 900 480,000 0.011 5,290 
18-4-1 2.5 1000 2.5 900 430,000 0.005 2,150 
6-5-2 0.5 1150 2.5 900 450,000 0.024 10,800 
6-5-2 1.0 1100 a 900 430,000 0.030 12,900 
6-5-2 1.0 1050 2.5 900 490,000 0.018 8,840 
6-5-2 z.8 1050 2.5 900 480,000 0.030 14,400 
6-5-2 2.5 1000 2.$ 900 465,000 0.009 











ments more easily compared. Since the definition of toughness given 
by the authors includes the two properties elastic strength and plastic 
deformation, it seems the combination of the two values to a single 
one would permit easier interpretation. It is suggested that the values 
be multiplied to provide the single value. Tables F and G show the 
values that are obtained when this procedure is followed. 
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It is obvious that the toughness factor, if that term may be used, 
reveals significant differences between different heat treatments and steels 
and should provide a convenient method of evaluating differences in 
toughness determined from bend test data. 

Written Discussion: By C. B. Sadtler, metallurgist, U. S. Naval Air 
Missile Test Center, Pt. Mugu, Calif. 

The assortment of data on the strength of two important types of 
high speed steel as the result of various heat treatments will be welcomed 
by many. It is believed that if there were more data similar to this 
in the field of tool steels, more intelligent selection of steels could be 
made for many engineering applications. There is another field in which 
this test has been used to advantage, brief reference to which may not 
be out of place here. I refer to cross grain bend tests on hardened high 
speed steel. Reference is made to tests of this kind by Gill and his 
associates.” One objection to this kind of test is the large scatter of 
results. In spite of this and other objections, the test was used as a 
basis of acceptance of large quantities of high speed billets for a number 
of years starting about 1932. The large number of tests that were made 
revealed a number of interesting facts. In many cases the cross grain 
strength of billets was lower than the ingots from which they were 
produced. Poor tests had only a moderate tendency to be associated 
with strongly banded structure. In some cases both good and bad tests 
were produced from different forging lots from the same melting heats. 
Most striking of all were the big differences among different producers of 
high speed steel. For obvious reasons details of such comparisons cannot 
be given. 

In regard to the tensile strength of hardened high jspeed steel, at- 
tempts were made at direct measurements using high precision fixtures 
which enabled theoretical stress variations to be kept within a range 
of 5%. These tests showed about the same scatter of cross-grained values 
as were obtained'‘in bend tests. Also the cross grain tensile tests were 
in about the same ratio to longitudinal tests as was the case with the 
bend tests. The actual values of tensile strength obtained were con- 
siderably lower than obtained by use of the simple beam formula on 
plastically deformed bend specimens. It is felt more careful studies of 
the stress distribution in such specimens will have to be made before 
true stress intensities in the plastically deformed layers can be correctly 
stated. 

Written Discussion: By W. E. Bancroft, chief metallurgist, Pratt & 
Whitney Division, Niles-Bement-Pond Co., Hartford, Conn. 

Anyone who has ever attempted to evaluate the toughness or dura- 
bility of high speed steel specimens by means of laboratory tests will 
fully appreciate the difficulties of getting uniform and reproducible results 
as indicated by the authors in the first part of this paper. It appears that 
every laboratory has its own pet method of testing hardened high speed 
steel. The published results of individual tests have been difficult to 


5J. P. Gill, G. A. Roberts. H. G. Johnstin and Burns George, “Tool Steels,” published 
by American Society for Metals, 1946. 














482 TRANSACTIONS OF THE A. S. M. Vol. 40 
correlate one with the other. There is need, then, for one method of pro- 
cedure which would be adopted and accepted throughout industry as a 
standard means of evaluating the so-called toughness produced by vari- 
ous treatments in various grades of steel. It would seem that the bend 
test with the refinements and the controls which have been developed by 
the authors in this paper deserves serious consideration. Certainly it 
gives a very comprehensive picture of static properties of hardened high 
speed steel. The only question might be whether it would give an accu- 
rate indication of the behavior of the steel under dynamic loading condi- 
tions such as are encountered in the service of high speed steel tools. It 
is probably going to be difficult if not impossible to actually confirm this 
because in the operation of cutting tools many factors other than inherent 
strength or toughness of material influence the actual behavior. However, 
I feel that in the long run, tools treated so as to show the best combina- 
tions of properties in a carefully conducted static bend test will show 
better average performance than tools given treatments which result in 
low properties as measured by the bend test. At least the trends should 
be in the same direction. 

The results given in this paper for physical properties as obtained by 
various treatments show several important trends as pointed out by the 
authors. The indication that the lower quenching temperatures produce 
higher bend strengths and greater ductility at a given hardness level is 
pretty much in accord with previous findings. Also the relationship 
between hardness and yield strength as shown in Fig. 14 is of consider- 
able practical importance. It is somewhat disappointing that the curves 
for hardness versus bend strength as shown in Figs. 15a and 15b do not 
show as much consistency as hardness versus yield strength. Still if one 
considers only the points obtained by double tempering, it is evident that 
higher hardness means higher bend strength. Some time ago we con- 
ducted a crude experiment in our laboratory with a modified form of 
impact test and obtained results which paralleled the authors’ in these 
two respects. That is, the shock resistance at a given hardness level 
was itiversely proportional to the quenching temperature within the 
range of 2200 to 2350°F (1205 to 1280°C) and the shock resistance was 
directly proportional to hardness when tempering over the point’ of 
maximum secondary hardness. 

In the range of tempering over maximum secondary hardness, there 
may be some question as to how the result of the bend test should best 
be interpreted. The authors clearly show that within the range of 1100 
to 1200°F (595 to 650°C) tempering temperature, there is a definite 
decrease in both yield strength and bend strength and a corresponding 
increase in ductility. The question is, which of these properties is going 
to have the greatest influence? Will a cutting tool, for example, be less 
apt to break in service if the hardness is reduced from, say, Rockwell C-65 
to C-61 by the use of higher tempering temperatures? While within this 
range of hardness the ductility may be increased somewhat, will this be 
enough to offset the weakening effect of lowering the hardness? In 
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certain impact tests conducted in our laboratory the net effect of over- 
tempering has been to lower the shock resistance. At least this 
seems to be true within the range of high hardnesses such as are normally 
used for cutting applications. When the hardness is reduced further 
so that appreciabie ductility is realized, the shock resistance begins to 
increase, but tne pieces are considerably deformed before breaking. It 
is my suggestion that within the range of useful cutting hardness the 
properties of yield strength and bend strength as measured by the bend 
test are of more practical importance than the ductility, neglecting the 
effect of residual stresses which may be greater in actual tools than in 
test pieces and which may be greatly reduced by higher tempering 
temperatures. 

Written Discussion: By J. V. Emmons, chief metallurgist, R. G. 
Kennedy, Jr., research metallurgist, and G. H. Seaver, production metal- 
lurgist, Research Laboratory, Cleveland Twist Drill Co., Cleveland. 

The authors are to be congratulated on their excellent contribution 
to the knowledge of the behavior of high speed steel. Their work is 
especially valuable because of its quantitative data on the effect of heat 
treatment on yield strength. The 30x values listed in the paper are very 
helpful in giving some idea of the reproducibility of the authors’ test data. 

We are in agreement with the authors’ conception of toughness being 
related to the ability te deform plastically and the ability to resist per- 
manent deformation. Their data on plastic deformation and yield 
strength are particularly interesting to all concerned with making or 
heat treating high speed steel tools. 

The bend testing technique as developed by the authors is a useful 
tool in evaluating the effects of different heat treatments on the physical 
properties of high speed steel because it minimizes the scatter of test re- 
sults of specimens identically heat treated. We attach so much impor- 
tance to the data on yield strength that we would like to have the authors 
more fully discuss! the method of determining yield strength values and 
the reproducibility of such determinations. 

To be specific, will the authors show just how a yield strength deter- 
mination was made from a typical stress-deflection curve plot of their 
data? In examining Figs. 6 and 8 of their paper we find it difficult to 
accurately place the yield stress on the stress-deflection or stress-strain 
curves for the 0.140 by 0.500 by 2-inch specimens. The stress-deflection 
curve for this size specimen in Fig. 6 departs so gradually from a 
straight line that it would appear difficult to select the yield point. How, 
then, was it possible to obtain such a remarkably small scatter among 
the yield strength determinations listed in Tables VI and VII? In those 
tables the 3¢x values for yield strength range from 2:00 to 12,600 psi. 
Since each value is the average of twenty tests this means that the 
standard deviation values for a single observation of yield strength varied 
from approximately 4300 to 18,800 psi. 

Our own experience with bend test specimens of the size recom- 
mended by the authors is very limited. It has not exactly paralleled the 
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authors’ experience, however, in the matter of determining yield strength. 
In preliminary bend tests made on twenty specimens of the size recom- 
mended by the authors, in which a 1.5% carbon, 4.5%: vanadium type 
of high speed steel was austenitized at 2250°F (1280°C) in a salt bath 
and double tempered at 1025 °F (550°C) for 2-hour cycles, the stress- 
deflection curves showed no departure from a straight line. In this 
respect they were similar to the stress-strain curves of Fig. 8 It was 
impossible to determine a yield strength from them. On the other hand 
in static torsion tests made with specimens of the same steel, identically 
heat treated, it was possible to determine individual yield strength values 
with certainty. This failure to obtain a yield strength with bend test 
specimens of the recommended size was possibly due to the fact that only 
single-point loading was employed in our tests. Would the authors care 
to discuss this point? 

Fig. 11 of the paper contains bend strength and hardness data which 
can be directly compared to static torsion test and hardness data for 
18-4-1 previously published by J. V. Emmons.’ It is interesting to note 
when such comparison is made that the bend test data for 18-4-1 in the 
present paper show a strength maximum at a tempering temperature of 
1100 °F (595°C), while the torsion data show a maximum at 1050 °F 
(565°C) or slightly lower. The torsion data give a peak of strength 
which more nearly coincides with the peak of hardness than does the 
strength peak outlined by the present bend tests. The discrepancy may 
be associated with a fundamental difference in the information obtained 
from the two types of tests. 

Finally, in Fig. 9 a bend strength maximum for 18-4-1 is shown at 
an austenitizing temperature below 2300 °F (1260°C). This seems rather 
lower than one would expect. In their conclusion the authors state that 
bend strength remains relatively constant while the austenitizing temper- 
ature is varied from 2000 to 2350°F (1095 to 1290°C). At 2400°F 
(1315 °C) all properties have decreased decidedly. We believe this abil- 
ity of the bend test to detect overheating in hardening should be empha- 
sized, ‘as it is similar in this respect to the static torsion test. 

Written Discussion: By L. P. Tarasov, Research Laboratories, Nor- 
ton Co., Worcester, Mass. 

That the authors were well aware of the importance of correct grind- 
ing practice in the preparation of their bend test specimens is shown by 
the care they took to avoid burning the surfaces. This is something 
that should be kept clearly in mind by other investigators who may make 
use of this test. Unless the same precautions are taken to avoid burn, the 
results may be disappointing. 

When hardened and tempered steel is burned in grinding, the surface 
may be softened or stressed in tension (or both) to a depth of as much 
as several thousandths of an inch. The presence of a surface tensile 
stress will lower the additional stress that can be imposed in bending 





*J. V. Emmons, “Some Physical Properties of High Speed Steel,” Transacrions, 
American Society for Steel Treating, Vol. 19, 1932, p. 289. 
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before fracture starts in that surface. A softened surface, which is more 
likely to occur in tool steels other than high speed steel, will start frac- 
turing at a lower load than if it had the same hardness as the rest of the 
bar, just as was found by the authors when the surface was softened by 
decarburization. 

In view of the great sensitivity of the bend test when carried out 
in the manner described by the authors, it should be easily possible to 
investigate by this method the loss in toughness resulting from improper 
grinding operations and to get an idea of just how rapidly cutting tools 
can be ground without any appreciable loss in their resistance to fracture. 
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Fig. G—Elastic Energy Curve of 18-4-1 Steel. 


Written Discussion: By H. v. Zuilen, Aalst (N.B.), Netherland. 

The authors are to be congratulated on this paper and the amount 
of work here presented. The bend test seems to be a valuable contribu- 
tion to the testing of high speed steel. 

As the authors state: “For hardened high speed steels toughness can 
be defined as a combination of two factors: 

1. The ability to deform before breaking (ductility). 
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Fig. H—Elastic Energy Curve of 6-5-2 Steel. 





Table H 
18-4-1 High Speed Steel (Oil-Quenched From 2350 °F) 





-——Tempering——-. Elastic Energy 


Tempera- Plastic Elongation Yield Elongation Deflection < 
Time ture Deflection Deflection Strength ield Strength Hardness 
Hr. °F Inches Inches Psi In-Lbs. Re 

1 1200 0.047 0.123 330,000 40,600 56.0 
i 1150 0.010 0.102 425,000 43,400 62.1 
1 1100 0.013 0.112 455,000 51,000 63.7 
1 1050 0.003 0.101 455,000 46,000 65.5 
i 1000 0.005 0.086 350,000 30,100 65 .6 
i 950 0.015 0.087 265,000 23,100 64.6 
1 700 0.008 0.089 380,000 33,800 61.8 
1 500 0.016 0.099 370,000 36,600 62.3 
1 250 0.012 0.086 270,000 23,200 65.8 

0.011 0.077 8 


230,000 17,700 6S. 





2. The ability to resist permanent deformation (elastic strength). 
If either of these factors is to be used to describe toughness (a practice 
not to be condoned), the second appears to be more practical for high 
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Table I 
6-5-2 High Speed Steel (Oil-Quenched From 2225 °F) 
Tempering—— Elastic Energy 
Tempera- Plastic Elongation Vield Elongation Deflection X 
Time ture Deflection Deflection Strength Vield Strength Hardness 
Hr. » eee Inches Inches Psi In-Lbs. Re 

1 1200 0.075 0.122 335,000 40,900 57.5 
1 1150 0.030 0.123 420,000 51,600 62.3 
1 1100 0.028 0.126 445,000 56,000 63.8 
1 1050 0.019 0.124 435,000 53,900 65.4 
1 1000 0.004 0.087 370,000 32,200 65.9 
1 950 0.027 0.091 235,000 21,400 63.8 
1 700 0.024 0.099 345,000 34,200 60.8 
1 500 0.036 0.106 330,000 35,000 61.8 
1 250 0.021 0.087 235,000 20,400 65.6 

0.018 0.074 195,000 14,400 65.6 


speed steels, since rarely with fine tools are large degrees of flow or 
deformation permissible”. The authors, however, in discussing the data 
pay more attention to the plastic properties of their material. 

I should like to point to another aspect of this problem, namely: the 
elastic properties as yield strength and elastic deflection and their pos- 
sible relationship to tool life. The product 0.5 x elastic deflection x yield 
strength is the energy that can be absorbed elastically. The higher this 
product, the better is the elastic shock resistance. This factor appears to 
be important for high speed steel as the tool should absorb the machin- 
ing loads and shocks elastically to obtain the highest possible tool life. 
When Young’s modulus is constant, yield strength and elastic deflection 
are interdependent so that Young’s modulus and one of these. factors 
would be sufficient. 

One sees from the tables of the authors, partly represented in tables 
H and I, that during the heat treatment Young’s modulus has a great 
variation, due to the changes in microstructure, so that we will use 
yield strength and elastic deflection. The changes in Young’s modulus 
might be an interesting problem, but will be neglected here. 

In Tables H and I are collected the data of Tables VI and VII 
concerning the 1-hour tempered specimen of the 18-4-1 and 6-5-2 steels as 
discussed in Figs. 11 to 13d. The data for 1200°F (650°C) are obtained 
from Figs. 11 and 12 as these figures are missing in Tables VI and VII. 
The elastic deflection is determined as the difference between the total and 
plastic deflection. 

The data of Tables H and I are presented in Figs. G and H. As 
one sees, the elastic energy reaches a maximum when the hardness 
curve has just passed its maximum. It would be interesting to know if 
maximum tool life coincides with the top of the elastic energy curve. If 
so, a standardized bend test would yield us good results. 


Authors’ Reply 


The authors would like to take this opportunity to thank the many 
individuals who have offered discussion to the paper. To Mr. Scheid, Dr. 
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Zmeskal and Mr. Gray go particular thanks for the additional data that 
they have presented. We are in general agreement with their findings 
and conclusions from these data and will comment specifically on some of 
them later. 

In answer to the specific questions raised by Messrs. Kennedy, 
Emmons and Seaver, the determination of the yield strength was made 
on an enlarged load deflection chart. Points on this chart were obtained 
at load intervals of 100 pounds, and the yield strength was determined 
as the point of deviation from the straight line selected to the nearest 
50 pounds of load. Actually the values so obtained were very consistent. 
The experimental error of measurement was probably greater than any 
variation in the actual yield point. The charts reproduced in the paper 
have, unfortunately, been greatly reduced and cannot be used for accurate 
determinations of this type. 

The discussers state that “the standard deviation values for a single 
observation of yield strength varied from approximately 4300 to 18,800 
psi’. This is true but any individual value may vary within a range of 
plus or minus 3¢, which is three times the value quoted above. 

Bend test values have been reported by the discussers for a special 
high speed steel containing high carbon and vanadium. Our laboratory 
investigations on this steel (1.5% carbon, 5.0% vanadium tungsten-cobalt 
high speed steel) have shown that little or no plastic deflection can be 
expected when the steel is treated to maximum hardness. The treatment 
which Mr. Kennedy reports is designed to produce maximum hardness and 
we are, therefore, in agreement with the data. At values of hardness 
lower than this, achieved by overtempering, plastic deflection can be 
obtained in this grade. 

The difference in the tempering temperature to produce maximum 
strength between Mr. Emmons’ previously published torsion data and the 
bend test data in this paper could be caused by a number of factors, 
among which are: 

1. Variations in austenitizing conditions 

2. Variations in tempering time, etc. 

Our data show that the strength is markedly dependent upon tempering 
time at these tempering temperatures. We do not feel that there is any 
significant difference in the basic information obtained from the bend 
or torsion test. 

In reply to the discussion offered by Dr. Zmeskal, it is important to 
note that the yield strengths for both tungsten and molybdenum high 
speed steels are the same and are a single-value function of hardness 
when tempered over maximum secondary hardne’s. Since toughness, as 
herein defined, is a combination of yield strength and plastic deflection 
and since the former is probably of most importance in cutting tools, it 
is probable that there is little significant difference in the toughness of the 
two grades of steel. We have not yet determined the amount of plastic 
deformation necessary in any commercial tool. This is an all-important 
point and in many instances it may be that only a small amount is 
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required. Thus two steels with the same yield strength, but with differ- 
ent amounts of plastic deflection, may not show differences in toughness 
as herein defined, providing a certain minimum value of plastic deflection 
is realized in either of the steels. This problem is also considered in the 
discussion by H. v. Zuilen. 

The multiplication of the values of yield strength and plastic deflec- 
tion, as proposed by Mr. Sinclair, to yield a toughness factor, has been 
previously used with data obtained from other types of mechanical tests. 
This toughness factor may be used satisfactorily, provided that one does 
not lose sight of the individual values of strength and deflection, and 
would be of more practical significance if the relative importance of these 
two values were more definitely known. For a manufacturer making 
similar tools from the same steel, such a factor provides an excellent 
interpretation of the data. Following Mr. Sinclair’s suggestion, we plan 
to construct curves showing the effect of tempering time and tempera- 
ture upon this toughness factor. 

We wish to thank both Mr. Gray and Mr. Sadtler for emphasizing 
the limitations stated in the paper to be imposed on the calculations of 
bend strength when plastic deflection becomes great. We appreciate 
Mr. Gray’s agreement on the use of the term bend strength, as well as 
Dr. Zmeskal’s comments on the need for standardization and the utiliza- 
tion of the 0.140 by 0.500-inch specimen. We further can confirm, from 
practical experience, Mr. Gray’s comment that high speed steels are in 
many instances especially suited for cold work die applications where 
both high hardness and strength are required. 

We are particularly pleased that Mr. Sadtler has mentioned the wide 
use of the cross grain bend test on hardened high speed Steel, since it 
was this test which directly led to the inception of experiments on the 
bend.test properties of high speed steel in our laboratories. 

The technique of holding at 1600°F (870°C) during the quench, 
used by Mr. Scheid,'is to be commended as a rapid means of reflecting the 
damage which may be done by carbide precipitation, if permitted, in high 
speed steel tools. We are pleased that the bend strength can be used 
to show this effect and it would be interesting to know the differences in 
yield strength caused by this simultaneous precipitation and change of 
hardness. We feel that the annealed grain size of high speed steel bears 
some relation to the previous high temperature heat treatment of the 
steel. However, the grain size observable after an isothermal treatment 
at 1600 °F (870°C) during the quench is undoubtedly the austenite grain 
size formed at the austenitizing temperature immediately preceding the 
isothermal treatment and probably bears little or no direct relation to 
the ferrite grain size which would be produced after annealing at a tem- 
perature of 1600 °F (870°C). 

Despite the fact that considerable text of the paper is devoted to 
interpretation of the deflection values, it is not intended, as Mr. Zuilen 
intimates, that these values are more important than the strength figures. 

The concept of elastic energy obtained by a multiplication of the 
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elastic deflection and the yield strength as proposed by Mr. Zuilen is 
novel and depends for its significance upon an actual and significant varia- 
tion of the modulus of elasticity with changes of heat treatment or com- 
position. If the modulus does not vary, this factor becomes directly 
proportional to the yield strength. Mr. Zuilen states that from the 
tables in the paper it can be observed that Young’s modulus changes 
greatly during heat treatment because of changes in microstructure. A 
careful examination of the many individual load deflection curves obtained 
during our investigation fails to reveal a significant or measurable differ- 
ence in Young’s modulus. The bend test itself is not capable of yield- 
ing accurate values of the modulus of elasticity for many reasons. In 
addition, Mr. Zuilen has neglected to take into account the variation of 
individual test results which can be calculated from the 3¢x values. * Con- 
sideration of this spread reveals that for two heat treatments only slightly 
different, there is some overlapping of individual test results. This, plus 
the fact that the actual mean values of yield strength and total deflection 
shown in the tables may not occur simultaneously in individual test speci- 
mens, makes the determination of the modulus of elasticity from the tabu- 
lar data an uncertain practice. The tables and illustrations presented by 
Mr. Zuilen for this “elastic energy” concept show, with but few excep- 
tions, proportionality to the yield strength values and we feel that his 
concept can be represented by a simple statement of the yield strength 
itself. 

Mr. Bancroft’s analysis of the data and their significance is extremely 
thorough and in complete agreement with our thoughts on the subject. 
We wish to again emphasize his closing statement that “within the range 
of useful cutting hardness the properties of yield strength and bend 
strength as measured by the bend test are of more practical importance 
than the ductility, neglecting the effect of residual stresses which may be 
greater in actual tools than in test pieces and which may be greatly 
reduced by higher tempering temperatures”. 








EFFECTS OF GRINDING ON PHYSICAL PROPERTIES 
OF HARDENED STEEL PARTS 


By Howarp E. Boyer 


Abstract 


An intensive study has been made of the unbalanced 
residual stresses induced by grinding on highly hardened 
steel parts and the ultimate effect of such stresses upon 
physical properties. Hardened SAE 52100 steel was used 
exclusively as the material for study though it is indicated . 
that the findings may be applied to other steels of the deep 
hardening type. Results of this investigation establish the 
fact that fatigue and other physical properties are seri- 
ously affected by incorrect planning of grinding opera- 
tions. The necessity for closer co-operation between the 
metallurgists and tool engineers is especially emphasized. 
Many of the test results given in the following paper are 
completely proven and suggest probable causes for pre- 
mature failure of hardened tools or similar parts. Other 
statements are partially based on theory, thus indicating 
the need for further research in this important field. 


INTRODUCTION 


HE field of strains and stresses is very large and one about 

which relatively little is yet known. This paper deals with only 
one small phase so that it is almost entirely confined to the effects 
of residual stresses induced in hardened steel parts by grinding. 

Those connected with the processing of hardened steel parts are 
thoroughly familiar with the common grinding cracks which fre- 
quently occur on hardened and ground surfaces in a pattern similar 
to a spider web. The cause of such cracks is usually attributed to 
poor grinding practices, such as a wheel which is not cutting freely 
or is taking cuts which are too heavy, thus inducing a condition of 
extremely rapid heating and cooling in the surface layers and result- 
ing in a network of superficial cracks. Until a few years ago, it was 
the general conclusion that, if such parts after grinding did not show 
any of these defects, there had been no detrimental effects from the 
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grinding operation. Research and development work has now proven 
that, even though such a part may show no visible defects after 
grinding, it is frequently in a condition of being nearly ready to 
burst apart from the unbalanced residual stresses. Parts in the con- 
dition just described, when allowed to remain undisturbed for days 
or weeks, will frequently be found cracked, even though they have 
never been in service or subjected to any rapid or drastic changes 
of temperature. If they do live until they are put into service, an 
early failure is almost certain. Though tools or other parts which 
do fail while lying idle (sometimes referred to as season cracking) 
fail primarily due. to the unbalanced residual stresses, this condition 
is no doubt accentuated by structural changes in the hardened steel 
which take place isothermally at room temperature. Therefore, an 
attempt is made in the following presentation to correlate the effects 
of grinding stresses with structural changes occurring in a high car- 
bon, low alloy steel and to emphasize the need for closer co-operation 
between the metallurgical engineer and those responsible for the 
formulation of manufacturing methods. 


PROCEDURE OF INVESTIGATION 


In view of the fact that other investigators have already proven 
that grinding has a marked effect on the behavior of hardened steel 
parts by unbalancing residual stresses induced by heat treatment, an 
extensive research project has been carried on in an attempt to ob- 
tain further useful information for the manufacturer. In this inves- 
tigation a somewhat different line of attack was employed. SAE 
52100: steel was used exclusively as material for the project. Most 
of the study was made with this material hardened to Rockwell C-63 
to C-65. All test specimens were made with relatively thin sections 
in order that full hardness would be assured throughout these 
sections. 

It was first desirable to obtain some knowledge regarding the 
type and magnitude of stresses induced by the grinding operation. 
The author therefore adopted the type of test specimen shown at the 
top of Fig. 1, which is a ring 1% inches outside diameter, 7 inch 
inside diameter and % inch in thickness. A large number of these 
rings were made from the same bar of steel and then fully an- 
nealed, to relieve any stresses induced by machining. Specimens of 
this type were hardened, ground in various manners as shown later, 
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and finally split longitudinally by a 0.060-inch rubber wheel under 
water. Specimen A in Fig. 1 shows the manner in which the speci- 
mens were cut. After cutting it was then an easy matter to deter- 
mine, by measuring the width of gap, which way the ring had moved. 

Metallurgical examinations including measurements of the per- 
centage of retained austenite were made in order that the effects of 
grinding could be correlated with the structural changes involved. 


Type of Specimens Used for Split Ring Tests 





Specimen A Specimen B Specimen C 


O00 


Fig. 1—Sketch of Split Ring Specimen Showing Direction of Movement 
Resulting from External and Internal Grinding. 


Since structural changes are accompanied by volumetric changes, a 
careful study was made of the effects of heating these split ring 
specimens after cutting. Results of temperature changes on the 
hardened structures are shown by the charts and photomicrographs. 

Most of us have found by experience that impact and tension 
tests on fully hardened materials such as the type under discussion 
are not usually of much value. Results from such tests are often 
erratic and nonuniform because of the fact that such brittle material 
is ultra sensitive to the minute, but unavoidable, variables encoun- 
tered in the preparation and testing of specimens. Therefore, it is 
necessary, if tension or impact testing is employed, to use large num- 
bers of specimens and finally attempt to strike an average from the 
results. No tension tests were attempted in this investigation, but 
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the results of impact testing are shown. Many such tests were made 
using special specimens which had been ground after heat treatment 
from various sizes with stock removal ranging from zero up to 0.048 
inch. 

A great many parts which fail in service reveal at once that the 
failure was a result of fatigue. It therefore seemed most important 
that a concentrated effort be made to determine the effects of various 
amounts of grinding upon the fatigue properties of hardened steel 
parts. Even though it is difficult to make and test fatigue specimens 
which are fully hardened, it was the author’s experience that results 
obtained were far less inclined to be erratic than those obtained by 

static testing such as the tension test. 


DISCUSSION OF INVESTIGATION AND RESULTS 


The three specimens in Fig. 1 marked A, B and C illustrate the 
effects of grinding on fully hardened steel rings. Specimen A was 
austenitized at 1550 °F (840°C) and quenched in oil. Without any 
grinding on either the outside or inside diameter, it was cut as shown 
under water with a 0.060-inch wide abrasive wheel while being held 
by one side only, in a fixture. The gap remained at’0.060 inch after 
being released from the fixture. Specimen B was heat treated in 
exactly the same manner except that 0.025 inch was ground from the 
outside diameter after hardening, but prior to splitting. This grind- 
ing was done slowly and without coolant, the ring being held on an 
arbor. Whatever heat had been generated was not sufficient to 
lower the hardness of the specimen. The ring tended to open up 
considerably after splitting in the same manner. Specimen C was 
also heat treated and ground by the same procedure as specimen B 
except that 0.025 inch was removed from the inside diameter. The 
ring closed in to a noticeable degree as shown in Fig. C. These 
results prove that even the most careful grinding does induce 
tension stresses in the surface from which the stock is ground away. 
Since specimen A did not tend to move in either direction it is also 
proven that the stresses are in a state of equilibrium after heat treat- 
ment, at least insofar as a cylindrical member is concerned. Further 
data, including the exact amount of deformation recorded from the 
above specimens, are shown in Fig. 2. After these specimens had 
been cut and accurately measured in the as-hardened, but untempered 
condition, they were tempered for 1 hour, in steps of 100°F up to 
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and including 1300°F (705°C). Measurements were taken after 
cooling to room temperature following each tempering operation. 
It may be observed that the width of the gap in the unground speci- 
men A remained a straight line at 0.060 inch while specimens B and 
C deformed further in the direction of their initial movement as the 
tempering temperature was increased. These tests were actually 
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Width of Slot Cutin Split Ring 
in Thousandths of an inch 





Specimens Oil-Quenched from |550°F (842°C) 


15 


As 300 600 900 1200 


Quenched Tempering Temperature °F 


Fig. 2—Effect of External and Internal Grinding as Well as Subsequent Temper- 
ing on *Split Ring Specimens. 


repeated many times, so that the lines B and C show average results, 
though variation in repeated tests was slight. It seems apparent from 
the results shown in Fig. 2 that the continued movement as the tem- 
pering temperature is increased is caused by the fact that the speci- 
mens as they become more ductile from tempering are less resistant 
to the tension stresses induced in grinding. 

Fig. 3 shows the hardness of these specimens as measured by 
Rockwell “C” after having been subjected to tempering temperatures 
up to and including 1300 °F (705 °C). 

After each set of specimens was treated by the procedure as 
outlined they were subsequently annealed. At this point it was the 
author’s experience that results tended to be far less consistent. The 
annealing was done by heating the specimens packed in cast iron 
chips to 1450 °F (785°C) then decreasing the temperature to 1300 
°F (705°C) and holding for 2 hours, followed by cooling slowly 
in the box. Results after annealing showed no measurable change 
in the unground specimen A. Specimens B and C tended to resume 
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Specimens Oil-Quenched from 
1550°F (842°C) a Tempered As Shown 


Hardness - Rockwell "C" 





As 300 600 900 1200 
Quenched Tempering Temperature °F 


Fig. 3—Effect of Tempering Temperature on Hardness of SAE 52100 Steel. 
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After Quench 


Retained Austenite % Volume 





1500 i600 1700 1800 
Austenitizing Temperature °F 


Fig. 4—Effect of Austenitizing Temperature on Retention of Austenite in SAE 
52100 Steel. Amount of transformation by the low temperature treatment is also shown. 


the slit width of 0.060 inch though in no case did they completely 
reach this dimension. 

These results are based entirely on specimens which were aus- 
tenitized at the normal temperature of 1550°F (840°C). Speci- 
mens austenitized at higher temperatures, but otherwise treated in an 
identical manner, tended to show results quite different with respect 
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to the type of test as discussed in the above. | The author’s research 
work with the austenitizing temperature as a variable is limited, 
so that complete data and proof cannot be offered in this paper. 

As the austenitizing temperature is increased up to 1800 °F 
(980 °C) the amount of movement, employing the same amount and 
type of grinding, is in general lessened to a considerable degree. 


149 232 315 





Oil-Quenched from 
I550°F (842°C) 


Retained Austenite % Volume 


Tempering Temperature °F 
Fig. 5—Effect of Tempering on Retained Austenite in Hardened SAE 52100 Steel. 


These results which persisted in repeated tests seemed somewhat 
surprising, hence,'a thorough examination of the structural changes 
was made in an attempt to learn the cause. It was suspected that a 
volumetric increase in the surface layers which had been ground 
might be the cause. It is well known that the higher austenitizing 
temperatures do cause the retention of higher percentages of austenite 
which will transform to martensite upon heating. It therefore seemed 
logical to suspect that some of the tension stresses induced by grind- 
ing might be cancelled out by a volumetric change in the surface 
layers as a result of the heat generated by grinding which caused an 
austenite-to-martensite transformation. It must be stated that this 
is only a theory advanced by the author which further investigation 
may partially or completely disprove. 

Fig. 4 shows the results of an investigation to determine just 
how much austenite is retained by oil quenching from various tem- 
peratures over the range of 1500 to 1800 °F (815 to 980 °C) inclu- 


sive. The lower curve shows the percentage of austenite which is 
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1550°F (842°C) a Tempered As Shown 


Hardness - Rockwell "C" 
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Fig. 3—Effect of Tempering Temperature on Hardness of SAE 52100 Steel. 
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Fig. 4—Effect of Austenitizing Temperature on Retention of Austenite in SAE 
52100 Steel. Amount of transformation by the low temperature treatment is also shown. 


the slit width of 0.060 inch though in no case did they completely 
reach this dimension. 

These results are based entirely on specimens which were aus- 
tenitized at the normal temperature of 1550°F (840°C). Speci- 
mens austenitized at higher temperatures, but otherwise treated in an 
identical manner, tended to show results quite different with respect 
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to the type of test as discussed in the above. | The author’s research 
work with the austenitizing temperature as a variable is limited, 
so that complete data and proof cannot be offered in this paper. 

As the austenitizing temperature is increased up to 1800 °F 
(980 °C) the amount of movement, employing the same amount and 
type of grinding, is in general lessened to a considerable degree. 


°C 65 149 232 315 
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Retained Austenite % Volume 


Tempering Temperature °F 
Fig. 5—Effect of Tempering on Retained Austenite in Hardened SAE 52100 Steel. 


These results which persisted in repeated tests seemed somewhat 
surprising, hence,'a thorough examination of the structural changes 
was made in an attempt to learn the cause. It was suspected that a 
volumetric increase in the surface layers which had been ground 
might be the cause. It is well known that the higher austenitizing 
temperatures do cause the retention of higher percentages of austenite 
which will transform to martensite upon heating. It therefore seemed 
logical to suspect that some of the tension stresses induced by grind- 
ing might be cancelled out by a volumetric change in the surface 
layers as a result of the heat generated by grinding which caused an 
austenite-to-martensite transformation. It must be stated that this 
is only a theory advanced by the author which further investigation 
may partially or completely disprove. 

Fig. 4 shows the results of an investigation to determine just 
how much austenite is retained by oil quenching from various tem- 
peratures over the range of 1500 to 1800 °F (815 to 980 °C) inclu- 
sive. The lower curve shows the percentage of austenite which is 
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still retained after being cooled to —120°F (—85°C) and allowed 
to return to room temperature. The subzero treatment was not used 
as a part of the treatment for the split rings. It is merely shown on 
this chart to illustrate how volumetric changes are bound to take place 
with variations of temperature. 

Fig. 5 shows the transformation of austenite to martensite which 
takes place during tempering. It may be observed that SAE 52100 
steel retains about 12% austenite when quenched to room tempera- 
ture from the optimum austenitizing temperature of 1550°F (840 
°C). When the temperature is then increased in the tempering op- 
eration the austenite begins transformation at about 250 °F (120°C) 
and reaches completion at about 500 °F (260°C). When the aus- 
tenitizing temperature is increased to 1800°F (980°C) about 18% 
of austenite is retained after quenching to room temperature. In the 
tempering operation a temperature of about 550°F (290 °C) is re- 
quired to eliminate entirely the retained austenite. 

The data shown in Figs. 4 and 5 were obtained entirely by the 
magnetic principle using specimens 0.575 inch in diameter by 2 inches 
in length. A study of the microstructure bears out quite well some 
of the data as shown in Figs. 4 and 5. 

Fig. 6 is a photomicrograph of a specimen of SAE 52100 aus- 
tenitized at 1550°F (840°C) and oil-quenched but not tempered. 

Fig. 7 shows the microstructure of a specimen heat treated in 
the same manner except the austenitizing temperature was increased 
to 1800 °F (980°C). The coarser structure, as well as an increased 
percentage of austenite, is obvious in the specimen austenitized at 
1800 °F (980 °C). 

Figs. 8 and 9 show these same two specimens except that both 
had been tempered at 500 °F (260°C) or the temperature at which 
the retained austenite was eliminated according to the data in Fig. 5. 

Fig. 10 shows the microstructure of one of the split rings which 
was austenitized at 1550°F (840°C), oil-quenched, then ground, 
cut and measured after each increase of 100 °F in tempering temper- 
ature up to and including 1300°F (705°C). The specimen was 
then annealed at 1450°F (785°C) in cast iron chips, cooled to 
1300 °F (705°C), held for 2 hours and box-cooled. Hardness of 
this annealed and partially spheroidized structure was found to be 
Rockwell B-92. This particular split ring came almost completely 
back to normal 0.060-inch width of slit, which showed that the effects 
of grinding were entirely eliminated by annealing although there 
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Figs. 6 to 9—Photomicrographs of SAE 52100 Steel Austenitized at Different Tem- 
peratures. Vilella’s Reagent. x 1000. Fig. 6—Oil-Quenched from 1550°F. Not tem- 
pered. Rockwell C-65. Fig. 7—Oil-Quenched from 1800 °F. Not tempered. Rockwell 
C-64. Fig. 8—Oil-Quenched from 1550 °F. Tempered 500 °F. Rockwell C-59. Fig. 9 
—Oil-Quenched from 1800 °F. Tempered 500 °F. Rockwell C-60. 





Fig. 10—Photomicrograph of SAE52100 Steel Austenitized at 1550°F, Oil- 
Quenched Then Ground, Cut and Measured After Each Increase of 100 °F in Temper- 
ing Temperature up to and Including 1300 °F. The specimen was then annealed at 
1450 °F in cast iron chips, cooled to 1300 °F, held for 2 hours and box-cooled. Rock- 
well B-92. 2% Nital. x 1000. 


was no tendency for such specimens to resume their original position 


after tempering at 1300 °F. 

In order to obtain further data from the investigation the author 
attempted to determine the effects of grinding upon annealed rings, 
also made of SAE 52100. It was found that, in case of the soft steel, 
grinding also induces tension stresses and subsequently deforms the 
rings after cutting. When such specimens were stress-relieved they 
behaved very differently as compared with the hardened rings which 
had been ground and cut in as nearly as possible an identical man- 
ner. The soft rings were found to have resumed their original shape 
after having ‘been stress-relieved at only 500°F (260°C). This 
seems to prove conclusively that the effect of grinding on an an- 
nealed structure is relatively small as compared to steel of a like 
composition in the hardened state. 

Fig. 11 shows the results of impact tests with bars having been 
ground after heat treatment. For these tests special unnotched bars 
0.450 inch in diameter were used and tested in an Izod testing ma- 
chine. The bars were made by grinding them in the annealed condi- 
tion to various sizes, ranging from 0.450 to 0.498 inch in diameter. 
They were then austenitized at 1550 °F (840°C), quenched in oil, 
and tempered at 300 °F (150 °C). 
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Stock Ground from O.D. in Thousandths of an Inch 


Fig. 11—Graph Showing Effect of Grinding Hardened SAE 52100 Steel on the 
Impact Value. 


All specimens except those which had been previously finished 
to 0.450-inch diameter were then ground in the hardened stage to 
that diameter. It may be observed from Fig. 11 that the impact 
value drops rather sharply for stock removal up to about 0.012 inch 
from the outside diameter and then very slightly up to and including 
a stock removal of 0.048 inch. The curve shows the approximate 
average of the individual values which are also shown in Fig. 11. 
These data at least prove that the impact value is considerably im- 
paired by grinding the specimens after hardening. 

The data shown in Fig. 12 are probably of greater practical value 
and general interest because of the fact that most parts operating in 
service are subjected to repeated stresses. The specimens for these 
tests were made in a manner somewhat similar to the impact speci- 
mens, that is, fatigue test bars were hardened and ground so that the 
stock reinoval by grinding after hardening varied from zero to about 
0.095 inch from the outside diameter. All bars were turned and 
centerless ground in the annealed condition to 0.250-inch diameter. 
One set of these specimens was then precision ground with a spe- 
cially-dressed free-cutting wheel, so that the minor diameter at the 
bar centers was 0.155 inch. This set was then austenitized in neu- 
tral salt at 1550°F (840°C), oil-quenched and tempered at 300 °F 
(150°C). The radii in these specimens were then polished scratch- 
free by means of metallographic paper and levigated alumina to a 
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Thousandths of an inch Ground from Diameter after Heat Treatment 


Fig. 12—Graph Showing Effect of Grinding Hardened SAE 52100 Steel on Fatigue. 





diameter of 0.1548 inch. Other test specimens were prepared in an 
identical manner except that varying amounts of stock were left for 
removal by grinding after heat treatment, The last set of specimens 
was ground from a 0.250-inch diameter hardened bar, so that 0.095 
inch was removed from the minor diameters after heat treatment. 
All test bars were polished to 0.1548 inch before being tested on a 
rotating-beam testing machine at a speed of 8000 revolutions per 
minute. All grinding on the hardened bars was done dry using the 
most extreme care. Never more than 0.001 inch was removed at 
one cut. The hardness of all bars was Rockwell C-63.5 to C-64.5. 

Fig. 12 shows that the endurance limit of hardened SAE 52100 
steel is 160,000 psi for bars which were not ground after hardening. 
This endurance limit then decreases to about 127,500 psi for speci- 
mens which had been ground 0.095 inch. It is interesting to note 
that the most rapid decrease in endurance limit takes place with the 
first 0.025 inch of grinding from the outside diameter. The standard 
ten million cycles was regarded as infinity for all fatigue tests. 

The data prove conclusively that the stresses induced by the most 
careful grinding operations on hardened material rapidly decrease 
the fatigue properties. 


CONCLUSION 


From the data presented in this paper we may draw the follow- 
ing conclusions: 
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1. Even the most careful grinding induces tension stresses in 
the ground surfaces of through-hardened steel parts, thus disturbing 
the stress balance. 

2. Austenitizing temperature has a marked influence on the 
stress condition induced by grinding because of the structural change 
from the heat generated in grinding. 

3. Impact tests prove that the shock resistance of a hardened 
steel part is decreased by grinding. 

4. It is also proven that the fatigue resistance of highly hard- 
ened steel parts is lowered by grinding. 


It is obvious from a study of this paper that there yet remains 


a great deal of work to be done in this field. There are many phases 
such as the effects produced by grinding speeds, coolants and vari- 
ous types of wheels which demand further exploration. The data 
presented in the paper are based on limited research, though every 
effort has been put forth to obtain a high degree of accuracy in the 
results. It is the hope of the author that this information may not 
only be of practical value to manufacturers, but also that it may 
stimulate further investigation by others, so that all concerned will 
benefit by such research work in the forthcoming years. 

It is not the intention to condemn in any way grinding practice 
in general, but to point out the effects of grinding so that more con- 
sideration will be given to the planning of grinding operations. In 
many cases tool engineers can finish grind parts in the soft stage. 
This, of course, turns the focus on the metallurgical engineer who 
must produce, in heat treatment, parts sufficiently clean and distor- 
tion-free, so that grinding after hardening will frequently be unnec- 
essary. In other cases it is indicated that parts of certain designs 
can be strengthened by grinding. An example might be internal 
grinding of hardened cylinders. 

The need seems quite apparent for closer co-operation between 
tool engineers and metallurgical engineers, so that parts can be pro- 
duced with less sacrifice of the desired properties. We must learn 
to work with residual stresses rather than against them. 
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DISCUSSION 


Written Discussion: By Paul C. Farren, president, Springfield Heat 
Treating Corp., Springfield, Mass. 

While this investigation is admittedly limited in scope, it should be 
the means of prompting further work not only along the lines suggested 
by the author, but with particular emphasis on evaluation of stresses pro- 
duced by recommended grinding practices as well as departures therefrom. 

Too frequently, we concern ourselves only with dimensional control 
or the removal of as much material as possible in the shortest time but 
neglecting to consider what happens metallurgically to the pieces being 
ground. The manufacturers of grinding equipment have not been above 
criticism on this score because they have repeatedly demonstrated their 
equipment to prospective purchasers on a basis of production rate rather 
than ultimate quality of the finished parts. 

It is generally accepted that, if parts are not discolored, no damage 
has been done by excessive speeds and feeds. That this is far from true 
may be readily demonstrated by judicious use of the metallurgical micro- 
scope together with Rockwell superficial or Knoop hardness tests. It is 
not unusual to find that high speed steel tools, ground in a conventional 
manner and showing Rockwell hardness in excess of C-63 when tested 
with the 150-kilogram load, will show very low surface hardness when 
tested by one of the other methods. 

Written Discussion: By F. C. Albers, staff metallurgist, Caterpillar 
Tractor Co., Research Department, Peoria, III. ; 

The author has done an excellent job of investigating the effect of 
grinding on the properties of hardened steel parts. Of particular interest 
are the curves showing the effect of grinding on impact strength and 
endurance limit. 

In regard to the latter curve (Fig. 12) it appears that some effect 
other than grinding has influenced the endurance limits obtained. The 
curve shows that the greater the amount of material removed by grinding 
the greater is the reduction in endurance limit, with the most rapid de- 
crease in endurance limit taking place with the removal of the first 0.025 
inch of material from the outside diameter. This would lead one to 
believe that grinding has an accumulative effect and that the stresses 
induced by grinding are greater for the removal of 0.025 inch than for 
the removal of 0.005 inch of material. However, the author reports that 
grinding was conducted with extreme care and that no more than 0.001 
inch was removed per cut. Under such controlled grinding conditions 
it is believed that the stresses caused by grinding are the result of the 
final two or three passes and that the stresses so induced should be 
approximately the same regardless of the total amount of material re- 
moved, provided a certain minimum has been exceeded. Therefore, if 
grinding stresses only are influencing the endurance limits shown in 
Fig. 12, one would expect the curve to be a horizontal straight line after 


showing an initial drop due to the removal of perhaps the first 0.005 inch 
from the test bars. 
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The writer believes that the presence of quenching stresses in the 
hardened bars might explain the shape of the curve in Fig. 12. The grind- 
ing operation, therefore, not only induced certain stresses due to its inher- 
ent nature but also influenced the over-all stress distribution in the bar 
by relieving certain quenching stresses. Thus the final stress distribution 
in the test bar is a function both of the grinding stresses induced and 
the quenching stresses removed by the grinding operation. 

Written Discussion: By L. P. Tarasov, Research Laboratories, Nor- 
ton Company, Worcester, Mass. 

Mr. Boyer’s paper will be of great interest to all those concerned 
with grinding. There have been few publications dealing with the effect 
of grinding on the physical and metallurgical condition of the material 
ground and almost none to show how grinding may affect mechanical 
properties. As far as the writer is aware, these are the first fatigue data 
obtained at such a high hardness level and the first that have been pub- 
lished to show how grinding may affect fatigue strength and impact value 
of hardened steel. Because this investigation covers hitherto unexplored 
territory, the results and their interpretation deserve careful examination. 

The grinding conditions were kept under excellent control, as evi- 
denced by the high reproducibility of the data on repeated testing. It is 
unfortunate that not a word is said about the specific grinding conditions 
used, although the heat treatments are described in detail. The prac- 
tical significance of the results could be evaluated more clearly if the 
grinding conditions could be related to those typical of commercial practice. 

In addition to information on the grinding conditions, it is also im- 
portant to know whether or not the work was burned in grinding. Grind- 
ing of hardened steel under commercial conditions sometimes results in 
appreciable burn, but in many cases it does not. The extent to which 
the findings of ‘this paper can be applied will depend on this question of 
burn. Analysis of the data presented suggests the probability that the 
specimens used in this study were burned, some of them~badly. Unless 
it can be demonstrated by direct examination of the specimens involved 
that they were not burned during the test, the validity of the conclusions 
about grinding drawn by Mr. Boyer must be limited to the type of 
grinding that results in burned work. 

Presumably, no trace of burn color was found on the specimens after 
the grinding was completed, for that would have been taken as a sign 
that the grinding was too severe. However, although burn color may 
have been absent in the final piece, it is possible that burn may have 
occurred at an early stage of the grinding and then been cleaned off by 
later grinding, leaving, however, metallurgical changes in the surface 
layers. Burn color is due to a thin oxide film that can be easily cleaned 
off, almost as soon as it is formed, in the course of a normal grinding 
operation. Momentary exposure of hardened steel to high temperatures 
during grinding contact can cause softening of a surface layer several 
thousandths of an inch deep, and it can even cause rehardening if the 
temperature reached is sufficiently high for austenite to form in a very 
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brief interval. The hardness changes can be spotty or they can be con- 
tinuous along the surface, depending. on the grinding conditions. This 
metallurgical burn, as it is convenient to call it, can be present even if 
there is no visible burn, and it can be detected by suitable etching of 
either the ground surface or of a metallographically polished section. 
It can also be detected by Knoop hardness measurements. Rockwell 
indentations, on the other hand, are much too deep to be of value in this 
connection. 

One reason for believing that the rings were burned is the fact- that 
they were stressed enough to be considerably deformed upon slotting. It 
has been the writer’s experience in surface grinding flat strips of hard- 
ened tool steel that a strip is generally found to be burned when the 
grinding is severe enough to cause the strip to curve an amount corre- 
sponding roughly to the change in curvature of the slotted rings. 

On the other hand, it is also possible to grind without burning the 
surface at all. By using suitable grinding conditions it is possible, in addi- 
tion, to grind a thin strip without causing it to curve measurably; in such 
a case, the stress in the ground surface is practically zero. Thus the 
author is not justified in generalizing his experience with rings to con- 
clude that considerable surface tensile stresses necessarily result from 
the most careful grinding. 

An entirely different reason for expecting that the rings were burned 
is to be found in the nature of the curves in Fig. 2. The author’s brief 
explanation of these curves does not take into account what happens to 
surface stresses when the steel is tempered. If we assume, as he does 
tacitly, that the stress condition is the only difference between the 
stressed surface and the rest of the ring, then we would expect that as 
long as the elastic limit of the steel exceeded the maximum tensile stress, 
no change corresponding to higher tensile stress could occur in the ring 
curvature upon tempering at progressively higher temperatures. (The 
deformation of the ring is caused by stresses below the elastic limit and 
any excess of stress over the elastic limit would be immediately dissi- 
pated as plastic flow.) Thus no matter what the hardness of the steel, 
as long as the tensile stress remains constant and is below the elastic 
limit, the deformation is governed by Young’s modulus, which is the 
same for all steels, and ductility does not enter the picture. 

The only thing that can happen as the tempering temperature is 
raised, other than lowering of the tensile stress by stress relief, is that 
the elastic limit would drop enough to force the tensile stress down cor- 
respondingly, with the result that the slot width would start approaching 
its normal value of 0.060 inch. Whether this could actually happen in 
the case of the author’s rings cannot be determined in the absence of 
any knowledge as to the magnitude of the tensile stress involved; the 
elastic limit after tempering even at 1300°F (705°C) may still be higher 
than the tensile stress. Thus there is no mechanism whereby the slot 
width can deviate more from its normal value as the tempering tempera- 


ture is raised, as was observed by Mr. Boyer, unless some other factor 
enters the picture. 
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However, the curves can be explained in a general way by assuming 
that the surface of the ring has been ground severely and that surface 
rehardening actually took place. Tempering of the freshly formed mar- 
tensite in the rehardened layer would cause a slight contraction which 
would manifest itself as an additional tensile stress, and hence as a 
greater deviation of the slot width from its normal value. 

The behavior of a different set of rings, which were ground in the 
annealed condition and then slotted, illustrates what happens when soften- 
ing and hardening do not occur during grinding. It can be safely assumed 
that no hardness changes took place in the ground surface of the an- 
nealed rings and that the only change in their condition was that they 
became stressed in tension. The reason for this belief is the writer’s 
experience that annealed steel can be ground far more severely, enough 
to result in pronounced burn color, without causing the surface micro- 
structure or hardness to be affected in the least. Thus under conditions 
considered to be free from complications introduced by metallurgical burn, 
the slot width was restored to its normal value by tempering at only 
500 °F (260°C), this evidently being entirely a stress-relieving operation. 
The fact that complete stress relief took place at such a low temperature 
as 500 °F (260°C) is probably connected with the annealed condition of 
the steel; the hardened steel rings did not show any signs of stress 
relief even at 1300 °F (705 °C). 

Turning to the fatigue test bars, these also may have been burned 
somewhat in grinding. The main reason for believing that this may have 
happened is the shape of the curve in Fig. 12. If the grinding wheel 
stayed in the same condition no matter how much stock was ground 
from the hardened oversize bars, all the bars would be! stressed the same 
and one would expect the same fatigue strength for all of them, since 
the final diameter was identical. The only reason the writer can ascribe 
for the observed fact that the fatigue strength drops as more grinding 
is necessary to'get the bar to the final diameter is that the wheel gradu- 
ally dulls in use. When a wheel dulls, it is likely to burn the work. 
There is thus a chance that the fatigue test bars were burned in grinding 
and that the curve shows the effect of varying the degree of burning 
upon the fatigue strength. 

The impact test bars, for which the data are shown in Fig. 11, all 
showed about the same impact value when ground in the hardened con- 
dition regardless of the stock removed, and this impact value was lower 
than that for the unground bars. The only reason for surmising that 
the ground bars may have been burned is the possibility that the fatigue 
test bars, ground at least as carefully, were burned. 

It must be kept in mind that the writer has not proved that any of 
the various types of specimens were burned. Proof of the presence or ab- 
sence of burn requires that the specimens themselves be examined. But 
the fact that a great deal of the author’s data can be interpreted in terms 
of burn certainly suggests that burning did occur. 

The benefit gained by raising the austenitizing temperature to in- 


/ 
i 
, 
' 
i 
! 
; 


ae 
0 9 2 


nn aaa ane 














508 TRANSACTIONS OF THE A. S. M. Vol. 40 






crease the percentage of retained austenite calls for comment. Mr. Boyer 
found that there was less tensile stress in the slotted rings when he 
caused more austenite to be retained in heat treatment. It has been the 
general experience, however, that retained austenite is likely to make a 
steel sensitive to cracking when it is ground, and that when the retained 
austenite is made to disappear by suitable heat treatment, it becomes 
easier to grind the steel without cracking it. To reconcile the apparent 
advantages and disadvantages of retained austenite from the standpoint 
of grinding obviously calls for further work. 

To conclude, Mr. Boyer has shown in this interesting paper that 
grinding can lower the impact and fatigue strengths of hardened steel 
and introduce high tensile stresses, but he has not shown that grinding 
is bound to do these undesirable things. The latter can be shown only 
if suitable etching of the specimens does not reveal any softening or 
rehardening of the surface as a result of grinding burn; it is assumed 
here that no stress gradients have been set up in heat treatment, as 
this would complicate the interpretation. If, as the writer suspects, the 
specimens were burned, it will be highly desirable to know just how 
severely in terms of the extent of hardness changes and depth of burn. 
In that way, the fatigue and impact data would be definitely associated 
with the physical condition of the test pieces. 

From a commercial standpoint, it must be remembered that if ob- 
jectionable performance of*the product is connected with surface hard- 
ness changes, then grinding conditions can readily be altered to reduce 
or eliminate these changes by varying such factors as grain and grade of 
grinding wheel, dressing procedure, and feeds and speeds. 

It is to be hoped that Mr. Boyer will be in a position to continue 
this work so as to answer the questions his paper has raised. 

Written Discussion: By Edward E. Hall, chief metallurgist, Cyclops 
Division, Universal-Cyclops Steel Corp., Titusville, Pa. 

The author is to be congratulated for his attack on this multiple- 
part subject of which relatively little factual information is available. The 
paper points out that the work reported therein is only a bare start on 
this troublesome problem, and there is certainly agreement on this point. 

Mr. Boyer’s paper renders its greatest service, in the writer’s estima+ 
tion, by again ¢mphasizing the effects of grinding on finished tools or 
parts, regardless of the care employed during the grinding operation. 
Many manufacturers are inclined to feel that possibilities of damage are 
wholly exaggerated, and if no discoloration or no cracks are evident after 
grinding, a satisfactory job is being done, and any later difficulties en- 
countered are attributed to other causes, such as steel used or the heat 
treatment. It has been the writer’s experience that much damage is done 
by grinding which is supposedly being done with great care. Judging 
by loss of hardness and structural changes caused by heat generated in 
grinding, temperatures of surface layers often reach 1000 to 1200°F 
(540 to 650 °C), and in one instance an 18-4-1 high speed steel! tool which 
had been, hardened and tempered to a normal martensitic structure, had 
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been so heated to a depth of about 0.005 inch that re-austenitization had 
occurred. 

The author’s statement that movement continues even after temper- 
ing at 1300°F (705°C) is not consistent with the experience of some 
tool makers who claim that a tempering treatment of approximately 
500 °F after final grinding has lessened some of the chipping or brittle- 
ness usually attributed to grinding stresses. 

Examination of Mr. Boyer’s testing methods results in no criticism, 
but we wonder how the rings were held for grinding. Were any stresses 
set up by forcing the rings on arbors or by excessive pressure during 
clamping for the ID grinding? Mr. Boyer attributes the closing in of all 
rings to grinding the ID, but it has been my experience that rings will, 
under some conditions, close in when no grinding has been done. It was 
assumed that heat treating stresses or those caused by the cutting oper- 
ation were responsible for this, but whatever the cause, some rings will 
close in without internal grinding, and perhaps such a set of conditions is 
in play on the rings used by Mr. Boyer. 

Written Discussion: By R. G. Kennedy, research metallurgist, Stae- 
land Twist Drill Co., Cleveland. 

The author has devised a simple and effective technique for illustrat- 
ing the effect of tension stress as produced in a hard surface by grinding. 
He has concluded that even the most careful grinding induces tension 
stresses in ground surfaces of through hardened steel parts, thus lower- 
ing impact strength and fatigue resistance. It is hoped that the author 
can add to the value of the paper by furnishing additonal data similar 
to those of his Figs. 11 and 12 but obtained with specimens wet ground 
according to accepted good practice. Since the specimens of the present 
paper were dry ground with stock removal up to 0.001 inch per pass and 
such a grinding technique has apparently seriously affected the surface of 
the specimens, it would be helpful to have for Seeeree a series of 
tests made on correctly ground specimens. 

Written Discussion: By D. A. Vermilyea, apetaluayns E. I. duPont 
de Nemours and Co., Charleston, W. Va. 

Mr. Boyer’s paper concerning grinding of hardened steel parts should 
do a great deal to promote a more general recognition of the harm which 
can be done by grinding a hardened tool or part. The reduction in impact 
and fatigue strengths caused by even the most careful grinding should be 
emphasized, as well as the fact that cracks and fractures may occur in 
ground parts after a short period of service. 

I should like to mention one instance in which grinding has caused 
failures of case-hardened piston rods. These rods are case carburized to 
a depth of % inch, hardened to Rockwell C-65, ground, and superfinished. 
No cracks have been found in any of the rods by Magnaflux inspection 
prior to installation. After a few hundred hours of service, however, 
Magnaflux inspection usually reveals hundreds of fine circumferential 
cracks. Sometimes the rods fracture, while sometimes pieces of the 
hard case are pulled out from between two cracks and score the packing. 
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The majority of the cracks are found in the area of the rod which is 
rubbed by the metallic packing. Those which are found outside of this 
area are probably caused by the grinding operation after heat treatment. 
The cracks found in the packing-area, however, are probably caused by 
the combination of grinding after heat treatment and the rubbing of the 
packing. Cracks were found on one rod where it had rubbed against a 
misaligned guard near the end of the rod. Since the areas which have 
been rubbed contain the most cracks, it appears that we may consider 
that rubbing is a crude form of grinding. I should like to know if Mr. 
Boyer has had similar experiences with hard parts rubbed by metal 
packing. 

One method which may be effective in eliminating troubles caused 
by grinding is a slight reduction in the hardness of the part. Dr. L. P. 
Tarasov’ found that a certain minimum hardness, usually about Rockwell 
C-60, had to be exceeded before grinding cracks would occur. Therefore, 
if a reduction in hardness to about Rockwell C-50 to 55 can be made, troti- 
bles from grinding cracks may be minimized. 

In view of the fact that Dr. Tarasov found no grinding cracks in the 
softer parts, I should like to ask Mr. Boyer if the change in the ring gap 
of his test pieces was as great for annealed steel as for hardened steel. | 
should also like to know whether impact and fatigue tests have been 
made on softer specimens and, if they have, whether the reduction in these 
properties was as great for the softer steel. 


Author’s Reply 


Most of us will no doubt agree with P. C. Farren that in too many 
cases grinding equipment has been sold on a basis of production rather 
than quality of finished parts. It has been also the experience of the 
author to find fully hardened parts superficially soft after grinding. Such 
experiences are partially responsible for the research work which has been 
carried on in an attempt to obtain more information relative to the 
effects of grinding hardened steel. 

Replying to the discussion presented by F. C. Albers, I do not believe 
that the extremely slow and careful grinding used in the preparation of 
fatigue specimens would tend to have an accumulative effect. It seems 
more logical to think that the continued decrease in the endurance limit 
may be accounted for from further unbalancing the stress condition im- 
parted by heat treatment. As more and more stock is removed and the 
center of the bar is approached, the stresses become unbalanced in dis- 
tinct layers. 

The discussion presented by L. P. Tarasov brings up some good ques- 
tions, some of which can only be answered by continued research work. 
As to the type of grinding employed, it was stated in the paper that it 
was done dry and with the most extreme care. The wheels used were 
furnished by a well-known grinding wheel manufacturer and of the type 


1L. P; Tarasov, “Detection, Causes, and Prevention of Injury to Ground Surfaces,” 
TRANSACTIONS, American Society for Metals, Vol. 36, 1946, p. 420. 
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recommended by them for the material under discussion. Dr. Tarasov 
does bring out some interesting data regarding the metallurgical burn. 
We cannot state definitely that none of the many specimens used were 
burned although no examinations which were made showed any sign of 
burn. No Knoop readings were taken, but superficial Rockwell readings 
showed no sign of soft skin. Of course, there is always the possibility of 
surface layers having become rehardened which is usually quite difficult to 
detect. It seems that we can assume that if the change in the properties 
of these specimens was caused by metallurgical burn, it would be 
almost an impossibility to perform any grinding in practice without effect- 
ing damage. 

The author tends to disagree with Dr. Tarasov in his statement that 
thin, flat members can be ground without affecting tendency to curvature. 
Research work done by Mr. Almen and associates seems to indicate that 
any stock removal from one surface of a heat treated strip will tend to 
cause an upset of the stress equilibrium. Whether this effect is from 
inducing tension stresses in the surface from which the stock is removed 
or whether it is from removing the layers which are in a state of com- 
pression is a debatable subject. 

It was not the intention to infer that parts composed of higher per- 
centages of retained austenite could be ground with less upset of stress 
balance in considering the matter from a practical standpoint. This in- 
formation .was merely reported to show the effects of austenitizing tem- 
perature and the microstructures obtained. 

To reply to the questions raised by E. E. Hall regarding the proce- 
dure employed in grinding the split rings, the possibility, of effect on the 
stress condition by the methods of holding was given due consideration. 
They were clamped for splitting by holding only on a small segment— 
the cut being made adjacent to the clamp, all of which was done under 
water. The OD grinding was done using soft arbors and the only force 
used was merely sufficient to keep the ring from revolving on the arbor 
while the extremely slow grinding operation was carried on. Likewise 
the ID grinding was done by gripping them lightly in jaws. It is granted 
that some variable may have been introduced in the preparation of such 
specimens, but inasmuch as they were all done as nearly alike as possible 
it was assumed that this variable would be held to a minimum. 

Regarding the discussion submitted by R. G. Kennedy, it would be a 
worthwhile project to obtain data from wet ground specimens to compare 
with that obtained by the technique as described. Im fact, there are a 
number of other variables which should be introduced to obtain similar 
data for comparison purposes. It has been the general opinion that dry 
grinding, if done slowly and with extreme care, is less detrimental than 
wet grinding. Assuming this to be true, only dry grinding was employed 
because it was primarily desirable to learn the effects using the best pos- 
sible grinding practice. Whether or not it is actually true that wet grind- 
ing effects greater damage could only be learned by repeating the entire 


project employing wet grinding as the variable and keeping all other 
factors constant. 
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D. A. Vermilyea presents an interesting discussion and one which 
tends to remind the author of experiences encountered in practice similar 
to that related by Mr. Vermilyea. The author particularly recalls one 
instance of a camshaft which had been induction-hardened to Rockwell 
C-64 and a depth of % inch after which the lobe contours were ground 
and polished. Magnaflux inspection after finishing showed no defects, 
but only 2 hours later the lobe surfaces were found to be loaded with 
cracks in the typical spider-web pattern. The reasoning advanced in 
regard to the cracks occurring on the hardened rod in the area of a mis- 
aligned packing seems logical though the author never encountered a 
condition like this particular one. Although it would require a lot of 
work and even then might be difficult to prove, there is no doubt in the 
author’s mind that the susceptibility for cracking to occur as a result of 
grinding increases rapidly as the hardness increases. -Since there appears 
to be a direct relation between the actual grinding crack and the unbal- 
anced stresses it would be logical to expect that the fatigue and impact 
properties would be affected to a lesser degree when the hardness has 
been lowered to Rockwell C-50 to 55. 

Inasmuch as the author’s interest has been mainly in parts possessing 
hardness in excess of Rockwell C-60 most of the work has been done with 
specimens in this hardness range. Consequently the author cannot offer 
complete data for the lower hardness range. Replying to Mr. Vermilyea’s 
question regarding the movement of the soft rings: It was found that 
the change in gap width of the soft rings was, in the average case, slightly 
less than for similar rings in the hardened condition. All such specimens 
tended to resume their original gap width after being subjected to a tem- 
pering temperature of 500 °F. 

The author wishes to take this opportunity to thank those people who 
have submitted discussions on the foregoing paper. 





ELIMINATION OF SHATTER CRACKS BY HOT WORKING 


By E. L. KoEHLER AND H. B. WisHART 


Abstract 


Forging and rolling tests have shown that shatter 
cracks once formed in steel can be welded together by 
hot working. Shatter cracks can be welded together by 
forging with less hot working than with rolling. The 
orientation of the shatter cracks influences the amount of 
hot working necessary to weld them. It must be realized 
that forging or rerolling may not in all cases affect weld- 
ing of shatter cracks, in view of their possible unfavor- 
able orientation. 


HATTER cracks are commonly prevented at the present time 

by the slow cooling of shatter-sensitive steels or by giving the 
product some other suitable form of heat treatment prior to its cool- 
ing to a temperature at which-shatter cracks form. While the prob- 
lem of shatter cracks has been largely solved by such methods, under 
certain circumstances where the slow cooling or heat treatment has 
been inadequate, they may still be occasionally encountered. 

In view of the fact that there is the occasional necessity of hav- 
ing to deal with shatter-cracked material in slab, billet and bloom 
form, the question naturally arises as to whether the cracks can be 
welded together on subsequent hot forging or rolling. An experi- 
mental program was, therefore, inaugurated to obtain an answer to 
this question and also to ascertain the amount of hot working that 
would weld shatter cracks. 


STEEL Usep to Stupy WELDING oF SHATTER CRACKS 


Three ingots of SAE 4140 steel were used to study the welding 
of shatter cracks by hot working. The analysis of the heat was: 


C Mn P S Si Cr Mo 
0.41% 0.85% 0.020% 0.030% 0.29% 0.94% 0.19% 


Of the authors, E. L. Koehler was formerly metallurgist, Carnegie-Illinois 
Steel Corp., Gary, Ind., and is now associate metallurgist, Armour Research 
Foundation, Chicago, and H. B. Wishart is chief development metallurgist, 
Carnegie-Illinois Steel Corp., Gary, Ind. Manuscript received July 25, 1947. 
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Table | 
Ingots Used in Investigation—SAE 4140 Steel 
‘ Hydrogen 
Ingot Ingot Size, Ingot Weight, Introduced, 
Number Inches Pounds Cu. Ft. 
14 26 x 31 13,462 50 
16 26 x 31 13,226 10 


18 26 x 31 12,755 60 
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Hydrogen was introduced into these ingots while teeming to 
produce a shatter-sensitive steel. The ingot sizes and amount of 
hydrogen introduced are shown in Table I. The ingots were all 
big-end-up hot tops and were from the middle of the heat. Only 10 
cubic feet of hydrogen were introduced into ingot 16 as a little 
difficulty was encountered on the teeming platform. The ingots were 
rolled into 10 by 10-inch and 8 by 8-inch blooms and sheared into 
various lengths. A few of these test cuts were slow-cooled; the bulk 
was air-cooled. Etch tests from air-cooled pieces from the top, 
middle and bottom of each of these ingots all revealed shatter cracks. 
Etch tests from the slow-cooled pieces revealed no shatter cracks. 
Three types of tests were then conducted: forging tests, laboratory 
rolling tests, and mill rolling tests, to study the welding of shatter 
cracks. 


ForGING TESTS 


Eighteen test pieces, each 18 inches long, were carefully heated, 
soaked, and then forged into various size rounds as shown in Table 
II. After forging, longitudinal and transverse test cuts from each 
round were deep-etched and examined for shatter cracks. The re- 
sults of these tests are also indicated in Table II. In the first group 
of tests in this table, the test rounds were forged from air-cooled 
blooms containing shatter cracks. After forging, the test rounds 
were slow-cooled to prevent the formation of any cracks subsequent 
to forging. The first group of tests indicates the extent to which 
the forging operation welded the shatter cracks existing in the air- 
cooled bloom. 

In the second group of tests, the rounds were again forged from 
air-cooled blooms but they were permitted to cool in air after forg- 
ing. In all cases, shatter cracks formed during this air cooling sub- 
sequent to forging. 
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Table If 
Etch Test Results—Forged Rounds 





Pres- 
ence of 
Size of Per Shatter Pres- 
Bloom Forged Reduc- Cent Cooling Cracks ence of 

In- Size, Round, tion Reduc- -—Practice—. in Etch Forging 
got Cut Inches Inches Ratio tion Bloom Round Test Bursts 
14 B 10x10 10 1.28:1 21.5 Air Slow Yes Yes 
14 D 10x10 9 1.57:1 36.4 Air Slow No No 
14 F 10x10 8 1.99:1 49.8 Air Slow No No 
18 B 8x 8 8 1.28:1 21.5 Air Slow Ves Yes 
18 D 8x 8 7 1.66:1 39.8 Air Slow No No 
18 F 8x 8 6 2.26:1 55.8 Air Slow No No 
14 i. 10x10 10 1.28:1 21.5 Air Air Yes No 
14 E 10x10 9 1.57:1 36.4 Air Air Ves No 
14 G 10x10 8 1.99:1 49.8 Air Air Ves No 
18 a 8x 8 8 1.28:1 21.5 Air Air Yes Yes 
18 E 8x 8 7 1.66:1 39.8 Air Air Yes No 
18 G 8x 8 6 2.26:1 55.8 Air Air Yes No 
16 Cc 10x10 10 1.28:1 21.5 Slow Slow No No 
16 D 10x10 9 1.57:1 36.4 Slow Slow No No 
16 E 10x10 8 1.99:1 49.8 Slow Slow No No 
16 I 8x 8 8 1.28:1 21.5 Slow Slow No No 
16 J 8x 8 7 1.66:1 39.8 Slow Slow No No 
16 K 8x 8 6 2.26:1 


55.8 Slow Slow No No 








! 
} 








Fig. 1—Schematic Repre- 
sentation of the Orientation of 
Shatter Cracks With Respect to 
the Forces Exerted on the Metal 
in Forging. 


In the third group of tests, the test rounds were forged from 
slow-cooled blooms containing no shatter cracks and were subse- 
quently slow-cooled after forging. The product remained sound. 

What happens to the individual shatter crack during the forging 
operation depends upon the orientation of the shatter crack with 
respect to the forging hammer. In forging the bloom indicated in 
Fig. 1, shatter crack “A” would tend to ‘be readily welded shut, 
whereas crack ““B” would tend to nucleate a forging burst. Subse- 
quent hammer blows would continue to spread open the forging 
burst, round it out, flatten it, and finally weld it shut, if the piece 
were given sufficient reduction. 


sly et Al nga 
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The worst case of forging bursts in these tests was found in 
sample 18B, illustrated by longitudinal etch slice in Fig. 2. The con- 
dition of the 8 by 8-inch bloom from which sample. 18B was forged is 
shown in Fig. 3. It can be seen by comparing the two figures that 
the above orientation relationships are followed: the cracks approach- 
ing type “A” (longitudinal) are welded shut while those having a 
tendency toward type “B” (transverse) are spread open. Before 
etching, these forging bursts appeared as bright-walled cavities. 

It is seen in Table II, that among the first group of tests which 
were slow-cooled after forging so as to form no new shatter cracks, 
those forged to a reduction ratio of 1.28:1 (21.6%), or less, con- 
tained shatter cracks or forging bursts, while those forged to a re- 
duction ratio of 1.58: 1 (36.4%), or more, contained none. The re- 
sults indicate that shatter cracks are rapidly eliminated in the forging 
operation where the piece is given more than a light reduction ; how- 
ever, where the operation consists of littke more than rounding off 
the corners of a bloom, shatter cracks of unfavorable orientation are 
likely to produce undesirable results. 

This discussion must not be taken to mean that all forging bursts 
are nucleated by shatter cracks. Where a cluster of bursts appear- 
ing as in Fig. 2 occurs, the condition may be caused by shatter cracks ; 
however, the occurrence of a single large burst in a forging is gen- 
erally due to other causes. 

Two tensile specimens were cut from a mid-radius position in 
each of the 18 forged rounds. These were rough machined, normal- 
ized by heating in an atmosphere of nitrogen and carbon monoxide 
and air-cooled, and finish machined to standard 0.505-inch tensile 
specimens. Results of these tests are shown in Table III. Some of 
the fractures from these tensile tests are shown in Fig. 4. The prin- 
cipal point illustrated in these tests is relative brittleness of the speci- 
mens in tensile testing. In this regard, special attention is called to 
the figures given for reduction of area. The variations shown are 
principally from hydrogen embrittlement rather than notch effects 
of shatter cracks present. Only a few of the tensile specimens con- 
tained transverse shatter cracks. Most of these are shown in Fig. 4 
but these specimens are not representative of the entire group in 
this respect. 

It'can be seen by referring to Table III that the tests in the 
second group which received no slow cooling are more brittle than 
those of the other two groups. There is considerable variation within 
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Fig. 4—Fractures of Normalized 0.505-Inch Tensile Test Bars 
Cut From Forged Rounds. 


Table Ill 
Results of Tensile Tests—Forged Rounds 


Reduction Tensile Strength, Elongation, Reduction of Area, 
Test Code Ratio Lb. Per Sq. In. Per Cent in 2 Inches Per Cent 
14B Al 1.28:1 137,400 ¥ 2 4.7 
2 150,500 11.5 24.6 
14D Cl 1.57:1 149,800 14.5 39.6 
2 151,850 ee ' 11.1 
14F El 1.99:1 145,800 15.0 39.7 
2 150,850 12.0 29.2 
18B Gl 1.28:1 ° 153,800 14.0 37.0 
2 143,850 Broke outside punch marks 
18D Ii 1.66:1 158,400 Broke outside punch marks 
2 155,400 14.0 38.6 
18F K1 2.26:1 161,800 10.0 23.2 
2 155,600 15.0 41.4 
14C Bi 1.28:1 128,350 25 4.3 
2 137,100 3.0 5.5 
14E D1 1.57:1 121,400 Broke outside punch marks 
2 131,400 2.0 3.9 
14G Fl 1.99:1 133,400 3.0 6.7 
2 116,900 2.0 3.6 
18C H1 1.28:1 87,060 1.0 1.6 
2 63,940 Broke outside punch marks 
18E ji 1 .66:1 142,050 2.5 5.9 
2 92,730 1.0 2.4 
18G Li 2.26:1 151,600 9.0 17.4 
2 133,400 2.0 3.6 
16C Mi 1.28:1 159,100 12.5 30.6 
2 157,690 12.0 33.1 
16D Ni 1.57:1 159,500 4.5 7.8 
2 161,450 9.0 20.0 
16E O1 1.99:1 155,100 6.5 9.3 
2 151,500 13.0 31.3 
18I Pi 1.28:1 159,100 12.5 35.0 
2 153,000 6.5 10.5 
18] Ql 1. 66:1 156,800 a 11,2 
2 153,400 15.0 42.3 
18K R1 2. 26:1 148,500 14.0 39.6 
2 158,100 11.0 23.7 


| 


} 
| 
| 
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each of the three groups. Thus in the first group, the reduction of 
area varied from 4.7 to 41.4%; in the second group from 1.6 to 
17.4% ; in the third group from 7.8 to 42.3%. The fractures of the 
minimum and maximum of the first group are shown in Fig. 4, Al 
and K2 respectively. Neither of these test samples contained any 
shatter cracks. Although they received approximately the same 
treatment, there is a great difference in their appearance. A1 is defi- 
nitely brittle; K2 is definitely ductile. Such variations are charac- 
teristic not only of samples from the same group, but also of the 
duplicate samples cut from similar locations in the same piece, Al 
and A2, Ll and L2, Q1 and Q2 for example. Such results appear 
to indicate that hydrogen is distributed in the steel in a nonuniform 
manner, the individual test results depending on the chance location 
of where the specimens happened to be cut. 


LABORATORY ROLLING TESTS 


The laboratory rolling tests were taken from sections of 8 by 
8-inch and 10 by 10-inch blooms 3 feet in length. First, etch slices 
were cut from these pieces to determine the location and the orienta- 
tion of the shatter cracks present. The longitudinal slice from the 
8 by 8-inch bloom has been shown in Fig. 3. The longitudinal slice 
from the 10 by 10-inch bloom is shown in Fig. 5. Only 10 cubic 
feet of hydrogen were introduced into this ingot so it is not heavily 
shatter-cracked. Although the cracks present are primarily trans- 
verse, some longitudinal cracks appear in segregation streaks in the 
center of the piece. 

After the location and orientation of the shatter cracks were 
thus determined, test coupons approximately 134 by 134 by 3 inches 
were cut in both longitudinal and transverse directions from the 
areas containing shatter cracks. A thin slice was cut from the metal 
adjacent to one of the 3 by 134-inch faces of each coupon. Those 
were deep etched and the relative number of cracks in each was noted 
as was the angle with the longitudinal axis of the coupon in which 
most of the cracks were oriented. Thus a perfectly longitudinal crack 
had an orientation of 0 degree and a perfectly transverse crack had 
an orientation of 90 degrees. Since cracks extend in two dimensions, 
such a method did not completely determine their orientation but 
only how their intercepts in one plane were oriented. A notch was 
saw-cut in one end of each coupon parallel to the etch slice for pur- 
poses of identifying the direction in which this slice was cut. The 
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Table IV 
Laboratory Rolling of Test Coupons 





Vol. 40 





Test Reduction Per Cent Description of Shatter Cracks in Test Coupon** — 
Coupon Ratio Reduction Before Rolling After Rolling 
i 1.11:1* 10 Moderate, 0° Moderate, ° 
2 1.11:1* 10 Few 75° ew, 75° 
3 1.11:1* 10 Moderate, ° Moderate, 0° 
4 1.11:1* 10 Moderate, 75° Moderate, 75° 
5 1.25:1* 20 Heavy, 85° Light 
6 1.25:1* 20 Heavy, 90° Few 
7 1.25:1* 20 Light, 0° and 80° Light, 0° and 80° 
8 1.25:1* 20 Moderate, Various Light 
9 1.25:1 20 Moderate, 15° Moderate 
10 1.25:1 20 Moderate, 70° 1 R.B,*** Few shatter 
il 1.25:1 20 Light, 0° and 90° Light, 0° and 90° 
12 1.25:1 20 Moderate, 75° i RE. Few shatter 
13 1.43:1 30 Heavy, % Few R.B., Heavy 90° shatter 
14 1.43:1 30 Moderate, 0° and 90° 1 R.B. 
15 1.43:1 30 Moderate, Various 1 R.B., 90° shatter 
16 1.43:1 30 Moderate, 75° 1 R.B., Two shatter 
17 1.67:1 40 Heavy, 90° Heavy R.B. and shatter 
i8 1.67:1 40 Moderate, 0° and 90° 1R.B.,few 0° and 90° shatter 
19 1.67:1 40 Light, 80° Light 
20 1.67:1 40 Moderate, 45° Few 
21 2.00:1 50 Light, 0° None 
22 2.00:1 50 Moderate, 30° Few 
23 2.00:1 50 Moderate, 0° None 
24 2.00:1 50 Moderate, 80° None 
25 2.50:1 60 Moderate, 0° None 
26 2.50:1 60 Moderate, 45° Two 
27 2.50:1 60 Moderate, af None 
28 2.50:1 60 Moderate, 60° None 
29 2. 86:1 65 Heavy, 30° None 
30 2 .86:1 65 Moderate, 75° 1 R.B. 
31 2.86:1 65 Moderate, 30° None 
32 2. 86:1 65 Moderate, 75° None 
33 3.33:1 70 Moderate, 15° None 
34 3.33: 70 Heavy, 0° and 90° None 
35 3.3331 70 Light, 10° None 
36 3.33211 70 Moderate, 85° None 
37 4.00:1 75 Unknown None 
38 4.00:1 75 Light, 70° None 
39 4.00:1 75 Moderate, 0° None 
40 4.00:1 75 Moderate, 45° None 
41 5.00:1 80 Light, 30° and 80° 3 R.B., not quite welded 
42 5 .00:1 80 Moderate 45° None 
43 5§.00:1 80 Moderate, Various None 
44 5.00:1 80 Light, 60° None 


*Rolled on one side only. 


**Angle given is angle most cracks make with longitudinal axis of coupon. 
***R_B. denotes “Rolling Bursts’’. 





coupons were then heated to 2100 °F (1150°C) and rolled ina lab- 
oratory rolling mill to various reductions. 


in Table IV, each coupon was rolled into a square section. 


Unless otherwise noted, 


In each 


case the sawed notch was vertical on the first pass. On each pass, the 
same end entered the mill first. Coupons were air-cooled after rolling 
as they were considered too small for new shatter cracks to form. 

After rolling, each piece was cut longitudinally, parallel to the 
sawed notch, and deep etched. In this way, the etch slice cut after 


rolling was parallel to the one cut before rolling. 
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Results of this testing are given in Table IV. “Rolling bursts” 
formed by the spreading open of shatter cracks in the rolling opera- 
tion were frequently found. These were bright-walled cavities 
analogous to the forging bursts found in the forged rounds. It is in- 
dicated in the table that the orientation of the shatter cracks is the 
principal factor governing the formation of these bursts. Rolling 
bursts are formed in the same manner as forging bursts except that 
the forces exerted in the metal are somewhat more complicated. In 
all cases where rolling bursts were found in these tests, they were 
formed from shatter cracks which were apparently oriented at angles 
of from 50 to 90 degrees with the longitudinal axis of the test cou- 
pons. The most noteworthy case of rolling burst formation was in 
coupon No. 14. The etched tests from this coupon are shown in 
Fig. 6. Before rolling, the cracks were oriented at an angle of 90 
degrees with the longitudinal axis of the coupon. Almost all the 
cracks burst open in rolling. The distortion of flow lines about the 
bursts is to be noted. 

It is apparent, from Table IV, that shatter cracks are not welded 
in hot rolling nearly as readily as in forging. The first welding is 
noted with a reduction ratio of 1.25:1 (20%). Rolling bursts 
reached a maximum occurrence at reduction ratios of 1.43: 1 (30%) to 
1.67:1 (40%). At a reduction ratio of 2.00:1 (50%) shatter cracks 
and any rolling bursts that may have resulted from them were for 
the most part welded shut. The last of the unwelded shatter cracks 
as such were found at a reduction ratio of 2.50:1 (60%). Some 
rolling bursts, however, were able to persist to a much higher reduc- 
tion. Coupon No. 41, after being rolled to a reduction ratio of 
5.00:1 (80%), still contained several rolling bursts which were not 
quite welded shut. This is illustrated in Fig. 7. The process of 
forming and closing the rolling bursts causes a distortion of the flow 
lines. 

Although the test pieces were sufficiently small so that their 
air cooling after rolling did not produce shatter cracks, this treat- 
ment probably brought about to some degree a condition in the 
steel which may be responsible for shatter crack formation. This 
was indicated by the behavior of the test. coupons on saw cutting. 
Some of them, particularly among those given low reductions, were 
barely capable of being cut on the band saw. The pieces were not 
uniformly hard but seemed to be full of hard spots. After cutting, 
the sawed surfaces were not normal in appearance but appeared 
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Fig. 6—Left: Longitudinal Etched Slice From Coupon No. 17 Before Rolling. 
> ee # Righ 


t: Longitudinal etch through center of coupon No. 17 after rolling to a 
reduction ratio of 1.67:1. ™ 1. 


“lumpy” or “knotty” indicating the presence of regions of high 
localized stress. No actual hardness measurements were made but 
the hardness of the localized areas approached the hardness of the 
band-saw teeth. After sawing about one-third of the specimens in 





1948 SHATTER CRACKS 525 





Fig. 7—Left: Longitudinal Etched Slice From Coupon No. 41 Before Rolling. 
x 1. Right: Longitudinal etch through center of top half of coupon No. 41 after 
rolling to a reduction ratio of 5.00:1. White circles indicate rolling bursts. xX 1. 


the air-cooled condition and ruining about four band-saw blades, the 
remainder of the test coupons were heated 2 hours at 1200°F 
(650 °C) before saw cutting. They then sawed readily, 
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Table V 
Etch Test Results—Rolled Rounds 
Bloom Size of Rolled Cooling Presence of 
Size, Round, Reduction Per Cent -——Practice——. Shatter Cracks 
Ingot Cut Inches Inches Ratio Reduction Bloom Round In Etch Tests 
14 H 10 x 10 5% _ = ; 76.3 Air Slow No 
16 A 10x 10 5 80.4 Air Slow No 
16 G 8x 8 4% ;. “45. : 70. 3 Air Slow No 
18 M 8x 8 4 4.09:1 80.4 Air Slow No 
14 H 10x 10 5% 4.20:1 76.3 Air Air Ves 
16 A 10x 10 5 4.09:1 80.4 Air Air Yes 
16 G 8x 8 4% 3.43:1 70.8 Air Air Yes 
18 M 8x 8 4 5 .09:1 80.4 Air Air Yes 





The occurrence of such hard spots in hydrogen-bearing steels 
is not meant to be represented as a common occurrence. In the 
present case, conditions were evidently such that the material was 
on the verge of shatter cracking but actual cracking did not occur. 
This is the only case in which such hard spots have been noted. 


Mitt RotuinG Tests 


Two 8 by 8-inch and two 10 by 10-inch blooms from this ma- 
terial were rolled in a 20-inch mill to various reductions of from 
3.43: 1 (70.8%) to 5.09:1 (80.4%). Part of the product from each 
bloom was slow-cooled and part was air-cooled. Longitudinal and 
transverse etch tests were made on both the slow-cooled and air- 
cooled product. The results are given in detail in Table V. Exami- 
nation of etch tests from the slow-cooled product showed that all 
shatter cracks were welded shut at all reductions. No rolling bursts 
were formed, although from the orientation of the shatter cracks 
present in the blooms, some might have been expected to form. 

While no rolling bursts were evidently formed from shatter 
cracks in the above tests, they may sometimes occur in the rolling 
of large products. Fig. 8 is presented as an example of such a con- 
dition. This longitudinal etch slice was obtained from a 6-inch round 
of NE 8742 steel rolled from a 10 by 10-inch bloom which was evi- 
dently shatter cracked. Distortion of the flow lines about the rolling 
bursts can be plainly seen. From the distortion of flow lines, posi- 
tions can be located where rolling bursts may at one time have existed 
but are now completely welded shut. 

Bursts in rolled material may sometimes be encountered which 
are nucleated by conditions in the steel other than shatter cracks. 
Those nucleated by shatter cracks may be identified by their num- 
ber, size, distribution, and typical distortion of flow lines. 
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Fig. 8—Longitudinal Deep-Etched Section of a 6-Inch Round of NE 8742 Steel 
Rolled From a Shatter-Cracked 10-Inch Blocm. (Fuller). xX 1. 


Under normal conditions, rolling bursts from shatter cracks are 
something to be expected only in the larger sizes of products. This 
is because such products are rolled from large blooms in which trans- 
verse shatter cracks are more likely. Rolling bursts are not likely 
to be found in products rolled from the smaller sizes of billets which 
normally contain only longitudinal shatter cracks if any. As a pre- 
cautionary measure, such sizes of billets should be slow-cooled. 

Etch tests made on the air-cooled product all contained shatter 
cracks which formed in consequence of the air cooling after rolling. 
It may be of some interest that the 54-inch round contained both 
longitudinal and transverse shatter cracks while the shatter cracks 
in the 5, 47 and 4-inch rounds were all strictly longitudinal. 


CONCLUSIONS 


It is possible to weld shatter cracks in the primary mill product 
if sufficient hot working is obtained. Forging of the steel requires 
less reduction than rerolling in order to weld shatter cracks. If the 
shatter cracks are unfavorably oriented, it is also possible that the 
cracks may be spread open in hot working to form forging bursts 
or rolling bursts. Because of the latter possibility, it must be recog- 
nized that forging or rerolling may not, in all cases, be relied upon 
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to effect the welding of shatter cracks unless it is definitely known 
that all the shatter cracks present are favorably oriented. 
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CAST HEAT RESISTANT ALLOYS OF THE 26% 
CHROMIUM-20% NICKEL TYPE— 
Part I 


By Howarp S. AVERY AND CHARLES R. WILKS 


Abstract 


The HK (26%Cr-20% Ni) cast alloys are discussed 
in detail, with data covering mechanical properties at room 
temperature, stress-rupture and creep properties from 
1400 to 2000°F (760 to 1095°C), thermal expansion, 
resistance to carburization and hot gas corrosion, and 
several miscellaneous properties. 

Comparisons with the wrought grade (Type 310) 
are made at the 0.10% carbon level, indicating that-ele- 
vated temperature strength of the cast material is between 
that of solution heat treated and of normalized wrought 
specimens. The cast alloy at 0.30% carbon is consider- 
ably stronger. 

Base line properties at 0.30% carbon are presented 
after surveying 18-compositions by stress-rupture tests to 
determine probable scatter bands. A considerable spread 
in properties at 1800 °F (980°C) was encountered, which 
is attributed to variations in the form and distribution of 
carbides in the austenite. Carbon was found tojbe a po- 
tent variable, lowering ductility at ordinary temperature 
but increasing hot strength and life. expectancy without 
impairing hot ductility. The effect of other elements 1s 
minor in comparison. The maintenance of hot ductility 
at high carbon levels is favorable for carburizing service. 

The HK grade is suggested as the preferred cast 
alloy where general hot gas corrosion resistance is re- 
quired. It is also well suited for carburizing service when 
fortified with about 2% silicon. Comparisons with 
26%oCr-129%0Ni and 16%Cr-35%Ni alloys are presented 
to indicate that 26%Cr-20%Ni has a favorable combina- 
tion of properties for an all-purpose heat resistant alloy. 

The metallography is described, providing explana- 
tions of the sensitivity to carbon content, and indicating 
that decarburization near 2000 °F (1095 °C) may be more 
serious than metal loss by scaling. 
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A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, Howard S. 
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Brake Shoe Co., Mahwah, N. J. Manuscript received June 3, 1947. 
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INTRODUCTION 


EAT resistant alloys of the HK type, with the nominal compo- 
sition of 25% chromium and 20% nickel rank as third or 
fourth in tonnage and importance among the cast chromium-nickel- 
iron grades employed for high temperature service. In 1945 the 
Alloy Casting Institute, whose available data represent about three- 
quarters of the industry, reported 1,687,847 pounds of HK castings 
shipped. The related HL type, nominally 30% chromium and 20% 
nickel, accounted for 118,015 pounds. These two represent about 
10.4% of the total shipments reported. 

The corresponding wrought alloy, carrying American Iron and 
Steel Institute designation 310, is very popular as an all-purpose 
welding electrode. It is also available in plate, sheet, and bar form, 
serving such furnace applications as linings, skid rails, rollers, doors, 
dampers, and conveyor belts. It provides the petroleum and chemical 
industry with parts suitable for exposure to corrosion combined with 
high temperature and is frequently considered primarily as a corro- 
sion resistant alloy. For heat treating service, in addition to furnace 
parts, sheets are fabricated into carburizing containers. 

The important properties of the wrought grade have been re- 
ported from several sources (1) to (10).* Metallurgical literature 
lacks similar data covering the cast grades. Because carbon ranges 
may differ considerably in wrought versus cast practice, and because 
of inherent differences in history, grain size, etc., the mechanical 
properties reported for wrought alloys have limited applicability to 
the problems associated with the design and critical utilization of 
castings. However, reasonably close relationships are expected in 
the areas of hot gas corrosion resistance, and in mechanical proper- 
ties at the same carbon levels, which are confined to the lower ex- 
treme of the range because of difficulties in hot working the higher 
carbon modifications. 

Castings are not subject to this limitation, permitting exploitation 
of the benefits associated with higher carbon. As Evans (12) sug- 
gests, castings, because of freedom in analysis and form, usually 
have superior properties above 1200 °F (650°C). Provided castings 
are sound in critical areas, they can considerably widen the flexibility 
in manufacture of industrial equipment and extend the range of 
usefulness at high temperatures. This is especially true for the 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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26%Cr-20% Ni type which, because of the lack of engineering 
data, has by no means reached its maximum indicated usefulness 
to industry. 

The purpose of this paper is to present base line data for the 
cast 26%Cr-20%Ni alloys and to indicate partially the range in 
properties that may be encountered. It is a companion to others 
(13), (14) covering important commercial alloys and, for maximum 
usefulness, should be used in conjunction with them. It is intended 
for engineers who must select and specify materials. It will supply 
much of the hitherto generally unavailable information even though 
the required research, which is continuing, is by no means complete. 


EXPERIMENTAL PROCEDURE 


The data herein are part of those obtained during a broad pro- 
gram of research on cast heat resistant alloys, which has been in 
progress for about 12 years.” 

Creep and stress-strain-rupture tests (15), which require careful 
and critical control to obtain consistent and reproducible data, test 
specimens (14), dilatometry (18), magnetic tests (13), (15), pack 
carburizing (14), oxidation and carburizing field tests (14), and 
hindered contraction tests (13), (14) have followed in general pre- 
viously described procedures as standardized at the American Brake 
Shoe Company Metallurgical Laboratory. The alloys were made 
by conventional induction furnace melting. 

Gas carburizing experiments, which have not been previously 
described, were made in a vertical heat resistant alloy muffle, heated 
with a Kanthal wire resistance winding. The 0.75-inch diameter by 
2.0-inch long specimens were arranged in a uniform temperature 
zone near the center so a descending current of gas contacted each 
specimen at the same time. This avoided exposure to gas of chang- 
ing carburizing potential, which might occur if specimens were suc- 
cessively enveloped by the same volume of gas. A thermocouple 
positioned in the cluster of specimens and welded to one of them 
was used to determine the actual temperature of exposure. A poten- 
tiometric controller maintained furnace temperature at the selected 
level. Tanked commercial gases were regulated by pressure control 
through an orifice-manometer combination, dried successively with 

“This program was initiated by the American Manganese Steel Company while a sub- 


sidiary of the American Brake Shoe and Foundry Company, and at present is sponsored 
by the Electro-Alloys Division of the American Brake Shoe Company. 
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H,SO, and a CaCl,-MgCl, mixture, led into a mixing chamber and 
thence into the top of the 4-inch i.d. by 34-inch muffle. Seven speci- 
mens were exposed simultaneously to a carburizing gas current of 
200 cubic centimeters per minute, which was turned on after the fur- 
nace stabilized at the test temperature. The muffle was flushed with 
nitrogen during the heating and cooling periods. After exposure, 
for each sample the weight gain, diameter increase and carbon 
analyses of layer cuts were obtained. The data are best reported 
as a graph of carbon content versus depth below the surface. 

Some hot gas corrosion data have been abstracted from reports 
of research sponsored by the Alloy Casting Institute (16), (17), 
(19), (20). The experimental details have been described by 
Brasunas, et al. (17) and Gow (21), who used 3-inch diameter by 
l-inch long machine-ground specimens. Quantitative measurement 
- of metal loss by scaling was based on the weight loss of electrolyti- 
cally descaled specimens; qualitative estimation of selective attack, 
which does not appear clearly in weight loss determinations, was 
based on microscopic examination. It should be noted that many of 
the heats in these references, which were produced in the Experi- 
mental Foundry of the American Brake Shoe Company, are identical 
with those for which mechanical test data are reported herein. 


CoMPOSITION 


The HK® alloys nominally range from 23 to 27% chromium and 
from 19 to 22% nickel. The HL grade covers 28 to 32% chromium 
and 19 to 22% nickel. Note that these designations leave a gap 
between 27 and 28% chromium. As this gap is apparent only, com- 
mercial heats frequently falling within this zone, for the purposes, of 
this paper the HK type has been assumed to cover alloys with 24 to 
28% chromium and 18 to 22% nickel. There may be some difference 
in scaling resistance over the indicated chromium range, which is 
considered in relation to the application when castings are produced, 


®The Alloy Casting Institute designations are coded as follows: (a) The initial letter 
indicates service: “H’’ for heat resistance and “C’” for corroson resistance; (b) The 
second letter represents the specific type, such as HF for 21%Cr-9%Ni, HH for 26%Cr- 
12%Ni, HI for 28%Cr-16%Ni, HK for 25%Cr-20%Ni, HL for 30%Cr-20%Ni, HT for 
15%Cr-35%Ni, HU for 18%Cr-38%Ni, HW for 12%Cr-60%Ni, etc.; (c) Numerals follow- 
ing the letters imply the midpoint of a 0.10%C range. For specific heats in this paper 
they indicate the actual carbon content in hundredths of a per cent. While not yet widely 
used, easily understood code designations can be appended to indicate other modifications. 
Thus HK30Si200 conveniently identifies a 25%Cr-20%Ni cast heat resistant alloy with 
0.30% carbon and 2.00% silicon. If the corresponding cast corrosion alioy designation of 
CK is used, it implies service below 1200 °F (650°C) and the following numeral indicates 
a maximum permissible carbon content. 
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but there is as yet no clear evidence that any other important prop- 
erties are modified by chromium or nickel within the limitations 
above, provided no unusual combinations of minor elements are in- 
volved. 

The roles of manganese and nitrogen have not been established, 
though a study of them as variables, as reported herein, suggests no 
conclusive reason for restricting them within limits narrower than 
0.50 to 3.0% manganese and 0.04 to 0.30% nitrogen. 

In contrast, carbon and silicon have important effects. Carbon 
is very potent, operating to decrease ductility at ordinary tempera- 
tures and to increase elevated temperature strength. Silicon confers 
resistance to carburization (14), (22), (6) as will be demonstrated 
later. 

All of the elements may affect the austenite-ferrite balance, as 
they do in the borderline HH (26%Cr-12%Ni) grade (13), (23), 
but unless extremes are approached this possibility is not important. 
Certain combinations, such as low-carbon, high-silicon, low-nickel, 
and high-chromium in conjunction can cause appearance of ferrite 
or the sigma phase under suitable conditions. However, within 
normal casting composition limits, the HK grade can be considered 
wholly austenitic and free from such complications. 

About 0.10 or 0.15% carbon is probably representative of the 
wrought alloys, with a maximum of 0.25%. Commercial castings 
will range from 0.10% up through at least 0.50 to 0.60% carbon, 
suggesting 0.30% as a reasonably typical base line. This also facili- 
tates direct comparison with HH (26%Cr-12%Ni)° data that are 
available near 0.30% carbon. 


AUSTENITE STABILITY 


The balance (13), (23) of alloying elements that determines 
whether ferrite or the sigma phase (27) can appear in the micro- 
structure is worthy of attention. In the manufacture and applica- 
tion of the HH (26%Cr-12%Ni) alloys, which differ only in nickel 
content, it is very important. Carbon, nickel, nitrogen, chromium 
and silicon are influential, the first three stabilizing austenite and 
the last two tending to promote the appearance of ferrite or sigma, 
while temperature is also an important factor. 

Magnetic permeability measurements provide evidence of the 
presence of ferrite, and to a considerable extent of the likelihood 
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that sigma will appear after exposure between 1100 and 1700°F 
(595 and 925°C). Ferrite will usually occur in as-cast specimens 
of unbalanced alloys. Because maximum development of this phase 
was observed after treatment at 2000°F (1095°C) for 26%Cr- 
12%Ni alloys, this conditioning procedure was also included in a 
brief survey to establish composition limits for stable austenite. 
Silicon at 2.5%, as a probable 1naximum value, was included with 
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Fig. 1—The Effect of Nickel on Austenite Stability as 
Indicated by Permeability Measurements. 


















Magnetic Permeability (H=24) 


0.20% carbon and 0.30% carbon in two nickel series that are plotted 
in Fig. 1. The evidence suggests that a minimum nickel content of 
19% at 0.20% carbon or of 18% at 0.30% carbon will ensure free- 
dom from ferrite and its associated weakening effect at elevated 
temperatures. 

Single load stress-rupture properties at 1800°F (980°C) for 
these series appear in Fig. 2, where the effect of ferrite, as controlled 
by nickel and carbon, on strength (life or fracture time) and duc- 
tility, is apparent. 

Chromium and nickel, though opposite in effect, may generally 
be considered roughly equivalent in potency; an increase of 1% in 
nickel will approximately offset a 1% increase in chromium. At 
0.2% carbon and 2.5% silicon an alloy with 28% chromium may 
require (cf. Fig. 1) about 21% nickel for austenite stability. At 
28% chromium with 0.30% carbon and the usual silicon level of 
1.25% there is reasonable assurance that the alloy is balanced; thus 
the common HK30 alloys may be considered wholly austenitic. 
Experience confirms this. Ferrite in the microstructure or perme- 
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abilities above 1.003 have not been encountered in the examination 
and testing of HK30 heats. 


CONVENTIONAL TENSILE PROPERTIES 


The tensile properties of heat resistant alloys at ordinary tem- 
perature have occasionally. been employed for acceptance test pur- 
poses. This is not advisable, as there is little relation with critical 
high temperature behavior. Tensile strength and ductility after aging 
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Fig. 2—The Effect of Nickel on Stress-Rupture Prop- 
erties at 1800 °F and 6000 psi of 26%Cr Alloys. 


may provide a rough indication of carbide precipitation or of phase 
changes in unbalanced alloys, and have occasionally served to detect 
defective material (13). However, because of the probable inverse 
relationship between ductility and creep strength the employment of 
a specified ductility minimum may mislead by operating to penalize 
the alloys with the best high temperature strength. 

Mechanical properties may be of direct interest for some pur- 
poses, in contrast to their dubious value as acceptance tests. Where 
the 26%Cr-20%Ni alloy is used as a high strength stainless steel, 
where it may be subjected to severe service stresses near atmospheric 
temperature in addition to its elevated. temperature functions, or 
where it is stressed in tension because of ‘plastic flow in the upper 
range of thermal cycles, and may thereby be likely to fail in the 
lower part of a cycle, the conventional tensile properties may become 
important. 

The cast corrosion resistant alloy corresponding to the heat 
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resistant grade under discussion is designated CK25. It normally 
has a maximum of 0.25% carbon with 23 to 27% chromium and 19 
to 22% nickel, and generally has resistance to oxidizing acids and 
corrosives that is superior to 18%Cr-8%Ni. Ordinarily there is a 
rather sharp distinction in carbon content between the grades used 
separately for heat or for corrosion service. This demarcation is not 
obvious for the 26%Cr-20%Ni type, requiring that the carbon 
range from about 0.10 to above 1% be considered in relation to 
tensile properties. 

The importance of tensile properties in weld deposits has moti- 
vated studies of the effects of the constituent elements in 25%Cr- 
20% Ni. Campbell and Thomas (28) report that carbon strengthens 
arc weld metal without serious loss of ductility in the range below 
0.20% carbon. Sulphur, phosphorus, and silicon are said to reduce 
ductility seriously, sometimes lower tensile strength, and operate to 
produce fissuring of welds, presumably because they cause hot short- 
ness. All tensile properties are reported low beyond 0.80% silicon. 
The type of welding rod coating had an important influence on the 
results. Welds from titania coatings, which are used to obtain all 
position electrodes suitable for alternating current welding, were 
much more sensitive to silicon and phosphorus contents. Manga- 
nese and nickel exhibited no important effects on weld properties 
up to 2.9% manganese and in the range from 21.7 to 26.1% nickel. 
Molybdenum (0.07 to 2.73%), columbium (1.91 to 2.94%) and 
chromium (25.7 to 34.6%) also had negligible effects unless they 
were in sufficient amount to produce ferrite* in the microstructure, 
thereby increasing strength and lowering ductility. 

Linnert and Bloom, in discussion (29) of the above paper, gen- 
erally confirm the effects of carbon, sulphur, phosphorus, and man- 
ganese. They used a lime-type coating containing about 4% of 
titania (TiO,). The conclusion is reached that for maximum duc- 
tility the best carbon range is between 0.10 and 0.20%. Their values 
for elongation around 0.15% carbon are comparable to those ob- 
served for castings (cf. Fig. 3). 

Phosphorus and sulphur ordinarily are below 0.04% in heat 
resistant alloy castings, escaping the undesirable higher ranges that 
may cause brittleness. The silicon limitations imposed by titania 
coated welding rods should not be applied to castings from properly 





‘Discussion (29) suggests that sigma associated with the ferrite is responsible for 
the lowered ductility. 
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melted heats. At 0.14% carbon and about 0.45% silicon the weld 
elongation expected is 38 to 41% ; the elongation of an HK14 casting 
with 1.22% silicon was 43%. At 0.30% carbon the tensile elonga- 
tion of castings is around 23% up to about 2.5% silicon. 

The tensile properties for l-inch bars from 8-pound castings, 
representing many of the heats for which elevated temperature prop- 
erties are given later, are plotted against carbon in Fig. 3. The po- 
tent effect of this element is apparent. 


Tensile Strength, |OOOpsi 


Mn% Si% Cr% Ni% N% 
0.50 0.50 23.9 18.9 0.04 





Elongation, % 


0 040 080° 12° 16 20 
Carbon Content % 


Fig. 3—Room Temperature Tensile Properties of 
Cast 26%Cr- 20%Ni Alloys. 


An alloy used for carburizing service may eventually absorb 
considerable carbon. This should be considered in the interpretation 
of Fig. 3. After carbon has risen to 0.70%, elongation is unlikely to 
be more than 1 or 2%, and in the range of 1.5 to 2.0% carbon the 
alloy subjected to carburizing temperatures may be considered to 
have lost substantially all of its cold ductility. This probably ex- 
plains why weld repair of castings after extended carburizing serv- 
ice is usually unsuccessful. 

The most important role of strength and ductility at atmos- 
pheric or slightly elevated temperatures is expected to appear under 
thermal fatigue conditions. The circumstances believed to occur 
when cycles of heating and cooling are involved have been outlined 
in a previous paper (14). If plastic flow from thermal stress occurs 
on each high temperature phase of a cycle, it is expected that high 
tensile stresses and some elongation will result each time the mini- 
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mum temperature thereafter is approached. Obviously, this involves 
danger of cracking. This has received experimental confirmation, 
with a correlation between room temperature ductility and life in a 
cyclic heating test (22) that involves severe stressing (30). 

The effect of carbon on ductility (Fig. 3) and on hot strength 
(Table II) poses a question for the engineer who must select or de- 
sign with heat resistant alloys. In some cases the choice between 
room temperature ductility and high temperature strength is easy 
because one may be obviously of minor importance. In other appli- 
cations the choice is much more difficult, especially where cyclic 
heating makes obscure which of the two will be decisive in determin- 
ing service life. In this dilemma many engineers specify ductility, 
relying heavily on its ability to redistribute stresses. 

A range from 0.25 to 0.35% carbon, which is implied by the 
Alloy Casting Institute designation HK30, will give reasonable assur- 
ance of an elongation above 4% after aging 24 hours at 1400 °F 
(760°C). This is an arbitrary value that has appeared in some 
specifications. 


ELEVATED TEMPERATURE PROPERTIES 


While long-term stress-strain-rupture and creep tests are most 
desirable for evaluating high temperature behavior, and can be per- 
formed on selected compositions, it is imperative that some quicker 
and less expensive technique be employed for survey work, especially 
when at least six variables (carbon, manganese, silicon, nickel, chro- 
mium and nitrogen) must be studied. For this research standard 
load stress-strain-rupture tests were selected. The stress values of 
6000 psi at 1800 °F (980 °C), 10,000 psi at 1600 °F (870°C), and 
20,000 psi at 1400°F (760°C) provide reasonably short fracture 
times but such tests are at the same time more closely related to 
creep tests than are conventional hot tensile tests. The fracture time 
and minimum creep rate data can be plotted together with, and use- 
fully supplement, longer tests. 

Rupture time and creep rate are sensitive indices of high tem- 
perature strength. Because of this and because carbon (especially 
when its form, distribution, and concentration in the austenite are 
variables) proved to be such a potent factor, it was unusually difficult 
to establish base line properties and ranges for the cast 26%Cr- 
20% Ni alloys, and attempts to evaluate data from univariant series 
were initially unsatisfactory. 
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Table I 
Compositions for Establishment of Base Line Properties of HK30 (26%Cr-20%Ni) Alloys 


“aes -—1800 °F-6000 psi—. 
t. 

Tens. Elong. -—Stress-Rupture— 1800°F 
-+———— Chemical Analysis. Strength in2” Life Rate Elong. L.C-.S. 


Alloy C% Mn% Si% Ni% Cr% NY psi % Hrs. %-Hr. %-2” psi 
HK28 Si52 0.28 0.52 0.52 20.0 26.5 0.08 83,250 24 6.7 1.8 23 > ue 
HK30 Si84 0.30 0.53 0.84 20.0 26.5 0.11 83,500 14 7.8 1.5 15 1300 
HK32d 0.32 0.51 1.26 19.9 28.8 0.12 ...... a 8.1 0.71 8 900 
HK28 0.28 1.05 1.26 20.0 26.5 0.15 82,500 15 8.5 1.7 22 700 
HK31 0.31 0.54 1.20 19.9 26.6 0.09 ...... 10 1.0 16 ene 
HK32 Si 50 0.32 0.50 0.50 19.9 26.0 0.10 82,000 15 13 1.1 20 aiacieal 
HK30 Si162 0.30 0.58 1.62 20.1 26.7 0.10 79,500 23 13 0.35 12 2050 
HK29 0.29 0.54 1.30 20.0 26.4 0.29 98,500 23 14 0.89 26 dias 
HK30a 0.30 1.01 1.25 200 24.3 0.04 79,500 28 15 0.15 5 Sy'ae 
HK30 0.30 0.53 1.21 19.7 26.3 0.11 71,750 16 17 0.38 15 2250 
HK30b 0.30 0.93 1.30 21.7 26.0 0.04 75,000 20 18 0.26 15 ba we 
HK32e 0.32 1.05 1.23 20.0 28.5 0.04 68,500 20 19 0.098 7 
HK32a 0.32 0.98 1.26 20.2 26.1 0.08 78,500 20 20 0.11 4 
HK32 0.32 1.03 1.18 20.0 26.0 0.04 74,000 19 21 0.13 9 ix 
HK32b 6.33 O34 4.29 Fee Sew BOT. cées- 24 0.069 8 2200 
HK29a 0.29 0.95 1.28 17.9 26.0 0.04 78,000 22 28 0.058 5 ae 
HK3la Gao Gio: Suse see weer Meee ko eee 32 0.13 15 ee 
HK32c O42 O32: 4.59 - 20 ek Cae. wines a 33 0.059 8 3500? 
Mean 0.306 0.71 1.16 20.0 26.5 0.11 79,600 19.9 17.1 0.58 12.9 1840 
Median 0.305 0.54 1.25 20.0 264 0.10 79,500 20 16 0.31 13.5 2050 

Rang 
0.28 0.50 0.50 17.9 24.3 0.04 71,750 14 6.7 1.8 4 700 
0.32 1.05 1.62 21.7 28.5 0.29 98,500 28 33.0 0.06 26 3500 
Standard Deviation 7,030 4.0 7.8 0.59 6.5 890 
Probable Error of Standard Deviation 930 0.5 0.9 0.07 0.7 160 
Probable Error of Mean 1,310 0.7 1.2 0.09 1.0 230 


To assist in clarification eighteen available compositions (pro- 
duced over a period of 5 years) were selected that met the require- 
ment of carbon within +0.02 of 0.30% (Table I). Other composi- 
tion variables were necessarily included, but with the exception of 
nitrogen are approximately within the latitude of commercial pro- 
duction. The relative insignificance of these variations may be 
inferred from subsequent tabulations. However, the importance of 
carbon, even within the narrow range selected, should not be mini- 
mized. It is probably not fortuitous that the lowest in creep strength 
has 0.28% carbon and the strongest has 0.32% carbon. (The car- 
bon data used here, being from duplicate determinations, with careful 
research laboratory technique, are probably within 0.01 of the 
true values. It is possible that this group actually represents a range 
from 0.27 to 0.33% carbon. ) 

Each of these eighteen alloys was tested at 1800°F (980 °C) 
with a 6000-psi load, seven received additional testing to permit 
interpolation or short extrapolation to the 0.0001% per hour Limit- 
ing Creep Stress (L.C.S.), and room temperature tensile properties 
were obtained for several. From the group, alloys HK30 and 
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HK30Sil62 were selected as midrange base line compositions and 
subjected to further testing (Fig. 5). 

The applicability of statistical methods to the stress-rupture data 
of Table I is rather limited. If the distribution were normal, about 
*, of the values (68.3%) should fall within +1 standard deviation 
(S.D.). For fracture time this $.D. is about 8 hours (calculated 
as 7.8 hours, but this apparent precision is meaningless in view of 
the small number of cases) and is consistent, including 13 of the 
18 cases. Plus or minus 2 S.D. or +16 hours in this case should 
include 95% of the cases, and here include all but one case. As 
+3 S.D. cover 99.73% of cases for a normal distribution, it is im- 
plied that perhaps one out of a hundred tests would reach or exceed 
a life of 40 hours. However, the distribution is probably skewed, 
as zero life is implied at slightly beyond —2 S.D., which is incon- 
sistent with known behavior. The limited evidence suggests that 
deductions be restricted to the tentative conclusion that the range 
here involved should include about 90 to 95% of similar cases. ~ 

Some of the heats from the univariant series are included in 
Table I, in violation of rigorous sampling procedure. If the included 
composition variables were potent this would be serious. However, 
the series for all elements except carbon provided no positive evi- 
dence of potency and the heats within the range shown were there- 
fore included. Further justification of this is believed to appear when 
compositions in subsequent tables but not in Table I do not expand 
the scatter band, or when a much narrower range, as for the five 
heats with 0.27 to 0.32% carbon and 0.08 to 0.11% nitrogen in Table 
II, does not materially contract it. Though statistical concepts have 
been uséd herein the conclusions are based more on judgment than 
on statistical criteria. 

Cursory inspection of the composition variables in Table I sug- 
gests that nitrogen should be suspected particularly, but the univari- 
ant data do not confirm this with any consistent trend. However, 
to guard against undetected errors from this source the univariant 
tables for carbon, silicon, chromium, and nickel have been held to 
or classified by much narrower nitrogen ranges. 

With base line data and approximate ranges established it is 
easier to evaluate the data in Tables II to VII, which represent series 
with carbon, manganese, silicon, chromium, nickel and nitrogen as 
variables. 

Inspection of the carbon series (Table I1) indicates that frac- 
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Table Il 


The Effect of Carbon on the 1800°F Stress-Strain-Rupture Properties 
of HK (26%Cr-20%Ni) Heat Resistant Alloys 





Stress-Strain-Rupture Properties 
1800 °F—6000 psi 











Chemical Analysis———_————. Life Min. Rate Elong. 
Alloy C% Mn% Si% Ni% Cr% N% Hrs. % per Hr. % 
Group with 0.04—0.06% Nitrogen 
HK12 0.12 0.97 1.26 20.2 26.4 0.04 0.42 32 21 
HK22 0.22 1.02 1.27 20.4 26.0 0.04 6.0 1.24 18 
HK32 0.32 1.03 1.18 20.0 26.0 0.04 ans 0.13 9.0 
HK39 0.39 0.99 1:31 20.4 26.2 0.04 22 0.07 12 
HK39 (Recheck) 40 0.063 10 
HKS50 0.50 0.99 1.25 20.1 26.2 0.05 29 0.088 13 
HK56 0.56 0.91 1.23 19.9 26.2 0.05 38 0.057 10 
HK63 0.63 0.92 1.25 19.9 25.8 0.05 47 0.044 10 
Group with 0.08—0.11% Nitrogen 
HK14 0.14 1.02 1.22 20.1 24.5 0.10 5.3 3.0 29 
HK17 0.17 0.92 1.23 20.1 24.6 0.10 2.9 0.76 10 
HK20 0.20 0.95 1.07 19.3 24.1 0.10 oun 1.3 16 
HK27 0.27 0.98 1.23 20.4 26.0 0.11 7.6 2.3 29 
HK36 0.30 0.53 1.21 19.7 26.3 0.11 > 0.38 15 
HK31 0.31 0.54 1.20 19.9 26.6 0.09 10 1.0 16 
HK32a 0.32 0.98 1.26 20.2 26.1 0.08 20 0.11 4.0 
HK32b 0.32 0.51 a 20.0 26.3 0.08 24 0.069 sun 
Group with 0.13—0.16% Nitrogen 
HK28 0.28 1.05 1.27 20.0 26.5 0.15 8.5 Soe 22 
HK33 0.33 0.53 1.25 18.7 26.7 0.16 20. 0.73 26 
HK37 0.37 0.99 1.27 20.0 26.7 0.14 18. 0.26 12 
HK47 0.47 1.03 1.25 20.0 26.8 0.15 49. 0.088 16 
HK61 0.61 1.10 1.12 20.3 26.5 0.13 75. 0.031 il 
HK71 0.71 0.99 1.17 19.9 26.6 0.14 61. 0.040 13 
HK101 1.01 1.02 1.25 ~“~20.2 26.5 0.13 40. 0.11 30 
HK141 1.41 1.20 1.14 19.7 26.7 0.13 20. 0.44 36 








ture times outside of an 8 to 24-hour range (which includes 24 of 
the 0.28 to 0.32% carbon alloys) occur below 0.20% carbon and 
above 0.39% ‘carbon. The data for fracture time and creep rate 
plot along very: steep lines in the vicinity of 0.30% carbon, revealing 
the extreme potency of this element, and explaining the difficulty 
that was encountered in determining suitable base line values before 
a relatively large group of compositions had been tested. 

Short-time strength and life expectancy increase with carbon 
to a maximum around 0.60% and then appear to decline. A some- 
what similar trend has been noted in the 26%Cr-12%Ni alloys, which 
exhibit lower hot ductility, however. The 1800°F (980°C) duc- 
tility of the 26%Cr-20%Ni alloys at high carbon levels is noteworthy 
and indicates its suitability for carburizing service. 

None of the other elements exhibits a potent effect on the 
1800 °F—6000-psi stress-rupture properties. Probably this applies 
also to longer term behavior at lower loads, but it should be noted 


that it is a probability only and cannot be clarified without many long- 
time tests. 
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Manganese (Table III), when varied over the range from 0.51 
to 2.90%, provides no life values outside +1.15 S.D. (7 to 25 hours) 
derived from Table I, which is limited to 0.50 to 1.05% manganese. 
A slight apparent trend toward lower creep resistance above 1% 
manganese ‘is not great enough to be a matter of concern. 

Silicon (Table IV) from 0.52 to 2.51% provides fracture time 
values between 6.7 and 19 hours. These are covered by the lower 
portion of a + 1.2 $.D. range. As the shortest lived alloy had 0.28% 
carbon and the longest, 0.31%, while all other elements are within 
narrow ranges, it is concluded that a wide silicon range is per- 
missible. The 3.08% silicon specimen had a short life, outside the 
limits of Table I (0.50 to 1.62% silicon) but as it is within —2 S.D. 
it may not be significant. 

This apparent latitude in silicon is noteworthy, as the range 
from 1.5 to 2.5% is desirable for carburizing service. A similar 
attempt to fortify the 26%Cr-12%Ni grade against carburizing 
would lead toward serious structural instability, from ferrite or 
sigma formation. 

Chromium (Table V) from 23.9 to 28.8% and at two nitrogen 
levels yields no direct evidence of effects outside of +1 S.D., but 
since a 24.3 to 28.8% range is included in Table I this is inconclu- 
sive. The 0.04% nitrogen series in Table V, where 24.3 to 28.5% 
chromium is covered by 15 to 21 hours in life, is reassuring. At 
the 0.50% manganese and 0.11% nitrogen level the 1800 °F—4000- 
psi tests suggest optimum strength at 26.3% chromium. Also, the 
combination of 0.32% carbon with short (8.1 hours) life at 28.8% 
chromium, which incidentally is outside of the 24 to 28% range indi- 
cated for production, suggests a weakening effect. However, in 
view of the profound effect of carbide habit, as discussed under met- 
allography, these last two points are dubious conclusions. 

Two values of 43 and 41 hours for 12.8 and 15.9% nickel in 
Table VI are outside the expected range of Table I, which includes 
17.9 to 21.7% nickel, suggesting that there may be some significant 
difference between 26% Cr-20% Ni and the lower nickel types. How- 
ever, the figures for a base line 26%Cr-12%Ni heat (13) and for a 
26% Cr-35% Ni heat are close to the 26%Cr-20%Ni median. It is 
difficult to conclude that the high values are not due to experimental 
error or to other variables. They would have been checked had not 
the supply of test bars been exhausted for other purposes. 

Practically, the nickel range for HK production is believed to 
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Table Vil 


a Properties at 1800°F for HK30 (26%Cr-20%Ni) Alloys 
ith Nitrogen Content as a Variable 


————_Chemical Analysis Temp. Stress Life Rate Elong. 
Alloy C% Mn% Si% Ni%® Cr%e NG °F psi Hrs. %-Hr. %-2” 
HK32 0.32 1.03 .18 20.0 26. 0.044 1800 6000 21 0.13 9.0 
HK32a 0.32 0.98 .26 20.2 26. 0.080 1800 6000 20 0.11 4.0 
HK28 0.28 1.05 .27 20.0 26. 0.147 1800 6000 8.5 te 22 


HK32b 0.32 0.51 25 2.0 26. 0.075 1800 6000 24 0.069 7.5 
HK30 0.30 0.53 21 ey... 0.105 1800 6000 17 0.38 15 
HK32c 0.32 0.52 (RO Be a 0.228 1800 6000 33 0.059 8.0 
HK29 0.29 0.54 30 2.0 26. 0.292 1800 6000 14 0.89 26 





te 
iP wws umd 


be limited on the minimum side by the desirability of complete aus- 
tenite stabilization and on the maximum by economic considerations, 
nickel being the most expensive component. It should be noted that 
the HI grade, which was popular for magnesium retorts operating 
at 2150 °F (1175 °C) during the war, bridges the gap between the 
26% Cr-12% Ni and 26%Cr-20% Ni types. 

Nitrogen has been suspected as an important variable in the 
HK alloys. However, at two manganese levels it provides only one 
fracture time outside of an 8 to 24-hour range, and more signifi- 
cantly, exhibits no consistent trend (Table VII). Interpreting the 
lowest value in view of its associated 0.28% carbon content it seems 
probable that 0.04 to 0.29% nitrogen causes no greater spread than 
0.23 to 0.29%. The range of 0.04 to 0.29% covéred here is con- 
siderably greater than would be encountered in normal commercial 
production. Nitrogen is seldom added intentionally to these alloys, 
any pickup obtained being due chiefly to reaction between the chro- 
mium in the bath and nitrogen in the air during melting. 


Table Vill 
Cobalt as a Substitute for Nickel in Cast 26%Cr- eee Alloys 








Chemical Analysis 


Alloy C% Mn% Si% Ni% Cr% Co% N% 
HK30Si162 0.30 0.58 1.62 20.1 26.7 es 0.10 
HK30 0.30 0.53 1.21 19.7 26.3 ke 0.11 
26CriONi10Co 0.34 0.62 1.29 9.9 26.1 9.9 0.15 
26Cr20Co 0.30 0.58 1.21 0.3 26.7 19.4 0.12 


Temp. Stress Life Rate Elong. Temp. Stress Life Rate Eléng.’ 
Alloy °F psi Hrs. %-Hr. %-2” °F psi Hrs. %-Hr. %-2” 


HK30Si162 1800 6,000 13.4 0.35 12 1800 4000 157 0.009 10 
HK30 1800 6,000 16.9 0.38 15 1800 4000 194 0.006 6 
26CriONi10Co 1800 6,000 13.7 1.1 24 1800 4000 73.8 0.16 19 
26Cr20Co 1800 6,000 42.9 0.13 8 abe ech ee <onn s 
HK30 1600 10,000 18.3 0.23 6 1600 8000 83 0.029 3 
26CriONil0Co 1600 10,000 13.3 0.42 il 1600 8000 46 0.14 12 
26Cr20Co 1600 10,000 40.7 0.07 6 1600 8000 116 0.013 4 
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Cobalt is seldom reported separately in analyses of heat resistant 
alloys unless it has been intentionally added. It generally is con- 
sidered the equivalent of nickel. Because of recent interest in cobalt- 
base and chromium-cobalt-nickel heat resistant alloys, two composi- 
tions that represent partial and complete substitution of cobalt for 
nickel in the 26%Cr-20% Ni alloy are presented in Table VIII. 

Despite the 0.34% carbon, which should have some strengthen- 
ing effect, the substitution of cobalt for half of the nickel exhibits 
no advantage except perhaps a slightly higher ductility. Complete 
substitution provides a stronger alloy about +3°S.D. above the base 
line life expectancy. This is probably significant and might be 
worthy of further study and exploitation were cobalt not so expen- 
sive. Commercially, a strength increment of this magnitude is not 
justified at the price of cobalt; probably an increase from 0.30 to 
0.48% carbon would produce a comparable improvement. 

In Table IX the transitions in stress-rupture properties at 
1400 °F (760°C) and 1600°F (870°C) from 0.10 to 0.30% car- 
bon are shown. The expected trends in hot strength and room tem- 
perature ductility appear, but some anomalies suggest the same vari- 
ables encountered in the base line survey. 


CREEP STRENGTH 


The commonest American convention for reporting creep 
strength is the Limiting Creep Stress (L.C.S.) for a designated mini- 
mum (secondary) strain rate under constant stress. For the purpose 
of this, paper the term will apply to the 0.0001% per hour (1% per 
10,000 hours) rate. It should be noted that this is not necessarily 
a suitable design stress as the life expectancy above 1400°F 
(760 °C) at the L.C.S. may be considerably less than a year. Scatter 
bands for L.C.S. and for 1000-hour rupture stress frequently over- 
lap when plotted against temperature. 

Life expectancy is related to creep strength, being dependent 
upon it and on ductility. As used here the term implies constant 
stress and constant temperature conditions. A term corresponding 
to L.C.S. would be Limiting Rupture Stress (L.R.S.) for a desig- 
nated fracture time. Thus, LRS-1000 may conveniently indicate 
the stress that will produce fracture in 1000 hours. It is practicable 
to obtain the shorter L.R.S. values (10, 100, and 1000 hours, for 
example) from test data with small probable errors. Few longer 
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Table 1X 
Properties of HK (26%Cr-20%Ni) Alloys Between 0.10 and 0.30% Carbon 
As-Cast 
Chemical Analysis Tensile Strength Elongation 
Alloy C% Mn% Si% Ni% r% N% psi %-2" 
HK10 0.10 0.87 1.24 18.9 24.2 0.05 71,000 46 
HKi2 0.12 0.97 1.26 20.2 26.4 0.04 68,250 46 
HK14 0.14 1.02 1.22 20.1 24.5 0.10 77,750 41 
HK17 0.17 0.92 1.23 20.1 24.6 0.10 75,750 36 
HK20 0.20 0.95 1,07 19.3 24.1 0.10 84,000 36 
HK20a 0.20 0.92 1.36 21.0 24.2 0.15 84,500 32 
HK22 0.22 1.02 1.27 20.4 26.0 0.04 75,250 29 
HK27 0.27 0.98 1.23 20.4 26.0 0.11 90,750 26 
HK28 0.28 1.05 1.27 20.0 26.5 0.15 92,750 15 
HK30 0.30 0.53 1.21 19.7 26.3 0.11 71,750 16 
Stress-Strain-Rupture Properties at 1600 °F 
Stress Life te Elong. Stress Life Rate Elong. 
Alloy psi Hours % /Hr. %-2”" psi Hours % /Hr. %-2" 
HK10 8000 2.5 2.1 8 5,000 23 0.13 3 
HK12 8000 1.8 a3 a 2 ee A weed » 
HK14 8000 14.8 0.28 8 5,000 218 0.010 6 
HK17 8000 4.9 0.26 6 5,000 79 0.013 4 
HK20 8000 24.7 0.078 7 5,000 194 0.0053 3 
HK20a 8000 66.4 0.017 Ba gia ie th oes ‘ 
HK22 8000 22.6 0.11 Be + © saa sie: 7  eeeds ; 
HK27 8000 33.9 0.34 12 10,000 9.7 1.1 18 
HK28 8000 33.6 0.20 10 10,000 11 0.75 14 
HK30 8000 83 0.029 10 10,000 18 0.23 6 
—_—————St ress-Strain-Rupture Properties at 1400 °F 
Stress Life te Elong Stress Life Rate Elong. 
Alloy psi Hours % /Hr. %-2" psi Hours %/Hr. %-2" 
HK10 15,000 3.3 1.8 15 10,000 35 0.14 7 
HKi12 15,000 2.9 2.4 eee otk uate . 
HK14 15,000 26 0.078 4 10,000 232 0.011 6 
HK17 15,000 18 0.12 4 10,000 111 0.013 5 
HK20 15,000 43 0.029 3 10,000 247 0.0068 5 
HK20a 15,000 82 0.039 P<: kale iin il kee eke s 
HK22 15,000 21 0.088 ie a Some ae Bek Stee ae ; 
HK27 15,000 54 0.18 18 20,000 13 . 86 22 
HK28 15,000 66 0.10 12 20,000 13 0.44 10 
HK30 15,000 97 0.047 9 20,000 23 0.17 8 





tests on cast 26%Cr-20% Ni are available, however, and extrapola- 
tion is fraught with uncertainty. 


Fracture time and creep rate data are usually plotted against 


stress on logarithmic co-ordinates, as in Figs. 4 and 5, though some 
workers prefer semilogarithmic or hyperbolic sine plots. The true 
relationship is masked by experimental errors and consequently is 
controversial. Considerable experience with the austenitic alloys 
suggests that a straight line on log-log paper is the nearest convenient 
approximation. However, it may well develop that a slight curva- 
ture concave downward on plots such as in Fig. 5 may represent 
the true relationship. 

Structural damage, as by selective intergranular oxidation, may 
cause breaks in the log-log plot (31). Such occurrences further 
complicate extrapolation. The combination of circumstances men- 
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Fig. 4—Plot of Creep Characteristics of Low-Carbon 26%Cr-20%Ni Alloys. 
Clark and Freeman (10), Timken (1). 
Code C% Mn% Si% Ni% Cr% N% History 


HK10 0.10 0.87 1.24 18.9 24.2 0.05 As-Cast 
310ON_ 0.11 0.58 0.75 20.7 23.6 = Cold drawn—1700 °F—A.C. 





3100 0.11 £0.58 0.75 # £20.7 #23.6 eee Cold drawn—2150 °F—W.O. 
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— Chemical Analysis — 
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ad 0.30 0.58 1,62 20.1 267 0.10 
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0.000! 0,00! 0.01 0.1 1.0 % per Hour 


Fig. 5—Plot of Creep Characteristics of HK30 26%Cr-20%Ni Alloys. 
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tioned above makes it imperative that log-log extrapolations be con- 
sidered to represent maximum life expectancy. Minimum life ex- 
pectancies would be more useful for design purposes but the proce- 
dure for obtaining such values by extrapolation, without being ex- 
tremely conservative, has not been clarified. 

With’ these qualifications, plots of creep rate and fracture time 
are presented in Figs. 4 and 5, representing 0.10 and 0.30% carbon 
levels. The trend between these ranges may be inferred from Tables 
II, IX and X, and the possible scatter in values from Table I. 

In general, the procedure has been to delineate the behavior of a 
composition with the minimum practical number of tests as this per- 
mits the survey of more analyses with the same effort. The latter 
consideration for the 26%Cr-20% Ni type has been more than usually 
important because of the range of properties encountered. For com- 
pleteness, it would have been desirable to include more long-term 
rupture tests but because the engineering demand for such data has 
not been clarified for the 26%Cr-20% Ni grade, and because a break 
in the linear relationship just beyond the longest test may invalidate 
extrapolation, this work has been postponed. It should be noted 
that for the conventional design stress (50% of the L.C.S.), which 
is conservatively below the 0.00001% per hour (1% per 100,000 
hours) Limiting Creep Stress that is sometimes employed for design, 
tests lasting from 2 to 10 years might be required to confirm the indi- 
cated fracture time. 

Testing of the two HK30 heats close to the median in Table I 
was extended to provide base line L.C.S. and 100-houf rupture stress 
values at 1400, 1600, 1800 and 2000 °F (760, 870, 980 and 1095 °C). 
These two compositions are included in the composite log-log plot of 
Fig. 5 and form the basis of Fig. 6,5 which permits convenient inter- 
polation to obtain the L.C.S. or 100-hour fracture at any temperature 
between 1400 and 2000 °F (760 and 1095 °C). 

The extent of scatter bands is a matter of importance that has 
received too little attention in the testing of heat resistant alloys. 
This is understandable as it reflects the time consuming and expensive 
nature of creep testing. The expedient of using a standardized 
stress-strain-rupture test, as was done in this work, is less rigorous 
than more comprehensive programs, as represented by Fig. 5, but 
~ 8The design stress line on this graph is an arbitrary value based on one-half of the 
L.C.S. It is generally satisfactory at temperatures below 1800 °F, but its applicability 
above this range should be accepted with caution. At extremely high temperatures shorter 


service life is customarily considered acceptable. If close design calculations are required 
the data should be derived from Fig. 5 or a similar plot, rather than from Fig. 6. 
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Table X 
Summary of Creep and Rupture Properties 





-—— 1400 °F ——.. ——1600 °F. 
L.R.S. L.R.S. 
L.C.S. —100 L.C.S. —100 





Chemicai Analysis 











Alloy C% Mn% Si% Ni%® Cr%e NF psi psi psi psi 
HK10 0:10... 0.87 4.24. 13.9 ._234.2.:08 . 2000 8,300 1400 3750 
HK1i4 O.f8"- 3.08 2.28 Be ee Be ks oa I wee 5000 
HK17 0.17 0.92 1.23 20.1 24.6 0.10 10,000 te 4800 
HK20 6:25 0:96 1.00 - 99.8 Bick 3 ee ak eS 5800 
HK27 0.27 0.98 1.23 20.4 26.0 0.11 4000 13,500 tte 6700 
HK28 0.28 1.05 1.27 2.0 26.5 0.15 pind oT Se eee 6400 
HK28Si52 0.28 0.52 0.52 20.0 26.5 0.08 4000 11,000 
HK30Si84 0.30 0.53 0.84 20.0 26.5 0.10 S05. ~ i peeews 
HE3IGGNG2- @.30 @36 1.62 - 2.4 26.0 0.80 SISO incr cx eee cant 
HK30 0.30 0.53 1.21 19.7 26.3 0.11 5800 15,000 3800 7900 
HK32a 0.32 0.98 1.26 20.2 26.1 0.08 hier 14,500 ‘ene 8000 
HK32b 0.32 0.51 1.25 20.0 26.3 ue 6. a cokes wines 8200 
HK32c 0.32 0.52 1.19 19.9 26.3 ou a. Beem ens 9000 
HK32Si50 0.32 0.50 0.50 19.9 Beee - eee Néece | 5 ckade aa ors éuea 
HK32d 0.32 0.51 fae ee See ee a dias 6500 
HK33a 0.33 0.51 1.25 20.0 23.9 mt ) BR eee ee wee 6700 

1800 °F———-. 2000 °F ———.. 
L.R.S. L. 
L.C.S —100 CS, —100 
Alloy psi psi psi psi 
HK10 os cs ; 
HKi4 
HK17 
HK20 
HK27 ae TSE 
HK28 700 3500 
HK28Si52 ey 3600 
HK30Si84 1300 3800 
HK30Si162 2050 4300 tn nae 
HK30 2250 4250 750 2250 
HK32a a sigs “e% io 
HK32b 2200 4600 
HK32c 3500? 4800 
HK32Si50 Rs 3600 
HK32d 900 3600 
HK33a 1050 3700 
L.C.S. =Limiting Creep Stress for 0.0001% per hour min. creep rate. 
L.R.S. —100 =Limiting Rupture Stress for fracture in 100 hours. 


is believed to be a practical compromise with the limitations of 
time and expense. 

The correlation of production techniques with test programs 
such as this, and their control to produce scatter bands of minimum 
width, are important. Unless heat resistant alloys are made under 
such control considerably greater safety factors, usually incorporated 
as lower design stresses, are advisable. 

Scatter bands have been omitted from Fig. 6. They might have 
been shown covering ranges derived from Table I and associated 
tests but as such would typify a period of exploration and identifica- 
tion of variables and would not be representative of present practice 
in a foundry employing quality control techniques. Since a major 
cause of the scatter is known, as described later under metallography, 
the serious spread in Table I can be reduced. 
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Austenitic chromium-nickel-iron alloys in general will exhibit 
about the same creep characteristics below 1500 °F (815°C) under 
either constant or cyclic temperature conditions. Above 1500 °F 
(815°C) there is a marked tendency for cyclic temperatures to 
produce abnormally high creep rates, thus modifying design calcu- 
lations. Testing of one HK alloy to fracture at 1800 °F (980 °C) 
under the two conditions is reported in Table XI. The effects of 
cycling appear small in comparison to earlier observations on 26%Cr- 
12%Ni and 16%Cr-35%Ni alloys, but pending further tests no con- 
clusions are being drawn. This is a subject of current research. 
Likewise, the higher ductility of the cyclicly heated specimen cannot 
yet be attributed to the test conditions. 


Table XI 
Cyclic Versus Constant Temperature Creep Behavior of HK31 Alloy 
Chemical Analysis-———————_,, 
C% Mn% Si% Ni% Cr% N% 
0.31 0.53 1.20 19.9 26.6 0.09 
Temp. Stress Life Rate Elong. 

°F psi Hrs. %—Hr. %—2 In. Test Cycle 

1800 2500 503 0.0054 7 Constant Temperature 

1800 2500 948(a) 0.005 (b) 11 6 Hrs. Heating, 6 Hrs. at 1800 °F. 

0.020(c) and 12 Hrs. Cooling to Below 200 °F 





(a) Totals of 237 hours heating, 237 hrs. at 1800 °F and 474 hours cooling. 
(b) Calculated on basis of time above room temperature. 
(c) Calculated on basis of time at 1800 °F only (% of cumulative time). 


Cast VeERsUus WroucHt 26%Cr-20%N1 ALLoys 


Two salient differences between cast and wrought alloys involve 
carbon content and grain size. The former is a result of commercial 
practice and experimentally can be eliminated as a variable. The 
latter is inherent. By pouring temperature control the cast grain 
size may be varied widely, but the smallest crystals are relatively 
coarse in comparison with those of wrought parts. An additional 
and probably important associate of the coarse grains of cast alloy 
is the segregated nature of the metal. Within the grains coring 
produces a network of cells characterized by a radial concentration 
gradient of carbon and probably of other elements. This segrega- 
tion is largely destroyed in hot working but it persists throughout 
the normal life of most heat resistant castings. 

While it is relatively impractical to duplicate the finer wrought 
grain sizes in castings, grain growth in rolled stock is possible by 
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Fig. 6—Semilogarithmic Plot of Temperature Versus Limiting Creep 
Stress and Fracture Time for HK30 26%Cr-20%Ni Heat Resistant Alloys 
Under Constant Temperature Conditions. 


heat treatment. This procedure for obtaining a range of grain size 
in wrought 25%Cr-20% Ni has been described by Clark and Freeman 
(10) who compare room and high-temperature tensile properties, 
creep and rupture strength, and microstructural changes of a 0.11% 
carbon, 23.6% chromium, 20.7% nickel alloy (see Fig. 4) in 2/4 
and 8+- grain sizes. However, the coarse grains were obtained by 
heating to 2150°F (1175 °C), which is sufficient to dissolve car- 
bides, perhaps promote homogenization by diffusion, and condition 
the alloy to precipitate carbides at testing temperature in a manner 
differing from that of the finer grained alloy normalized from 
1700 °F (925°C). It was indicated that the differences in creep 
and rupture strength were too great to be acceptably explained by 
grain size alone, especially as a 0.06% carbon 18%Cr-8%Ni did not 
exhibit similar behavior, and evidence of considerable microstructural 
differences in addition to grain size was presented. 

It should be noted that the grain growth treatment at 2150 °F 
(1175 °C) is also a solution heat treatment, which in conjunction 
with subsequent precipitation is known to affect considerably the 
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properties of austenitic heat resistant alloys, especially at elevated 
temperatures (32). The usual result is increased strength and 
lower ductility in addition to a coarser grain size. 

There has been some interest in castings of low carbon 26%Cr- 
20% Ni for: the static parts of gas turbines. The properties of such 
materials permit comparisons with wrought alloys of similar carbon 
content. The most comprehensively reported wrought 25%Cr- 
20% Ni is the 0.11% carbon heat (1), (10) that Clark and Freeman 
employed for their grain size experiments. When their 1400 °F 
(760 °C) creep rates are plotted along with those from a cast 0.10% 
carbon heat (Fig. 4) the two conditions of heat treatment for the 
wrought 25%Cr-20% Ni straddle the as-cast HK10 plot. The grain 
size of the HK10 specimens is larger than that of the 2150 °F 
(1175 °C) quenched group, indicating that grain size as such, as 
suspected by Clark and Freeman, is not responsible for the difference 
in properties. 

For the cast alloys an increase of carbon from 0.10 to 0.30% 
approximately doubles the creep strength and 100-hour L.R.S. 
Wrought steels could probably benefit similarly from the effect of 
carbon with the limitation that hot working becomes more difficult 
with increasing hot strength. Foundry difficulties decrease as carbon 
is increased, contrasting with the opposite trend in the manufacture 
of wrought products. Thus, castings should assume a preferred 
position as hot strength becomes more important. 


- 


THERMAL EXPANSION 


The cast 26%Cr-20%Ni alloy at 0.30% carbon does not differ 
greatly in thermal expansion from the 26%Cr-12%Ni or the 16%Cr- 
35%Ni types, being intermediate between these two. Average ex- 
pansion coefficients, as determined on the HK30 base line heat, are 
included in Fig. 6. 

It should be noted that carbide precipitation will cause some 
contraction in volume at the higher temperatures, and that a dimen- 
sional change of this type may be subtracted from the thermal ex- 
pansion. This ordinarily is not a matter for concern, however. 

While the observed differences in expansion are small for all 
of the austenitic chromium-nickel-iron alloys, the significance of such 
differences may be greater than is apparent. As expansion and con- 
traction are the sources of thermal stresses, under certain conditions 








NE EERE SR RIE OE PF eg RINE RRR TT MRR TIM FO aR PR erm 


ne PAROS * eC E- AA NPT eeNE Sme 


ht 





554 TRANSACTIONS OF THE A. S. M. Vol. 40 


a 5 or 10% difference in expansion may be critical. Until more 
experimental evidence is accumulated this can only be stated as a 
tentative opinion, to be used later in discussing thermal fatigue re- 
sistance, but it is worthy of consideration. 


THERMAL STRESSES 


The seriousness of the stresses that can appear, if the thermal 
contraction of an alloy is hindered, is well known. They have re- 
ceived attention in previous publications (14), (33), (34) and a brief 
description of a technique for measuring hindered contraction 
stresses has been given. When the stresses from such testing are 
plotted against temperature, a graph like Fig. 7 is obtained. This 
can serve two functions: It may first indicate the magnitude of ther- 
mal stresses that can develop and it also provides a quick criterion for 
determining at what temperature heat treatment must be conducted 
to reduce residual stresses below a certain level. Above the corre- 
sponding temperature point on the graph, any stress that is applied 
to the alloy will rapidly fall by plastic deformation to the value in- 
dicated by the curve. It will also slowly decrease beyond this figure 
but with continual deceleration. 

Hindered contraction stresses are believed to be the primary 
cause of “thermal fatigue’, the failure by cracking that character- 
istically occurs when very rapid heating and cooling cycles are in- 
volved. The checking and crazing of permanent molds and of fix- 
tures in heat treating furnaces are typical examples. If on a heating 
cycle the stresses do not exceed the elastic properties of the material 
and plastic flow does not result, it is not expected that thermal fatigue 
failures will be a problem. At the other extreme, where consider- 
able plastic flow occurs on each heating cycle, the piastic behavior 
of the material and its ability to deform without cracking during 
the cooling phase are considered to be important. 

Most of the commercial heat resistant alloys will fail near room 
temperature in a hindered contraction test like that reported in Fig. 
7. A few will withstand one or two more cycles, exhibiting consid- 
erable final elongation. In the study of the 26%Cr-20%Ni alloys 
this same behavior was encountered. The summary of Table XII 
indicates the stresses and the total elongation that occurred before 
fracture for several of the alloys. The inverse relationship between 
strength and ductility is apparent at and below 0.20% carbon. The 
HK27 alloy is an exception to this trend. 
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Some strengthening effect is evident when a cycle is repeated 
on the same specimen. This is tentatively attributed to carbide pre- 
cipitation that was induced by stress and temperature during the 
previous cycle. 

Deformation history apparently is reflected in later behavior, as 
a cycle from 2000°F (1095°C) is more severe than one from 


70 


Fractured at 200°F—9 


Stress from Hindered Contraction-|OOOpsi 





2000 1600 1200 800 400 0 
Temperature °F 

Alloy 6% Mn% Si% Ni% Cr% N% 

HK-200 0.20 0.92 1.36 21.0 24.2 0.154 


Initial Stress Cooling Rate Total Total 

at 2000°F (I200-I000°F) R.T, R.T. 
psi °F /min. Elong.% R.A.% 
350 22 17.0 20.9 


Fig. 7—Typical Plot of Hindered Contraction 
Stresses Versus Temperature for an HK20 Alloy. 


1800 °F (980°C). Thus, for HK20 the elongation between 2000 
and 1800°F (1095 and 980°C) may have operated, perhaps by 
incipient structural damage or by accelerated carbide precipitation, 
to reduce disproportionately the ductility in the lower temperature 
range, with the result that total elongation at fracture is lower. The 
validity of these possibilities and the ramifications of behavior under 
hindered contraction conditions have not yet been thoroughly ex- 
plored experimentally. 
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Table XII 
Hindered Contraction Stresses Characteristic of 26%Cr-20%Ni Alloys 
-——Initial— No. Hindered Contraction Stress (1000 psi) Total 
Alloy Temp. Stress Cy- -~———————Developed at Temperature (°F) of: Elong. 
(a) °F psi cles 1800 1600 1400 1200 1000 800 600 400 200 0 
HK1i0 2000 200 6+ 2/5 6/9 12/18 23/28 32/35 37/40 43/45 48/50 54/57 118 (b) 
HKi4 1800 10,000 1i-— 8 14 25 35 41 45 a +e ie 14 
HK17 2000 200 i- e 14 24 ee * 38 44 50 54 ws 13 
HK20a 2000 350 1 5 10 18 32 40 46 53 60 66 17 
HK20 2000 200 1-— 8 15 25 34 41 46 ee “a 5s 13 
HK20 1800 3,000 1+ . 11/17 22/29 30/40 38 45 $2 58 65 17 
HK27 1800 10,000 1+ 10 15/17 27/30 39/45 47 53 60 66 74 23 
HK31 2000 5,000 1 8 14 25 36 44 50 57 62 21 


(a) See Tables II and IX for detailed analyses. 
(b) Residual room temperature properties after 6 cycles: T.S. =96,600 psi 
Elong. =17% 
R.A, =32 oO 


It is noteworthy that HK10, the alloy exhibiting the lowest hot 
strength in this study, performed remarkably well in the hindered 
contraction test. It withstood six complete cycles from 2000 to 
200 °F (1095 to 95°C) with a total elongation of 118%. The 
elongation value is especially significant because it represents plastic 
behavior over the entire temperature range covered, evidencing rela- 
tive freedom from brittleness at any intermediate temperature. The 
specimen not only elongated surprisingly during the six cycles, but 
it afterward gave 96,600 psi ultimate tensile strength and 17% 
elongation in a conventional room temperature tensile test. This 
material provides an impressive example of the importance of duc- 
tility in resisting failure under thermal stress conditions. 

This weak HK10 alloy is not necessarily recommended for ther- 
mal fatigue service, however. Its relatively low hot strength may 
subject such a material to deformation, and thus eventually exhaust 
its outstanding ductility, where a stronger material might continue 
to operate without appreciable plastic flow. It is suggested for ex- 
perimental use for short-term applications where plastic flow cannot 
be avoided. Other evidence suggests that it might become brittle 
from sigma precipitation after sustained heating in the vicinity of 
1400 or 1600 °F (760 or 870°C). This might limit its usefulness 
in industry. 

The 26%Cr-20% Ni alloys have received less industrial utiliza- 
tion than their merits deserve. As a consequence the field experience 
that clarifies their adaptability to special applications is scant. Where 
a complex of factors, rather than one or two obvious properties, 
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controls behavior, as in the case of thermal fatigue® that is associated 
with cyclic heating service, field experience is especially necessary. 
Laboratory tests can provide a better understanding of field per- 
formance but, until they are correlated with it, they cannot be used 
with assurance for prediction. 

With this qualification the probable behavior of 26%Cr-20%Ni 
in cyclic heating and stressing service (as contrasted with cyclic 
heating under constant load) will be briefly discussed. Thermal 
fatigue behavior is believed to depend on thermal expansion co- 
efficients, thermal conductivity, hot strength at the maximum tem- 
perature involved and ductility at the minimum temperature. The 
role of ductility at intermediate temperatures is obscure. 

High hot strength and good cold ductility represent a favorable 
combination but, as these are generally opposing properties, com- 
promises are required. Data for comparing several commercial 
alloys are presented in Table XIII. Note that the data have been 
oversimplified to make these comparisons; scatter bands and sensi- 
tivity to carbon content may considerably complicate the problem. 

The data of Table XIII suggest that the HK30 type will exhibit 
thermal fatigue behavior intermediate between commercial HT 
(16%Cr-35%Ni) and austenitic HH (26%Cr-12%Ni) alloys. At 
0.30% carbon, it has more thermal expansion and lower creep 
strength at 1600°F (870°C) than HT44 (1600 °F was chosen as 
an average maximum for heat treating service), though it has 
higher room temperature ductility. However, if carbon is in- 
creased to 0.44% to be comparable, the higher creep strength ex- 
pected would be offset by a drop in elongation to about 13% as-cast 
and 4% after aging 24 hours at 1400 °F (760°C) (Fig. 3). The 
difference in thermal expansion would still be unfavorable. 

Compared with 26% Cr-12% Ni at 0.30 to 0.32% carbon, the 
creep strength is better and cold ductility is about equal. As the 
HH32 creep value is conservative (13) the superiority in creep 
strength may be apparent rather than real. The scatter band for 
HK30 alloys is wide (Table 1); for the wholly austenitic HH30 
grade it has not been established. To do so would require very close 
control of all elements for a group of heats. However, if a survey 
were made on a commercial basis, using composition ranges for man- 
ganese. silicon, nickel, chromium, and nitrogen as wide as those in 


°This term and its associated conditions have been analyzed in more detail in refer- 
ence 14, 
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Table XIII ; 
Comparison of Properties Considered Pertinent to Thermal Fatigue Behavior 





Thermal Expansion In Range of 800 to 1500°F-. 
(Linear Expansion Coefficient In Microinches per Inch per °F) 


RE oss Pere Phe K wake a on 16%Cr-35ANi 26%Cr-20%Ni 26%Cr-12G%Ni 
eae "HT44— °HK30— Hn Rita? 
a... tk 9.7 10.0 11.0 10.9 





Limiting Creep Stress (b) of Base Line Composition at 1600°F 
(psi for Minimum Creep Rate of 0.0001% per Hour) 








ee Tg a ee has cuba 16%Cr-354Ni 26%Cr-20%Ni 26%Cr-12%Ni 
ak Gaietb.ce ew... °HT44 HK30- Hage ftiss 
RR Reid ei a oh a ae a 5000 3850 3200 4600 
Tensile Properties at Room Temperature-————______ 
SE es 05 0 5 5A at 40S beh 16%Cr-35%Ni 26%Cr-20%Ni ig engl 
eee STAD y Minis Oe aces ike HT44 HK30 HH 32 H44 
As-Cast 
Tens. Strength—psi:.............. 63,750 71,750 82,000 [68,000 
Elongation—% (c):.............. {11} 8.5 [21] 16 [21] 15.5 {13 
Aged at 1400°F 
for 24 Hrs. 
Tens. Strength—psi.............. 88,000 78,000 89,000 89,200 
Elongation—%:........i.......+- (6) 5.5 {9} 7.5 {8} 7.0 [4) 4.3 





(a) Note that the numerals designate carbon content in hundredths of a per cent. 

(b) The HT value is well substantiated as an average figure, the HK value represents the 
median of Table I, the HH32 (13) value is conservative for substantially austenitic ys at this 
carbon content, and the HH44 value is consistent with tests made on several heats. 

(c) Expected values in brackets; the other figures are from actual tests. 


Table I, the spread in properties probably would be at least as great, 
as many of the heats would be partially ferritic because of the border- 
line nature of the 26%Cr-12%Ni composition. Assuming then that 
the HK30 and HH30 grades are comparable in mechanical proper- 
ties, the difference in thermal expansion remains favorable to the 
26% Cr-20% Ni type. 

Thermal conductivity data that would contribute to these com- 
parisons, are not available in the literature and have not yet been 
included in current experimental programs. 


RESISTANCE TO CARBURIZATION 


The cast 26%Cr-20% Ni alloys have not yet attained a well- 
founded reputation as being suitable for carburizing service, though 
they have proved successful in a number of such applications. Suit- 
ability depends chiefly on two factors: The change in properties as 
carbon is absorbed and the relative resistance to carburization. Like 
the other austenitic heat resistant alloys, the HK grade loses room 
temperature ductility as carbon increases. However, unlike the 
26%Cr-12% Ni type, which embrittles rapidly at elevated tempera- 
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tures as carbon increases, the 26%Cr-20%Ni alloys retain consider- 
able hot ductility up to 1.5 or 2% carbon. This behavior is similar 
to that of the HT (16%Cr-35%Ni) alloy that is most popular in 
carburizing service. The relative resistance to carburization seems 
to fall between that of the 26%Cr-12%Ni and 16%Cr-35%Ni 
grades at the same silicon level in pack carburizing. Silicon is known 
to inhibit carburization and is perhaps the most important variable 
to be considered for such service. The effect has been established 
for cast alloys of the HH and HT grades (22) and also for wrought 
26%Cr-20% Ni (6). 

The behavior of this material under gas carburizing conditions 
is becoming of increasing importance because of the trend of large 
installations away from pack carburizing. Heat resistant alloys 
have made important contributions to this practice, having solved the 
crucial problem of a gas-tight container sufficiently strong, tough, 
and heat resistant to withstand industrial usage. The early ceramic 
refractory retorts persistently failed readily by cracking (35) and 
considerably retarded development of the process. 

Gas carburizing alloys serve as retorts, muffles, and radiant 
heating tubes. The first two are subject to carburization on the 
inside and attack by combustion gases on the outside. The nickel 
predominating alloys, such as 16%Cr-35%Ni and 12%Cr-60%Nii, 
are popular for such service because of their resistance to carburiza- 
tion and because of their retention of good hot ductility even after 
the absorption of considerable carbon. However, they are vulner- 
able to reducing combustion gases containing considerable sulphur 
(14) and restrict the type of fuel that can be satisfactorily used. 

Radiant tubes work under reversed conditions, carrying flame 
and combustion gases within and being subject to carburizing gas 
without. As they serve as heating elements, the inside temperatures 
are higher and hot gas corrosion conditions more severe. This accen- 
tuates the problem of high sulphur fuel, which is frequently less 
expensive than natural gas, etc. 

The 26%Cr-20%Ni alloys have superior general resistance to 
hot gases, including those containing sulphur and carbon monoxide 
(the most severe condition for high nickel alloys). This feature may 
be advantageously employed together with excellent resistance to 
carburization when the 26%Cr-20%Ni alloy contains sufficient sili- 
con, as demonstrated in Fig. 8 from a gas carburizing experiment 
(30% methane-70% nitrogen atmosphere), which achieved very 
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strong carburizing action. Silicon additions can be tolerated by the 
HK30 base without being thrown out of balance, whereas a similar 
addition to HH30 (26%Cr-12%Ni) would drastically modify its 
properties. (Fig. 1 and Table IV indicate the reserve of austenite 
stability in the HK range and the small effect of 2% silicon on 
1800 °F (980 °C) properties.) 
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Fig. 8—Relative Resistance of Several Heat < ese 
Resistant Alloys to Gas Carburizing in Methane === t= 


for 100 Hours at 1760 °F (30% Methane + 70% 
Nitrogen—5 Cycles of 20 Hours Each). 


The 30% methane. atmosphere cracked at carburizing tempera- 
ture and deposited considerable soot. Experiments were also con- 
ducted with mixtures approximately in equilibrium, conforming 
nearer to modern practice. With about 38%H,, 18%CO, 369%N.,, 
and 8% CH, much less sooting and a lower carburizing potential were 
apparent but the same trends in behavior, especially the protective 
effect of silicon, were observed. 


Hot Gas Corrosion RESISTANCE 


The surface stability of most heat resistant alloys is so generally 
satisfactory that it is frequently taken for granted. [It should be 
considered carefully in the evaluation of such materials, however. 
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At 1600 °F (870°C) most of the chromium-nickel-iron types con- 
taining above 16% chromium are satisfactory in air. As tempera- 
tures rise, however, or as other reagents appear in the hot gases, 
considerable differences in behavior may develop. The high nickel, 
low chromium types, such as 16%Cr-35%Ni and 12%Cr-60%Ni 
appear to be particularly susceptible to attack by sulphur, either in 
the elemental form or as H,S. Consequently, they are not suitable 
for use in sulphurous reducing flue gases. On the contrary, the 
26% Cr-12% Ni grade performs well under these conditions and the 
behavior of 26%Cr-20% Ni is in general quite similar. This has 
been confirmed by a field test for 526 hours at 1675 to 1700 °F (915 
to 925°C) in a continuous pack carburizing furnace using high- 
sulphur fuel oil. Subsurface attack was confined to a 0.008-inch 
zone with negligible surface scaling, in contrast to serious corrosion 
of previously reported (14) 26%Cr-32%Ni, 16%Cr-35%Ni, 
13%Cr-65% Ni and 17%Cr-63% Ni alloys. 

Alloy Casting Institute research, reported by Brasunas, Harder 
and Gow (17), contains a comprehensive survey of air oxidation 
determined on specimens supplied by the American Brake Shoe 
Company. Included in the program were specimens from heats in 
the carbon series and the silicon series reported herein. All of the 
26% Cr-20% Ni type alloys below 0.75% carbon have performed 
well in these tests. Interpreting the broad survey, it is concluded 
that the range around 26%Cr and 15%Ni is approximately optimum 
for oxidation resistance and that the 26%Cr-20% Ni type composi- 
tion is very similar. The data thus suggest that the standard 26%Cr- 
20% Ni grade be considered whenever maximum scaling resistance 
is required. 

Scaling, determined as surface metal loss, does not always pro- 
vide the complete story on oxidation resistance. In many cases a 
selective attack, usually as pronounced corrosion along grain bound- 
aries, may be more serious. This has been considered in the Alloy 
Casting Institute program and an approximate delineation of the 
various corrosion phenomena in relation to composition is provided 
(36). It will be noted that the HK alloys occupy a favorable posi- 
tion from this perspective. 

This A.C.I. research has been confined chiefly to 100 and 1000- 
hour tests. The data from some longer industrial field tests are 
presented in Table XIV. This includes 16%Cr-35%Ni, 26%Cr- 
12%Ni, and 26%Cr-20%Ni alloys, with several compositions repre- 
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Table XIV 

Field Test Hot Gas Corrosion Data 
Exposure in Commercial Heat Treating 
Furnace (a) at 1940 °F (1060 °C) Under Oxidizing Conditions 

Total 

Sur- 
Total face Corrosion as Surface Dimensional Loss 
Test Metal (Inches per Year) -—-——-. 
Period Loss TimeonGas: 50 95 100% ..... 
Alloy C% Mn% Si% Ni% Cr% N% Hrs. Ins. TimeonOil: 50% 5% ..... 100% 
(b) (c) @ @ © €& 
HT14 0.14 0.72 1.2 34.7 164 0.05 8100 0.083 0.135 0.060 0.052 0.219 
HT35 0.35 0.67 1.3 34.9 16.0 0.05 8100 0.125 0.235 0.080 0.063 0.408 
HT44 0.44 0.74 1.2 34.9 164 0.05 8100 0.118 0.210 0.085 0.071 0.349 
HH32 0.32 0.54 1.2 12.8 26.7 0.16 8100 0.068 0.155 0.040 0.027 0.283 
HH31 0.31 O.55 1.2 11.2 26.8 0.16 8100 0.068 0.095 0.065 0.062 0.129 
HI32 0.32 O.55 1.2 15.9 26.7 0.17 8100 0.065 0.100 0.055 0.050 0.150 
HK33 0.33 0.53 1.3 18.7 26.7 0.16 8100 0.068 0.153 0.040 0.027 0.278 
HK31 0.31 0.54 1.3 21.6 26.7 0.17 8100 0.055 0.138 0.045 0.035 0.242 
HT47 0.47 0.82 1.2 34.9 16.0 0.04 5150 0.060 cash’: Cathe: ss sae 
HK28 0.28 0.52 0.5 20.0 26.5 0.08 5150 0.043 SN ig da Eg dat hi 
K30 0.30 0.59 2.5 19.8 26.5 0.10 5150 0.020 Ee 85. h9e se Rnb ne 
HH32 0.32 0.49 0.5 11.2 26.8 0.16 5150 0.050 EE). 3-6 ore ne hwd wittedadka 
HH31 0.31 0.55 1.2 12.8 26.7 0.16 5150 0.043 ES os oo Pea aan eae 
HK46 0.46 0.68 1.1 20.1 25.5 0.05 2110 0.010 ES Rio tcagt je di 
HH32 0.32 0.49 0O.S 11.2 26.8 0.16 2110 0.015 BEA Sates” sek me eS hs 
HH31 0.31 O.55 1.2 12.8 26.7 0.16 2110 0.015 RES SR RON Si “at Se 

Not 


es: 
(a) Furnace can be either gas or oil fired and operation is shifted from one to the other as 


supplies warrant. Fuel gas is essentially free from sulphur (natural gas from Texas 
Panhandle). Fuel oil is either No. 350 or No. 125 Industrial Fuel Oil from Standard Oil 
Company of Indiana with general specification of not more than 1.5% sulphur. 

(b) Tests still in progress. 

(c) 46 time on gas and % time on oil are not accurately known for several periods during tests. 

hese figures are total surface metal losses and not rates (inches/year) as shown in sub- 

as columns. 

(d) Rates calculated from test periods totaling 2000-2500 hrs. in each case where accurate 
fuel records are available. 


(e) Extrapolated from (d). 


Table XV 


Effects of Nickel and Chromium on Hot Gas 
Corrosion Resistance of 26%Cr-20%Ni Heat Resistant Alloy 


Base Composition: 0.45%C, 0.90%Mn, 1.25%Si, 26.3% Cr, 20.0%Ni 


Calculated Corrosion Rates—Inches per Year (17) 
100 Hrs.—1800 °F 100 Hrs.—2000 °F. 














00 
-——OFG (a). ———-RFG (b)———. ———_OFG (a)———~ ———RFG (b)———. 
100gS 5¢S 


Variable 5gS 

Cr% (c) (c) 
21.0 0.071 0.026 
25.5 0.019 0.015 
30.7 0.022 0.017 
Ni% 

16.0 0.015 0.014 
23.5 0.018 0.017 


5gS 100gS 

(c) (c) (c) 
0.058 0.055 0.15 
0.013 0.013 0.04 
0.017 0.021 0.056 


0.008 Ree 0 Ree 
0.012 0.032 


Notes: (a) OFG—Oxidizing flue gas. 


(b) RFG—Reduc 
(c) gS—Grains o 


flue gas. 
sulphur per 100 cubic feet of gas. 


100gS 5¢S 100gS 
(c) (c) (c) 
0.03 0.207 0.251 
0.034 0.022 0.027 
0.040 0.024 0.030 


Peewee. «<< €66¢6.: Bees esd 


eae | eee @ . . i | 


senting the transition in nickel between the latter two. While there 


are a few somewhat inconsistent results, 


it will be noted that the 


oxidation resistance of the 26%Cr-20% Ni type is quite favorable and 
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is generally appreciably better than that of the HT (16%Cr-35%Ni) 
grade. 

A few data that bracket the 26%Cr-20% Ni range are available 
from the Alloy Casting Institute program of flue gas corrosion tests. 
They appear;in Table XV. It will be noted that at 21% chromium 
the attack may be relatively severe in high sulphur flue gas at 2000 °F 
(1095 °C). For the other compositions, containing at least 25% 
chromium, the corrosion rates are satisfactorily low, being below 
the 0.10 inch per year that is considered a tentative maximum. 
From the available data it appears that in the usual commercial 
atmospheres containing up to 100 grains of sulphur per 100 cubic 
feet the 26%Cr-20%Ni alloy is satisfactorily corrosion resistant 
up to at least 2000 °F (1095 °C), and that in air it is satisfactory 
at 2200 °F (1205 °C). If carburizing conditions are to be combined 
with sulphurous reducing flue gases, it would appear that 26%Cr- 
20% Ni is a better choice than either 26%Cr-12%Ni or 16%Cr- 
35% Ni, provided the silicon range is selected to minimize carbon 
absorption. 


MISCELLANEOUS PROPERTIES 


The density of the HK alloys is about 7.75 gm/cc, correspond- 
ing to 0.280 pound per cubic inch. 

The elastic modulus at room temperature is about 23 million 
psi for HK30. \ Moduli as computed from the elastic recovery when 
creep tests are: unloaded are around 15 million psi at 1400°F 
(760 °C) and 12 million psi at 1800°F (980°C). These values 
are probably accurate within + 2 million psi. It should be noted 
that modulus values are erratic, perhaps because considerable ex- 
perimental error is involved in their determination. If a conventional 
tensile test is employed at elevated temperature the value obtained 
is considerably affected by the speed of testing. It is believed that 
data obtained after the stabilization period of creep testing are more 
representative than those obtained in tensile tests. 

The freezing point of the HK alloys, as determined by optical 
pyrometer observation, is in the range from 2350 to 2490 °F (1290 
to 1365°C) in apparent temperature. With emissivity corrections 
this indicates a probable true temperature range of approximately 
2525 to 2665 °F (1385 to 1465 °C). Carbon and silicon tend to 
control this range, lowering the freezing temperature as they increase. 
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METALLOGRAPHY 


In an alloy that is presumably a stable austenite it might be 
expected that the metallography would be simple. However, com- 
plications have been encountered that are associated chiefly with the 
form and distribution of precipitated carbides. 

The austenite matrix, which has a magnetic permeability of 
about 1.003 and may thus be considered nonmagnetic, confers chemi- 
cal properties such as corrosion resistance to liquids and hot gases, 
and contributes heavily to basic high temperature strength. (Ferritic 
alloys are characteristically much weaker.) In this matrix, under 
proper conditions, ferrite, sigma, and chromium carbides may appear 
as additional constituents, each of which affects mechanical proper- 
ties. 

Ferrite, which may be detected by microscopic examination and 
estimated semiquantitatively by magnetic permeability measurements, 
is unusual. Fig. 1 has indicated the controlling effects of carbon 
and nickel. The other elements also contribute to the austenite 
stabilizing balance as they do in the 26%Cr-12%Ni alloys (13). 
However, unless silicon is high and carbon quite low the appearance 
of ferrite is unlikely. This is a characteristic of the 26%Cr-20%Ni 
alloy in contrast with those of 26% chromium grades with lower 
nickel content. In the latter ferrite is associated with good hot 
ductility and with lowered elevated temperature strength. 

Sigma, the brittle, nonmagnetic phase having the compound 
iron-chromium as its base (6), (13), (27), is frequently believed 
to form by transformation of ferrite in certain temperature ranges 
near 1600 °F (870°C). Unquestionably this is one mode of forma- 
tion and is characteristic of the binary iron-chromium alloys. 

This ferrite transformation is also observed in more complex 
chromium-nickel-iron alloys, which seem to have larger temperature 
and composition fields in which sigma can occur. 

Evidence is accumulating to establish that sigma may form 
directly from austenite without the limitation of prior ferrite. This 
possibility has previously been controversial. The low-carbon alloy 
HK10 is nonmagnetic (permeability: 1.003) as cast, after waiter 
quenching from 24 hours at 2000°F (1095 °C), which is a treat- 
ment that gave maximum ferrite development on a group of 26%Cr- 
12% Ni alloys (13), and after all other thermal treatments that were 
involved in the research reported here. No constituents but austenite 





1948 CAST HEAT RESISTANT ALLOYS 565 









= *; > : a ‘ * 
Ay f 4: 
eS ; 
x . ‘ ~. 


Fig. 9—Photomicrographs Showing Structures of Low-Carbon 26%Cr-20%Ni Heat 
Resistant Alloys After Creep and Stress-Rupture Testing. 

a. Sigma development (acicular) and fine granular carbides in HK10 after 1004 
hours at 1400 °F and 3000 psi. 

b. Sigma (acicular and chain-like) and fine carbides in HK10 after 1175 hours at 
1600 °F and 1500 psi. 

c. Mosaic pattern of fine precipitated carbides in HK20a after 82 hours at 1400 °F 
and 15,000 psi. 

d. Lamellae patches and precipitated carbide in HK30 after 809 hours at 1600 °F 
and 4000 psi. Etchant: 1:1 HCl + hot alkaline KsFeCys. X 250. 


and carbides were observed as cast or after the usual short-term 
heat treatments. However, after creep testing for hundreds of hours 
at 1400 or 1600°F (760 or 870°C) another phase identified by 
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etching techniques as sigma is recognizable (Figs. 9a and 9b). It 
is not present in sufficient quantity to give more than a few measur- 
able lines on an X-ray diffraction pattern, but those obtained coincide 
satisfactorily with the stronger lines of a sigma reference specimen. 

Payson and Savage (6) have also identified sigma formed 
directly from austenite in wrought 25%Cr-20%Ni alloys containing 
high silicon, by means of etching techniques and X-ray diffraction. 

Clark and Freeman (10) report the development of a new phase 
in wrought 18%Cr-13% Ni-0.88%Cb, 25%Cr-13% Ni and 24%Cr- 
21% Ni (all with carbon between 0.06 and 0.11%) after creep and 
stress-rupture testing in the range from 1000 to 1800°F (540 to 
980 °C). Their work, intended primarily to demonstrate the effect 
of grain size on hot strength, involved specimens (a) normalized 
from 1700°F (925°C) and (b) solution heat treated by water 
quenching from 1900 to 2250°F (1040 to 1230°C). The normal- 
ized specimens, which were relatively fine-grained, developed the 
unknown phase to which a weakening effect was ascribed. The 
coarse-grained, solution heat treated specimens, which were consist- 
ently stronger, were free from the new constituent. Precipitation of 
this phase was also obtained by heating the normalized alloy at 
1500 °F (815°C) for various time intervals. The phase increased 
progressively in amount between 100 and 1300 hours exposure. 
Clark and Freeman believed the unknown to be a carbide phase rather 
than sigma. The low carbon content of the alloys, the temperature 
range involved, and the behavior with long-term heating all suggest 
the sigma phase, however. 

Sigma’ has not yet been observed in the higher carbon cast 
alloys, and the commercial ranges above 0.20% carbon are believed 
to be free from this complication. However, its presence in ,the 
0.10% carbon grade may possibly limit the usefulness of this alloy 
if it causes embrittlement. 

Chromium carbides are common, in contrast to ferrite and 
sigma. They will form scattered islands, masses, or a network 
during solidification from the melt. In wrought grades, they are 
broken up and diffused during hot working. In castings, they ordi- 
narily persist unchanged throughout the life of the part. Their 
amount depends on carbon content and their form on cooling rates. 
They influence properties, especially at room temperature, and are 
considered responsible for the decrease and final loss of ductility as 
carbon is raised. 
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Carbon is also soluble in the austenite up to a maximum of per- 
haps 0.30 to 0.40%. Dendritic segregation during cooling prevents 
uniform distribution, however, and it is possible to have unsaturated 
austenite and eutectic carbides in the same alloy. These concentra- 
tion gradients can be erased in low-carbon alloys by homogenization. 
The as-cast alloys probably do not contain saturated austenite until 
a carbon content of 0.60 to 0.70% is exceeded, corresponding to a 
peak in strength for stress-rupture tests (Table II). 

These alloys are too sluggish to permit equilibrium to occur 
during practical cooling conditions. As a consequence the austenite 
of as-cast specimens is supersaturated in the areas of maximum car- 
bon content. Exposure at suitable elevated temperatures, frequently 
termed aging, precipitates the excess carbide in fine particles, which 
may subsequently agglomerate if the temperature is high enough. 
These precipitated carbides provide an important contribution to 
creep strength. They are considered chiefly responsible for the range 
in strength and life expectancy noted in Tables I and X. 

For HK30 as cast, the austenite between the eutectic carbide 
masses, the grain boundaries, and the patches of lamellae is clear, 
holding its carbon in solid solution. After exposure at 1400 to 
2000 °F (760 to 1095 °C) some fine carbide appears (Fig. 9d), the 
amount increasing. with carbon content. The original carbon concen- 
tration gradient is revealed by this precipitation, as exemplified 
clearly at a lower carbon level in Fig. 9c. The austenite of medium 
carbon 26%Cr-20% Ni cast alloys thus generally consists of a mosaic 
of low-carbon cells surrounded by a high-carbon network. The num- 
ber, size, and carbon gradients of these cells, which are controlled by 
manufacturing variables, exert a profound effect on properties and 
are believed to account largely for the range or scatter band in 
Table I. 

The carbon gradients of the as-cast alloys may be modified by 
heat treatment, with a concurrent effect on properties, as will be 
described later. 

In addition to the granular precipitated carbides, a lamellar 
constituent is frequently prominent in the 26%Cr-20%Ni alloys. 
It is tentatively identified as a eutectoid of austenite and carbide (or 
a carbide-nitride solid solution). It resembles pearlite in appearance, 
but is differentiated by the absence of magnetism, which presumably 
eliminates ferrite as a constituent. However, as the Curie point 
(A,) of iron-chromium alloys is lowered by chromium, it may pos- 
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sibly be depressed below room temperature for ferrite of some com- 
positions. Thus, a eutectoid of chromium carbide and nonmagnetic 
delta ferrite might be postulated: This seems an unlikely explana- 
tion, however, as the constituent between the carbide lamellae appears 
to be identical and continuous with the matrix austenite, as in Fig. 
10b. 

The lamellar constituent has been observed in a number of aus- 
tenitic heat resistant alloys, including 26%Cr-12%Ni (13) and 
26%Cr-10% Ni-10%Co. In the series substituting cobalt for nickel 
in the 26%Cr-20%Ni base, it was apparently suppressed by 20% 
cobalt in as-cast specimens. In the 26%Cr-20%Ni alloys, it seems 
to have its maximum development in the intermediate carbon range 
where elevated temperature strength and good room temperature 
ductility may be combined. Excessive amounts of this lamellar con- 
stituent appear, however, to be associated with impairment in hot 
strength. It is not prominent in the more ductile low-carbon alloys 
which are generally relatively weak at elevated temperatures, and it 
has not been observed in the strong, high-carbon alloys that exhibit, 
however, quite low room temperature ductility. 

The conditions that produce lamellae have been clarified some- 
what by heat treating experiments, using the HK28 alloy which con- 
tains approximately 25% of this constituent in the as-cast condition. 
The results are summarized in Table XVI. The lamellae may be 
eliminated at 2300 or 2350°F (1260 or 1290°C), presumably by 
solution of the carbide phase, and prevented from reappearing by 
water quenching. Creep testing of the as-cast material at- 1800 °F 
(980°C) for 1000 hours had no noticeable effect on the lamellar 
constituent, however. With slow cooling from 2300 or 2350 °F 
(1260 or 1290 °C), the lamellae have reappeared (Fig. 10), pro- 
gressively greater amounts being obtained as the slow cooling is 
continued to lower and lower temperatures. These preliminary 
experiments suggest that 1900°F (1040°C) may be a favorable 
formation temperature during slow cooling. After being suppressed 
by rapid cooling from 2350 °F (1260 °C), it appears to return very 
sluggishly on reheating, little or none appearing after 50 hours at 
1900 or 2000 °F (1040 or 1095 °C). 

Parallel experiments on several other HK alloys containing less 
lamellae as cast showed correspondingly greater sluggishness to form 
lamellae under the most suitable conditions observed for the HK28 
alloy. More precise delineation of relationships would likely require 
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Fig. 10—Photomicrographs Showing Lamellae Development in HK28 Alloy. Lamel- 
lar constituent development in 26%Cr-20% Ni alloy during furnace cooling after 12 
hours at 2350°F. Etchant: 1:1 HCl + hot alkaline KsgFeCyg. a. X 50; b. X 500. 


Table XVI 





Circumstances of Formation cf Lamellar Constituent in HK28 
—Chemical Analysis——______-~ 
Alloy C% Mn% Si% Ni% Cr% N% 
HK28 0.28 1.05 1.26 20.0 26.5 0.15 


Estimated Per Cent 


Heat Treatment Lamellar Constituent 


As-Cast (Mold-Cooled) 20/25 
As-Cast +Stress-Rupture Test: 

1800 °F —6000 psi—8.5 Hours 20/25 
2300 °F —12 Hours—Water Quench 0 
2350 °F—12 Hours—Water Quench 0 


2300 °F—12 Hours—Water Quench +Stress-Rupture 
Test: 1800°F—6000 psi—64 Hours 


0 (except for narrow continu- 
ous zone adjacent to 


fracture) 

2350°F—12 Hours—Furnace Cool 
2350 °F—12 Hours—Furnace Cool to 

2100 °F—Water Quench 5 

2000 °F—Water Quench 10/15 

1900 °F—Water Quench 20/25 (?) 

1800 °F—Water Quench 15 

1700°F—-Water Quench 20 

1600 °F—Water Quench 25 
2350°F—12 Hours—Furnace Cool to 

1900 °F—5 Hours—Water Quench 25/30 
2350 °F—12 Hours—Water Quench + 

1900°F— 5 Hours—Water Quench 0 

1900 °F—50 Hours—Water Quench O/1 (?) 

2000 °F— 5 Hours—Water Quench 0 

0 


2000 °F—50 Hours—Water Quench 


— 
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Table XVII 
Effect of Homogenization on eae Properties of 26%Cr-20%Ni Alloys 
Chemical Analysi 
Alloy C% Mn% 4 Ni% Cr% N% 
HK28 0.28 1.05 1.27 20.0 26.5 0.15 
HK31 0.31 0.54 1.20 19.9 26.6 0.09 
HK32b 0.32 0.51 1.25 20.0 26.3 0.08 
As-Cast -——2300 °F—1i2 Hours—Water Quench——. 
Temp. Stress. Life Rate Elong. Temp. Stress Life Rate Elong. 
Alloy °F psi Hrs. %-Hr. %-2” °F psi Hrs. %-Hr. J%-2” 
HK28 1800 6000 8.5 1.7 22 1800 6000 64 0.00082 0.5 
HK31 1800 6000 10 1.0 16 1800 6000 59 0.0007 ep 
HK32b 1800 6000 24 0.069 7.5 1800 6000 20 0.0027 a | 





time-temperature-transformation studies similar to those used to 
obtain conventional S-curves. 

Heat treatment at or above 2300 °F (1260 °C), while not read- 
ily adapted to commercial practice, is a useful laboratory technique 
for metallographic studies and for modifying carbide distribution. 
Carbon up to about 0.40% not only dissolves in the austenite, but 
given sufficient time, will diffuse, eliminating the original as-cast 
composition gradients. Carbide will precipitate subsequently at lower 
temperatures as before, but in a uniform dispersion, which is 
stronger but less ductile at high temperature than the previous mosaic 
structure. Table XVII illustrates the effect on properties at 1800 °F 
(980 °C) and Table X VIII at room temperature. 

The effects of homogenization as described above help to explain 
the rather wide range in properties encountered at a single carbon 
level (Table I) and highlight the importance of carbide habit to 





Table XVIII 
Effect of Homogenization on Room Temperature Properties After Aging of 26%Cr Alloys 





Chemical Analysis 














Alloy C% Mn% Si% i% Cr% N% 
HH31 0.31 0.55 1.20 11.2 26.8 0.16 
HH32 0.32 0.54 1,18 12.8 26.7 0.16 
HI32 0.32 0.55 1.21 15.9 26.7 0.17 
HK33 0.33 0.53 1.25 18.7 26.7 0.16 
HK3la 0.31 0.54 1.26 21.6 26.7 0.17 
As-Cast and 2300 °F—12 Hours—Air Cool and 
+e SS Hours at 1400°F herd 2 e Hours at 1400°F 
t. 
Yield Tens. Elorg. Red. Hard- Yield fan Elong. Red. Hard- 
Strength Strength in 2” Area ness Strength Strength in 2” Area ness 
Alloy psi psi % 0 BHN psi psi % % BHN 
HH31 60,000 97,500 19.5 26.0 207 78,000 124,500 10.5 12.6 311 
HH32 60,000 95,500 10.0 11.5 217 99,000 126,000 9.0 16.7 286 
HI32 64,000 94,500 7.0 8.0 217 97,500 127,000 1 10.3 302 
HK33 62,500 97,000 7.5 7.0 202 107,500 135,000 5.5 6.1 269 
HK3la 69,000 95,000 6.0 5.9 207 99,000 124,000 4.5 g.% 269 








1948 CAST HEAT RESISTANT ALLOYS 571 


mechanical properties. The uniform dispersion at a given carbon 
content probably represents the high strength extreme that can be 
approached by cast material. It will be noted (Table XVII) that 
stronger alloys at a given carbon level are less affected than the 
weaker ones by the homogenization treatment. 

Temperature, of course, affects the carbides as well as the prop- 
erties. At lower temperature, larger amounts are precipitated and 
the strengthening effect is greater. Higher temperatures also have a 
tendency to agglomerate them, thereby reducing their strengthening 
effect. For some heat resistant alloys, like many employed for gas 
turbine service, this may be serious, as the agglomeration from “over- 
aging” may cause an abrupt decrease in strength above a critical 
temperature range. The effect is quite gradual in the 26%Cr-20% Ni 
alloys and they are thus well adapted to applications over a wide 
temperature range. 

The excellent surface stability and hot gas corrosion resistance 
also are favorable for wide applicability of the HK alloy, which 
seems to have fewer limitations than the other commercial grades. 
The selective attack by hot gases that is quite serious for the low- 
chromium, high-nickel grades is a relatively minor factor that, while 
present, usually may be neglected. 

Oxidation may complicate behavior at the upper service tem- 
peratures, however. The presence of a tight protective scale does 
not completely prevent the inward diffusion of oxygen from the 
surface, which is accelerated by temperature. At 2000 °F (1095 °C), 
the effects of this diffusion, evidenced. by decarburization, have 
reached about 0.06 inch below the surface in 2110 hours, changing 
the carbon content of an appreciable part (about 40%) of the 
originally 0.505-inch diameter cross section. This produces a weak- 
ening of the member that is reflected in the steeper lines of creep 
versus stress that are obtained at 2000 °F (1095 °C) (Fig. 5). The 
decarburized zone is more ductile, however, causing failure to be 
initiated in the stronger but less ductile core. This is illustrated in 
Fig. 11 at three magnifications. 

The shallow zone of internal oxidation is also apparent in Fig. 
11, where it is confined to about 0.008 inch below the surface, corre- 
sponding to about 0.02 inch per year in addition to metal loss from 
scaling, which is estimated as 0.02 to 0.05 inch per year. This amount 


of oxidation is considered quite satisfactory, provided the member is 
not overstressed. 
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Fig. 11—Photomicrographs Showing the Effect of Surface Oxidation on the In- 
ternal Structure of a 26%Cr-20%Ni Alloy During Creep Testing at 2000 °F for 2110 


‘Hours. Original magnifications: a. X 5; b. X50; c. X 250. All reduced 50% in 
reproduction. 


The subsurface reactions, scale composition and structure, and 
the diffusion phenomena are interesting features worthy of further 
research. Near the surface, it is easy to visualize reaction of inward 
diffusing oxygen with the carbides, producing CO or CO, gas evo- 
lution and leaving voids. The fate of the metallic residue of the 
carbides is more obscure. Carbon may migrate outward to the 
reaction zone or oxygen may penetrate inward to produce decarburi- 
zation. In the latter case deeper CO evolution would be expected, 
escaping by countercurrent diffusion or by disruption of the struc- 
ture. Disruption may be noted only in the few thousandths of an 
inch below the surface. Since the solubility of CO, as such, is con- 
sidered negligible, it is probable that the deep decarburized zone is 
characterized by outwardly diffusing carbon and that the inward 
diffusion of oxygen is confined to the zone of internal oxidation 
designated in Fig. 11. Gas evolution in this region may possibly have 
an adverse effect on the continuity of surface scales. 
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DISCUSSION 


It is frequently confusing to examine the range of commercially 
available heat resistant alloys and attempt a critical selection from 
among them. In many respects, they are similar and quite inter- 
changeable. There are real differences, however, which should deter- 














Table XIX 
Comparative Properties of Three Important Cast Heat Resistant Alloys 
A.C.I. Designation* HK30 HH32 HT29 HH45 HT44 
Nominal Composition: 26%Cr- 26%Cr- 16%Cr- 26%Cr- 16%Cr- 
20%Ni 12%Ni 35%Ni 12%Ni 35%Ni 
Room Temperature Properties 
Vield Strengh As-Cast—psi........ 42,500 49,000 See;  heabed 42,500 
Tensile Strength te ical MF Be 71,750 SAGO .- Zaeee see oan 63,750 
Elongation As-Cast—%... ! 16 18 Me cada 8.5 
Yield Strength Aged (@)—psi. 51,250 50,000 51,750 63,750 49,250 
Tensile Strength — 78,000 86,000 95,500 89,000 88,000 
Elongation Aged—%............. 7.5 6.5 13 4.3 5.5 
Hardness As-Cast—BHN...._. 170 156 nT eee 163 
Hardness Aged (a)—-BHN......... 205 202 BG. ba ase 210 
Elastic Modulus—psi............. 23,000,000 23,500,000 pia. ey eee Sane 
Specific Gravity—As-Cast......... 7.75 7.72 7.92 7.72 7.92 
-—————— Thermal Expansion -Coefficients—Millionths of an Inch per : me 
TR a de bint o ows bs Kaleb : 9. 10. 10.0 9.2 
RS 0 or ok 9.7 Dee. 5 cao 10.2 9.3 
SPR oN. ec be ec ke wae Lali 10.0 Diane «oe, 10.2 9.5 
ag oe 10.1 10.6 10.4 9.8 
OSI, Chk kc ewekacpii ; 9.0 9.6 9.2 8.6 
Nn nd wie be vase o's 10.0 11.0 10.8 9.7 
SUPT 6 ba Ne vb ceived ses ben 12.0 Been fo owes e 11.4 12.0 
— OS Limiting Stress Values—psi—- 9 ——-——— -.. 
100-Hour Rupture—1400°F.... 14,500 13,000 15,000 (17,000) (18,500) 
1600°F.... 7,800 6,800 TOGe:  icesea (9,500 
1800°F .... 4,200 4,000 3,300 5,300 5,700 
2000 °F... . 2,250 Ra. 2. ccehbak  Cehekie |. waa 
0.0001% /Hour Creep-—1400°F.... 5,800 5,900 7,500 7,300 7,200 
1600°F.... 3,800 3,200 4,150 ganead 4, 
1800°F.... 2,250 1,700 1,600 3,000 2,200 
2000°F.... 730 So a} oka ee ee (480)? 
Stress-Rupture te Elongation—%——— 
1800°F— 6,000 psi............... 12 pac 2.5 7.0 
1400°F—20,000 psi............... ‘ 5.5 13 2.0 14 


*Note that here the numeral suffixes indicate carbon content in hundredths of a per cent. 
(a) Furnace-cooled after 24 hours at 1400°F, 





mine their selection. Some of these differences are well known, 
others are not, and some are obscured by the lack of searching experi- 
mental techniques and data. 

The well-known differences have led to standardization on 
several grades by most users. These usually include 26%Cr-12%Ni 
for economy and general structural service, 16%Cr-35%Ni for car- 
burizing and cyclic heat treating, and 12%Cr-60% Ni for premium 
performance in carburizing service. This trio and their closely 
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related types accounted for about 84% of the 1945 production of 
castings (37). 

Nickel restrictions during the war accounted for a drop in pro- 
duction of the HU, HW, and HX grades during 1942, 1943, and 
1944. The same conditions led to considerable substitution of other 
alloys, as evidenced by the increased production of the miscellaneous 
types, which in 1945 comprised 34 compositions. Among these is 
the HK grade. 

There is reluctance to substitute a relatively untried alloy for 
a type that carries an important background of satisfactory service. 
This is especially understandable in the heat resistant alloy field 
because of the comparative scarcity of high temperature data on 
castings. The information in this paper has been assembled par- 
ticularly for those who wish to select the best material for an appli- 
cation and who require such data for an intelligent choice. It should 
be noted that the necessary research is not finished, such important 
items as carburizing resistance, thermal fatigue behavior, creep prop- 
erties, and the effect of cyclic heating on creep rate being the subject 
of current studies. 

There are enough data now available to indicate that 26%Cr- 
20% Ni has perhaps the best combination of properties for all-around 
high temperature service above 1600°F (870°C). It has better 
strength than the partially ferritic 26%Cr-12%Ni alloys of com- 
parable oxidation resistance, better scaling resistance than the bal- 
anced austenitic 24%Cr-12%Ni alloys of comparable strength, ade- 
quate carburizing resistance and better hot gas corrosion resistance 
than 16%Cr-35%Ni, together with an alloy cost only slightly greater 
than 26%Cr-12%Ni and appreciably below that of 12%Cr-60% Ni. 

For carburizing service 26%Cr-20%Ni can be fortified with 
silicon without seriously lowering hot strength. A similar modifica- 
tion of 26%Cr-12% Ni will unbalance the alloy of comparable scaling 
resistance and produce ferrite with its weakening effect above 
1600 °F (870 °C), or sigma embrittlement below 1600 °F (870 °C). 

For structural service excellent properties are obtainable. To 
produce them consistently requires good technical control in the 
foundry, but no more so than the balanced 26%Cr-12%Ni grade 
requires, If thermal stresses are anticipated there is a possible advan- 
tage in the slightly lower expansion coefficient. 

For maximum hot gas corrosion resistance, especially when car- 
burizing resistance is also required, 26%Cr-20%Ni should be the 
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preferred alloy. Only in those cases where the relation between sul- 
phur attack and nickel content is critical, as it may be in high-sulphur 
reducing gases, are other alloys such as 29%Cr-9%Ni or 28%Cr 
preferable. The difference in strength between the HK type and 
29% Cr-9%Ni (HE) or 28%Cr (HC) is so great that there should 
be no difficulty in making a choice. 

Under cyclic heating conditions the position of HK alloys is 
not clear but they probably are intermediate between 26%Cr-12%Ni 
and 16%Cr-35% Ni. The potency of carbon content and the rela- 
tively small effects associated with other element variations permit 
much flexibility in adjusting properties over wide ranges to better 
serve specific requirements. 

In Table XIX comparative physical properties of 26%Cr- 
12%Ni, 26%Cr-20%Ni and 16%Cr-35%Ni are summarized for 
convenience. 
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DISCUSSION 


Written Discussion: By E. A. Schoefer, executive secretary, Alloy 
Casting Institute, New York. 

The authors are to be congratulated on their presentation of much 
needed data on the properties of the increasingly popular HK type alloy. 
It seems quite likely that with this information at hand, more users will 
take advantage, of the desirable qualities offered by this material. 

In line with the findings disclosed in this paper, and in concurrent 
Alloy Casting Institute research, the Institute has recently revised the 
composition ranges for the standard cast heat and corrosion resistant 
alloys. The chemical compositions adopted for the corrosion resistant 
type CK20, and the heat resistant types HK and HL are now as follows: 


A.C.I. Com position-~Per Cent-———___,, 
Type = Mn Si P Ss Cr Ni 

CK20 0.20 max. 1.50 max 2.00 max. 0.04 max. 0.04 max. 23-27 19-22 
HK 0.20-0.60 2.00 max. 3.00 max. 0.04 max. 0.04 max. 24-28 18-22 
HL 0.20-0.60 2.00 max 3.00 max. 0.04 max. 0.04 max. 28-32 18-22 


The chemical ranges have been made sufficiently broad to permit the 
foundryman properly to balance the alloys in order to meet the require- 
ments of the intended service. 

Written Discussion: By C. T. Evans, Jr., chief metallurgist, Elliott 
Co., Jeannette, Pa. 

The “Part I” in the title of this paper is a welcome indication that 
“more of the same” will be forthcoming from these careful researchers 
on this interesting material. I would like to put in my bid for the follow- 
ing additional work: 
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1. Weldability—Reference 12 in the current paper is my discussion of 
Avery and Matthews’ similar paper on the HT (16%Cr-35%Ni) alloy 
which was presented at the last convention. At that time, I made a 
strong plea for welding studies. The current paper discusses some of 
the work done by the 25-20 electrode manufacturers but although any 
reference to welding is meritorius this is somewhat dodging the issue in 
that most HK castings are likely to be produced above 0.20% carbon, 
which is the maximum for the welds, and the authors are well aware of 
the critical significance of carbon on welding as on virtually all other 
properties. 

Many consumers of heat resisting alloy castings would like to use 
composite fabricated-cast structures but have no instructions or precau- 
tions on making welds to the cast pieces. Persistent welding troubles 
are driving these consumers more and more to complete fabrications. 

Because of the advance of the welding art on wrought materials, 
fabrications are becoming easier and cheaper to make. This is tending to 
give the foundries a higher percentage of difficult castings to make, in- 
creasing the repair problem both at the foundry and with the consumer. 

I again make an urgent plea that one or more of the base metal 
cracking sensitivity tests (such as that developed by Arcos Corp.) be 
included at once in the basic studies of 25-20 and the other cast heat 
resisting alloys. 

2. Influence of Pouring Temperatures and Mold Temperatures—Work by 
Dr. Grant of Massachusetts Institute of Technology om investment cast- 
ings, reported at the last convention, describes how what would normally 
be considered a “commercial” variable in mold temperature or pouring 
temperature produced differences in rupture strength of a much greater 
order than those produced by large composition variables, even of carbon 
content. 

The authors may have taken these possibilities into account and may 
have controlled these variables so closely that they would not affect the 
results reported. If so, it would be of interest to have a record of this 
control. If not, it is suggested that the authors look into the matter for 
any future work. 

The work on the influence of cobalt is of exceptional interest. .The 
writer has previously reported that as temperatures approach 1800 °F 
(980 °C), the so-called “super alloys” containing high cobalt do not appear 
to have superior long-time rupture strength to cobalt-free alloys, and is 
glad to have this observation confirmed. 

The carburizing work reported here is particularly thorough and 
praiseworthy. Likewise, the data and discussion on thermal fatigue 
should receive serious attention. The amazingly good behavior of the 
HK10 alloy suggests that it would be worthwhile to see if the het 
strength of this composition could be appreciably improved by homo- 
genization (Table XVII) without seriously impairing the thermal fatigue 
resistance. 

Written Discussion: By D. N. Frey, research associate, Department 
of Engineering Research, University of Michigan, Ann Arbor, Mich. 
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The authors of this paper are to be congratulated on the complete- 
ness and quality of their research on the properties of cast 26Cr-20Ni 
type alloys. 

Several points can perhaps be raised to useful purpose. First, no 
statement was made as to grain size and control of grain size in rupture 
test specimens, Figs. 9 and 10 indicate, as would be expected, that grain 
size was fairly large—large enough in fact that the cross section of the 
rupture specimens could contain relatively few grains. As a result the 
anisotropy of the individual grains might be partly responsible for the 
large scatter bands reported (cf. page 538). Second, on page 566, reference 
is made to the possibility of sigma phase appearance causing embrittle- 
ment of the 0.10% carbon grade of 26-20. In our work at the University 
of Michigan, the appearance of the unknown phase in 25-20 as reported 
by Freeman and Clark’ has never been found to cause embrittlement at 
either room temperature or high temperatures. In fact, it has always 
been associated with greater ductility and toughness at both temperatures. 

I believe it is of interest to note that the lamellar constituent re- 
ported in this paper for 26Cr-20Ni alloys in certain conditions and for 
26Cr-12Ni alloys reported by Avery, Cook and Fellows® has been observed 
by the Department of Engineering Research in wrought 25Cr-12Ni alloys. 
This work being cited was for Timken Roller Bearing Company. That it 
is probable the same constituent is being considered is borne out, aside 
from similarity in appearance, by the following facts: 

1. The authors report that no lamellar constituent was present in 
solution-treated and water-quenched material. This was also 
found in the department. 

2. After rupture testing the solution-treated and water-quenched 
material 64 hours at 1800°F (980°C) under stress of 6000 psi, no 
constituent appeared except at a zone adjacent to fracture. This 
again was'found to be the case at the department. In fact, the 
constituent, was first observed in the zone adjacent to the fracture 
of rupture test specimens. 

Figs. A, B, C and D show the constituent as found in wrought alloys. 

It will be noted from Fig. A of a 1500°F (815°C) rupture specimen 
that the constituent first appears in fissures or openings along the edge 
of the specimen near the fracture. This testing temperature of 1500 °F 
(815 °C) was the lowest for which the lamellar constituent could be found. 

Fig. B of the same specimen shown in Fig. A shows the greater 
amount of the lamellar formation at the fracture itself. 

Fig. C shows the vastly accelerated formation at 1800°F (980 °C). 
The constituent is general at both fissured edge and fracture. It is also 
coarser. 

Fig. D taken at X 1000 is of the coarse lamellar constituent formed 
at 1800 °F (980°C). The plates are of a pearly iridescent nature and are 
a distinct phase. 

We have found no such constituent in unfractured creep specimens 


7See Reference 10 of this paper. 
8See Reference 13 of this paper. 
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Figs. A and B—Microstructure of Timken 25Cr-12Ni Steel Rupture Test Specimen, 
Heat 01787—-Water-Quenched From 1900 °F, After 1347.5 Hours at 1506 °F Under a 
Stress of 3400 psi. Fig. A—Edge— x 100. Fig. B—Fracture— x 100. 


Fig. C—Timken Heat 01787, Water-Quenched From 1900 °F, After 2323.5 Hours 
at 1800 °F Under a Stress of 900 psi. Fracture— x 100. 


Fig. D—Microstructure of Timken Heat 01787, Water-Quenched From 1900 °F, 
After 2323.5 Hours at 1800 °F Under a Stress of 900 psi. x 1000. 
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run at comparable time and temperatures. Whether this is due to the 
lower stresses prevailing or to the fact that no fissures were opened up 
is not known. We do know, however, that in metal adjacent to the frac- 
ture of rupture specimens nitrogen pickup has occurred. This is shown 
in Table A. 


Table A 
Nitrogen Analysis of Timken 25-12 Samples Before and After Rupture Testing 
cs Test Rupture 
Original Temp. Stress Time N Content 
Sample N (°F) (psi) (hr) at Fracture 
25-12 0.15% 1200 21,000 994 0.166 
W.Q. 1900 °F 1300 11,000 892 0.173 
1500 3,400 1347 0.325 
1600 1,800 1614 1.11 
1800 1,100 499 4.32 


The fact that the constituent, as reported by the authors, was found 
in the as-cast material could be due to the increased carbon content, 
0.30% over our wrought specimens, 0.11%. Nitrogen contents were in- 
itially the same, 0.15%. 

Written Discussion: By Merrill J. Whitman, metallurgical engineer, 
Engine Performance and Materials Division of Flight Propulsion Research 
Laboratory, National Advisory Committee for Aeronautics, Cleveland. 

Messrs. Avery and Wilks have prepared a paper that should prove 
valuable to those persons faced with problems of design for high-tempera- 
ture service, especially where corrosive carburizing atmospheres are 
encountered. The review of the possible dangers encountered in using 
creep and stress-rupture data for design purposes constitutes an impor- 
tant warning to the design engineer. 

The importance of properly balancing the composition of the HH 
(26Cr-12Ni) alloy to insure a completely austenitic structure is discussed. 
Using the empirical formula of Gow and Harder (reference 23), calcula- 
tions reveal that all of the HH alloy compositions given by the authors 
(except HH45, Table XIX) should result in ferrite formation. Through- 
out the paper the impression is given that the HK alloy is equal to, or 
superior to, the HH alloy in creep strength (pages 557-574), resistance to 
corrosion, especially under carburizing conditions (page 561), and thermal 
fatigue behavior (page 557). Referring to Table XIX it may be seen that 
the tensile, creep and stress-rupture strength of the completely austenitic 
HH45 is superior to that of the HK alloy while the HK alloy has the 
greater ductility. The lower strength of the HH32 alloy is to be expected 
in that the presence of ferrite is probable. The greater ductility of the 
HH82 could be due to the presence of ferrite as well as the fact that the 
HH45 has a higher carbon content. The contention that 26-20 is superior 
for carburizing conditions combined with sulphur-containing reducing flue 
gases is based on the fact that a greater percentage of silicon can be 
added to the 26-20 than to 26-12 without causing ferrite formation with 
accompanying loss in high-temperature strength. The silicon reduces the 
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amount of carbon absorption which causes embrittlement and loss in 
ductility. 

It is known that nickel imparts low resistance to corrosion to an 
alloy in sulphur-containing reducing atmospheres. It is wondered whether 
it would not be preferable to use a balanced 26-12 type alloy in which 
the proper amount of silicon had been added and this silicon balanced out 
by the use of manganese and/or slight reduction in chromium rather than 
to use 20% nickel? 

The added~cost of 26-20 over the 25-12 type alloy should _require 
that careful consideration be given as to whether the more expensive alloy 
should be used when proper balancing of the cheaper alloy might result 
in a superior material. 


Authors’ Reply 


The authors appreciate the discussion that has been contributed and 
hope that the future will provide clarification of the interesting questions 
raised for which immediate answers are lacking. Our studies are con- 
tinuing and a future supplementary paper is planned. 

Mr. Schoefer’s remarks indicate that the apparent discrepancy noted 
on page 532 is being eliminated, and that the industry-wide HK designa- 
tion will coincide with the production range assumed during the work 
just reported. 

Mr. Evans’ plea for welding studies is timely. When the research 
reported here was begun the need was not clear, but subsequent experi- 
ence has demonstrated the advisability of a common denominator in 
reporting the weldability of heat resistant alloys. Unfortunately, no 
suitable test has received technical recognition. The Arcos test, which 
we have discussed with members of their organization, appears to stress 
and evaluate the weld deposit rather than the base metal. 

The HK30 alloy is commercially weldable; that is, such castings are 
regularly repaired and fabricated by manufacturers, It is known that 
welding difficulties increase as carbon content is raised. Beyond these 
simple facts there is a real need for quantitative, comparative data on all 
of the standard cast heat resistant alloys. Aiming toward solution of this 
problem, we have taken steps to promote co-operative action by the 
Technical and Shop Practice Committees of the Alloy Casting Institute 
and the Welding Research Council. It is expected that joint research 
efforts will develop. 

Caution is suggested in the conclusions about cobalt. While 10% 
cobalt in Table VIII has little effect, the strengthening of 20% is appar- 
ent. In work outside the scope of this paper, the same trend has been 
confirmed as iron is replaced by larger amounts of cobalt, in comparison 
with similar substitution of nickel. 

The test bars studied were, subject to various experimental errors, 
poured nominally 300°F above the freezing point (as determined by 
optical pyrometer measurements) into baked core sand molds at or near 
room temperature. The resulting large grain sizes (many are near %4 inch 
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in diameter) are typical of castings, and are well beyond the “O” designa- 
tion of the ASTM standard system. Grain size was not an intentional 
variable. Since grain structure, which is not necessarily parallel, evidently 
is important, study in this area is continuing, but is not ready for re- 
porting. 

Anisotropy of the individual grains may contribute to the scatter 
bands noted, but we suspect that it is a relatively minor factor. The 
isometric crystallography of austenite does not suggest that directional 
properties are so important as they may be in crystal systems of lower 
symmetry. However, the different orieritation of adjacent grains may 
cause slip to proceed in different directions, even on the same crystal- 
lographic plane. The resulting grain rotation causes stress concentra- 
tions at grain boundaries and re-entrant angles at surface intersections, 
which may be observed developing during a tension test. The usual 
effect, in cast austenitic alloys in relation to grain size, is a trend toward 
lower ductility with large grains. 

Whatever the causes of the scatter bands in Table I, they seem to 
operate generally on all the specimens from the same heat, which does 
not seem to indicate orientation phenomena. 

The caution about possible sigma embrittlement is based on experi- 
ence with the 26%Cr-12%Ni alloys. Undoubtedly sigma habit will influ- 
ence its effect on properties. Note that the sigma in Fig. 9 has con- 
siderable continuity, in contrast to the dispersed particles that are ob- 
served in the wrought grade. If sigma precipitation is controlled there 
exists the possibility of strengthening by fine particles; and of softening, 
with increased ductility, by agglomeration of the precipitate during aging. 
In castings sigma has an undesirable tendency to form plates on crystal 
planes or to develop in chains and semi-continuous masses. When pres- 
ent in sufficient quantity these provide brittle pathways for fracture, 
and some service failures have been traced to this feature. However, 
the detrimental effects of small quantities of sigma are open to question, 
and the statement on page 566 is a warning rather than a prediction. 

The additional photomicrographs of the lamellar constituent are wel- 
come. The evidence from the two laboratories is in good agreement. 
The present paper was condensed for publication, with omission of con- 
siderable related data on this constituent. The prominent development 
at hot test fracture zones and the relation to nitrogen seem to be gen- 
erally characteristic. Also, the acicular, rather than lamellar, habit is fre- 
quently noted. In stress-rupture tests, it probably is significant that 
lamellae appear chiefly in the deformed metal near the fracture rather 
than on the cylindrical surfaces of the specimen that are equally exposed 
to nitrogen from the air. 

There are compositional balance factors, as yet obscure, in addition 
to thermal history and stress, that control development of the lamellae. 
Certain alloys develop large amounts as cast, and in very high nitrogen 
26%Cr-12%Ni alloys it is possible to develop lamellae that completely 
dominate the microstructure, leaving little if any clear austenite. The 
aggregate has also been noted in alloys containing considerable cobalt. 
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We should like to correct the impression received by Mr. Whitman 
about the relative strength of HH and HK alloys. They are approxi- 
mately equal if both are completely austenitic (ferrite-free), if they are 
compared at the same carbon level, and if the other scatter band factors 
are equally controlled. 

The HH45 and HK30 alloys in Table XIX are not comparable; the 
comparison should be made with an HK45 alloy, which is similarly 
strengthened by carbon at the sacrifice of ductility. The HH45 item was 
intended for matching with HT44, particularly to show the considerable 
difference in 1400°F ductility at about equal strength. 

In reference to balancing the 26%Cr-12%Ni alloys, reliance on 
empirical formulae has been avoided here because of the uncertainties 
involved. Even the normal experimental error in routine determinations 
from a commercial chemical laboratory may cause decided errors. Mr. 
Whitman has been misled by another deficiency. The Harder and Gow 
ratio factor formula does not include nitrogen and consequently may indi- 
cate that HH32 in Table XIX is partially ferritic. This is not true, as 
exhaustive microscopic and magnetic studies have established that there 
is no trace of ferrite in the structure and that the permeability is 1.003 
under many thermal history conditions. Many check analyses also es- 
tablished the dependability of its reported composition, which is given in 
detail, together with extensive test data, in AIME T.P. 1480 (13); Fig. 2, 
Tables V, VI and IX. 

The idea that the advantages of silicon for carburizing resistance 
could be obtained at lower cost in 26%Cr-12%Ni has been explored. If 
austenite is stabilized with nitrogen or carbon (HH45 in Table XIX would 
tolerate more silicon) hot ductility suffers; if chromium is lowered, oxida- 
tion resistance is impaired; and attempts to use manganese are disap- 
pointing as it exhibits a mild ferrite-forming tendency under these cir- 
cumstances. 

The difference in scaling resistance of 26%Cr-12%Ni and 26%Cr- 
20% Ni exposed to sulphurous reducing atmospheres is not great. Both 
perform satisfactorily under conditions that rapidly deteriorate 16%Cr- 
35% Ni and higher nickel grades. Both have limitations if the H:S content 
in a gas is too high. The Alloy Casting Institute scaling test program is 
exploring this field and quantitative data should be available in the future. 

The comment on cost is pertinent, though it should be remembered 
that the major portion of the expense of alloy castings is due to labor, 
production, research, engineering and marketing costs, and the difference 
caused by a few per cent of nickel is minor. However, it was not sug- 
gested that 26%Cr-12%Ni be replaced by 26%Cr-20%Ni, but that the HK 
alloy be more extensively considered for applications not efficiently 
served by the HH type, saving the extra costs of more expensive grades. 





THE COBALT-CHROMIUM J ALLOY AT 1350 TO 1800 °F 
By Nicuoras J. GRANT 


Abstract 


A new cast alloy designated as the “J” alloy has been 
developed using the original Co-Cr-Mo-base Vitallium as 
a starting point. A wide range of carbon contents was 
tried which established the optimum content at about 
0.76%. It is shown that through variations in alloying 
combinations a large strength increase at high temperature 
is possible using ordinary Vitallium as a base. At all 
carbon values from about 0.2% up to the maximum, the 
J alloy shows better rupture propertics in the over-all 
range of 1350 to 1800 °F than previous Co-Cr alloys re- 
ported in the literature. It is also stronger than any of 
the forged alloys at 1350 °F for rupture times up to 1000 
hours and for much longer times above 1350°F. With 
correct casting control good reproducibility of test results 
has been achieved. Optimum aging treatments are shown 
for the J and other alloys in the Co-Cr system. 

The use of 0.1 to 0.7% cerium mischmetall did not 
improve the rupture life of the J alloy or of cast high 
carbon, N-155 (95NT-2) at temperatures of 1500 to 
1800°F. Results were generally poorer at 1700 and 
1800 °F. 

Creep values for the 73J alloy at 1500 °F are shown 
and are equal to the other best Co-Cr alloys but are 
poorer than the values obtained with Ni-Cr-Co-Fe-base 
alloys such as N-155. 


HE changes which occur at temperatures of 1500 °F and higher 
are quite rapid compared to changes which occur at room tem- 
perature. This has the effect of making high temperature alloys 
relatively unstable since chemical and structural changes occur rap- 
idly, such as precipitation of excess phases in supersaturated systems. 
We know that aging and overaging as a function of increasing tem- 


perature are rapid processes as compared to the same phenomena as 
a function of time. 





This paper is published by permission of the U. S. Navy Bureau of Ships; however, 


- opinions expressed here are those of the author and are not necessarily those of the 
ureau. 





A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, Nicholas J. 
Grant, is assistant professor of metallurgy at the Massachusetts Institute of 
Technology, Cambridge, Mass. Manuscript received June 3, 1947. 
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In general we are aware of the importance of maintaining an 
austenitic (face-centered cubic) structure for high temperature per- 
formance. The chance that a metastable structure may revert to 
ferrite or sigma due to time at temperature, to alloying, or to strain 
effects is always present and must be guarded against. Thus, while 
we are aware of all these factors our efforts to stay within the desired 
limits are based on an empirical approach to a solution of the problem 
of obtaining the most stable, strongest high temperature alloy for 
service in the temperature range of 1350 to 1800 °F. 

The first positive efforts in the high temperature field, whether 
in cast or forged alloys, were in the direction of achieving reproduci- 
ble chemistry. This, however, was far from being the entire answer 
in achieving physical reproducibility. The next step was the evidence 
that grain size is a powerful variable -in rupture and creep perform- 
ance above the equi-cohesive temperature, and that it can be regulated 
with considerable accuracy by controlling the freezing rates of cast 
alloys (1), (2).2 In forgings, the grain size also plays an equally 
important role and the achievement of a uniform grain size of known 
dimensions is necessary for reproducibility of physical results. Within 
specified limits (1), (2), a coarse grain is desirable for rupture and 
creep strength, while a finer grain size may be desirable from a 
fatigue viewpoint above the equi-cohesive temperature. 

It was also indicated that in coarse-grained structures, relative 
grain orientation plays a large role in determining the origin of fail- 
ure at the grain boundary (2). 

In the course of determining the effects of grain size in several 
alloy systems it was noted that changes in chemistry on the order of 
1 or 2% of certain elements might have an appreciable effect on the 
reproducibility of the alloy (2). This led to the present investigation 
which resulted in the interesting “J” alloy which is a modified Vital- 
lium-type alloy. This J alloy, however, resembles only slightly the 
original Vitallium alloy in the high temperature properties obtainable. 


EXPERIMENTAL RESULTS 


Since the vast majority of the cast cobalt-chromium alloys, as 
well as the Ni-Cr-Co-Fe types, have been produced and tested in the 
carbon range of 0.2 to 0.5%, these new alloys were made to have 0.3 
to 0.4% carbon in order to permit a comparison with other existing 





The figures appearing in parentheses pertain to the references appended to this paper. 
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alloys. This restriction in carbon content is important since it has 
been shown (3) that small changes in carbon have a large effect on 
the high temperature rupture and creep strengths. The rate of in- 
crease in rupture or creep strength with carbon varies from one alloy 
composition to another, and the optimum carbon content is different 
too. The optimum carbon content depends on the carbide-austenite 
balance of alloying elements in the particular composition. Thus 
some alloys may show optimum high temperature strength at 0.50% 
carbon while others may show it at 1.0% carbon or higher. In order 
to compare different alloys or to compare results from the same 
nominal composition, the effect of carbon on the system must be 
known. 

It was noted early in the research that the regular low-carbon 
(0.25%) Vitallium alloy containing 64-67 Co, 24-28 Cr, 5-6 Mo 
was extremely erratic in behavior above 1300 °F (2), (4). A com- 
pilation of data shows that from the same source or from several 
sources, at 1500 °F the stress for rupture in 100 hours varied from 
15,000 to 22,000 psi, and for rupture in 1000 hours the stress varied 
from 9000 to 16,000 psi. Some portion of this can be minimized 
(or made. worse) by casting control of grain size, but even with this 
control it was noted that large variations still resulted even in re- 
peated tests from the same heat (2). It was observed that increasing 
the carbon content had the effect of stabilizing somewhat the 1500 °F 
performance of the alloy (3). It was further noted that the addition 
of 2% tantalum for 2% cobalt had an even greater effect on obtain- 
ing reproducible cast alloys. The use of tantalum plus carbon im- 
proved this still further (3). In other research it was shown briefly 
that additions of manganese to regular Vitallium not only gave a 
more reproducible alloy behavior but improved the 1500 °F strength 
of the alloy immensely. On the basis of these above data it was 
decided that further modifications should be made to note the effect 
of certain other alloying additions in percentage amounts on the 
1500 °F rupture properties of the Vitallium-base alloys. 

Table I shows the alloys which were made in the course of 
developing the J alloy. The compositions show the percentages of 
the element added and not the final analyses. Totals do not show 
100% of the elements since commercial cobalt generally has 98.5 
+0.3% cobalt with as much as 0.4% nickel and up to 0.2% iron, and 
chromium metal has only somewhat better than 98%, the majority 
of the balance being iron. No iron is shown in Table I and the nickel 
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Table I 
Nominal Analyses of Tested Alloys 
Alloy 
Designation Carbon Mn Si Cr Co Mo W Ni Ta Others 
V-2 0.22 ie 23 69 6 Be, trey AS yeh ek 
V-0 0.31 - 23 68 ee ere ie wee 
V-3 0.27 2. 23 67 Ba gs tt ta he ee ea oe 
V-4 0.31 4. 23 65 Md ieciss gee. ae ee e 
V-6** 0.30 6. 23 63 6 With we without 
. e 
VS-2 0.45 oa 2. 23 67 he 2 eet ea EL: gc Rae ecw ohio 
VS-4 0.47 i 4. 23 65 6 oo, ee eae 
VT2-2 0.40 nt is 23 67 6 s BY i ack Be Pas 
6059 (R-6) 0.41 zi 26 33 6 32 ears pate Le 
T2-3 0.36 2. 23 65 6 . ci Risk ib xg cic 
0.35 ‘ 23 61 6 3 2 Set ea ae 
JN 0.31 1, 23 56 6 ; 10 BG: ek oe ete 
J 0.30 to 
1.02 1 23 60 6 6 BB oir rs satan 
J-1 0.66 and 
0.76 1 23 60 6 6 2 0.1 Ce 
jJ-3 0.75 1 23 60 6 6 2 0.3 Ce 
J-7 0.70 1. din 23 60 6 ‘ 6 2 0.7 Ce 
X-40* 0.50 0.6 0.7 25 55 ; 7 i0 eh cinta 
422-19* 0.40 0.5 0.5 25 50 6 16 





*These alloys were not made in this program but are included for chemical comparison and 
su uent comparison of 1500°F physical properties. 
**The V-6 alloy with 6% Mn always resulted in a very poor surface due to the low tem- 
perature slag layers formed in silica investments. 


is that which was actually added; the analyzed compositions would 
therefore show a larger nickel content and some iron (up to 0.5%). 
All carbon values are from actual analyses. 

All the alloys shown in Table I were hot investment castings 
(lost wax). The test bars were the 0.250-inch diameter, 1.25-inch 
gage length bars for rupture tests and were 234-inch gage length 
for creep tests. In all cases the metal casting temperature was 
2700 °F + 10° (1480°C) and the mold temperature was 1850 °F 
(1010°C). The castings were made with the aim of achieving a 
coarse grain amounting to not less than about 10 grains per cross 
section and preferably not more than 15 grains in order to take 
advantage of the added strength of the coarse grain without too much 
danger of grain orientation effects and lack of reproducibility inherent 
in structures approaching the single grain cross section. Actual 
grain sizes from nine J heats (0.3 to 0.73% carbon) showed 9 to 13 
grains per 0.250-inch cross section, indicating close and reproducible 
temperature control. 

A series of aging treatments was used for several of the alloys 
shown in Table I to establish a more definite pattern of behavior as 
a function of the aging time and temperature. 

Another series of tests was run in the J series to which cerium 
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2 4 6 8 1.0 12 14 
PER CENT CARBON 
Fig. 1—Effect of Increasing Carbon on the Rupture Life of J 


Alloys at 1500°F. Curves for modified Vitallium and modified 
N-155 are compared. 


mischmetall was added if quantities of 0.1, 0.3 and 0.7% to measure 
the effect of the cerium on the rupture strength and the general 
oxidation resistance of the alloy. 

Table ITI lists typical results of rupture tests conducted on the 
alloys of Table I. 

Creep test results are listed for the J alloys in Table III. 


DISCUSSION OF THE DATA 


A. Effect of Carbon. Because of the large effect of the carbon 
content on the rupture and creep resistance of these high temper- 
ature alloys it was desired to get some evaluation of the magnitude 
of the effect. Fig. 1 shows the increase in rupture time at 30,000 psi 
at 1500°F for the J-type alloys. Included are the curves for the 
VT2-2 (Vitallium modified by 2% tantalum) and NT-2 (N-155 
modified by increased nickel and the substitution of Ta for Cb). 
The latter curves were reported more completely in a previous 
paper (3). 

There are not enough well-spaced points to locate the J curve 
accurately but the resulting comparison with the other two alloy 
systems is clearly shown. The optimum carbon content has been 
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Table Il 
Stress Rupture Values at 1350 to 1800 °F 
Aging Test Rupture % Min. Creep 
Treatment Temp. Stress Time, % Red. Rate 
Alloy °F °F psi Hrs. Elong. of A. % /Hr. 
22V-2 None 1500 30,000 5.7 7.3 RS ies: fa 
None 1500 25,000 9.2 6.5 ee fe ee 
None 1500 20,000 444 3.9 MS OME ae a 
31V-0 None 1500 20,000 88.3 11.8 9.4 0.038 
48 Hrs.-1350 1500 20,000 95.3 6.2 8.5 0.028 
48 Hrs.—1500 1500 20,000 49.4 5.4 5.3 0-043 
27V-3 None 1500 20,000 90.0 6.3 4.1 0.024 
48 Hrs.-1350 1500 20,000 285.5 4.7 3.6 0.0052 
31V-4 48 Hrs.-1350 1500 30,000 39.5 4.7 4.8 0.046 
48 Hrs.—1350 1500 20,000 806.6 3.1 4.4 0.0018 
45VS-2 None 1500 30,000 28.0 5.6 ae ee 
47VS-4 None 1500 30,000 6.1 11.1 Ree fe 5 ook 
6059 None 1500 25,000 53.4 16.4 oh ee era 
48 Hrs.—1350 1500 25,000 41.9 21.1 NR pa 
40VT2-2 None 1500 30,000 27.4 8.1 eR ono ee 
36VT2-3 48 Hrs.—1350 1500 25,000 131.7 32.6 19.2 0.042 
48 Hrs.—1500 1500 25,000 273.1 13.9 12.6 0.011 
35H None 1500 25,000 307.0 11.0 6.7 0.014 
42 Hrs.—1000 1500 25,000 461.4 18.4 10.0 0.0086 
31JN 48 Hrs.—1350 1500 25,000 233.1 10.4 11.7 0.02 
Aging Test Rupture Rup. Time % Min. Creep 
Treatment Temp. Stress Time, Corrected % Red. Rate 
Alloy °F °F psi Hrs. to 0.36% C Elong. of A. % /Hr. 
36] 48 Hrs.—1500 1500 30,000 96.8 og 11.8 8.2 0.066 
48 Hrs.—1000 1500 25,000 449.0 ed 4.0 1.2 0.002 
33] 48 Hrs.—1000 1500 25,000 199.3 245. 12.0 18.2 0.028 
48 Hrs.-1350 1500 25,000 348.9 420. 20.8 18.1 0.008 
30J 48 Hrs.—1350 1500 25,000 190, 276. 16.0 24.7 0.034 
Corrected 
to 0.73% C 
70] 48 Hrs.—1350 1350 55,000 49.1 53. 5.6 11.6 0.072 
62] 48 Hrs.—1350 1350 §@655,000 40.9 $2. 10.4 16.2 0.16 
74J 48 Hrs.—1350 1350 50,000 184.1 180. 8.0 15.4 0.017 
72J 48 Hrs.—1350 1350 50,000 198.7 204. 5.6 8.8 0.016 
70] 48 Hrs-1350 1350 45,000 505.8 $35. 5.6 18.7 0.0042 
72J 48 Hrs.—1350 1350 40,000 1054. 1070. 7.2 5.7 0.0028 
48 Hrs.—1350 1350 35,000 2586. 2600. 64 11.6 0.0012 
64] 48 Hrs-1350 1500 35,000 36.4 54. 16.0 es oe tawe 
73) (A) 48Hrs—1000 1500 30,000 187.7 ei 14.4 19.2 0.042 
73J (B) 48 Hrs.—1350 1500 30,000 286.3 14.4 18.6 0.016 
73) (C) 48Hrs-1350 1500 30,000 430.3 a 17.46 314 0.02 
69] 48 Hrs-—1000 1500 30,000 114. Pulled out of holder. 
64J 48 Hrs.—1350 1600 20,000 1009. 1510, 7.2 15.5 0.008 
8iJ 48 Hrs.—1400 1500 30,000 288.1 sce 12.8 24.6 0.026 
102] 48 Hrs.-1350 1500 35,000 46.0 a a 13.6 24.7 0.01 
76J-1 48 Hrs.-1350 1500 30,000 652.2 570. 12.0 16.3 0.009 
75J-3 48 Hrs.—1350 1500 30,000 204.6 185. 12.0 11.8 0.041 
66J-1 48 Hrs.—1350 1700 =12,000 359.5 480. i ieee 4.6 0.0028 
95NT-2* None 1800 =11,000 69.7 pha aice 10.4 14.4 0.032 
Table Ill 
Creep Results at 1500 °F 
Aging Test 
Condi- Treatment Temp. Stress -—Total Creep—. -~—Min. Creep Rate— 
Alloy tion °F °F psi Hours in. /in. Hours % /Hour 
73} (A) As-Cast 48 Hrs.-1350 1500 10,000 3,400 0.0027 1400-3100 0.000015 
As-Cast 48 Hrs.—1350 1500 12,000 2,800 0.0039 1600-2800 0.00002 
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Hot Ductility of J Alloys With Increasing Carbon (at 30,000 psi and 1500 °F 


% Elongation 














0.36 48 Hrs.—1350°F 12.8 48 Hrs.—1500 °F 11.8 
0.64 48 Hrs.—1350°F 10.4 and 12.0 48 Hrs.—1500 °F 16.8 and 22.4 
0.69 48 Hrs.—1350°F 7.2and 8.8 48 Hrs.—1500 °F 16.0 
0.73 48 Hrs.-1350°F 14.4 and 17.6 48 Hrs.—1500°F Tae 
0.81 48 Hrs.—1350°F 13.2 and 16.8 48 Hrs.—1500°F 12.8 
1.02 48 Hrs.-1350°F 8.0 and 12.3 48 Hrs.—1500°F 16.8 
Table V 
Room Temperature Tensile Values 
Nominal Tensile J Elong. 

Alloy Grain Size Aging °F Strength, psi in. /in. % Red. of A. 
27V-0 Medium None 99,500 15.4 ce 
29V-0 Medium 48 Hrs.-—1350 121,300 ain 6.6 

Fine 48 Hrs.—1350 113,100 2.6 2.5 
35V-0 Coarse 48 Hrs.—1350 127,500 10.4 4.0 
41R-6 Medium None 76,000 10.2 20.0 
48R-6 Fine None 89,600 6.5 6.4 
Fine 48 Hrs.—1350 91,400 4.4 5.5 
49R-6 Medium None 85,200 9.2 10.4 
Medium 48 Hrs.-1350 103,800 4.1 5.6 
27V-3 Medium None 109,200 7.2 10.2 
Medium 48 Hrs.—1350 103,806 2.3 5.0 
31V-4 Medium 48 Hrs.—1350 136,300 3.3 6.0 
37V T2-2 Medium None 102,800 5.9 10.7 
Medium 48 Hrs.—1350 115,500 2.6 7.0 
70] Medium None 111,000 3.0 1.5 
42] Medium None 123,000 10.3 oa 
Medium None 119,000 10.0 











shifted to a lower value, and the rupture time at 0.76% carbon is 
indicated to be about 500 hours at 30,000 psi and 1500 °F. Signifi- 
cantly there has been a large increase in the rupture life of the lower 
carbon J alloys over other low-carbon Co-Cr alloys. 

As was shown also for the VT2-2 and V-2 types of alloys (3), 
there is no apparent decrease in the hot ductility of the J alloys with 
increasing carbon content. Table IV shows the hot ductilities ob- 
tained from tests conducted at 1500 °F at 30,000 psi. The ductility 
values are essentially constant with increasing carbon (in view of the 
size of the deviations to be expected from duplicate tests). Fig. 2 
shows the as-cast, unaged, untested microstructures of several J alloys 
of increasing carbon content. 

B. Room Temperature Tensile Properties. The room temper- 
ature tensile strengths and ductilities for the J alloys and for others 
listed in Table I are given in Table V. 

Several generalizations may be made regarding the room tem- 
perature tensile results: 
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Fig. ee of As-Cast, Unaged J Alloys of Increasing Carbon. X 250 


-—-electrolytic H 
0.36% carbon c. 0.81% carbon 
b. 0.70% carbon d. 1.02% carbon 


1. The as-cast, unaged tests showed lower strength but greater 
ductility than do the aged tests. 

2. Aging decreases the room temperature ductility quite appre- 
ciably. This aged ductility is the better measure of the alloy than is 
the as-cast value. The as-cast, unaged ductility indicates only the 
handling ability and not the running ability of the alloy. 

3. A fairly wide spread of elongation and reduction of area 
values will be obtained from a series of room temperature tests from 
the same casting in certain of the alloy systems such as Vitallium and 


regular 6059 (the R-6 alloys). Grain size Po has some effect 
on the resultant ductility. 
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4. The highest as-cast strength is shown by 42] whereas the 
highest strength after aging is shown by the 3 and 4% Mn modified 
grades (and by 42J probably). The highest as-cast ductility is noted 
in 27V-0, 42] and 6059; it is about 10% in a 1-inch gage length 
test bar. | 

C. The Effect of Increased Alloy Content. An examination of 
Table I shows that the regular Vitallium alloys were highly erratic 
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Fig. 3—Effect of Increasing Mn on the 1500 °F 
Rupture Properties of Vitallium. 


in their performance. This is shown more thoroughly in a previous 
paper (2). Even from tests within the same heat, large differences 
in rupture strength and ductility result (note alloys 22V-2 and 31V-0 
in Table I). Aging has the effect of minimizing to a small extent 
this erratic behavior but not to a sufficient degree to obtain an alloy 
which might be called reproducible. 

One of the first elements which showed a stabilizing effect was 
carbon. The results of this study are also summarized in another 
paper (3). A second element to produce greater high temperature 
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10 20 40 6080100 200 400600 ‘000 


RUPTURE TIME - HOURS 


Fig. 4—Log Stress Vs. Log Rupture Time at 1500 °F for a Series of Low Carbon 
Modified Vitallium-T Alloys, Showing the Improved Rupture Life With Increases 
in Certain Alloying ieee. 


stability was manganese (2); reproduced here are the results of 
increasing manganese from 0 to 4% (replacing a like amount of 
cobalt). These are alloys V-O (1% manganese), V-3 (2% man- 
ganese) and V-4 (4% manganese). Not only did manganese appear 
to impart greater reproducibility of test results but it increased the 
1500 °F rupture life by a factor of 16-fold with 4% manganese, and 
increased appreciably the ductility at 1% only to lose it again with 
higher additions of manganese. Fig. 3 shows the effect of increasing 
manganese on the 1500 °F rupture strength and elongation values 
for several aging treatments. 

It was shown previously (3) that 2% tantalum also had the 
effect of improving the strength of the regular Vitallium alloys and 
of improving its reproducibility in rupture testing. The improve- 
ment in rupture strength through the addition of certain elements 
is shown in Fig. 4. 

Assuming 30V-2 as the essentially basic Vitallium composition, 
we note that 1% manganese raises the curve as shown by 35V-0. 
Next by adding 2% tantalum for 2% cobalt a further increase is 
gained. Almost as good an improvement is obtained by substituting 
2% manganese for cobalt (27V-3). A fairly large improvement is 
next realized (about 2000 psi) by using the combined benefits of 
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2% manganese plus 2% tantalum (alloy 36VT2-3). The use of 4% 
Mn instead of 2% Mn plus 2% Ta appears to produce an alloy 
showing a somewhat flatter curve than 36VT2-3 (this is alloy 31V-4). 
In 35H further alloying (1 Mn+2Ni+3W-+2Ta) causes an 
even flatter curve with an appreciable strength increase (2000 psi) 
for 1000 hours rupture. Finally by the use of the combination of 
alloying elements which gives the J alloy (1 Mn-+6Ni-+2 Ta) 
we obtained the best combination. For comparison purposes this 
0.36% carbon J alloy has a slightly flatter curve than 422-19 but is 
of lower carbon content (0.45% C versus 0.36% C for the J alloy). 
An increase of 0.10% C would place the J curve appreciably above 
the 422-19 curve as is shown in Fig. 1. The curve for X-40 seems 
somewhat flatter than the 36] curve. For comparable carbon con- 
tents (X-40 has about 0.5% C against 0.36% C for the J alloy) we 
would find the J alloy appreciably stronger over the range of 10 to 
probably 10,000 hours rupture time at 1500°F. All in all, a gain 
in rupture strength of 9000 psi for 100 hours rupture time at 1500 °F 
was obtained by modifying the original Vitallium composition. A 
like gain of 9000 psi was also realized for 1000 hours rupture time at 
1500 °F. The curve for 73] is included to show the improvement 
in the series with increasing carbon content. 

While the position of the curves is important, the ability to 
make successive casts of the alloy from which additional test bars 
will yield reproducible data is even more important. The J alloy in 
particular has yielded extremely good reproducibility. Every effort 
was made to control solidification rates in order to reproduce grain 
size—a primary control factor of high temperature strength. On the 
other hand an examination of the literature shows that a large series 
of heats of alloy X-40 have failed to reproduce the values which have 
yielded the curve shown in Fig. 4 (6), (7); this was undoubtedly 
due to the lack of controlled casting conditions and could be min- 
imized. As a result a more acceptable X-40 curve is somewhat 
lower and steeper than the curve shown in Fig. 4. 

In comparing the ductility of these alloys at 1500 °F it is to be 
noted that whereas a large difference exists for a 10-hour rupture 
life, this difference becomes quite small for 1000-hour rupture life. 
The exceptions are 35H, 6059 and 73J. The other values run from 
about 3 to 7% for 1000 hours rupture life. 

D. Optimum Aging Conditions—Aging Without Stress Appli- 
cation. In any comparison of the type shown in Fig. 4, care must be 
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Table VI 
Effect of Cooling Rate on Rupture Properties at 1500 °F and 30,000 psi 


Hours to % R. 
Alloy Condition of Cast Heat Treatment Aging °F Rupture %Elong. of A 


73] Normal slow cool in 


investment As-Cast 48 Hrs.—1350 450* 12* 16* 
68]  Aijr cool from hot in- 

vestment flask As-Cast 48 Hrs.—1350 42.8 4.8 6.3 

Air cool from hot in- 

vestment flask As-Cast 48 Hrs.—1350 73.0 3.2 6.3 

Air cool from hot in- 

vestment flask 2000 °F-Fce. Cool None 20.0 17.6 42.2 

Air cool from hot in- 

vestment flask 2260°F-Fce. Cool 48 Hrs.—1350 121.4 3.2 ‘0.2 
75] Slow cool in invest- 

ment in 1850°F Fce. As-Cast 48 Hrs.—1350 170.6 13.6 24.6 

Slow cool in invest- 

ment in 1850°F Fce. As-Cast 48 Hrs.—1350 38.4 12.8 28.8 


*Average values from several castings. 


taken to compare the alloys in their optimum condition. It is now 
accepted on the basis of broad experimental evidence that the as-cast 
state of the Co-Cr-base alloys is the best one for stress applications at 
1350 °F or higher. This as-cast condition, however, is that condition 
of the alloy which results from a slow cool in a hot investment mold 
(preheated in the vicinity of 1850°F). Other cooling rates of the 
metal may not be as beneficial. An experiment was performed, for 
example, for three conditions of cooling rates (after solidification). 
The standard practice is to permit the casting to cool in the invest- 
ment flask to black heat, after which the flask is broken open. The 
first variation involved breaking open the flask within 3 minutes 
after pouring to permit an air cool from essentially 1800 to 2000 °F. 
The second variation involved the replacement of the poured flask 
into a furnace at 1850 °F about 2 to 3 minutes after pouring; the 
furnace was held there for 30 minutes, at which time it was shut off 
to permit the slow furnace cool. A comparison of rupture results 
for these three conditions of cooling is shown in Table VI. 

Neither of these alternate methods gave results approaching those 
obtained from tests cocled conventionally in the hot investment mold. 
An interesting point about 68], the air-cooled casting, is that the best 
of four tests was the 2260 °F, furnace-cooled ome of 121.4 hours. 
The 2000 °F furnace cool gave the highest ductility by far. Appar- 
ently the fast cool used for 68] left the alloy in a condition of super- 
saturation for aging which required the 2260 °F treatment for sub- 
sequent best results, which however were far inferior to those ob- 
tained from conventionally slow cooled castings. The very slow cool 
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Table Vil 


Rupture Time and Elongation at 1500 °F for Various Aging Temperatures 
All Specimens As-Cast 


Stress —— Aging Temperature °F———H——__—_-—. 
Alloy psi None* 1000 1200 1350 1500 1600 

35H 25,000 307(11.0) 461(18.4) ......... 250 (4.8)** 332(21.6) .....é2- 
60H 30,000 34 (24.0) 44 (42.1) Deen? = eos ce cae 94 (18.7) 50 (28.8) 
31V-4 ee ee 8 aaah es twee eed 835 (3.2) Ge f Pia xavier 
See... Bae ee sa Bee Cee ee 6. twee 244 (8.1) 273 (12.6) 59 (25.8) 
ie RT OPE ER ey eras“ 643 (5.5) eet ae ea oes 
36J 25,000 1987(11.9) 449 ( 4.0) 520 (12.8) 533 (6.5) OO Ce 6 on a ae 
27V-3 20,000 90 ( 6.3) eee COPS 5 eek vb ne 285 (4.7) 245 ( 4.7) 55 (13.4) 


*All unaged tests were held 1 hour at 1500°F prior to loading. 
**Value appears too low. 


Values in parentheses are % elongation. 


used with 75] left a more ductile alloy and one which appeared some- 
what stronger (though quite erratic) than the air-cooled casting. 

Assuming, therefore, that the slow investment cool is the best, 
aging temperatures in the range of 1000 to 1600 °F were tried for 
a large number of the alloys included in Fig. 3. The rupture values 
for several of these alloys are shown in Table II as a function of the 
aging treatment, but are summarized in Table VII. Rupture time, 
in hours, is given for each aging temperature. Aging was in all cases 
for 48 hours without load. At the completion of the 48 hours the 
temperature was adjusted to 1500 °F for the test. 

Table VII with several minor exceptions shows that: 

a. All tests aged at 1600 °F are far weaker than those aged at 
1000 to 1500 °F.\ Naturally, aging at 1700 or 1800 °F would prob- 
ably give even lower values since this is the overaging temperature 
range. The ductility for 1600°F aging correspondingly is the 
highest. 

b. Unaged tests result in the second poorest group of rupture 
values, with relatively high ductility (actually these unaged tests are 
aged for 1 hour at 1500 °F). 

c. Aging as low as 1000°F produces an improvement over 
unaged tests in practically all cases even though no change in micro- 
structure is indicated. Some actual change in structure is indicated 
from resistivity measurements after aging at 1000°F. In some in- 
stances rupture life due to 1000°F aging is better than aging at 
1500 °F. 

d. In most instances 1350°F seems to give optimum aging 
conditions. In certain other cases 1500 °F appears to give optimum 
values. 
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Table VIII 
Effect of Aging Time on Rupture Properties 


(a) Increasing aging time at 1350°F 


Test Stress Hours to % Red. of 
Alloy Temp. °F psi Rupture % Elong. A. 
73] 1500 30,000 1 Hr. -1350°F 212.3 14.4 22.7 
1500 30,000 5 Hrs.-1350°F 497.8 16.0 20.3 
1500 30,000 10 Hrs.—1350° 689.7 19.2 22.0 
1500 30,000 48 Hrs.—1350°F 286 to 1040 15.0* 18.0* 
1500 30,000 200 Hrs.-1350°F 1044. 10.4 24.5 
(b) 48 Hours versus 200 hours aging time 
72J 1350 50,000 48 Hrs.—1350°F 198.7 5.6 8.8 
74J 1350 50,000 48 Hrs.—1350°F 184.1 8.0 15.4 
350 50,000 200 Hrs.—1350°F 212.5 8.0 11.6 
62] 1800 15,000 48 Hrs.—1200°F 15.0 22.4 56.5 
1800 15,000 200 Hrs.—1200°F 17.3 19.2 42.2 
74J 1800 11,000 48 Hrs.-1350°F 319.6 7.2 8.5 
1800 11,000 200 Hrs.—1350°F 284.2 6.4 16.1 


*Average of about 9 tests. 


e. Generally the temperature which results in optimum rup- 
ture life yields the minimum or low ductility. 

Aging Time at Temperature. It was desired also to note the 
effect of aging time on the rupture life. The aging temperature on 
the basis of the above data was selected as 1350°F. Times from 1 
hour to 200 hours were tried with varying results and are listed in 
Table VIII. 

Table VIII, part (a), shows quite clearly that only about 5 
hours aging time is required at 1350°F for testing at 1500 °F. 
Aging for only 1 hour is not sufficient to bring about maximum 
strength. On the other hand, aging for 10 hours shows an improve- 
ment over 5 hours in a single test, but not on the average. Corre- 
spondingly, aging for 48 hours gave a series of values from about 
280 to 1040 hours (majority of tests ran from 400 to 520 hours 
at 30,000 psi and 1500°F), but the average value was about that 
resulting from aging for 5 or 10 hours at 1350°F. Aging for 200 
hours at 1350°F gave two values higher than the average for the 
lower aging times. Recently similar aging tests on related alloys 
have not indicated the continued superiority of the 200-hour aging 
time. This is substantiated by the test results of part (b) of Table 
VIII which shows that 48-hour aging is equivalent on the average 
to 200-hour aging at 1350°F for testing at 1350 and 1800°F. \In 
1800 °F tests, aging for 48 or 200 hours at 1350 °F gives comparable 
results. 

Thus, while it seems that in 1500°F tests some small benefit 
may be derived from longer time aging than about 5 hours, this is 
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not indicated at test temperatures of 1350 or 1800°F. Apparently 
5 to 10 hours aging time is all that is required at 1350 °F to achieve 
maximum strength at test temperatures of 1350 to 1800 °F. 

Aging Under Stress. The question has often been asked, “What 
is the effect of aging with the simultaneous action of strain?” It 
has been common practice to apply gas turbine and jet engine blade 
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Fig. 5—Effect of Aging Under Stress at 1350 °F on Rupture Prop- 
erties at 1500 °F. 


materials in the as-cast, unaged condition; aging then occurs at some 
range of temperatures under strain. Because of this, a series of 
tests was run using strain as an added variable. The tests are quite 
brief and have not been run in duplicate; but they are presented 
here because they do show some trend among them. The results are 
shown in Fig. 5 with a description of the aging treatment. All tests 
were performed at 1500 °F at a stress of 30,000 psi. 
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Fig. 5 indicates that prior aging at 1350°F without load gives 
better values than aging under stress at 1350°F. Aging under load 
up to 48 hours failed to produce rupture times equal to those aged 
without load at 1350°F. One test wherein aging was for 48 hours 
at 1350°F without load and then under load for 72 more hours at 
1350°F brought about the high rupture life of 827.2 hours (755 


SOOO em & 500° F. 


RUPTURE TIME 





AGING TEMPERATURE 


Fig Aging Temperature Versus Rupture 
Life o sy x 1300 ° F at 30,000 Psi. 


of them at 1500°F). Additional tests will be needed for evaluation 
of aging under stress and for double aging treatments which gave 
the 827.2-hour figure. 

The conclusion here must be that, for gas turbine and jet engine 
blade applications of alloys such as the J alloy, it is best to age 
without stress at 1350 °F or the best aging temperature, for the best 
and for reproducible results. Any effort to age in the power unit 
under operating conditions will result in further erratic behavior of 
cast blades due to aging under conditions of hot-starts, fluctuating 
temperatures and fluctuating stress, with the result that no two 
wheels bladed with the same alloy could be expected to perform 
the same way. 

E. Rupture Life of 73] from 1350 to 1800 °F. Fig. 6 indicates 
that an aging temperature of 1350°F without load is the best for 
maximum rupture life of 73J at 30,000 psi and 1500°F. Apparently 
no-aging, or aging up to about 1200°F, results in no appreciable 
improvement in rupture life; but 1280°F aging does show an im- 
provement which is quite sharp. The alloys aged at 1350°F show 
maximum strength, with rapid decrease of strength through aging at 
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1500 °F or higher (three repeat tests for 1500°F aging). There 
was no appreciable change in hot ductility with change in aging tem- 
perature, a good average value being about 14% elongation. From 
Fig. 1, 0.73% C was selected as the optimum carbon content for 
over-all properties. 

Fig. 7 shows four microstructures of the J alloy with about 
0.7% C. All tests were pulled at 30,000 psi at 1500°F. Aging 
temperatures without load were from 1000 to 1600 °F for 48 hours. 
Essentially no great difference is noted among the microstructures. 
The 1350°F aging does appear to cause somewhat more uniform 
precipitation throughout the matrix but not strikingly so. Also due 
to 1600 °F aging we note a large amount of the so-called unknown 
(dark etching) “A” constituent at the carbides. Aging at 1600 °F 
appears to bring about a maximum of this phase, as does testing at 
1600 °F. 

The rupture life as a function of the stress for test temperatures 
from 1350 to 1800°F is shown in Fig. 8. The values plotted 
here are the rupture times corrected to 0.73% C due to carbon 
variations from heat to heat. These corrections for carbon content 
are shown in Table I. All in all, there are 9 heats ranging from 0.62 
to 0.74% C involved in these tests. The reproducibility of heats 
and of tests within each heat is much better than has been generally 
noted thus far in hot investment cast alloys, primarily through con- 
trol of casting variables. Several points do not fit the chosen lines 
for the double logarithm plot, without any apparent reason for the 
deviation. It might well be pointed out here that, while there is this 
wide spread of rupture times from about 280 to 1040 hours corrected 
value at 30,000 psi and 1500 °F, the log-log type of plot which re- 
sults in a flat curve averages these points to the extent that all of 
them miss the selected curve by less than 2000 psi. The same is 
true at 35,000 and 1500°F where rupture life varies from about 
50 to 137 hours. 

It was not expected that the semi-log plot would show appreci- 
able difference over the 2%4-log cycle range covered by the rupture 
time values; however, the points were replotted on the semi-log 
scale and appear in Fig. 9. There is not much choice; but what 
choice there is is in favor of the double log. The semi-log plot gives 
a series of lines which intersect at several points on extrapolation ; 
for example, the 1350 and 1500 °F curves intersect at 50,000 hours 
for a stress of 16,000 psi. Another intersection occurs between the 
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Fig. 7—Microstructures of 733 After Rupture Testing at 1500 °F at 30,000 Psi. 
xX 250—electrolytic HCl etch 
a. 


48 hours, 1000 °F c. Aged 48 hours, 1500 °F 
b. Aged 48 hours, 1350 °F d. Aged 48 hours, 1600 °F 


1700 and 1800 °F curves at 10,000 hours at 6000 psi. Furthermore, 
there is the implication from this type of a plot that at 1350 °F there 
is some change occurring at about 300 hours which is detrimental to 
the performance of the alloy. This change, however, does not appear 
to occur at 1350°F or at 1500°F, as a reasonably discontinuous 
change cannot be noted by microscopic, X-ray or dilatometric means. 

These curves are not intended to settle the problem of deciding 
which method of extrapolating gives a truer picture of the behavior 
of these types of alloys at long periods of time—such as 100,000 
hours. At the moment these rupture values are probably among the 
best which have been obtained in the high temperature, high strength 





1948 COBALT-CHROMIUM J ALLOY 603 


Stress - |OO0O psi 





10 100 1000 10,000 100,000 
Rupture Time- Hours 


Fig. 8—Log Stress-Log Rupture Time Plot for Alloy 73J at Temperatures 
From 1350 to 1800 °F. 








! ie) 100 1000 10000 100 000 
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Fig. 9—Semi-Log Plot of Stress Vs. Rupture Time for Alloy 73J at Tempera- 
tures From 1350 to 1800 °F. 


alloy field. The log-log plot on the basis of these points appears 
more logical in the extrapolated zones from our limited knowledge 
of expected behavior in the temperature range concerned. Actually 
there is great need for additional test points which will extend the 
2% cycles of logarithms covered to 4 or 5 cycles before a true eval- 
uation may be made of the more suitable method, and of the many 
theories advanced to explain the type of behavior involved. 

In Fig. 10 are shown the microstructures of alloy 73J after 
rupture tests at 1350 through 1800°F. All test bars were aged 48 
hours at 1350 °F prior to testing at the designated test temperature. 

A distinct change can be noted in the structures at each succeed- 
ing temperature. At 1350°F some slip lines are marked by the 
aging precipitate, and are more clearly seen at the higher magnifica- 
tion. Through the 1500 and 1600 °F tests, the intensity of the aging 
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Fig. 10—Microstructures of Alloy 73J Following Testing at Various Temperatures. 
All tests previously aged 48 hours at 1350 °F. 

a. Ruptured at 1350 °F, x 250 d. Ruptured at 1600 °F, x 250 

b. Ruptured at 1350 °F. < 750 e. Ruptured at 1700 °F xX 250 

c. Ruptured at 1500 °F, x 250 f. Ruptured at 1800 °F, x 250 


precipitate increases. At 1700 °F agglomeration has begun and has 
progressed much further at 1800 °F with an indication of solution 


of some of the precipitate. Beyond 1350°F slip lines (marked out 
by the precipitate) are not in evidence except in tests at high stresses 
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Table IX 


Stress for Rupture for 73J at Various Temperatures for 10 to 100,000 Hours Life 
Comparison of Semi-Log (S-L) and Log-Log (L-L) Values 
(Stress in 1000 psi) 








Teer cemeasmnee ~ > 

Rupture Time 1350 1500 1600 1700 1800 
(Hours) L-L S-L L-L S-L L-L S-L L-L S-L L-L S-L 
10 69.0 61.5 43.5 42.5 33.5 32.0 24.8 24.0 18.0 16.5 
100 52.5 52.0 34.8 35.5 26.4 26.3 17.2 18.0 12.8 12.8 
1,000 40.5 41.0 28.2 28.0 21.0 20.5 12.3 12.0 9.3 9.0 
10,000* 31.0 26.0 23.0 21.0 16.4 15.0 8.6 6.2 6.7 5.0 
100,000* eek; Base Team 228 13.2 9.2 6.4 0.5 5.0 1.0 





*Extrapolated values. 




















Table X 
Rupture Life Comparisons of Best Cast Alloys From 1350 to 1800 °F 
Temp. Rupture 
°F Time, Hrs. 73J 100N T-—2 111VT2-2 X-—40 422-19 Vitallium 

10 es > Ca pee SSS ety 59,000 Caee .°7 eee 

1350 100 GA iain)! | cs see 44,800 47,000 + wack 
1000 40,500 eee a: pe ee 34,000 Sees aah es 

10 43,500 40,500 43,000 34,000 39,500 31,000 

1500 100 34,800 30,500 32,200 28,000 30,400 22,000 
1000 28,200 22,800 25,800 23,200 23,500 16,000 

10 33,500 35,000 37,000 25,000 25,000 23,800 

1600 100 26,400 26,100 27,300 21,300 19,000 18,400 
1000 21,000 19,300 20,000 18,500 14,700 14,500 

10 24,800 25,800 22,400 21,000 19,000 16,400 

1700 100 17,200 18,200 16,800 17,300 14,700 13,100 
1000 12,300 13,100 12,100 14,400 11,500 10,500 

10 18,000 18,800 15,300 13,300 14,400 12,200 

1800 100 12,800 13,600 11,100 11,300 10,100 8,800 


1000 9,300 9,900 8,000 9,800 7,100 6,400 


(30,000 to 40,000 psi) at 1500°F. At 1600, 1700 or 1800 °F there 
has never been any evidence of slip deformation in these alloys. 

Table IX compares the stress required for failure in 10, 100, 
1000, 10,000 and 100,000 hours in the temperature range of 1350 
to 1800 °F for both the double log and the semi-log plots. It will be 
noted in Table 1X that there is no measurable difference in the stress 
to rupture values by either method in 10 to 1000 hours rupture 
times at any of the temperatures except 1350°F. The big difference 
comes in the extrapolated 10,000 and 100,000-hour rupture times. 
A broken or double curve is shown at 1350°F for the semi-log in 
Fig. 9. It is also indicated in the double log but not to an appreciable 
degree. Several additional points are needed for these temperatures 
for short rupture times. These points are being determined presently. 

The following tabulation gives the elongation values for alloy 
73} for rupture times of 10, 100 and 1000 hours at temperatures 
from 1350 to 1800°F. These hot ductilities are good and do not 
indicate severe embrittling effects for the times shown. 
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Rupture Time ———————————Temperature °F 
Hours 1350 1500 1600 1700 1800 
10 7 14 16 
100 7 13 11 13 10 
1000 7 10 6 3 


Table X compares the better known and strongest cast alloys 
with 73J over the temperature range of 1350 to 1800 °F for rupture 
times of 10, 100 and 1000 hours. These values are not plotted be- 
cause they would overlap in certain portions and thereby obscure the 
picture. The table shows that at 1350 to 1600 °F the 73J alloy has 
appreciably better rupture properties than the other strong, better 
known, cast high temperature alloys. At the higher temperatures of 
1700 and 1800 °F it is about equal to the best previously known al- 
loys, X-40 and 100NT-2. 

It has been agreed generally that at the lower temperatures of 
1200 and 1350 °F the forged alloys have been stronger than the cast 
Co-Cr-base alloys. Alloy 73] appears to be an exception to this 
and compares favorably at 1350 °F with the best forged alloys. No 
tests are available at present at 1200°F. Table XI gives a compari- 
son of the 1350 and 1500°F rupture values of 73J with the best 
forged alloys. 

Table XI shows that 73J is the strongest alloy in the range of 
10 to 1000 hours at either 1350 or 1500 °F, exceeding Inconel X in 
this range, but having a somewhat steeper slope. At 1500°F, where 
the forged alloys, particularly Inconel X, drop in strength, 73J is by 
far the strongest. 73] also compares favorably with all the other 
alloys with respect to hot ductility; at 1350°F there is apparently 
no decrease in ductility with increasing rupture time, indicating the 
possibility that this test temperature yields the low temperature type 
of failure (deformation by obvious slip and transcrystalline failure). 
This is further substantiated by the presence of slip lines in micro- 
structures of 1350 °F rupture tests. 

F. Effect of Cerium Additions on 73]. According to Hessen- 
bruch (5) small additions on the order of several tenths of one 
per cent of certain elements make big differences in the durability 
of electrical heat resistance wires at very high temperatures. These 
benefits have been derived in the nichrome or chromel types of alloys 
which run about 20% Cr, in 35 Ni-20 Cr-balance Fe alloys, and in 
other Cr-bearing alloys. The most beneficial addition agents were 
noted to be cerium mischmetall, calcium and thorium in amounts 
from 0,03 to 0.3%. It was believed that the increased life of the 
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Table XI 
Rupture Life Comparisons of Best Forged Alloys and Cast 73J at 1350 and 1500 °F 





Temp. Rupture 
°F 


Time, Hrs. 73J N-155 S-590 S-816 Inconel X 

10 69,000 ( 7)** 47,000 (28) 46,500 (13) 62,000 (18) 58,000 (40) 

1350 100 ; 52,500 ( 7) 36,000 (25) 37,000 (18) 43,000 ( 8) 48,000 (20) 
1000 40,500 ( 7) 27,000 (20) 29,500 (15) 31,000 ( 6) 40,000 ( 2) 

10 43,500 (14) 32,000* (12) 25,500 (18) 36,100 (10) 45,000 (25) 

1500 100 34,800 (13) 24,300* (10) 20,000 (18) 27,400 (10) 29,000 (11) 
1000 28,200 (10) 18,600* ( 4) 15,500 (10) 21,100 ( 8) 18,500 ( 2) 


*High carbon (0.30-0.35%). 
**Values in parentheses are “‘per cent elongation’’. 


electrical resistance elements was due in some way to the added 
oxidation resistance imparted through these small additions; for ex- 
ample, 0.2% Ce mischmetall improved an 80 Ni-20 Cr alloy which 
had a life duration index of 1025 up to a life index of 9000 to 
10,000, a ten-fold benefit. 

Because of this increased life it was thought that similar addi- 
tions to some of the high strength, high temperature alloys might 
result in increased rupture life in the range of 1500 to 1800 °F. 
Since failures in this temperature range are generally intercrystalline, 
any improvement in oxidation resistance might readily improve their 
life expectancy. Accordingly the 0.7% carbon J alloy was used to 
measure the effect of additions of 0.1,0.3 and 0.7% Ce mischmetall. 
These were the added quantities; no analyses were made. The re- 
sults of the rupture tests are listed in Table II for the following al- 
loys: 76J-1 and, 66J-1 (0.1% added); 75J-3 (0.3% added) and 
70J-7 (0.7% added). In addition 9S5NT-2 was also tried with a 
0.1% Ce addition and the results of 1800°F tests are listed at the 
end of Table II. Fig. t1 shows the location of points for cerium- 
bearing alloys as compared to regular J alloy values of the same 
carbon content. 

At 1500 °F the 0.3 and 0.7% Ce alloys were so much poorer 
than regular J values that no further tests were made with these 
alloys at higher temperatures. At 1500°F the 0.1% Ce alloy did 
appear as good as the regular J alloy. Accordingly tests were tried 
at 1700 and 1800°F where it was felt that improved oxidation re- 
sistance would be most beneficial. A total of four tests each at 1700 
and 1800 °F, using duplicate tests and duplicate heats, gave rupture 
life values which ranged from “as-good-as” to “considerably-worse- 
than” regular J values. Oddly the poorer values were obtained at 
the lower stresses. 
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- 1700°F 
- 1800°F 
~ 1500°F 
- 1500°F 
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RUPTURE TIME - HOURS 


Fig. 11—Effect of Cerium Mischmetall Additions on the Rupture Life of 73] 
Alloys = 1500 to 1800 °F. 


The results with cerium-bearing 95NT-2 were all considerably 
poorer than regular 9SNT-2 values (see Table II). 

It was noted that the cerium-bearing alloys were easier to drill 
and to machine than were the cerium-free alloys. 

It appears, therefore, that where large stresses are in use cerium 
additions of 0.1 to 0.7% to these alloys, being tested at 1500 and 
1800 °F, do not show any improvement in rupture life. An effect 
on hot ductility was not noted at 1500 °F but it appears that some- 
what lower hot ductilities on the average are obained with the 
cerium addition when testing at 1700 and 1800 °F. 

The microstructures of the cerium-bearing alloys were not 
noticeably different from the cerium-free alloys. Accordingly micro- 
structures are not included here. 

G. Creep Properties of J Alloys. Two creep tests were run at 
1500 °F ; two others are in progress at 1600°F. As was expected 
from rupture data, the Co-Cr-base J alloy was about equal to’ the 
other Co-Cr-base alloys in creep (422-19 and X-40 and 111VT2-2). 
Up to the present time none of the Co-Cr-base alloys have shown 
as good creep performance as have the Ni-Cr-Co-Fe alloys (N-155, 
S-590, 1OONT-2, etc.). 

Fig. 12 shows the log-log plot of minimum creep rate versus 
stress for 73] ; the curve for alloy 422-19 is included for comparison. 
A semi-log plot was also tried but was found to be no better in view 
of the inaccuracy of some of the rates obtained with rupture test 
equipment on long-time rupture tests. 

For a rate of 1% in 100,000 hours (taken from a creep test 
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Fig. 12—Log Stress Vs. Log Minimum Creep Rate of 73J Compared to 
Alloy 422-19, Including Values From Rupture and Creep Tests. 
permitted to run from 2000 to 3000) at 1500 °F, 73J, X-40, 422-19 
and 111VT2-2 all show about 10,000 psi +1000 psi. 


CONCLUSIONS 


The modified Vitallium-type J alloy, developed through various 
combinations of alloying elements known to be of benefit to the 
Co-Cr-Mo system, is strengthened at high temperatures by carbon 
addition up to a maximum of about 0.76% C. At 0.76% C, at 30,000 
psi and 1500 °F, it has a rupture life of about 500 hours. This alloy 
appears to be more stable and more reproducible than the more 
simple Co-Cr alloys. 

Increasing carbon does not decrease the hot ductility of the J 
alloys, up to the maximum carbon content. 

At room temperature the lower carbon (0.4%) J alloys show 
about 120,000 psi tensile strength and 10% elongation (in 1% inches) 
in the as-cast condition. 

Aging at 1350°F for at least 5 hours without load yields the 
optimum rupture properties in subsequent tests at 1350 to 1800 °F. 
Longer aging times such as 48 to 200 hours are not indicated to be 
necessary. Aging under stress does not appear to be advantageous. 

The 0.73% carbon J alloy is stronger than previously known cast 
Co-Cr-base alloys, especially up to 1700 °F and is equally strong at 
1800 °F. It is also stronger than any of the forged alloys at 1350 °F 
up to 1000 hours, being very much stronger at the higher tempera- 
tures for all test times. 

Cerium is detrimental to the rupture performance of the J alloy 
or the NT-2 alloy at the higher temperatures of 1700 and 1800 °F 
when added in quantities of 0.1 to 0.7%. 

In creep, the J alloy is about equal in performance to the other 
better known cast Co-Cr-base alloys at 1500 °F. 
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DISCUSSION 


Written Discussion: By W. L. Badger, Metallurgical Section, Thomson 
Laboratory, General Electric Co., West Lynn, Mass. 

Dr. Grant’s fine work on the effect of composition and treating vari- 
ables ‘on precision cast cobalt-chromium-molybdenum alloys adds sub- 
stantially to our background knowledge of these alloys. I am in agree- 
ment with the broad conclusions stated in his paper. I would like, how- 
ever, to make a few comments regarding the body of the paper. 

His conclusions that increased carbon and manganese have beneficial 
effects on rupture strength confirm previous work done by Dr. Friedman 
of Columbia University based on a mathematical study of rupture test 
results. Dr. Grant’s method of correcting rupture results for carbon 
content is, however, questionable based on the limited number of points 
available and the fact that many of his corrected points are near the 
change of shape point on the curve Fig. 1. Perhaps if Dr. Grant had 
corrected the Vitallium rupture tests for carbon variation, the uniformity 
might be as good as the J alloys which were corrected in this way. 

More emphasis could be giver to the decrease in room temperature 
ductility resulting from use of increased carbon, or the substitution of 
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pre-aging treatments to bucket alloys. In fabrication both welded or 
dovetailed buckets require a considerable amount of elongation if cracking 
is to be avoided. It is common practice for gas turbine manufacturers 
to sacrifice some degree of rupture strength for improved room tempera- 
ture elongation. It will be noted in Table V that elongation values for 
the aged alloys are decreased by more than 50%. 

The presently used Vitallium alloy differs from Dr. Grant’s Vitallium 
in that it contains 2 to 3% nickel. This addition improves the properties 
of the alloy and suppresses age hardening to a marked degree. 

Written Discussion: By F. S. Badger, vice-president, Haynes Stellite 
Co., Kokomo, Ind. 

Dr. Grant has made an interesting presentation of his data and has 
raised many pertinent points in this paper outlining his “J” cobalt-base 
alloys with outstanding high temperature stress rupture properties. The 
important effect of carbon, manganese, and the optimum aging treatment 
on the stress rupture strength is well demonstrated, and it might be 
emphasized that all three of these factors do not involve the use of addi- 
tional strategic material; however, from the practical point of view, one 
of the most important factors in the successful assembly of these high- 
temperature materials, involving the attachment of blades to wheels, has 
not been emphasized except in the 0.4% carbon alloy. This, of course, is 
room-temperature ductility. Jet engine designers and builders still have 
a healthy regard for ductility and believe it important from the point of 
view of machining, grinding, and assembly operations, as well as from the 
point of sudden heating and cooling which occurs in the service of their 
product. Perhaps metal producers who are anxious to see improved alloys 
used should not be too critical of this attitude, since the changes of design 
which will permit the use of these higher strength but lower room- 
temperature ductility alloys is likely to lead away from alloy blades to 
the use of ceramics. However, this particular property must still be 
considered important, and should be reported together with the hot 
ductility in Table IV for variations in carbon content. Manganese is not 
the only element which can be added to these alloys to increase the stress 
rupture strength without adversely affecting the room-temperature ductil- 
ity as does carbon or an initial aging treatment. 

The reproducibility of the stress rupture strength of cast cobalt-base 
alloys at high temperatures is admittedly an important point with the 
users and producers of these alloys. The fact that cast bucket failures, 
while infrequent, are as erratic as the stress rupture results, might well 
lead one to think that the two were related were it not for the fact that 
the failure of forged buckets, while also infrequent, is equally erratic. 
However, the wide variation in this important physical property is of great 
interest to all users of these alloys in blade form. 

At the present time, we are conducting stress rupture tests on a series 
of cobalt-base alloys currently being used in gas turbines to determine 
the reproducibility of the stress rupture properties of the alloys and also 
to establish the minimum strengths that may be expected in production. 
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A portion of the preliminary investigation of Vitallium (Haynes Stellite 
No. 21 Alloy), which is still the cast alloy most widely used for jet engine 
buckets, has been completed and the results are shown in Fig. A. In this 
work, molds consisting of four panels of four %4-inch diameter standard 
test bars were cast. This type of mold does not have the uniform freezing 
and cooling conditions after casting that the round type used by Dr. 
Grant has, but it reproduces production conditions somewhat more closely, 
since wax bucket patterns, unless of unusually large size, are normally 
mounted in panels in the molds. Eight molds of Vitallium (Haynes Stellite 
No. 21 Alloy) were cast from a single production heat of metal. The mold 


Results Obtained on 8 Moids of Heat 5/9, 
Tested in As-Cast Condition, Sandblast Finish 


Results Obtained on Mold No.3 
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Fig. A—Stress Rupture Properties of Haynes Stellite No. 21 
Alloy Precision Investment Cast at 1500 °F. 


temperature used was 1650°F (900°C), and the casting temperature was 
2650 °F (1455 °C); and the number of grains present on the %-inch section 
varied from five to eleven. We show stress rupture results on these test 
bars at various stresses to outline the range of stress rupture results 
which may be expected from this alloy under these conditions. Also, 
shown is a similar plot for one mold only, and these points delineate a 
range almost as wide as the eight molds combined. Further work along 
this line is now in process, using eight different production heats, covering 
the analysis range specified for this alloy. 

The figures presented by Dr. Grant on the reproducibility of test 
results on nine experimental heats are interesting, but we would like to 
know what the effect would have been, had no correction been made for 
carbon variation, and also the amount of manganese if variation present 
was known and if this should not also be allowed for to present the most 
ideal condition for reproducibility of results. Also, whether the same lots 
of raw material were used in the charges for the nine heats is of impor- 
tance for the record in reporting tests for reproducibility on a series of 
heats of this nature. 

We note that aging results shown in Fig. 6 show the spread of rupture 
times after aging an unspecified time at 1350 °F (730°C). This spread is 
only one-eighth of that reported in Table VIII for the same alloy aged 
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at 13850°F (730°C) for 48 hours. Perhaps the author will comment on 
this apparent discrepancy. 

The effect of aging and aging-under-stress is extremely interesting, 
and it is to be hoped that further work will be carried out along that 
line by the author. 

Written Discussion: By J. W. Freeman, research engineer, and E. E. 
Reynolds, research associate, Department of Engineering Research, Uni- 
versity of Michigan, Ann Arbor, Mich. 

Studies of the effects of alloying elements on the high-temperature 
properties of metals are difficult because of the marked influence of the 
processing variables. It is gratifying to see in this paper how Dr. Grant 
was able to develop an outstandingly good alloy composition by control 
of the processing variables. This is a real achievement and should empha- 
size the necessity of careful re-evaluation of most of the alloy compo- 
sitions which have been studied in gas turbine alloy development because 
it is certain that control of manufacturing conditions has not been ade- 
quate to give a true evaluation of composition. 

In fact, Dr. Grant’s data on 73J alloy serves to emphasize how easily 
the merits of this alloy could have been underestimated. Wide differences 
in strength and ductility result from different cooling rates in the mold 
and from different heat treatments. These were observed in alloys for 
which, presumably, the maximum potential properties were imparted by 
careful control of the casting- conditions so as to give the optimum struc- 
tures. While data are not available regarding effect of grain size variations 
on J alloys, it\is imferred that differences would have resulted from lack 
of control of this variable which would have masked the composition 
changes. 

There are several points of practical and theoretical significance in 
this paper: 

1. Dr. Grant states that grain size is a primary cause of variable 
properties at high temperatures. Then in the development of. the J alloys 
are listed elements which improved reproducibility of properties. Do those 
elements which promote reproducibility of properties produce this effect 
by making it easier to control grain size? Or is their effect primarily 
to make the alloy less sensitive to variations introduced by aging re- 
actions ? 

2. There seem to be two major variables which affect properties in 
addition to composition. One is casting conditions (as indicated by grain 
size) and the other is heat treatment (as is indicated by the data on aging 
treatments and cooling rates). Is it possible that variability of properties 
due to casting conditions, such as in the varying section of a turbine blade, 
could be largely eliminated by heat treatment alone? 

3. The comparison between J alloys and other alloys varies, depend- 
ing on the strain rate considered. Creep strengths based on the secondary 
creep rate do not have the superiority shown by rupture strengths. Quite 
probably the comparisons would also vary if they were based on different 
total deformations in different time periods, which may be more accurate 
criterions of service performance than rupture or creep strength. 
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It would be interesting to know whether Dr. Grant feels that he has 
enough information to speculate on two points: 

a. Did the difference in size of the cast rupture and creep bars intro- 
duce a structural variation (or cooling rate variation) which may 
have contributed to the less favorable comparison in creep strength 
than in rupture strength of J alloys with other alloys? 

b. Is there any reason to believe that there would be a different 
optimum chemical composition and/or heat treatment for creep 
strength than for rupture strength? In other words, if he had 
started out with the 0.00001% per hour creep strength as a crite- 
rion rather than rupture strength, would he have been able to 
show differences in properties similar to those in rupture strength 
and possibly arrived at a different optimum composition and heat 
treatment? 

4. The work on unstressed and stressed aging is significant. It is 
felt that the results were interesting (and somewhat disquieting in view 
of present practice of using unaged blades in gas turbines), but that a 
good deal more work should be done so as to clearly establish the effect 
of this variable. Two points seem important. Would it be possible to 
eliminate or reduce damage to strength at high temperatures from 
improper aging in service due to hot starts or even normal operation by 
a stress-aging treatment prior to service? Perhaps other temperatures 
than 1350°F (730°C) would show beneficial effects from aging under 
stress. 

5. Dr. Grant notes one important point. Improvements in high- 
temperature strength of alloys are all too frequently accompanied by 
decreased ductility at room temperature. The ductility of the cast 42] 
alloy at room temperature seems adequate for most fabrication processes. 
The higher rupture strength 0.70% carbon J ailoy has undesirably low 
room-temperature ductility. The author infers that both would suffer 
reduced ductility from the 1350 °F (730°C) optimum aging treatment for 
high-temperature strength. 

It would seem therefore that turbine designers and fabricators should 
take steps to develop designs and fabrication methods which will permit 
the successful use of materials which have outstanding strength and 
ductility at high temperatures but are brittle at room temperature. With- 
out this parallel development, it seems certain that trouble will be en- 
countered when attempts are made to use the J alloy and many other 
outstandingly strong alloys in turbines or to take advantage of the obvious 
improvement in strength from aging treatments. 


Author's Reply 


I am extremely grateful for the comments made by Messrs. F. S. 
Badger and W. L. Badger since both men have been so closely associated 
for a long time with the cobalt-chromium base alloys. 

Regarding W. L. Badger’s comments on the rupture life corrections 
on the basis of the carbon content, I should like to point out this cor- 
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rection was used for the Vitallium alloy in a paper presented last year 
at the ASM. The carbon correction, however, failed to line up the Vital- 
lium results to nearly the same degree as for the J alloy, or for the higher 
carbon straight Vitallium or the tantalum modified Vitallium. This carbon 
correction while not necessarily exact has been positively shown for at 
least eight different alloys, both forged and cast. 

I have hesitated to say much regarding room-temperature ductility 
for several reasons. Some jet engine builders have indicated a willingness 
to use low cold ductility alloys. Secondly, if the ceramists with essen- 
tially 0% ductility materials, further complicated by severe lack of shock 
resistance, feel that there is room for their products as blade materials, 
then I am sure metallurgists can use lower room-temperature ductility 
alloys by small changes in design features. I can, however, readily appre- 
ciate a desire for strong yet ductile high-temperature alloys. 

Regarding F. S. Badger’s comments, some of the above discussion is 
in answer to his remarks also. The desire for more accurate determina- 
tions of manganese content is readily appreciated. Chemical checks early 
in our program showed at least 90% recovery of the element in a large 
number of trial runs; this assured us of good reproducible recovery. 
Furthermore, a correction for 0.1% manganese would be a small value 
compared to a correction for 0.1% carbon. 

The distribution of stress rupture points for Vitallium heats is very 
interesting and work of this-nature, which can be most readily done in 
industrial circles, will go a long way toward taking out the “if” in the 
application of cast materials. These curves further substantiate the known 
difficulty of casting reproducible Vitallium alloys. 

The apparent discrepancy in Fig. 6 on aging is due to the fact that 
this curve was first obtained from several of the initially cast heats of 73J. 
After the curve was established, subsequent tests showed a wider range 
of values; however, these values were not added to the then established 
curve shown in Fig, 6. Actually, the addition of these values would not 
change the statement that “1350°F is the optimum aging temperature”. 

The same lots of raw materials were used to make all the heats dis- 
cussed above; however, the charge was as raw alloy rather than pre- 
melted alloy. From a strictly scientific viewpoint this is the wrong way 
to run the experiment but from a technological point of view it adds 
to our trust in the reproducibility of the alloy. 

I wish to thank Dr. Freeman and Mr. Reynolds for their complete 
and interesting discussion. They have raised many valuable points which 
are pertinent. I especially hope that jet engine and gas turbine designers 
and builders will read item 5 of the subject discussion carefully. 

In answer to item 1, while this is only a guess we feel that most 
of the effect is due to resultant structure wherein the alloy is less sensi- 
tive to variations in the aging process. We believe that the resultant 
disposition of the aging precipitate is more ideal. 

In answer to item 2 we can only say that it would be highly desirable 
to cast wedge-shaped tests from which several test bars might be obtained. 
A variety of heat treatments would then give us an answer regarding the 
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applicability of heat treatments on tapered sections as a means of elim- 
inating variable properties. 

Regarding item 3, no, we do not believe the difference in length of 
the test bars accounts for the poorer creep results; but we do think that 
alloys which are aged in a certain way to yield maximum short-time rup- 
ture properties are not necessarily in the optimum condition for best long- 
time creep performance. This is particularly evident in aluminum alloys 
where the aging process can be made to occur in a relatively short period 
of time. There, definitely aging treatments for optimum rupture life 
are not the optimum treatments for maximum long-time creep perform- 
ance. Unfortunately, the amount of work on the effect of processing 
variables on creep resistance is essentially nil, and will probably stay 
that way since creep tests on the order of 5000 to 10,000 hours duration 
would be required to evaluate the effects. 

Regarding item 4, we believe that pre-aging of blades would certainly 
tend to decrease the spread of results from service life tests. Since both 
strain and temperature are prime effects in aging, there is little doubt 
that lower temperatures may be desirable for aging under the simulta- 
neous application of stress. Pre-aging, however, is almost absolutely 
essential because one hot start at 1700 °F (925°C), for example, might 
overage or set up the process for overaging the blades and essentially 
ruin them. A hot start on a 1350°F (730°C) pre-aged blade, however, 
would be immeasurably less damaging. 





THE EFFECT OF SILICON ON THE PROPERTIES OF 
CAST CARBON AND CARBON-MOLYBDENUM STEELS 


By N. A. Zrecter, W. L. MEInHART AND J. R. GOLDSMITH 


Abstract 


The effect of silicon on thermal characteristics, mi- 
crostructures, physical properties and weldability of plain 
carbon and carbon-molybdenum cast steels of three differ- 
ent carbon contents (0.1 max., 0.15 and 0.30% carbon) 
has been investigated. Results obtained by increasing the 
silicon content in these steels from 0.3 to 2% are pre- 
sented. 

Transformations on cooling tend to be raised by 1n- 
creasing the silicon content from about 0.6 to 2%. An 
exception occurred in some of the high silicon, molybde- 
num-bearing steels in which the microscope revealed a 
small amount of a suppressed transformation constituent. 
The general trend, however, is for thermal sluggishness 
to decrease with increasing silicon. This decrease is prob- 
ably due to the fact that silicon increases the amount of 
residual delta ferrite at elevated temperatures. 

Increasing the silicon content of carbon and carbon- 
molybdenum steel from 0.3 to 2% produces (a) moder- 
ate increase of tensile strength, yield point and hardness, 
(b) moderate decrease of elongation and reduction of 
area, and (c) a considerable reduction of impact resist- 
ance, which becomes more pronounced as the silicon con- 
tent increases above 1%. 

Metal arc welding of steels with the silicon content 
as high as 2% did not present any difficulties. Maximum 


hardnesses were quite low across the affected zones of the 
“as-welded” steels. 


INTRODUCTION 


HIS paper describes another step in the authors’ work, the pur- 
pose of which was to isolate one variable at a time and to deter- 





A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, N. A. Ziegler 
is research metallurgist, W. L. Meinhart is assistant research metallurgist, and 
J. R. Goldsmith is metallurgical engineer in charge of research foundry, Crane 
Co., Chicago. Manuscript received May 29, 1947. 
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mine its effect on thermal characteristics, physical properties, weld- 
ability, hardenability, etc., of cast carbon and low alloy steels. Previ- 
ous publications dealt with the effect of copper (1),? chromium- 
molybdenum (2), nickel (3), and manganese (4) on these steels. 
The present paper covers the results of similar studies showing the 
effect of silicon. The large amount of work done and knowledge 
accumulated on silicon steels is revealed by the considerable literature 
on the subject listed in the references. | 

As is well known, silicon in steelmaking is primarily used for 
deoxidation purposes and slag control. Thanks to the extensive 
research on the physical chemistry of steelmaking, conducted in this 
country and abroad, the fundamental principles of the reactions tak- 
ing place in steelmaking furnaces are at present quite well under- 
stood. 

Usual silicon content of steels, not classified as “silicon steels” 
is about 0.2 to 0.7%. It is well known that increasing percentages of 
silicon contents tend to close the “gamma loop,” eventually making 
such alloys ferritic at all temperatures, so that the refining of their 
structures cannot be accomplished by heat treatment alone, but only 
by mechanical working. About 2% silicon completely eliminates 
the gamma state in “pure” iron, but with increasing carbon, nitrogen 
and other “austenite promoters,” larger amounts are required to close 
the “gamma loop.” 

Some grades of structural and spring steels contain on the order 
of 2% silicon. In combination with small amounts of chromium 
and/or manganese, which improve strength, the increase in silicon is 
supposed to maintain high ductility. In magnetic transformer low- 
carbon-iron-sheet, 4% silicon is commonly used and some grades con- 
tain as much as 6%. Here its function is to improve the magnetic 
permeability and to reduce the hysteresis loss. 

The silicon content of carbon and low-alloyed cast steels usually 
ranges between 0.2 and 0.7%, as previously mentioned. It was be- 
lieved that some additional research on the effect of this element was 
in order to determine: (a) the approximate maximum amount of 
silicon that does not have a definite influence as an “alloying ele- 
ment,” and (b) the effect of increasing silicon content on the various 
properties of cast steels containing 0.1 to 0.3% carbon and of those 
containing the same carbon plus 0.5% molybdenum. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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EXPERIMENTAL PROCEDURE 


The selected line of approach was similar to that described in 
our previous publications (1), (2), (3), (4). 

A series of experimental melts was made in a 200-pound, high 
frequency induction furnace, using low carbon steel scrap as raw 
material and conventional melting and deoxidizing technique. Each 
heat was killed by the addition of about 2 pounds of aluminum per 
ton, tapped into a 250-pound capacity ladle, and cast into keel oeapan 
blocks, using green sand molds. 

This series of steels (Table 1) is divided into two groups: (a) 
“plain carbon,” and (b) “carbon-0.5% molybdenum.” Each group 
is subdivided into three subgroups: (a) steels containing under 
0.1% carbon, (b) steels containing about 0.15% carbon, and (c) 
steels containing about 0.30% carbon. Each subgroup consists of 
four or more steels with silicon ranging from about 0.35 to 2%.? 

Each coupon was sectioned into test bar blanks and heat treated 
by normalizing from 1750°F (955°C), and drawing at 1250 °F 
(675 °C). 

Blanks thus treated were subjected to tensile,? Vickers hardness 
and Charpy impact* testing. The latter was performed at: (a) room 
temperature, and (b) at —25°F (—32°C). Most of these compo- 
sitions were also subjected to thermal analysis, using a dilatometer. 
Test data thus accumulated are presented in Table I, together with 
the chemical analysis of each heat. Figures representing physical 
data are averaged from two tests.° 

The contents of sulphur and phosphorus in Table I are reason- 
ably uniform as is molybdenum in the carbon-molybdenum group. 
Manganese in some cases is either slightly above or below the speci- 
fication limits of the “nominal compositions.” There also is some 
nonuniformity in the carbon content. Nevertheless, in spite of these 
incidental exceptions, it was felt that the compositional uniformity 
was sufficient to warrant systematic studies of the effect of silicon, 
which, as has been pointed out, ranged between about 0.35 and 2% 
within each subgroup. 


2Some of these compositions, marked with a circle in Table I, were cast in coupon 
blocks and “‘welding plates.” The latter were used for performing welding experiments. 


Standard 0.505-inch diameter, 2-inch gage test bar. 
‘Standard Charpy test bar with a keyhole notch. 


®Variations in test results represented by each average figure (Table I) come within 
normal limits of experimental error. 
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1948 CAST CARBON AND ALLOY STEELS 623 


THERMAL ANALYSIS AND MICROEXAMINATION 


Four steels with increasing silicon content within each subgroup 
(Table I) were subjected to thermal analysis using a self-recording 
differential dilatometer. In each case a specimen (50 mm long and 
4 mm in diameter) was heated in vacuum to 1000°C (1830°F) in 
2 hours, and then cooled to room temperature (a) in 5 hours (an 
average rate of 3.2 °C/min. or 5.8°F/min.), and (b) “in air” (an 
average rate of 50°C/min. or 90°F /min.). The results thus ob- 
tained on the two groups of “plain carbon” and “carbon-molybde- 
num” (Table I) steels are presented in Figs. 1, 2, 3, and 4. The 
chemical analysis and the final Vickers hardness are given adjacent 
to each curve. Figs. 1 and 2 are compilations of the dilatometer 
curves obtained with “plain carbon,” and Figs. 3 and 4 those ob- 
tained with “carbon-molybdenum”’ steels. Moreover, Figs. 1 and 3 
illustrate the slow cooling rate (3.2°C/min. or 5.8°F/min.), and 
Figs. 2 and 4, the more rapid cooling rate (50°C/min. or 90 °F/ 
min. ). 

In each figure, the curves are arranged into three subgroups: 
Those representing (a) steels containing under 0.10% carbon, (b) 
steels containing about 0.15% carbon, and (c) steels containing about 
0.30% carbon. Within each subgroup they represent 4 steels with 
silicon ranging from about 0.35 to 2%. 

Each dilatometer specimen was subjected to microexamination 
after the completion of the thermal cycle. Small samples cut from 
some selected ones were reheated to 1000°C (1830°F), quenched 
in water and again microexamined. 

Generally speaking, increasing silicon tends to raise and ulti- 
mately eliminate the critical transformation on heating as well as on 
cooling. In this respect it acts in the same direction as molybdenum 
and chromium (2) and opposite to that of copper (1), nickel (3), 
and manganese (4), all of which have been investigated and previ- 
ously described by the authors. On the other hand, it was pointed 
out that these elements tend to increase thermal sluggishness and air 
hardenability. In this respect, the effect of silicon is quite different. 
As can be seen from Figs. 1, 2, 3, and 4, there are no indications that 
within each subgroup silicon would promote formation of delayed 
transformations. Quite to the contrary, it is apparent that increas- 
ing silicon tends to eliminate suppressed transformations developed 
due to relatively high carbon and/or molybdenum. (See subgroup 
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Fig. 1—Effect of Silicon on Thermal Curves of Carbon Steels, Containing Various 
Amounts of Carbon. (Slow cooling rate.) 


containing “high” carbon in Fig. 4.) An exception to this trend 
occurs in carbon-molybdenum steels containing 1.5 to 2% silicon. In 
them a sharp suppression of the transformation in small segregated 
portions of the structure is indicated by microexamination (Figs. 
11, 13 and 15). However, the matrix of the same samples becomes 
progressively less thermally sluggish with silicon increasing to about 
2%. Slight increase in hardness within each subgroup (Figs. 1, 2, 
3, and 4) is mainly due to a hardening effect of silicon upon ferrite, 
rather than to formation of martensite-like products of a suppressed 
transformation. 
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Fig. 2—Effect of Silicon on Thermal Curves of Carbon Steels, Containing Various 
Amounts of Carbon. (Rapid cooling rate.) 
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“Plain Carbon” Group—tin the low carbon subgroup, a 1.34% 
silicon content (Serial No. 3, Figs. 1 and 2) converts the normal 
cast structure of ferrite with small amounts of pearlite into the type 
shown in Fig. 5. In it, pearlite, at least in part, orients itself into 
“stringers” along the borders of elongated grains of what apparently 
is residual (untransformed) delta ferrite. Judging by the appear- 
ance of the pearlitic “stringers,” a trace of residual delta ferrite may 
be present even in Serial No. 2 (structure not shown) containing 
0.91% silicon and 0.08% carbon. An increase of silicon to 1.87% 
(Serial No. 4) promotes the formation of the residual delta ferrite 
and pearlitic “stringers” still further, as can be judged by its struc- 
ture in Fig. 6, and also from the shape of its dilatometer curves in 
Figs. 1 and 2. 

Fig. 7 reveals the structure of the same steel, as shown in Fig. 
6, after it was water-quenched from 1000°C (1830°F). In this 
structure, those regions which were austenitic, because of drastic 
cooling, have been converted into a martensite-like constituent, im- 
bedded in the residual delta ferrite. Hence, the appearance of Fig. 7 
gives one an idea of the relative proportions of austenite and delta 
ferrite in this steel at 1000°C (1830°F). A microhardness survey 
(Fig. 7) indicates that the hardness of the martensite-like constit- 
uent is about 355 VPN, while that of delta ferrite is only about 
215 VPN, which might be lower if the indentations were made 
further away from the hard constituent. 

In the intermediate carbon subgroup (Figs. 1 and 2) the effect 
of silicon is less pronounced due to higher carbon. Pearlitic “string- 
ers” indicating the presence of the residual delta ferrite at 1000°C 
(1830 °F) make their appearance only when silicon content increases 
to about 1.59% (Serial 8, Fig. 8). Structure of the same steel, 
water-quenched from 1000°C (1830°F), shown in Fig. 9, indi- 
cates that the amount of the residual delta ferrite is quite small at 
that temperature. The principal constituent of Fig. 9 is pseudo- 
martensite or bainite, the microhardness of which is as high as 442 
VPN. 

Finally, in the high carbon subgroup (Figs. 1 and 2), the effect 
of silicon is still less pronounced. A structure similar to one shown 
in Fig. 9, i.e., one in which small amounts of delta ferrite make their 
appearance, can be observed after water quenching from 1000 °C 
(1830°F) only when silicon content increases to about 2%, as in 
Serial No. 15 (Figs. 1 and 2) (structure not shown). 
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_ Fig. 3—Effect of Silicon on Thermal Curves of Carbon-Molybdenum Steels Con- 
taining Various Amounts of Carbon. (Slow cooling rate.) 


“Carbon-M olybdenum” Group—Molybdenum like silicon is also 
a powerful ferrite stabilizer. Hence, the elimination of the gamma 
state with increasing silicon (within each subgroup of these steels) 
progresses more rapidly than in plain carbon steels. This can be 
observed by comparing Fig. 3 with Fig. 1 and Fig. 4 with Fig. 2. 
On the other hand, molybdenum promotes a certain degree of air- 
hardenability, as is indicated by split transformations observed in the 
cooling branches of the dilatometer curves in Fig. 4, and particularly 
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in the “high” carbon subgroup. All hardness values indicated in 
Fig. 4 are somewhat higher than the corresponding ones in Fig. 2.° 


Serial No. 31 (Fig. 4) which is a 
Serial No. 16 (Fig. 2). Th 
0.38% 


the “‘plain carbon” Serial No. 16 contains 0. 
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Fig. 5—Serial No., 3. 0.08% carbon, 1.34% silicon. Etched in nital. 5-hour cool 
from 1000 °C. xX 150. 


_ Figs. 6 and 7—Serial No. 4. 0.08% carbon, 1.87% silicon. Etched in nital. X 500. 
Fig. 6—Air-cooled from 1000 °C. Fig. 7—Water-quenched from 1000 °C. 


Even in the low carbon subgroup (Fig. 4) Serial No. 17, con- 
taining 0.08% carbon, 0.53% molybdenum and only 0.38% silicon, 
on more rapid cooling develops a slight suppressed transformation, 
which is manifested by the appearance in its structure of a small 
amount of a constituent with Widmanstatten pattern, as can be seen 
in Fig. 10. The residual delta ferrite in this subgroup appears in 
small amounts in the Serial No. 18, containing 0.59% silicon. When 
silicon content increases to: 1.99% (Serial No. 20, Fig. 4), the 
amount of the residual delta ferrite increases to rather high propor- 
tions, as is shown in Fig. 11. It is interesting to note that the carbon- 
bearing constituent in this structure displays martensite-like needles, 
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Figs. 8 and 9—Serial No. 8. 0.16% carbon, 1.59% silicon. Etched in nital. Fig. 8 
—Air-cooled from 1000 °C. x 150. Fig. 9—Water-quenched from 1000°C. X 500. 


Fig. 10+-Serial No. 17. 0.08% carbon, 0.38% silicon, 0.53% molybdenum. Etched 
in nital. | Air-cooled from 1000 °C. X 150. 











indicating a suppressed transformation hardly noticeable on the cool- 
ing branch of the corresponding thermal curve (Serial No. 20, Fig. 
4). Upon water quenching the same steel from 1000 °C (1830°F), 
the resultant structure (Fig. 12) is composed of the residual delta 
ferrite and bainite. The microhardness of the former is about 
180 VPN, while that of the latter is 288 VPN. 

; In the intermediate carbon subgroup delta ferrite is present in 

small amounts in Serial No. 23 containing 0.80% silicon (Figs. 3 

and 4) and reaches a high proportion in Serial No. 26, containing 

2.13% silicon, as can be seen in Fig. 13. Again, the carbon-bearing 

constituent in this structure displays martensite-like needles, indi- 
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Figs. 11 and 12—Serial No. 20. 0. 
Fig. 11—Air-cooled from 1000°C. xX 
x 500. 


05% carbon, 1.99% silicon, 0.49% molybdenum. 
7 ig. 12—-Water-quenched from 1000 °C. 


cating a suppressed transformation. Fig. 14, which is the structure 
of the same steel upon water quenching from 1000°C (1830°F), 
gives relative proportions of delta ferrite and austenite at that tem- 
perature. Microhardness of the former is about 215 VPN. The 
latter, which upon quenching was converted into bainite, has a micro- 
hardness of over 400 VPN. 

In the high carbon subgroup (Figs. 3 and 4) the residual delta 
ferrite is not found until the silicon content increases to 1.92% 
(Serial No. 31). The structure of this steel, cooled from 1000 °C 
(1830 °F) at a more rapid rate (Fig. 4), is shown in Fig, 15. The 
carbon-bearing constituent again displays martensite-like needles. 
The structure of the same steel water-quenched from 1000°C 
(1830 °F) is shown in Fig. 16, in which the relative proportions of 
austenite (converted to bainite) and delta ferrite can be observed. 


PHYSICAL PROPERTIES 


Figs. 17 and 18 are graphic representations of the test data 
given in Table I for “plain carbon” and “carbon-molybdenum” steels, 
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Figs. 13 and 14—Serial No. 26. 0.16% carbon, 2.13% silicon, 0.50% molybdenum. 


Etched in nital. Fig. 13—Air-cooled from 1000°C. X 750. Fig. 14-~-Water-quenched 
from 1000°C. xX 500. 


Figs. 15 and 16—Serial No. 31. 0.26% carbon, 1.92% silicon, 0.49% molybdenum. 
Etched in nital. Fig. 15—Air-cooled from 1000°C. x 500. Fig. 16—Water-quenched 
from 1000 °C. x 500. 
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respectively. Each figure consists of three separate graphs (A, B, 
and C) for three different carbon contents. In all cases there was 
some scattering of points due to the inevitable experimental error so 
that the curves represent average values, somewhat on the conserva- 
tive side. In each figure engineering specification requirements for 
carbon and carbon-molybdenum steels are drawn as dotted lines. 

From studying these graphs it may be concluded that silicon in 
all cases increases the tensile strength and the yield point, but that 
this increase is more pronounced in the “medium” and “high” carbon 
subgroups (Figs. 17B and C, and 18B and C), rather than in the 
“low” carbon subgroups (Figs. 17A and 18A). Elongation and 
reduction of area, on the other hand, are reduced by increasing sili- 
con to a greater degree in the “low” rather than in “medium” and 
“high” carbon subgroups. As a matter of fact, in the “plain carbon” 
group, “medium” and “high” subgroups (Figs. 17B and C), elonga- 
tion and reduction of area are practically constant over the entire 
range of the silicon contents. Proportional limit appears to be af- 
fected in the same way as the yield point, but to a lesser degree. 
Hardness, as previously pointed out, is increased by silicon in all 
cases. 

The most striking effect of silicon, however, is that of reducing 
the impact resistance, both at room temperature and at —25°F 
(—32°C). Moreover, this decrease in steels of “medium” and 
“high” carbon content (Figs. 17B and C, and 18B and C) is rather 
gradual up to 1% silicon. In some cases there is even an initial im- 
provement. But with silicon increasing over 1%, the drop of the 
impact resistance is quite rapid. It is interesting to note that while 
steels with silicon as high as 2% still have good ductility, as ex- 
pressed by the elongation and reduction of area, their impact resist- 
ance, and particularly that at —25°F (—32 °C), is quite low. Ap- 
parently this embrittling effect is associated with the increase of 
delta ferrite in the structure. 


WELDING EXPERIMENTS 


As indicated in Table I, eight steels were selected for the weld- 
ing experiments. These eight compositions were cast into coupon 
blocks and %-inch thick pairs of welding plates. The description 
of these welding plates is given in one of our previous publications 
(4). All of these castings were heat treated by normalizing from 
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18a—Effect of Silicon on Physical Properties of Carbon-Molybdenum Steels. 
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1750 °F (955 °C) and drawing at 1250 °F (675 °C). Coupon blocks 
were used for physical testing and welding plates for welding ex- 
periments. 

The plates were prepared for welding by machining one edge 
of each to form a standard A.S.A. “U” bevel. Each pair of plates 
of the same composition was then welded together by metal arc, 
using carbon and carbon-molybdenum steel electrodes of the follow- 
ing approximate composition for the corresponding series of plates: 


Electrode Si Mn S P C Mo 


Carbon steel 0.05-0.25 0.30-0.60 0.03 0.03 0.09 ....... 
Carbon-Molybdenum steel 0.10-0.50 0.30-0.60 0.03 0.03 0.10 0.45-0.65 


No preheating was employed in welding the plates from the “plain 
carbon” group, while those from the “carbon-molybdenum” group 
were preheated to 400 to 500°F (200 to 260°C) with an oxy- 
acetylene flame. 

Sound welds were made in 7 to 8 passes on assemblies 7 inch 
thick with 7 inches running length of welding. Standard tensile’ 
and Charpy impact* bars were machined from the welds which had 
not been given any stress relieving treatment. In the former, the 
weld and the affected zone were left between the gage marks. In 
the latter, the keyhole notch was cut through the weld metal to the 
fusion line in an attempt to force the break in the heat-affected zone 
adjacent to the weld, as explained previously (4). 

All of these test bars were subjected to physical testing and the 
resultant test data recorded in Table I.. 

From all welds, strips (34 by % by 10 inches) were cut and 
used for side bend tests. Each weld was also subjected to “hardness 
distribution” studies, across the weld and the affected zone. 

Tensile and Impact Testing—The test data on the tensile and 
impact testing of the welds, given in Table I, are averages of dupli- 
cate tests. It should be pointed out that these data represent prop- 
erties of the welded assemblies and not of the metal. 

In most cases, the tensile strengths of the welds are lower than 
those of the corresponding parent metals, and in some (within ex- 
perimental error) are equal. For this reason all tensile bars, 
with the exception of one (Serial No. 22, Table I) broke through 
the welds. 


72-inch gage, 0.505-inch diameter. 
SKeyhole notch. 
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It should be remembered that in impact testing the welded as- 
semblies, the parent metal was tested in the most disadvantageous 
condition, i.e., through the zone adjacent to the weld deposit, which 
is most likely to be embrittled. Keeping this in mind, the impact 
resistance of the welds is (relatively speaking) quite high, due to 
their low hardenability as shown by the dilatometer tests. At least 
in one case (Serial No. 16, Table 1) the impact resistance of the 
weld assembly is definitely higher than of the heat treated parent 
metal. 

Bend Tests—Bend tests were made on all assemblies, both in 
the 1225°F (663°C) stress relieved and “as-welded’’ conditions 
(Table I). Longitudinal sections for side bend tests were prepared 
in accordance with the American Standards Association Pressure 
Piping Code requirements and bent at the weld zone around a 1-inch 
mandrel. All of the stress relieved strips containing about 0.70% 
silicon were bent to 180 degrees without cracking. Three out of 
four of the strips containing 1.78 to 2.15% silicon cracked at less 
than 180 degrees. One strip, containing 2.15% silicon, 0.24% car- 
bon and 0.57% molybdenum passed this test. All of the “as- 
welded” strips with about 0.70% silicon passed, whereas those with 


about 2% silicon failed to pass this test. 


Hardness Distribution Studies—A representative cross section 
from a weld of each composition was subjected to hardness distribu- 
tion studies across the weld and the affected zone (using a Vickers 
pyramid hardness tester with a 30-kilogram load), (a) in “as- 
welded” condition and (b) stress relieved at 1225°F (663°C). 

Both sets of these test data are graphically represented in Fig. 
19, for “plain carbon” and in Fig. 20 for “carbon-molybdenum” 
steels. 

In comparing these two figures it may be noted that “carbon- 
molybdenum” welds (particularly in the affected zones) are slightly 
harder than the corresponding “plain carbon.” This difference, how- 
ever, is very slight. Likewise, within each graph the hardness dis- 
tribution curve of the high silicon steel is slightly above that of the 
corresponding low silicon steel. This substantiates a former state- 
ment that silicon tends to harden to a small degree the ferritic con- 
stituent of a given steel.® Stress relieving at 1225°F (663°C) 
reduces slightly the hardnesses of the affected zones of all of the 





*The “high” carbon, molybdenum-bearing steels (Fig. 20) seem to be an exception. 
In this case, and particularly before stress relieving, hardness distributions. of the two 
steels with two different silicon contents, within experimental error, are identical. 
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welds (Figs. 19 and 20), but this reduction is very small, indeed, 
because the initial hardnesses in the “as-welded” condition are al- 
ready quite low. The highest hardness figure which can be observed 
in Figs. 19 and 20 is only about 270 VPN, in the affected zone of the 
molybdenum-bearing steel, containing about 0.30% carbon and 2% 
silicon (Fig. 20). 


SUMMARY 


The effect of silicon on structural and thermal characteristics 
as well as on the physical properties of “plain carbon” and “carbon- 
0.5% molybdenum” cast steels of three different carbon contents has 
been investigated. 

The authors’ previous work shows that the presence of copper, 
chromium, molybdenum, nickel or manganese increases the thermal 
sluggishness and hardenability of cast steels. Silicon, on the other 
hand, does not have this effect. Quite to the contrary, an increase 
in the silicon content from about 0.3 to 2%, within a group of 
steels with constant carbon and/or molybdenum, tends to raise trans- 
formations on cooling to higher temperatures. 

An exception to that was detected metallographically in the high 
silicon, molybdenum-bearing steels, particularly those containing low 
carbon. Small amounts of a rather interesting structural constituent, 
resulting from a suppressed transformation, were observed. This 
constituent, which was found in some of the samples air-cooled from 
1000 °C (1830°F), displays typical martensitic needles, although 
its microhardness was not found to be very high. 

On the other hand, the matrix within the same samples, with 
increasing silicon, became less thermally sluggish. This decreased 
thermal sluggishness at least in part is due to the fact that silicon, 
being a ferrite stabilizer, increases the amount of the residual delta 
ferrite at elevated temperatures. 

Dilatometric and metallographic studies thus reveal that silicon 
in the amounts of 0.6 to 0.8% begins to have a definite influence on 
the thermal and structural characteristics of cast carbon and carbon- 
molybdenum steels, and in those amounts (and higher) should there- 
fore be considered as an “alloying element.” 

Effects of increasing silicon from 0.3 to 2% on the physical 
properties of carbon and carbon-molybdenum steels are: (a) mod- 
erate increase of tensile strength, yield point and hardness, (b) a 
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very moderate decrease of elongation and reduction of area, and 
(c) a considerable reduction of impact resistance. The latter is only 
slight as silicon increases up to about 1%, but beyond that be- 
comes rather drastic. 

Metal are welding of steels with the silicon content as high as 
2% did not present any particular difficulties. Sound welds were 
obtained in all cases without any special precautions. Hardness dis- 
tribution studies across the welds and the affected zones show that 
maximum hardnesses obtained are quite low, which should be ex- 
pected from the low hardenability of these steels, as indicated by the 
dilatometric studies. 

The results of this investigation are being presented as a matter 
of a general engineering interest without any attempt to recommend 
any definite composition for a specific service. 

When this work was started, the phenomenon of graphitization 
of steels of this type in elevated temperature service was not yet 
fully appreciated. Now, however, all steels described in this paper, 
plus a considerable number of their modifications are being studied 
from this viewpoint and the resultant data will be available in due 
time. 
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DISCUSSION 


Written Discussion: By P. K. Koh, Standard Oil Co. (Indiana), 
Chicago. 

Low alloy cast valves containing chromium, molybdenum and silicon 
have been frequently used in pipe lines of various processing units in oil 
refineries. The authors are to be congratulated for the fine contribution 
to the metallurgical knowledge of cast alloy steels. 

The physical properties and experimental welding results on silicon 
cast steels as presented in this paper and also on chromium and molyb- 
denum cast steels as published in the previous papers are indeed revealing 
and interesting and would be very useful in the selection of proper valves 
for certain definite uses, but failures in low alloy cast valves in oil 
refineries have been observed as due to oxidation along the boundaries 
of grains which have grown in size after long periods at the elevated 
temperatures. For valves which are subjected to cyclic temperature 
variations, temper brittleness seems to be important. The writer would 
also think that some stress rupture or creep data on low chromium, 
molybdenum and silicon alloy steels of standard commercial compositions 
will be helpful in engineering design. 


Written Discussion: By C. K. Donoho, American Cast Iron Pipe Co., 
Birmingham, Ala. 

This paper reports:a wealth of valuable information as to the specific : 
effects of silicon in cast steel. The dilatometric data and the weldability 
tests dre especially valuable fundamental information. One of the most 
important effects of silicon, its deoxidizing power, is more or less com- 
pletely masked by the practice of adding 2 pounds per ton of aluminum 
to the steel before casting. With controlled melting practice and casting 
temperature, silicon-killed steels without aluminum can be cast in green 
sand without porosity. These aluminum-free steels show excellent duc- 
tility properties. The writer has made some study of this phase of the 
subject of silicon alloyed cast steel which will be reported to the AIME 
Electric Furnace Conference, December 4 to 6, 1947. 


Authors’ Reply 


The comments made on this paper are appreciated by the authors. 

With regard to Dr. Koh’s remarks concerning intergranular oxidation 
at elevated temperatures, it is known that silicon additions do increase 
resistance to this type of deterioration in certain steels. Nevertheless, 
it is doubtful if the amounts used in this investigation would have any 
noticeable effect in improving these steels for corrosive oil refinery service. 
Intergranular oxidation has been observed in cast carbon-molybdenum 
steels returned from the above service; however, the silicon steels dis- 
cussed in this paper have not been subjected to such a test. 

Molybdenum in the amounts used improves creep strength at elevated 
temperatures. Chromium additions to a steel have little effect on the . 
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creep properties but do improve oxidation resistance at elevated tempera- 
tures. Creep tests have not been made on these particular silicon steels, 
as yet. Increasing the silicon content in 2 to 5% chromium steels tends 
to decrease the creep strength, probably because of the presence of delta 
ferrite in the structure. At present, these steels are being subjected to 
long-time aging at 1050 °F to determine the effect of increasing silicon 
content on graphitization characteristics. 

With reference to Mr. Donoho’s comments, the authors realize that 
increasing the silicon content of a steel would affect the deoxidation 
during melting. However, the purpose of this investigation was to deter- 
mine the influence of silicon as an alloying element with the major por- 
tion of the deoxidation taken care of by aluminum additions. 





THE EFFECT OF HOMOGENIZATION ON CAST STEELS 
By R. J. Marcorre anp C. T. Eppy 


Abstract 


The effects of homogenization heat treatments on 
the hardenability, the impact properties and the time- 
temperature-transformation curves for certain selected 
cast steels were studied. The steels were supplied in the 
form of test bars (1% by 1% by 6 inches) cut from keel 
block coupons. All samples were cut from these bars. 
Standard testing procedures were employed throughout. 
The investigation revealed that for the steels studied and 
for the time and temperatures of homogenization em- 
ployed, the effects on the mechanical properties, attribu- 
table solely to homogenization, are negligible. 


HE objective of this research was to determine the effect of 

homogenizing heat treatments on the hardenability, the notched- 
bar impact properties and the time-temperature-transformation curves 
of cast steels. 

Investigations were made primarily on two types of cast steels: 
(a) a steel of low hardenability (similar to a SAE 1030 steel) and 
(b) a steel of high hardenability (Ni-Cr-Mo similar to a SAE 4330 
steel). As the project developed, homogenization effects in other 
cast steels were also investigated. The cast steels studied are listed 
in Table I. 

The steels were received in the form of test bars cut from keel 
block coupons. The bars measured 1% by 1% by 6 inches. 

The homogenizing treatments were carried out prior to the 
machining of the test bars so that undesirable surface effects would 
be avoided and uniform specimens for hardenability and impact tests 
would be assured. Thermal analyses and microstructure surveys 
were made to determine the phase change temperatures in order 
that the minimum practical austenitizing temperatures could be 
selected. These temperatures are also given in Table I. 





A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, R. J. Mar- 
cotte is associate professor of metallurgical engineering, and C, T. Eddy is head 
of the Department of Metallurgical Engineering, Michigan College of Mining 
and Technology, Houghton, Michigan. Manuscript received June 9, 1947. 


649 


ne ee eee ee 








650 TRANSACTIONS OF THE A. S. M. Vol. 40 


DESCRIPTION OF TESTS 


Impact Tests: In the preparation of the impact specimens the 
test bars were squared up on a shaper and cut into square bars 
measuring 0.394 by 0.394 by 6 inches. These bars were sectioned 
to give two pieces 244 inches in length to be finish machined and 
notched as required for the standard ASTM (Charpy V-notch-type) 
impact specimen, 

All impact specimens were notched on that side which was ap- 
proximately perpendicular to the primary columnar axes. It was 
found previously in a preliminary investigation that for small test 
coupons, the impact strength was influenced by the orientation of 
the notch with respect to the columnar crystals. Consistent varia- 
tions of approximately 20% of the notched-bar impact values were 
noted for the extremes of orientation. Careful notching in this 
respect resulted in more uniform impact values. 

The notched-bar impact tests were made on an Amsler impact 
testing machine of 120 ft-lb capacity, the striking velocity of the 
pendulum being 16.5 feet per second. 

A subzero constant temperature cabinet was used for low tem- 
perature impact testing. The specimens were immersed in a dry 
ice-alcohol bath in the work chamber of the subzero cabinet to 
insure rapid cooling. This bath temperature remained as constant 
at —105 °F (—75 °C) as a toluene thermometer was capable of indi- 
cating. A jig was used to support the specimens in a vertical position 
in the alcohol bath. Preliminary tests revealed that the core of the 
specimens reached bath temperature in less than 30 minutes and that 
a rise in temperature of approximately 5 °F resulted in the interval 
during which the specimen was removed from the cabinet and 
broken. Accordingly, all specimens were broken within 2 degrees 
of the indicated testing temperature of —100 °F (—73 °C). 

Hardenability Tests: The standard end-quench hardenability 
test procedure was followed and the Rockwell C hardness surveys 
were made with the aid of a special spacing fixture which made pos- 
sible the exact location of each hardness test at ‘s-inch intervals 
relative to the quenched end of the specimen. 

S-curve Determinations: The dilatometric and metallographic 
procedures employed in the determination of the time-temperature- 
transformation curves were generally standard and were identical 
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to those employed in the determination of S-curves previously re- 
ported.* 


HEAT TREATMENTS 


Test bars were homogenized for 2, 4 and 8 hours at tempera- 
tures of 1650, 1800, 1950 and 2100 °F (900, 980, 1065 and 1150 °C). 
Hardenability bars and impact specimens were machined from the 
homogenized test bars. 

It should be noted before detailing the heat treating schedule 
for each of the steels that preliminary investigations indicated that 
the impact values obtained for steels which were normalized follow- 
ing homogenizing treatment showed that grain coarsening effects 
overshadowed those attributable solely to homogenization. Accord- 
ingly, the heat treating schedules were devised with the purpose of 
eliminating the grain size variable by the inclusion of a grain refining 
treatment (heating and cooling through the critical temperature) 
intended to produce specimens of similar grain size regardless of the 
homogenizing temperatures employed. 

Carbon Cast Steel (SAE 1030): For each homogenizing tem- 
perature and time, test bars were removed from the furnace in lots 
and each lot was given one of the following treatments: 

(a) Cooled in air, machined to final dimensions and tested at 
both room temperature and at —100 °F (—73 °C). 

(b) Cooled in air, reheated to 1550°F (845°C) for 1 hour, 
air-cooled, reheated a second and third time to 1550 °F and air- 
cooled each time from the reheating temperature. The coupons, 
having received 3 grain refining treatments subsequent to the homo- 
genizing treatments and all possessing approximately the same grain 
size, were then machined to finished dimensions and tested at both 
room temperature and at —100 °F (—73 °C). 

(c) Quenched in water, tempered for 1 hour at 1275°F 
(690°C) and tested at both room temperature and at —100°F 
(—73 °C). 

(d) In addition to the above, a spot check was made of the 
impact strength of the steel receiving the 2100 °F (1150 °C) homo- 
genization treatment followed by 3 grain refinements, after which 
it was quenched and tempered. 





1Eddy-Marcotte-Smith. ““Time-Temperature-Transformation Curves (S-Curves) for Use 
in the Heat Treatment of Cast Steels.” Transactions, American Institute of Mining and 
Metallurgical Engineers, Vol. 162, 1945. 
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IMPACT FT. LBS. 
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Fig. 1—Impact Strength of SAE 1030 Steel as a Function 
of Temperature of Homogenization. Curve A — Homogenized, 
quenched and tempered, tested at room temperature. Curve B = 
Homogenized, grain refined, air-cooled, tested at room temperature. 
Curve C = Homogenized, air-cooled, tested at room temperature. 
Curve D = Homogenized, quenched and tempered and tested at 
—100 °F. Curve E = Homogenized, air-cooled, tested at —100 °F 
Curve : = Homogenized, grain refined, air-cooled, tested at 
—100 °F. 


The results of these tests are plotted in Fig. 1. They will be 
considered along with the corresponding microstructures in the 
general discussion. 

Ni-Cr-Mo Cast Steel (SAE 4340): For each homogenizing tem- 
perature and time, test bars were removed from the furnace in lots 
and each lot was given one of the following treatments : 

(a) Air-cooled, tempered 1 hour at 1275°F (690°C) (to 
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render them readily machinable), finish machined and tested at both 
room temperature and at —100 °F (—73 °C). 

(b) Air-cooled, reheated to 1550 °F (845°C) for 1 hour, air- 
cooled, reheated a second and third time to 1550 °F and air-cooled 
each time from the reheating temperature. The coupons having 
received 3 grain refinements subsequent to the homogenization treat- 
ments and possessing approximately the same grain size were tem- 
pered for 1 hour at 1275 °F (690°C), finish machined and tested 
at both room temperature and —100 °F (—73 °C). 

(c) Quenched in oil, tempered for 1 hour at 1275 °F (690 °C) 
and tested at both room temperature and at —100 °F. 

(d) In addition, spot checks were made of the impact strength 
on the steel receiving the 2100 °F (1150°C) homogenization treat- 
ment followed by the grain refinements, after which it was quenched 
and tempered. 

The results of these tests are plotted in Fig. 4. They will be 
considered along with the corresponding microstructures in the gen- 
eral discussion. 

Nickel Cast Steels (SAE 2330) and Chromium Cast Steels 
(SAE 5130): Each of these steels was supplied in both low phos- 
phorus (0.013%) and normal phosphorus (0.040%) contents; all 
were aluminum-killed, using 2.5 pounds of aluminum per ton. The 
small amount of steel provided permitted a study of the effects of 
homogenizing temperature on only the position of the S-curve, the 
microstructure, and a spot check on hardenability. Since the inves- 
tigation of the 1030 and 4330 steels revealed the homogenizing time 
to be of negligible importance, the homogenizing time was selected 
as 4 hours for the nickel and chromium steels. These steels were 
selected for study as being representative of steels in which the 
principal alloy additions were ferrite and carbide forming elements 
respectively. Also, they were selected to evaluate the importance 
of phosphorus in both types of steel. The effects of the homo- 
genizing treatments on these steels will be considered in the general 
discussion. 

Special Carbon (SAE 1030) and Cobalt Cast Steels: Prelimi- 
nary investigations on this problem indicated that homogenizing does 
have some effect on the notched-bar impact strength of cast steels 
in the normalized condition. It was also noted that homogenizing 
for periods of time greater than 2 hours produced little effect on 
the properties and that high temperatures accentuated the homogent- 
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zation effects. It was realized however that the use of excessively 
high homogenizing temperatures is impractical from the standpoint 
of detriment to both steel and furnace life. Hence it was thought 
that if certain alloying elements, which reportedly have a pronounced 
effect upon diffusion, were omitted from the steel’s composition the 
benefits to be derived from homogenizing could be realized with 
lower temperature homogenization treatments. In addition, if ele- 
ments which in themselves have a high rate of diffusion were present, 
then homogenization treatments would be of value for certain alloy 
steels. 

A steel containing cobalt was selected in an attempt to secure 
a steel having a high rate of diffusion with homogenizing treatments. 
Cobalt was chosen because of its great solubility in both gamma and 
alpha iron, and because of its reportedly negative contribution toward 
the hardenability of steel. 

In order that the maximum effect of the cobalt could be ob- 
served, two special steels were investigated: (a) a plain carbon 
steel with a minimum content of manganese, silicon and phosphorus 
consistent with a high quality silicon-killed steel, and (b) a steel 
of similar composition, but containing 1% of cobalt. (See Table I.) 
Silicon-killed steels were specified so that there would be no alumi- 
num present to produce fine-grained steels. Because of the fact 
that homogenization, hardenability, grain refinement and grain 
coarsening are all dependent upon diffusion processes, it was be- 
lieved that these steels containing a minimum of those elements 
which might interfere with diffusion would exhibit a maximum rate 
and degree of homogenization, a minimum tendency for hardenability 
(for equivalent grain sizes), a maximum rate of grain refinement, 
and a maximum rate and degree of grain coarsening. 

The homogenization effects produced in these steels will also 
be considered in the general discussion which follows. 


DISCUSSION OF TEST RESULTS 


Impact Strength (SAE 1030 Steel): The curves of Fig. 1 
constitute a summary of the notched-bar impact data for the 1030 
cast steel as a function of homogenizing temperature and for the 
heat treating and testing conditions indicated thereon, ~The curves 
represent the average for the three homogenizing times of 2, 4 and 
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Fig. 2—SAE 1020 Steel After Homogenizing for 8 Hours at the Indicated Tem- 
peratures. a—1650 °F; c—1800 °F; e—1950 °F; g—2100 °F—as air-cooled and as grain 
refined (3 grain refinements). X 250. 
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Fig. +i Strength of SAE 4330 Steel as a Function of 
Temperature of Homogenization. Curve A = Homogenized, re- 
heated to 1500 °F (1 hour), quenched, tempered, tested at room 
temperature. Curve B = Homogenized, grain refined, air-cooled, 
tempered, tested at room temperature. Curve C = Homogenized, 
air-cooled, tempered, tested at room temperature. Curve D = 
Homogenized, reheated to 1500 °F (1 hour), quenched, tempered, 
tested at —100°F. Curve E = Homogenized, air-cooled, tem- 
pered, tested at —100°F. Curve F = Homogenized, grain re- 
fined,, air-cooled, tempered, tested at —100 °F. 


8 hours, respectively. The negligible effect of time of homogeniza- 
tion, borne out by both the data and the similarity of the micro- 
structures, warrants representation in this manner. 

If each of the heat treatments and test conditions are considered 
separately, it will be seen that the highest notched-bar impact values 
were obtained for the steel in the quenched and tempered condition 
and tested at room temperature (Curve A). Also, the effect of the 
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homogenizing temperature is negligible although the curve has a 
slight upward trend with increasing homogenizing temperature. 

The results for the. quenched and tempered steel tested at 
—100°F (Curve D) are superior to those obtained by other heat 
treatments and again the effect of homogenizing temperature is 
negligible. q 

The effect of homogenizing temperature is pronounced _when 
the steel is air-cooled from the homogenizing temperature. The 
notched-bar impact values obtained from room temperature testing, 
as shown in Curve C, vary from approximately 30 ft-lbs for 1650 °F 
(900 °C) to approximately 17 ft-lbs for 2100°F (1150°C). The 
curve for the normalized steel tested at —100°F (Curve E) shows 
a negligible effect of homogenizing temperature although a slight 
downward trend is indicated. This is consistent with the downward 
trend found for the steel tested at room temperature conditions 
(Curve C). In these two curves (especially Curve C) the loss in 
impact resistance becomes more pronounced as the homogenizing 
temperature increases and a study of the microstructures suggests 
that the decrease results from grain coarsening. 

Fig. 2 indicates the variations which exist in the microstructure 
of the normalized steel and also in the grain refined steel (3 grain 
refinements) as a function of homogenizing temperature. All micro- 
structures shown are for homogenizing treatments of 8 hours. It 
will be observed that the temperature at which grain coarsening 
occurs for the normalized steels coincides with the beginping of the 
pronounced drop in the impact curve. The microstructures obtained 
after 8 hours of homogenization are very similar to those obtained 
after 2 hours and 4 hours. 

The steel which was normalized and subsequently grain refined 
3 times? was prepared in an attempt to eliminate the grain size vari- 
able which was introduced during the homogenizing treatment. The 
room temperature impact properties of these steels (Curve B) were 
increased in comparison with those of the normalized steel which 
had received no further grain refinement. The drop in the curve for 
the normalized steel is completely offset by the effect of the grain 


2The number of grain refining operations was set at three because preliminary tests 
on these steels indicated that specimens which had coarsened to different degrees as a 
result of homogenizing at different temperatures were reduced to substantially the same 
grain size only after receiving at least three grain refining operations. This treatment 
is not suggested as being a practical procedure but it produced the conditions desired for 
this part of the investigation. The ease with which grain refinement could be accomplished 
differed greatly for the several steels studied. 
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Fig. 4—-SAE 4330 Steel After Homogenizing for 8 Hours at the Indicated Tem- 
peratures Followed by Air Cooling and Tempering and Also After Grain Refining 
(3 Grain Refinements) and Tempering. X 250. a—1650 °F; c—1800 °F; e—1950 °F; 
g—2100 °F. 
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_Fig. 5—Hardenability of SAE 1030 Steel as Affected by Temperature of Homo- 
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Fig. 6—Hardenability of SAE 4330 Steel as Affected by Temperature of Homogenization. 


refining operation. With uniform grain size, the effect of homo- 
genizing temperature is again negligible when uniform grain size 
is established, although the slight upward trend noted for the 
quenched and tempered steel is again manifest. 
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Fig. 7—Hardenability of SAE 2330 Steel (Low Phosphorus) as Affected by Tem- 
perature of Homogenization. 
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Fig. 8—Hardenability of SAE 2330 Steel (Normal Phosphorus) as Affected by 
Temperature of Homogenization. 


The normalized and grain refined steel was also tested at 
—100 °F and the data are represented by Curve F. This curve also 
indicates that there is a negligible effect resulting from homogenizing 
heat treatment. 
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Fig. 9—Hardenability of SAE 5130 Steel (Low Phosphorus) as Affected by Tem- 
perature of Homogenization. 
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Fig. 10—Hardenability of SAE 5130 Steel (Normal Phosphorus) as Affected by 
Temperature of Homogenization. 


Impact Strength (SAE 4330 Steel): Fig. 3 contains a summary 
of the notched-bar impact properties for the Ni-Cr-Mo (4330) steel 
as a function of homogenizing temperature, heat treatment, and test- 
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ing conditions. The procedure employed in plotting is the same as 
that used for the 1030 steel. The same general comments made 
for the carbon cast steel (1030) apply for the Ni-Cr-Mo cast steel 
except that: 

(a) Room, temperature test values for the impact strength of 
the normalized/and tempered; the quenched and tempered; and the 
normalized, grain refined and tempered steels (Curves A, B and C) 
given the 1650 °F (900°C) homogenization treatment are approxi- 
mately the same. The reason for this similarity is understandable 
in the case of this steel (air hardening) and in view of the grain 
size factor as discussed previously under the 1030 steel and since 
the microstructures are so similar in appearance (see Fig. 4). 

(b) The effect of homogenizing temperature on the normalized 
and tempered steel (Curve C), tested at room temperature, is con- 
siderably more pronounced than for the carbon cast steel. The 
notched-bar impact strength falls rapidly as a result of homogenizing 
temperatures in excess of 1800 °F (980°C). This coincides with 
the grain coarsening tendency shown in Fig. 4. 

(c) The average values for the normalized, grain refined, and 
tempered steel (Curve B) are slightly higher than those for the 
steel in the quenched and tempered condition (Curve A). 

(d) The slight upward trend of some of the curves for the 
carbon cast steel (1030) is not observed in the data for the Ni-Cr-Mo 
cast steel. If the upward trend noted for the carbon cast steel can 
conceivably be attributed to homogenization alone (the grain size 
effect having been eliminated), it is understandable that the corre- 
sponding curves for the Ni-Cr-Mo (4330) cast steel should mani- 
fest this effect to a lesser extent since the more highly alloyed 
4330 cast steel should not be expected to respond as readily to a 
homogenization treatment. 

(e) The curve for the steel receiving the homogenizing, grain 
refining, and tempering heat treatment (Curve B), when compared 
with the curve for the normalized and tempered steel (Curve C), 
indicates that the grain refining treatment has again nullified the 
effect of grain coarsening resulting from the high temperature homo- 
genization treatment shown in Fig. 4. 

(f) Values obtained in check tests indicated that the grain re- 
fining treatment was ineffective in improving the impact strength of 
either the 1030 or the 4330 steel in the quenched and tempered 
condition. 
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Fig. 11—Effect of Temperature of Homogenization on the 
Displacement of the S-Curve for the SAE 2330 Steel (Low 
Phosphorus). 


Hardenability: End-quench hardenability tests were made on 
the cast steels studied in order to determine the effect of homogeniza- 
tion treatments on hardenability. The results are shown in Figs. 5 
to 10 inclusive. In all of these tests the end-quench specimens were 
quenched from a temperature 50 °F above the A, critical temperature 
for each steel. This procedure was followed regardless of the 
homogenizing temperature employed. 

The results indicate that homogenization has only slight and/or 
inconsistent effects on the hardenability of the steels investigated. 
This observation of the negligible effect of homogenization treatment 
on hardenability and impact strength is in substantial agreement 
with the findings of Kura and Rosenthal.* 

S-Curves: The position of the time-temperature-transformation 
curve (S-curve) as a function of homogenizing temperature was 
thoroughly investigated for the nickel cast steels (2330) and the 
chromium cast steels (5130) of both low and normal phosphorus 
contents. Results of these tests are shown in Figs. 11 to 14 inclusive 
and indicate: 


sJ. G. Kura and P. C. Rosenthal, “Cast Steel Homogenization Heat Treatments,” 
American Foundryman; Nov., p. 88-94-111 and Dec. p. 34-38, 1946. 
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Fig. 12—Effect of Temperature of Homogenization on the 
Displacement of the S-Curve for SAE 2330 Steel (Normal Phos- 
phorus). 


(a) The effect of increasing homogenization témperature on 
the position of the S-curve was not of an order of magnitude which 
should materially influence the hardenability. 

(b) Except: for the normal-phosphorus chromium cast steel 
(5130), increasing the homogenization temperature resulted in a 
shift of the upper part of the S-curve to the right. This shifting was 
most pronounced in the low-phosphorus nickel cast steel (2330). 

(c) The effect of the homogenizing temperature on the position 
of the S-curve was considerably more pronounced in the case of the 
low-phosphorus cast steels than it was for the normal-phosphorus 
cast steels. Examination of the microstructure of these steels (Figs. 
15 and 16) indicates the greater structural uniformity of the normal- 
phosphorus cast steels. 

Microstructures: Fig. 16 shows the structures obtained for the 
nickel cast steel (2330) of both low and normal phosphorus con- 
tents, after various homogenization treatments. Fig. 16 illustrates 
comparable structures for the chromium cast steels (5130) of both 
low and normal phosphorus contents. 
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Fig. 13—Effect of Temperature of Homogenization on the 
——— of the S-Curve for the SAE 5130 Steel (Low ‘Phos- 
phorus 


The structures shown in Figs, 15 and 16 are not those of the 
normalized condition but rather are those obtained by allowing the 
steel to transform completely at a temperature 100 °F below the 
critical.* 

Fig. 17 represents the structures of the special silicon-killed 
carbon cast steel (Table 1) after homogenizing at various temper- 
atures for 2 hours and after 1, 2, 3 and 4 grain refinements, with 
all specimens air-cooled from the final heating temperature. Fig. 
18 represents similar structures for the special silicon-killed cobalt 
cast steel (Table 1). 


It was suggested in the discussion of Figs. 1 and 3, that grain 
size and structural uniformity are definitely reflected in the notched- 
bar impact results. The effect of grain coarsening resulting from 
the homogenizing treatments was eliminated by subsequent grain 


*This particular phase of the investigation (2330 and 5130 steels) was originally con- 
cerned solely with the determination of the effect of homogenization temperature on the 

ition of the S-curve. The steel, after receiving the homogenization treatment, had to 

readily machinable for the preparation of dilatometric specimens. Normal ized steels 
would not permit this machining, hence the above treatment. When correlation with other 
work reported herein pointed to the desirability of studying the normalized structures, no 
steel in the original condition was available use a e limited amount provided at 
the outset of the project. 
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refining heat treatments. The resulting microstructures are, there- 
fore, discussed in the light of both structural uniformity and grain 
size. 

Examination, of the microstructure permits the following ob- 
servations : 

(a) For all cast steels studied, an increase in the homogenizing 
temperature produces a coarsening of the microstructure in the 
“homogenized” condition. The maximum grain coarsening and the 
lowest temperature of grain coarsening were exhibited by the carbon 
cast steel. This coarsening effect was most pronounced in the 
specially-prepared heat of carbon steel which contained a minimum 
of alloying elements (Fig. 17). The effect of a 1% cobalt addition 
was negligible in altering the coarsening condition and was consistent 
with expected behavior. 

(b) The grain refining tendency was also found to be at a 
maximum in the two steels; namely, the special 1030 and 1% cobalt 
steels. The fineness of the grain produced with only one grain 
refining treatment was not materially affected by subsequent grain 
refining operations. It will be recalled that 3 grain refinements were 
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Fig. 15—SAE 2330 Steel After Homogenization at Indicated Temperatures Followed 
by Subcritical Transformation at 100°F Below the Critical: 100. a—1600 °F; 
c—1800 °F; e—2000 °F (all low phosphorus); b—1600 °F; d—1800°F; f—2000 °F 
(all normal phosphorus). 


required to produce the structures shown in Figs. 2 and 4 for the 
commercial grades of cast steels 1030 and 4330. In these cases the 
second and third grain refinements produced marked reductions in 
the grain size. 

(c) The 4330 cast steel, when quenched from the higher homo- 
genizing temperatures and tempered at 1275 °F (690°C), exhibits 
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Fig. 16—SAE 5130 Steel After Homogenization at Indicated Temperatures Followed 
by Subcritical Transformation at 100°F Below the Critical. 100. a—1600 °F; 
c—1800 °F; e—2000°F (all low phosphorus); b—1600 °F; d—1800°F; f—2000 °F 
(all normal phosphorus). 


a structure very similar to that found in the single homogenized 
and tempered steel. However, the impact strengths resulting from 
these two heat treatments are widely different. Furthermore, if a 
comparison were made of the microstructure of this steel after the 
quench and temper heat treatment, with those obtained following the 
homogenizing, grain refining, and tempering treatments, it would 
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17 and 18. 
The condition is revealed by the presence of in- 


(e) Reference to Figs. 15, 17 and 18 indicates a specific type 


those cast steels containing a low phosphorus content (0.013). 
of structural heterogeneity resulting from the higher temperatures of 


See Figs. 2, 4, 15, 16, 


homogenization. 
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creasingly prominent areas of dark constituent (presumably pearlite ) 
in the region of the dendritic axes. It will be observed, however, 
that, in these areas, the ferrite patches are also noticeably coarser. 
For the steel investigated, this type of coarsening was observed only 
in the steels of the low phosphorus content at approximately 0.013%. 
Insufficient steel was available to determine the effect of this coars- 
ening on the notched-bar impact strength. 

(f{) The cast steel containing normal phosphorus plus chromium 
(5130) shows what is normally considered as the maximum struc- 
tural uniformity (Fig. 16). 

(g) In comparing the cast nickel and chromium steels in both 
the low and normal phosphorus contents shown in Figs. 15 and 16, 
it is observed that the localized coarsening which is apparent in the 
nickel cast steel even with normal phosphorus is notably absent in 
the chromium cast steel. 

(h) Chromium seems to act similarly to phosphorus in inhibit- 
ing coarsening. That it is not as effective as phosphorus in this 
respect is indicated by comparing the microstructures of the low- 
phosphorus chromium steel, the normal-phosphorus chromium steel 
and the normal-phosphorus nickel steel of Figs. 15 and 16. 


CONCLUSIONS 


Correlation of all the studies made in the investigation on the 
effect of homogenization heat treatment on cast steels, as determined 
through tests on (a) notched-bar impact properties at normal and 
low temperature, (b) end-quench hardenability, (c) time-tempera- 
ture-transformation studies, lead to the following major conclusion: 

1., Homogenization heat treatments, employing high heat treat- 
ing temperatures or normal heat treating temperatures for long heat- 
ing times, are not sufficiently effective, in improving the mechanical 
properties of cast steels, to be employed. | 

Other conclusions of a secondary nature may be summarized 


as follows: 


2. The effect of time of heating at the homogenizing temper- 


ature beyond a reasonable minimum period (2 hours) is negligible. 

3. The effect of increasing the homogenization temperature 
above 1650 °F is detrimental for cast steel if a normalizing or a 
normalizing and tempering heat treatment is used. The detrimental 
effect has been shown to be primarily a result of the grain coarsening 
incident to homogenization. 
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4. The notched-bar impact strength of normalized cast steels 
of equivalent grain size (obtained through grain refining heat treat- 
ments) shows the negligible effect of temperature of homogenizing 
heat treatment. 

5. The elimination of the grain size variable indicates that the 
notched-bar impact test results reflect more nearly the true effect of 
homogenization. The very slight improvement noted in the notched- 
bar impact properties of the plain carbon cast steel suggests that ex- 
cessive and impractically high homogenization temperatures would 
have to be employed to yield even @ moderate improvement. The 
trends in the curves of Figs. 1 and 3 indicate that, for the more highly 
alloyed cast steels, resorting to these excessively high temperatures 
would be even less effective. 

6. Investigation of the effect of homogenizing temperature 
on the hardenability of the cast steels studied indicates but slight and 
inconsistent influence. 

7. The positions of the time-temperature-transformation curves 
(especially the upper portions) for those cast steels studied were 
noted to shift measurably with variation of homogenizing tempera- 
ture. However, the displacement was not of an order of magnitude 
which would materially influence the hardenability. The limits of 
displacement of these curves follow the degree of structural uniform- 
ity rather closely. The low-phosphorus 2330 cast steel, which ex- 
hibited minimum structural uniformity, also showed the greatest 
spread in the position of the curves and conversely the normal-phos- 
phorus 5130 cast steel exhibited maximum structural uniformity 
and minimum displacement of the curves. 

8. The grain coarsening of the low-phosphorus cast steels was 
observed to coincide with the dendritic axes of the samples. This 
coarsening became accentuated with increased homogenizing temper- 
atures. The coarsened areas (dendritic axes) did not respond to 
grain refining treatments. 


ACKNOWLEDGMENTS 


The authors wish to express appreciation to the Steel Founders’ 
Society of America for the support given the investigation and for 
permission to publish the results. They wish particularly to thank 
Mr. Charles W. Briggs, Technical and Research Director of that 
Society, for his full co-operation in setting up and co-ordinating the 


: 
\ 
t 








674 TRANSACTIONS OF THE A. S. M. Vol. 40 


project. Acknowledgment is also made to the Crucible Steel Casting 
Company of Cleveland, Ohio; the American Cast Iron Pipe Company 
of Birmingham, Alabama; and the American Steel Foundries of 
East Chicago, Indiana, for supplying the steels for the investigation. 
The assistance of Professors G. W. Boyd, R. J. Smith, and Mr. R. 
B. Oliver, associates in the Department of Metallurgical Engineering 
of the Michigan College of Mining and Technology, as well as that 
of the research assistants, R. A. Eddy, H. J. Hansen and A. P. 
Siewert, is also gratefully appreciated. 


DISCUSSION 


Written Discussion: By H. A. Schwartz, manager of research, Na- 
tional Malleable and Steel Castings Cec., Cleveland. 

The demonstration by the authors of the lack of utility of homogeniz- 
ing treatments, in so far as affecting the impact values and hardenabilities 
of cast steels, is, of course, of major interest to the makers and users of 
steel castings. It is altogether obvious that long treatments at high tem- 
peratures are expensive of execution and detrimental to the surface 
appearance of the product. It appears to this commentator that a similar 
investigation carried out on specimens cut from quite heavy cross sections 
might constitute a welcome addition to the investigation since greater 
degrees of segregation would be expected with slower freezing. 

Written Discussion: By John G. Kura, Battelle Memorial Institute, 
Columbus, Ohio. 

It is generally accepted that notched-bar impact values decrease 
with increase in grain size. Herres and Lorig’® show that this is not neces- 
sarily true for fully hardened steels. If the steel contains pearlite or 
proeutectoid constituents, then the effect of increasing grain size is evi- 
denced' by lower notched-bar values. Thus, Curve C in Figs. 1 and 3 shows 
the effect of grain size and structure coarseness as developed by homo- 
genizing temperatures and does not show the effect of homogenization 
which may have been achieved. Curve B in both Figs. 1,and 3 does show 
the effect of homogenization because the grain-refining treatment em- 
ployed destroyed the coarse structure and large grain size developed by 
the higher homogenizing temperatures. The data for the two B curves, 
therefore, are true indications of the effect of homogenization which had 
been achieved. 

It is difficult to rationalize the position of Curve A in Fig. 1. Ob- 
viously, a 1%-inch section of SAE 1030 steel cannot be fully hardened 
even by a water quench. Furthermore, if the coupons were quenched 
directly from the homogenizing temperature, as indicated by the authors, 


5S. A. Herres and C. H. Lorig, “Influence of Metallurgical Factors on the Mechani- 
ore Steel,”” Transactions, American Society for Metals, Vol. 40, 1948, 
able V,' p. ’ 
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the coarse-grained heterogeneous structure obtained from the higher 
homogenizing temperature tests should have produced Charpy data 
similar to Curve C but at a higher level by virtue of the tempering treat- 
ment employed and slightly less coarse structure (finer pearlite and pos- 
sibly less ferrite) prior to tempering. 

Curve A in Fig. 3 can be accepted as showing the effect of homo- 
genization because the coupons were reheated to 1500°F (815°C) before 
quenching in oil. This reheating process served to eliminate a large part 
of the detrimental, coarse, large-grained structure produced by high 
homogenizing temperatures. 

The authors state that very similar structures were obtained with 
the tempered steels used to provide the data for Curves A and C in Fig. 3. 
Tempering treatments make identification of prior structures difficult at 
times, but it is this structure prior to tempering which greatly determines 
Charpy bar values. Even in the tempered condition, the photomicro- 
graphs in Fig. 4 show a strong indication of different structures produced 
by homogenizing, air cooling, and tempering as compared to homogeniz- 
ing, grain refining, and tempering. A similar difference in structure prior 
to tempering would also be expected between the coupons heat treated 
to produce the notched-bar data illustrated by Curves A and C in Fig. 3. 

A further statement by the authors is that widely different structures 
but similar notched-bar impact values were obtained in coupons used to 
obtain Curves A and B in Fig. 3. Unfortunately, photomicrographs of 
the coupons used to obtain Curve A were not reproduced in the paper. I! 
would have been inclined to speculate that the structure of the coupons 
used to obtain Curve A would be quite similar to that for Curve B, and 
that similar notched-bar impact values would be the expected end result. 

In spite of the exceptions made in interpretation of some of the 
data in this paper, I concur with the authors in the conclusion that homo- 
genization heat treatments, over the range of temperature and time at 
temperature that were investigated, are not sufficiently effective and 
should not be employed to improve mechanical properties of cast steels. 


Authors’ Reply 


The authors are grateful to the several people who offered discussion 
(both oral and written) to their paper. They wish to acknowledge in a 
special manner the oral discussion offered by Mr. Lillieqvist of the Ameri- 
can Steel Foundries. It is indeed gratifying to learn that the results ob- 
tained at their plant are in complete agreement with the findings pre- 
sented in this paper and further~that their experience has shown that 
the time of normalizing can advantageously be shortened to a period con- 
siderably less than 2 hours (20 minutes at temperature is now being 
specified). 

Dr. Schwartz's suggestion that “a similar investigation carried out 
on specimens cut from quite heavy cross sections might constitute a wel- 
come addition to this investigation” is indeed well taken. However, the 
authors at present are of the opinion that such a study would only 
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strengthen the conclusions already reached. This opinion seems justified 
since conclusions very similar to our own were arrived at by Kura and 
Rosenthal as a result of a similar investigation made on steels of some- 
what heavier section. 

The authors appreciate and gratefully acknowledge John Kura’s 
critical and careful analysis of the data and of the curves shown in Figs. 
1 and 3. The fact that a 1%-inch section of 1030 steel cannot be fully 
hardened even by a water quench was realized at the outset of this in- 
vestigation. Accordingly the data for Curves A and D in Fig. 1 are for 
steel which has been homogenized, air-cooled, finish-machined, reheated 
to 1550°F (845°C), water-quenched and then tested. It is regrettable 
that this part of the procedure was inadvertently omitted in the descrip- 
tion of test procedure. Curve A then represents not only a material in 
which a part of the detrimental coarse structure produced during homo- 
genization has been removed but also one which was rather fully hard- 
ened before tempering and reflects very nearly the effect of homogeni- 
zation in the quenched and tempered condition. 

Mr. Kura’s objection to the statements relating to the different im- 
pact values resulting from similar structures (Curves A and C in Fig. 3) 
and to the similar impact values resulting from widely different structures 
(Curves A and B in Fig. 3) is certainly justified. This behavior was not 
expected and as stated in the paper we can offer no reasonable explana- 
tion. Our statements were based on the fact that the quenched and 
tempered 4330 steel (Curve A) exhibited a coarse structure very similar 
to that of the air-cooled and tempered condition (Curve C) and quite 


unlike that of the homogenized, grain-refined, and tempered condition 
(Curve B). 





DETECTION OF AS-CAST AUSTENITE GRAIN SIZE 
IN HEAT TREATED CAST ALLOY STEELS 


By Epwarp A. Loria 


Abstract 


This paper gives an account of a method of measur- 
ing the as-cast austenite grain size in cast alloy steels by 
considering the effects of solidification pattern and seg- 
regation of alloying elements on the development of the 
as-cast grain pattern. In rapidly cooled sections, the 
marked segregation results in increased local hardenabil- 
ity and the development of an outline of the initial aus- 
tenite grain boundaries upon etching with the proper re- 
agent. In the manganese-molybdenum cast steels studied, 
normalizing or quenching and tempering followed by 
etching with a modified picral solution produces the nec- 
essary split transformation in the alloy-rich and alloy- 
poor localities and a microstructural delineation of the 
intercell network (as-cast austenite) existing in such 
steels. 


ENTRODUCTION 


HE effect of grain size is of prime importance to the steel 

foundryman. Of interest is the austenite grain size at two dif- 
ferent stages in the manufacture of his products, one just after the 
steel-is cast and the other after any reheating operation carried out 
above the critical temperature range. In both cases, the grain size 
being sought is actually a previous grain size which no longer exists 
once the steel has cooled to room temperature. However, by em- 
ploying various heat treating schedules, the investigator can deduce 
this previous austenite grain size from the decomposition products 
existing at room temperature. 

The recent papers by Hawkes (1), (2)* on suitable methods 
for disclosing austenite grain size, and data on the grain size varia- 
tions to be expected in carbon and alloy cast steels, provide an accu- 
rate analysis of the grain size characteristics of cast steels produced 


1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, Edward A. 
Loria, is Fellow, Mellon Institute of Industrial Research, Pittsburgh. Manu- 
script received June 16, 1947. “ 
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and heat treated in various ways. Special etching reagents or tech- 
niques have been proposed as a means of locating the as-cast austen- 
ite grains but there is no evidence in the literature that they are 
successful, other than the method of examining the as-cast speci- 
mens of steel which develop ferrite outlining. Only occasionally 
does ferrite outline the former austenite grains satisfactorily. In 
alloy steels, for instance, the presence of alloying elements and the 
difference in reaction rates resulting from increased hardenability 
effect changes in the as-cast structure which prevent the develop- 
ment of the initial austenite grain boundaries. 

Recognizing the fact that the alloying elements in cast steels 
are usually segregated, the present investigation utilizes a heat treat- 
ment which will produce a split transformation in such steels. This 
treatment together with the use of a suitable etching reagent will 
develop the distribution pattern of the segregated alloying elements. 
For example, in normalized or quenched and tempered manganese- 
molybdenum steels, the marked segregation results in increased local 
hardenability and the formation of lower temperature transforma- 
tion products, and an outline of the former austenite grain bound- 
aries becomes evident upon etching with the proper reagent. 


MATERIALS AND HEAT TREATMENT 


The commercially made manganese-molybdenum steels employed 
in this study were melted in an Heroult acid electric furnace from 
foundry returns, turning scrap and ferroalloys. The tapping tem- 
perature was 3100 °F (1700 °C) and the pouring temperature about 
2900 °F (1595°C). Bottom-pour ladles were used. The various 
series of test bars were secured by pouring steel from the same heat 
into three shank ladles, adding aluminum to one, silicon carbide to 
another, and no deoxidizer whatsoever to the third, in order to obtain 
a good basis of comparison. The different types of steel were then 
cast into 24-inch diameter by 10-inch headed test bars. 

In this particular phase of the investigation, two heats and five 
test bars are involved. The chemical composition, the exact addition 
agent employed and the amount are given for each bar in Table I. 
After the heads were removed, all cast bars were given a homogeniz- 
ing treatment. Alloy steels A, B and € from the same heat were 
normalized (air-cooled) after 8 hours at 1700 °F (925 °C), whereas 
steels D and E from the second heat were oil-quenched after 8 hours 
at 1680°F (915°C) and then tempered at 1250°F (675°C) for 
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Table I 
Chemical Composition of Steels and Tensile Test Data* 


a -Chemical Composition, %¥———---—————_, 
Alloy Steel € Si Mn S P Mo 
A 0.27 0.53 1.24 0.014 0.043 0.46 
B 0.29 0.62 1.23 0.013 0.041 0.45 
Cc , 0.28 0.58 1.24 0.014 0.042 0.46 
bp @ 0.31 0.70 1.69 0.022 0.034 0.43 
E 0.33 0.68 1.65 0.020 0.037 0.42 
Yield Ultimate 
Point Strength Elongation Reduction of 
Alloy Steel psi psi % Area —% 
A 82,850 101,200 17.0 31.8 
B 81,650 103,000 20.0 42.8 
. 77,000 100,800 20.0 41.6 
D 84,350 104,450 23.0 42.8 
E 82,950 105,250 18.0 39.2 


Deoxidation Practice: Steel A, D No ladle addition. 
Steel B, E 4 lbs. silicon carbide per ton of steel. 
Steel C 3 Ibs. aluminum per ton of steel. 


*Notes: Steel A,B,C Normalized 1700 °F. 
Steel D, E Oil-quenched 1680 °F; tempered 1250 °F. 


2 hours. The steels thus treated were subjected to metallographic 
examination and tensile testing, standard 0.505-inch diameter by 2.0- 
inch gage length tensile coupons being machined from each bar and 
the data included in Table I.. The effects of sulphur upon mechan- 
ical properties were minimized by employing selected melting scrap 
with a maximum of 0.03% sulphur. 

The development of a suitable etching reagent resulted in the 
choice of a modified picral solution. The solution of picric acid in 
ethyl alcohol is a versatile etchant for revealing the microstructure 
of steel and has been used extensively to produce grain boundary 
attack in hardened ‘steel. A regular picral solution (4 grams picric 
acid in 100 ml. ethyl alcohol) was modified by adding 2-3 drops 
of hydrochloric acid to 100 ml. of picral. It is realized that this 
etchant varies from Vilella’s reagent only in a minor degree, but 
the use of a smaller amount of hydrochloric acid was sufficient to 
produce the necessary differentiation between microconstituents 
formed in the bainite transformation region, and the reagent proved 
to be a good grain boundary etch whereas the stronger Vilella re- 
agent is known for its ability to reveal the previous austenite grain 
size by producing an over-all contrast between adjacent grains in 
quenched and tempered steels. 


STRUCTURAL OBSERVATIONS 


In order to obtain a clear understanding of the effects of seg- 
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regation and solidification pattern upon the initial austenite grain 
size of cast alloy steel, it is necessary to review the relationship be- 
tween the temperature of austenite decomposition and the time for 
the beginning and ending of transformation. Fig. 1 is a reproduc- 
tion of the TTT-diagram established by Blanchard, Parke and 


*» 
A, 1317 °F 
1300 
1200 
1100 
i w 
4 2 
« 1000 5 
5 ° 
: 900 - 
© oO 
a ian 
E @ 
© 800 3 
é 
700 
600 
a A+ 
500 Acicular Const. 





| io 100 1000 10,000 100,000 
Log Time, Seconds 


Fig. 1—TTT-Diagram for 0.43% Carbon-1.65% 
Manganese Steel Containing 0.36% Molybdenum. Aus- 
tenitized at 1550°F (845°C), grain size 8 After 
Blanchard, Parke and Herzig (3). 


Herzig (3) which may be considered to have a bearing on the be- 
havior of the manganese-molybdenum cast steels considered in this 
investigation. This diagram cannot be directly applied to this dis- 
cussion since the chemical analysis differs somewhat from the com- 
positions dealt with, but some idea of the relationship between tem- 
perature and the rates of reaction may be obtained. 

Since the stability of austenite increases with the concentration 
of alloying elements, the distribution of these elements will greatly 
influence the distribution of microstructures in heat treated cast 
steels. If all the alloying elements of such steels are uniformly 





1948 CAST ALLOY STEELS 681 


distributed, the resulting structure of a section of the steel, cooled 
at any given rate from above the A; temperature should be uniform 
regardless of the speed of quenching. However, if certain alloying 
elements are segregated, the resulting structure will be different. 
First, the segregation of such elements as manganese and molybde- 
num implies that some localities contain less than the average con- 
centration and other localities contain more. Since some locations 
contain less than the average concentration of these alloying ele- 
ments, the nose of the TTT-diagram will be moved in the direction 
of decreased time and the critical cooling velocity for the steel will 
be much faster than if these elements were uniformly distributed. 
Second, if the critical cooling rate for the steel is not exceeded, the 
areas low in concentration of alloying elements will transform at the 
nose of the TTT-diagram, and the remaining austenite will trans- 
form to martensite at the Ms temperature. The distribution of the 
microconstituents will, therefore, depend upon the distribution pat- 
tern of the segregated alloying elements. If the critical cooling rate 
is exceeded, martensite will be the sole resulting microstructure. 

Figs. 2 to 11 illustrate the effects of the segregation of manga- 
nese and molybdenum upon the TTT-diagram for carbon-manganese 
steel containing molybdenum. It will be noted that for such steels 
the transformation started sooner in the localities containing less 
than the average concentration of these elements and finished later 
in the localities containing higher than the average concentration 
of manganese and molybdenum. In rapidly cooled sections, the 
marked segregation results in increased local hardenability and the 
development of an’ outline of the former austenite grain. boundaries 
upon etching with, the proper reagent. The solidification pattern 
developed in cast steel and the segregation of alloying elements aris- 
ing therefrom thus serve as the basis for the development of the 
as-cast austenite grain size. 

Figs. 2, 4 and 6 illustrate the solidification patterns of the nor- 
malized steels A, B and C. The location of the darker etching 
boundaries is apparent in the photomicrographs. The marked seg- 
regation in these heat treated cast steels results in structural differ- 
entiation because of the increased localized hardenability arising 
from the segregation of manganese and molybdenum in the inter- 
cell areas. These intercell areas are the contiguous cell surfaces and 
closely adjacent material where maximum segregation (or alloy 
enrichment) occurs, whereas the cells encircled by the dark-etching 
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Figs. 2 and 3—Photomicrographs of Cast Alloy Steel A Containing 0.27% Carbon, 
1.24% "SRasnnsenaiies 0.46% Molybdenum. (Heat treatment: 1700 °F (925 °C), 8 hours, 
afr cool.) Modified picral etch. Fig. 2—Outline of darker-etching intercell network 
outlining the as-cast austenite grains. 100. Fig. 3—General microstructure. X< 500. 


constituent are synonymous with the austenite grains formed upon 
solidification. The occurrence and differentiation of the structural 
constituents in this manner are explained by the general effects of 
increasing hardenability and/or increasing quenching rate on the 
alloy-enriched areas. Thus, by cooling at a rapid rate such as in 
normalizing, and effecting transformation to lower temperature 
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Figs. 4 and 5-—Photomicrographs of Cast Alloy Steel B Containing 0.29% Carbon, 
1.23% Manganese, 0.45% Molybdenum. (Heat treatment: 1700 °F (925 °C), 8 hours, 
air cool.) Modified picral etch. Fig. 4—-Outline of darker-etching intercell network 
outlining the as-cast austenite grains. XX 100. Fig. 5—General microstructure. X< 500. 


products, the segregation of manganese and molybdenum in the ini- 
tial grain boundaries produces a split transformation spread over a 
temperature range within each steel. Therefore, the structure within 
the cell can consist of small amounts of pearlite and ferrite formed 
during the initial stages of the transformation, with bainite formed 
during its latter stages in the interstices. With a further suppres- 
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sion of the transformation, pearlite practically disappears and is 
replaced by bainite. When transformations are suppressed to still 
lower temperatures, lower bainite in turn is gradually replaced by 
martensite. In the steels under discussion, increasing thermal slug- 
gishness is produced by raising the manganese content while the 
rather constant amount of molybdenum present in all of them also 
contributes to the suppression of the transformations. In other 
words, the appreciable content of manganese in steels A to E con- 
tributes to the thermal sluggishness and effects the replacement of 
ferrite-pearlite structures by lower bainite and martensite with the 
same cooling rates. 

The network patterns shown in Figs. 2, 4 and 6 arise from the 
formation of upper bainite within the cells and lower bainite in the 
intercell areas. Figs. 3, 5 and 7 taken at a higher magnification are 
better illustrations of the respective microstructures. The predom- 
inantly upper bainitic (acicular ferrite) structures within the as-cast 
austenite grains and also the finer, darker and less resolvable areas 
of lower temperature products (intermediate and lower bainite) aris- 
ing from alloy enrichment at or near the grain boundaries are shown 
in each photomicrograph. Comparison of the over-all as-cast grain 
sizes of steels A, B and C developed on air cooling revealed that 
steel A had the smallest grain size, steel C was intermediate, and 
steel B had the largest as-cast grain size. 

Ziegler, Meinhart and Goldsmith (4) have investigated the 
effect of manganese in cast carbon-molybdenum steels and reported 
that progressively larger percentages of manganese in amounts over 
1.5% increase the thermal sluggishness of carbon-molybdenum steels 
containing carbon up to about 0.3%, increase their air hardenability 
and promote formation of structural constituents resulting from 
suppressed transformations (i.e., lower bainite and martensite). 
This increase in the thermal sluggishness, however, is much more 
gradual and less abrupt than, for example, in chromium-nickel steels, 
and results in the formation of transition structures not observed in 
the latter. Therefore, in an effort to delineate the grain boundaries 
more -effectively, steels D and E (which contain higher manganese 
than steels A, B or C) were quenched and tempered instead of being 
given a normalizing treatment. Figs. 8 and 10 show the network 
patterns developed upon etching the quenched and tempered test bars. 
The very dark grain boundary localities adequately outline the as- 
cast austenite grains. Apparently the as-quenched structure con- 
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Figs. 6 and 7—Photomicrographs of Cast Alloy Steel C Containing 0.28% Carbon, 
1.24% Manganese, 0.46% Molybderium. (Heat treatment: 1700 °F (925 °C), 8 hours, 
air cool.) Modified picral etch. Fig. 6—Outline of darker-etching intercell network 
outlining the as-cast austenite grains. x 100. Fig. 7—-General microstructure. X 500. 


sisted of a matrix of upper and lower bainite surrounded by a net- 
work of martensite and lower bainite, the lower bainites being diffi- 
cult to distinguish microscopically from martensite in these steels. 
Tempering at 1250 °F (675°C) for 2 hours darkens the martensite 
and lower bainite so that even greater contrast is obtained between 
the intercell areas and the matrix. By employing such a relatively 
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Figs. 8 and 9—-Photomicrographs of Cast Alloy Steel D Containing 0.31% Carbon, 
1.69% Manganese, 0.43% Molybdenum. (Heat treatment: 1680 °F (915 °C), 8 hours, 
oil-quenched; 1250 °F (675°C), 2 hours.) Modified picral etch. Fig. 8—Outline of 
darker -etching intercell network outlining the as-cast austenite grains. X 100. Fig, 9— 
General microstructure. xX 500. 


high tempering temperature, the martensitic structure ultimately 
becomes completely spheroidized and in these alloy steels containing 
strong carbide-forming elements, there would be a gradual change- 
over of the cementite to the more stable alloy carbides. The micro- 
structures of steels D and E, when examined at a magnification of 
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Figs. 10 and 11—Photomicrographs of Cast Alloy Steel E Containing 1.33% Carbon, 
1.65% Manganese, 0.42% Molybdenum. (Heat treatment: 1680 °F (915 °C), 8 hours, 
oil-quenched; 1250 °F (675 °C), 2 hours.) Modified picral etch. Fig. 10-—Outline of 
darker-etching intercell network outlining the as-cast austenite grains. 100. Fig. 11 
—General microstructure. X 500. 


500 diameters, indicate that the network is chiefly a more dense 
population of carbide spheroids than exist in the predominant,’ or 
matrix, structure. The progressive change in matrix structure is 
evident by comparing the photomicrographs of steels D and E with 
steels A, B or C. This change entails an improvement in mechanical 
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properties as hardenability is increased, with correspondingly greater 
hardening during quenching, resulting from further lowering of the 
temperature at which transformation begins, and the effects are 
observed microscopically by the increasing presence of the lower 
temperature products (intermediate and lower bainite in the former 
compared to the predominantly upper bainite for the latter). Also, 
comparing steels D and E, Fig. 10 shows that steel E, deoxidized 
with silicon carbide, possesses a coarser grain size than untreated 
steel D, Fig. 8. The intercell areas of the latter are even disclosed 
at a magnification of 500 diameters (Fig. 9) whereas the grains in 
the former are too large to be shown in a field of comparable size 
(Fig. 11). 

Incidental to their study of the relation of quenching rate and 
hardenability to the mechanical properties of several heat treated 
cast alloy steels containing appreciable quantities of manganese, 
chromium and molybdenum, Wilks, Avery and Cook (5) observed 
the presence of a lighter-etching intercell network in such steels 
after an 8-hour normalizing treatment at 1700 °F (925 °C) followed 
by quenching after 2 hours at 1700 °F (925°C). Examination of 
their macrostructures reveals the extensive alloy segregation in these 
steels even after subjection to the specified heat treatment. Also a 
difference in contrast occurs between the two principal macrocon- 
stituents as the alloy content of the steel is increased. The grain 
boundary or intercell areas change from dark outlines to light out- 
lines as the alloy content is increased from 0.84% manganese, 0.26% 
chromium, 0.36% molybdenum to 1.78% manganese, 1.76% chro- 
mium, 0.46% molybdenum. Microexamination of the higher hard- 
enability steel showed the increasing presence of the lighter-etching 
intercell network which seemed to be only partially transformed to 
martensite. ‘The suspected presence of retained austenite in ‘this 
type of network was confirmed by X-ray diffraction techniques. 


SOLIDIFICATION PATTERN AND ALLOY SEGREGATION 


The effects of solidification pattern and segregation on the 
mechanical properties of cast steels have been thoroughly explained 
by Timmons (6) and the extension of his accurate analysis to the 
development of the as-cast austenite grain size in normalized and 
in quenched and tempered alloy cast steels is necessary in order to 
get a clear understanding of the phenomena involved. The solidifi- 
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cation of medium carbon steel alloyed with manganese and molyb- 
denum involves the transition from a liquid phase consisting of the 
liquid solution of these elements in iron to a solid solution of the 
same elements in gamma iron. When the solid solution, austenite, 
results from the solidification of the molten alloy, crystallization 
takes place over a range of temperatures. The first crystals to 
freeze form the skeleton of dendrites and are low in concentrations 
of alloying elements. As freezing progresses with continually de- 
creasing temperatures, the metal freezing on the original skeletons 
becomes richer and richer in alloying elements, until the last metal 
to freeze at the interstices of the dendrites contains the richest con- 
centration of these elements. During freezing the changes in the 
compositions of the solid phases fail to reach equilibrium because 
of the slowness of diffusion in the solid state. The concentration 
gradient between the first and the last metal to freeze will persist 
and results in coring within the crystals. In between the two ex- 
tremes in rate of solidification (instantaneous solidification, where 
diffusion in the liquid phase is suppressed, and slow freezing under 
ideal equilibrium, where diffusion in the solid state is favored to an 
extent that uniform distribution of alloying elements results) ex- 
tensive segregation takes place within the solidification range due 
to the rapid rates of diffusion in liquid metal and slow rates of dif- 
fusion in the solid state. Very little diffusion of elements, such as 
manganese, chromium and molybdenum, is effected in the solid state 
due to the slow rates of diffusion of these heavier elements in solid 
iron. Such segregation persists on further heat treatment unless a 
long homogenizing treatment at temperatures above 1950°F (1065 
°C) is conducted to effect a more uniform distribution of these 
elements by providing favorable conditions for their diffusion in 
solid iron. The amount of segregation caused by these effects 
should in the main increase: (a) with factors increasing the length 
of the freezing period, such as ingot size, mode of cooling, thermal 
conductivity, and (b) with greater separation between the curves of 
liquid and solid compositions at equilibrium in the system of the 
alloying element and iron. 

In a solid solution such as austenite, where the binding between 
a solute and a solvent atom is less than between two solvent atoms, 
the solute atoms tend to congregate where the lattice is most disor- 
ganized, i.e., along an edge common to two grains and especially at 
the corner of any one grain (7). Their concentration in these inter- 








- 690 TRANSACTIONS OF THE A. S. M. Vol. 40 


cell or intergranular areas results in increased localized harden- 
ability and a split transformation when such segregated steels are 
properly heat treated. Normalizing or quenching and tempering 
produces the split transformation and an outline of the as-cast grain 
size is obtained upon etching with a proper reagent. 


SUM MARY 


1. The austenite grain size of alloy steels in the as-cast state 
can be determined providing the solidification pattern or segregation 
of alloying elements in the intercell or intergranular areas still ex- 
ists. In alloy steels such segregation usually persists on heat treat- 
ment unless a long homogenizing treatment at temperatures above 
1950 °F (1065 °C) has been undertaken. The method employed 
in this investigation on manganese-molybdenum cast steels takes 
cognizance of the fact that, in rapidly cooled sections, the marked 
segregation (apparent in the lower temperature transformation 
products) results in increased local hardenability and the develop- 
ment of an outline of the initial austenite grain boundaries upon 
etching with modified picral reagent. 

2. In the 1.24% manganese, 0.46% molybdenum group of cast 
steels, a normalizing treatment of 8 hours at 1700 °F (925 °C) pro- 
duces a split transformation within the intercell and adjacent areas 
of each steel. The developed, darker-etching, network patterns are 
finer, less resolvable areas of lower temperature transformation 
products (intermediate and lower bainite) arising from alloy en- 
richment at or near the grain boundaries, and can be differentiated 
from the predominantly upper bainitic structures occurring within 
the as-cast austenite grains. 

3. In the 1.65% manganese, 0.43% molybdenum group of cast 
steels, the imcreasing thermal sluggishness imparted by the greater 
percentages of manganese promotes better air hardenability and the 
formation of structural constituents resulting from suppressed 
transformations such as lower bainite and martensite. Oil quench- 
ing after 8 hours at 1680°F (915°C), and then tempering at 
1250 °F (675 °C) for 2 hours, produced a very dark grain boundary 
outline of the as-cast austenite grains, owing to the different rates 
of reaction within the segregated steels. The as-quenched structure 
consisted of a matrix of upper and lower bainite surrounded by a 
network of martensite and lower bainite, the lower bainites being 
difficult to distinguish microscopically from martensite in these steels. 
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Tempering at 1250°F (675°C) for 2 hours darkens the grain 
boundary martensite and lower bainite so that even greater contrast 
is obtained between the intercell areas and the matrix. 


References 


1. M. F. Hawkes, “Austenite Grain Size in Cast Steels,” American Institute 
of Mining and Metallurgical Engineers, Technical Publication 2170, 
1947; Metals Technology, Vol. 14, No. 4, June 1947. 

2. M. F. Hawkes, “Determination of Austenite Grain Size,” Jron Age, Vol. 
159, No. 11, 1947, p. 46-51. 

3. J. R. Blanchard, L. M. Parke and A. J. Herzig, “New Data for Eval- 
uating Manganese-Molybdenum Steels,” Meta Procress, Vol. 40, 
No. 6, 1941, p. 906-910. 

4. N. A. Ziegler, W. L. Meinhart and J. R. Goldsmith, “The Effect of Man- 
ganese on the Properties of Cast Carbon and Carbon-Molybdenum 
Steels,” TRANSACTIONS, American Society for Metals, Vol. 38, 1947, 
p. 398-436. 

5. C. R. Wilks, H. S. Avery and E. Cook, “Relation of Quenching Rate and 
Hardenability to the Mechanical Properties of Several Heat Treated 
Cast Alloy Steels,” Transactions, American Society for Metals, Vol. 
38, 1947, p. 437-470. 

6. G. A. Timmons, “Factors Affecting the Ductility of Cast Steel,” Trans- 
actions, American Foundrymen’s Association, Vol. 51, 1944, p. 417-480. 

7. C. Zener, “Kinetics of the Decomposition of Austenite,” Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 16/7, 
1946, p. 550-595; Metals Fechnology, Vol. 13, No. 1, January 1946. 


DISCUSSION 


Written Discussion: By R. J. Marcotte, associate professor of metal- 
lurgical engineering, Michigan College of Mining and Technology, Hough- 
ton, Mich. 

The author has presented a very interesting paper on the detection 
of as-cast austenite grain size in heat treated cast alloy steels. Advantage 
is taken of the differential hardenability resulting from the existing segre- 
gation. Suitable heat treatment produces a split transformation which 
delineates the structure. Areas which have a lower concentration of 
alloying elements begin transforming sooner and areas with a higher con- 
centration of alloying elements transform later than would be the case if 
the alloy were homogeneous. Is it to be expected that as a steel is ren- 
dered more homogeneous through heat treatment, the TTT-diagram for 
that steel should become narrower, i.e., the decomposition of austenite 
should begin later and end sooner than before the homogenizing treat- 
ment? 

Regarding the statement that “Alloy segregation persists on further 
heat treatment unless a long homogenizing treatment at temperatures 
above 1950 °F (1065 °C) is conducted to affect a more uniform distribution 
of these elements”, I should like to inquire whether it is within the experi- 
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ence of the author that such homogenizing treatments have any material 
effect in lessening macro segregation? 

The author states that “If all alloying elements are uniformly dis- 
tributed, the resulting structure of a section of the steel, cooled at any 
given rate from above the A; temperature, should be uniform regardless 
of the speed of quenching.” I believe that such uniformity of structure 
irrespective of the quenching rate employed is obtained only when there 
exists a critical degree of segregation which just counteracts the normal 
instability of grain boundary material observed in low alloy or plain 
carbon steel. Is not this view substantiated by the observations of Wilks, 
Avery and Cook and mentioned in the paper? 

Written Discussion: By W. L. Meinhart, assistant research metal- 
lurgist, Crane Co., Chicago. 

The author has presented an interesting paper on as-cast austenite 
grain size and structures in alloy steels. 

Most metallurgists working with low alloy cast steels are familiar 
with the dendritic segregations frequently present. As the author points 
out, the intercell network is the last part of the melt to solidify and would 
therefore be “interdendritic”. It may be richer in carbon (depending upon 
quantity and type of alloying elements), as well as segregated nonmetallic 
inclusions. 

The writer has found similar structures in chromium-molybdenum- 
nickel steels containing up to 9% chromium, 1.5% molybdenum and 2% 
nickel in addition to the manganese-molybdenum steels discussed by the 
author. The dark network is composed of dense carbides and appears to 
be dependent to some extent on the carbon content. The contrast be- 
tween the network segregation and the matrix tends to decrease if carbon 
is below about 0.20%, and becomes more pronounced if the carbon content 
is 0.30% and higher. This segregation persists through the usual heat 
treatments to which commercial cast steels are subjected. However, some 
diffusion occurs which decreases its detrimental effect on the physical 
properties. 

Does the network always represent the as-cast austenite grain size 
or could it be just an outline of the interdendritic segregation developed 
during selective freezing? This pattern may not follow all of the austenite 
grain boundaries, some of which might have formed before the segregated 
network had fully solidified. As pointed out in Hawkes’ recent publication 
(2), the network interferes with determination of the original “as-cast” 
austenite grain size. 

In our recent work on manganese steels (4), a dilatometer curve of 
an air-cooled steel similar to composition A (0.27% C, 1.24% Mn, 0.46% 
Mo) is shown. The transformation on cooling was not split, but occurred 
over the temperature range of 750 to 1040 °F (400 to 560 °C) which is just 
above the zone in which lower bainite is formed. This indicates that the 
segregation shown in the structures of Figs. 2 and 3 was not brought out 
by a split transformation but only by differences in carbon and alloy con- 
tent., Lower bainite formed on air cooling usually appears as darker 
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etching needles than upper bainite and not only as fine, segregated car- 
bides. Because of the somewhat higher hardness of lower bainite over 
that of the higher temperature transformation products a microhardness 
survey along with dilatometric studies might aid in identifying the micro- 
structures observed. 

In cases where gamma loop-forming elements such as molybdenum, 
chromium and/or silicon are added to a low carbon steel in sufficient 
amounts, the intercell network may be largely composed of delta ferrite. 
The network therefore contains less carbon than the matrix because of 
the type and amount of alloys segregated. 

Written Discussion: By Frank X. Hohn, Scullin Steel Co., St. Louis. 

The author is to be commended for bringing attention and shedding 
light on a point in the metallurgy of cast steel that is of practical as well 
as theoretical importance. However, we feel that in certain phases of the 
paper, clarification would be desirable. 

According to this method of grain size determination, it assumes that 
the alloy segregation (and its effect on etching) occurs necessarily at 
the austenite grain boundaries. 

Admittedly alloy segregation occurs at the boundaries of the original 
dendrites, but, as Hawkes (1), (2) implies, this is not necessarily the 
boundary of the austenite grain (secondary granulation). 

Furthermore, the author points out that the segregation upon which 
he depends for his grain size-determination does not easily change, due 
to diffusion difficulties. Yet we know that austenite grain size may vary 
considerably with heat treatment. According to his method, the same 
answer will always be obtained for grain size, whereas grain size can 
be varied. 

Even though the paper is entitled “Detection of As-Cast Austenite 
Grain Size ...”, there is the possibility someone may take it too literally 
and try to apply the method for all cases where austenite grain size is 
desired. 

As Hawkes points out (1), (2), segregation is not a safe guide to 
grain size, and it is easily seen why this is so. Dendrites with segregated 
alloy at edges may form a partial enclosure of one of the branches and 
appear to be a “grain”. 

Written Discussion: By M. F. Hawkes, assistant professor of metal- 
lurgical engineering, Carnegie Institute of Technology, Pittsburgh. 

This paper is supposed to illustrate as-cast grain boundary outlines 
in two heat treated cast steels. It is most regrettable that no proof is 
offered that such are being shown; also that no as-cast structures are 
shown so that the method can be checked against the only existing method 
for measuring as-cast grain size accurately (i.e., natural ferrite outlining 
in the as-cast structure). 

Segregation of alloying elements during freezing is much more pro- 
nounced with respect to dendrite core and inter-arm areas than it is with 
respect to centers and boundaries of entire grains; hence, since this paper 
illustrates outlines which are about ten times smaller than common as- 
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Fig. A—As-Cast Microstructure of NE9430 Cast Steel. 
Segregation outlines dendrite arm cross sections, ferrite out- 
lines austenite grain boundaries. Nital etch. % 25 


Fig. B—As-Cast Microstructure of NE8730 Cast Steel. 


Similar to Fig. A except dendritic pattern of the segregate 
is more obvious. 





cast austenite grains, but of the same order of magnitude as common 
dendrite arms, the reader familiar with cast steels is left with no alter- 
native but to conclude that outlines of cross sections of dendrite arms 
are being illustrated in this paper instead of as-cast austenite grain 
boundaries. 

Both as-cast grains and such cross sections of dendrite arms are 
shown together in Fig. A which is a cast steel etched in nital and photo- 
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graphed at X25. If ferrite precipitates in this manner,\the as-cast grains 
always have this same appearance, whereas dendritic segregation takes 
on many aspects. Fig. B illustrates such segregation in a manner some- 
what more self-evident because the dendrites were finer. 

Notice the large size typical of the as-cast austenite grains in cast 
steel; this size bears no relation to the dendrite arm size. 

Written, Discussion: By Charles W. Briggs, technical and research 
director, Steel Founders’ Society of America, Cleveland. 

It is most unfortunate that the paper by Mr. Loria has been pre- 
sented as there is a tendency that it will confuse considerably steel casting 
metallurgists and others who are interested in microstructures and 
austenite grain size of cast steels. These individuals should guard against 
the sweeping statements that the author has made for the following 
reasons: 

1. Austenite grain size in as-cast steel is large and cannot be indi- 
cated in photomicrographs at 100 magnifications. 

2. No proof is given by the author that the etching pattern he has 
developed is the as-cast austenite grain size. 

3. The etching technique being used is undoubtedly developing den- 
dritic segregation rather than as-cast austenite grain size. 

The reader is again referred to references 1 and 2 of the paper for 
information on as-cast grain size. Also, it is suggested that the reader be 
on the lookout for further-information on as-cast structures and austenite 
grain size which information will be published in the near future by Dr. 
M. F. Hawkes. 

Written Discussion: By G. A. Lillieqvist, research director, and J. D. 
Wozny, research metallurgist, American Steel Foundriéds, East Chicago, 
Ind. 

Mr. Loria’s paper is very well written and interesting to read. How- 
ever, we do not believe that the pattern of segregation as revealed by 
etching after heat treatment reveals the original as-cast grain size as the 
as-cast grain size is much larger than what is shown by the outline of 
darker etching intercell network. To satisfy our curiosity we made two 
induction furnace heats of the following analyses: 


Heat Deoxidation 
No. Cc Mn Si P S Mo per ton 
5055 0.24 1.35 0.49 0.014 0.030 0.40 3 Ibs. Al 
5056 0.25 1.33 0.48 0.015 0.030 0.41 3 Ibs. Al 


Each heat was poured into a sand mold to produce a keel test bar 
block with two runners approximately 15 inches long and 2 inches square. 
The block from Heat No. 5055 was shaken out at 1650 °F (900 °C) (2 hours 
and 41 minutes after pouring). The latter temperature was determined 
with a platinum platinum-rhodium theormocouple inserted midway into 
the 2-inch runner. The block from Heat No. 5056 was shaken out at 
room temperature 24 hours after pouring. Runners were removed from 
the blocks by burning with an oxyacetylene torch. 

Specimens were removed from the “as-cast” runners and examined 
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a C—As-Cast Structure of Heat No. 5056 Which 
Was Shaken Out at Room Temperature. Nital etch. x 100. 


Fig. D—As-Cast Structure of Heat No. 5055 Which 
Was Shaken Out at 1650 °F. Nital etch. x 100 


Fig. E—Heat No. 5056 (Heat Treatment: 1700 °F for 
8 Hours and Air-Cooled). Vilella etch. xX 100. 


. 
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microscopically. Figs. C and D show the junction of three as-cast grains 
as outlined by a network of ferrite. 

Additional specimens then received a normalizing treatment of 
1700 °F (925°C) for 8 hours. The structure as revealed by etching with 
Vilella’s reagent is shown in Fig. E. The outlines as formed by the darker 
etching constituent do not correspond at all with the much larger as-cast 
grain size as|shown in Figs. C and D. The presence of the darker etch- 
ing constituent is probably due to some dendritic segregation. Hardness 
readings taken in the dark and lighter areas with the microhardness tester 
showed a hardness of 240 BHN in the dark areas and 219 BHN in the 
lighter areas. 


Author’s Reply 


Before replying to this most engaging discussion, the author wishes 
to state again the purpose of the paper. It was an attempt to show that 
evidence of the initial austenite grain size in cast alloy steels can be 
obtained providing the solidification pattern or segregation of alloying 
elements in the intercell or intergranular areas still exists. There being 
no method of locating the as-cast grain pattern in cast alloy steels which 
do not develop ferrite outlining, one had to be developed. The method 
under discussion, of course, cannot be applied literally to all cases where 
austenite grain size is desired. A delineation of the solidification crystals 
in such steels which develop the distribution pattern of the segregated 
alloying elements is obtained but the pattern may not follow all of the 
austenite grain boundaries, some of which might have formed before the 
segregated network had fully solidified. It was thought and hoped that 
it would be rigorously questioned in order that fallacies would be exposed 
and corrections made. Reawakened interest in this important topic can 
lead only to a better understanding of crystallization above and within 
the austenite range. 

The fundamental question raised by the discussers is: Does the net- 
work always represent the as-cast austenite grain size or could it be just 
the outline of the interdendritic segregation developed during selective 
freezing? The author based his interpretation that the former was being 
depicted on the basis of the following facts: 

1. None of the five steels developed ferrite outlining when examined 
in the as-cast state. 

2. Small sections which solidify quickly seldom show a dendritic 
structure on etching because of insufficient time for dendritic segregation. 
The structure was observed all over the test bar, there being no gradient 
quench effect. 

3. Its appearance certainly differs from the published photographs 
of the branching tree-like forms we call dendrites which characterize the 
solid crystals forming from the liquid steel. 

4. Very recent contributions by Wilks, Avery and Cook (5) and 
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Colombier* identified the network pattern in different steels as the as-cast 
austenite grain. 

Wilks, Avery and Cook believe “the cells to be synonymous with the 
austenite grain formed upon solidification while the intercell areas refer 
to the contiguous cell surfaces and closely adjacent material where maxi- 
mum segregation is found.” Colombier studied a steel which was subject 
to temper brittleness (intergranular fracture) when quenched from 1250 °F 
(669 °C), tempered at 600°F (306°C) and quickly cooled. After this 
treatment the steel was quenched normally from 850°F (464°C), tem- 
pered at 600 °F (306°C) and quickly cooled. The fracture then appeared 
to be fibrous. -However, when the steel was treated to obtain temper 
brittleness (at 500°F) the fracture was again intergranular. Assuming 
that at the intergranular interface of austenite grains there is a lowering 
of interfacial tension with increase in cencentration in accordance with 
Gibbs’ rule, Colombier observed that in addition to a martensitic or bainitic 
structure, there is a network structure derived from the original austenitic 
grains. This second structure, very pronounced in alloy steels containing 
chromium and nickel, accounted for the temper brittleness and the above- 
named observations. 

When steel solidifies, the first phase to be deposited from the melt 
(irrespective of delta ferrite) is austenite. This austenite, a solid solution 
of carbon in gamma iron, crystallizes from the melt in the form of den- 
drites. The lengths of these dendrites, for a given wall thickness and 
composition, vary with the pouring temperature—the higher the pouring 
temperature the longer the individual dendrite lengths. Under the influ- 
ence of sharp temperature gradients the dendrites are disposed in a 
columnar pattern and with no marked temperature gradients they are 
equiaxed. Furthermore, dendrite formation increases in number and size 
as the range of solidification is lengthened, and alioy additions such as 
molybdenum, chromium, and nickel provide an additional increase by 
changing the shape of the solidus. 

When cast steel cools from the solidus the austenite grains form with 
a somewhat spheroidal crystallization front. The fact that austenite 
crystallization proceeds in such a manner influences the resulting pattern. 
All the grains are allotriomorphic, taking shape as a result of contact with 
neighboring grain and the availability of space between the primary 
dendrites. The size and shape of the grain may depend to a large extent 
upon the free space between dendrites. In cooling through the austenite 
range, the dendrites gradually break up into austenite grains and the 
growth of the latter supposedly ‘results in the disappearance of the den- 
drite as a crystalline unit. However, very little diffusion of such elements 
as manganese, chromium and molybdenum is effected in the solid state 
due to the slow rates of diffusion of these elements in gamma iron and 
an outline of the solidification pattern persists even on subsequent heat 
treatment. 


999 asi Colombier, “‘A Double Structure in Steel,’ Comptes Rendus, Vol. 223, 1946, p. 
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The size and shape of the primary austenite grain depends on the 
cooling condition, the velocity of crystallization, and the content of alloy- 
ing elements. Of interest are the results of Kyczinski and Glatman* who 
determined the influence of the cooling velocity upon the size of the as- 
cast austenite grains in 0.41% C, 0.65% Mn, 0.28% Si steel. Different 
cooling rates were obtained by casting the 2.55 by 11-inch round bars in 
water-cooled copper, cast iron and preheated loam-type molds. The 
austenite crystals considered were “the solidification (dendritic) crystals 
which form in the course of the solidification in the liquidus-solidus zone 
and the primary austenite crystals.” The respective diameters of these 
two classes of grain were measured after separate etching with Ober- 
hoffer’s reagent and alcoholic solution of picric acid. Unfortunately, no 
micrographs were presented in the paper so that it cannot be known if 
the as-cast austenite was revealed by ferrite outlining. However, it is 
significant that the diameter of the solidification crystals was always 
greater than the diameter of the primary austenite under any of the 
imposed cooling conditions (being of the order of 0.15 to 0.03 millimeters, 
0.16 to 0.1 millimeters, and 0.12 to 0.07 millimeters for three different rates 
of cooling). Also these investigators assume the existence of two curves 
and two zones in the crystallization of metals: a Zone I of increasing 
cooling and a Zone II in which nuclei form, shown schematically in Fig. F. 

The author agrees with Mr. -Meinhart that the transformation on 
cooling in steel A was not.split in the sense that it occurred at any one 
temperature level but rather that it occurred over a temperature range 
owing to the segregation of carbon and alloy content. Messrs. Hohn and 
Hawkes believe that the segregation shown by the author occurs at the 
boundaries of the original dendrites, whereas Mr. Meinhart believes that 
“the intercell network is the last part of the melt to solidify and richer 
in carbon and alloying elements, as well as segregated nonmetallic inclu- 
sions”. There is no doubt that the first crystals to freeze form the 
skeletons of dendrites and are low in concentration of alloying elements. 
As freezing progresses with continually decreasing temperature the metal 
freezing on the original skeletons becomes more and more rich in alloying 
elements, until the last metal to freeze at the interstices of the dendrites 
contains the richest concentration of these elements. The retained 
austenite in the intercell areas of the steels examined by Wilks, Avery 
and Cook is a case in point, the retained austenite being sluggish to trans- 
form because of the segregation of austenite stabilizing elements therein. 
In steels which do not develop ferrite outlining, the network pattern may 
provide an indication of where the primary austenite forms, since the 
spaces between dendrite arms serve as areas of nucleation of the as-cast 
austenite grains. With low pouring temperatures and short equiaxed 
dendrites, the space between primary dendrites is small and hence small, 
imperfect spheroids are generated, whereas with high pouring tempera- 
tures and long dendrites, large series of somewhat similarly oriented grains 


8T. Kuczinski and J. Glatman, “Grain Size in Steel and Conditions of Solidification,” 
Prace Badawcze Huty Baildon, Vol. 3, 1938, p. 1-15. 
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originate. This representation of grain size can only be observed spatially 
and is not revealed in a two-dimensional micrograph. 

There is much to be ggined from Dr. Hawkes’ lucid interpretation of 
the problem and the author believes that his micrographs are the first 
published which show both ferrite outlining and dendritic structure. 
Heretofore, it has not been possible to etch a sample of as-cast steel so 
that both the austenite grain size and the dendritic structure would be 
seen at the same time. Eilander* has pointed out significantly the impor- 
tance of controlling primary (dendritic) segregation in cast alloy -steel 
since a number of properties are not so much a function of the as-cast 
grain size as of the extent of the dendritic segregation. Susceptibility to 
flaking and temper brittleness, wear resistance, and fatigue strength are 
only some of these properties. 

Mr. Marcotte has raised some pertinent questions regarding the effect 
of homogenization on the shape of the TTT-diagram. From non- 
homogeneous austenite only structures showing a distribution of con- 
stituents according to the primary structure may be obtained, even by 
rapid cooling. The first requirement for securing a microstructure in 
which the arrangement of the constituents differs from that in the as-cast 
state is the production of a homogeneous austenite. When a steel is 
incompletely austenitized because of low temperature or insufficient time 
at temperature, high alloy austenite islands may be present in a matrix 
of ferrite and large spheroidized carbides. Also, the rate of austenitizing 
and the rate of homogenization in steel before quenching is different in 
each steel and is a variable which will affect subsequent heat treatment. 
In turn, the rate at which steel austenitizes depends on the prior struc- 
ture. Austenitizing at a temperature that is somewhat lower than is 
normally used for plain carbon steel might have an effect, though it may 
be relatively minor in character. On the other hand, alloy steels are much 
more sensitive to austenite heterogeneity since the undissolved alloy car- 
bides deplete the austenite of the alloy it might have held in solution so 
that the steel really contains a lower alloy content than the over-all chem- 
ical analysis indicates. This discussion shows that discerning the effect 
of homogenization is complicated by the several basic variables. 

Segregation in cast steel has an analogy in austenitizing. Segregated 
austenite, particularly as to alloy content, affects nucleation and growth 
ot pearlite. The degree of this condition may vary from location to 
location within the casting. Thus, the TTT-diagram relative to one par- 
ticular area will be different from the TTT-diagram for another area so 
that the net result in a segregated steel is a composite of several TTT- 
curves. As seen in ‘the schematic isothermal reaction curve in Fig. G, 
segregation results in a spreading of the curve over a longer time interval 
displacing the beginning of the reaction to shorter times and the end of 
the reaction to longer times. It is apparent that there is a significant 
difference in the results for the homogenized steel as compared to the 


‘Eilander, Discussion of E. Houdremont and H. Schrader, “The Grain Size Problem 
of Steel,” Stahl und Eisen, Vol. 57, 1937, p. 300-302. 
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companion sample of segregated steel. Homogenization lowers the nuclea- 
tion of pearlite during the initial stages of transformation, which means 
that pearlite must have formed at appreciably higher temperature in those 
areas which were negatively segregated; on the other hand, more austenite 
persists at a lower temperature in positively segregated areas. Homo- 
genization, by, removing segregation, therefore retards the start and 
hastens the end of transformation at the higher temperature levels of the 
TTT-diagram. Inhomogeneities increase the rate of reaction to pearlite 
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Fig. F—Schematic Diagram of Cooling Zones of Molten Metals. After Kuczinski 
and Glatman.® 


Fig. G—Schematic Isothermal Reaction Curves Showing Effect.of Inhomogeneity 
in Austenite on Rate of Austenite-Pearlite Reaction. 


by increasing the rate of nucleation N, for the rate of growth G is un- 
changed according to measurements by Hull,® limited to plain carbon 
eutectoid steel. He showed that G for pearlite was structurally insensitive 
to austenite heterogeneity, whereas there was significant variation in N. 
However, alloying, elements may affect G and their effect has been studied 
only in a few cases. For example, increasing amounts of manganese de- 
crease the G of pearlite, while cobalt increases the rate of reaction of 
austenite to pearlite by increasing both N and G to effectively the same 
degree. Mr. Marcotte’s question pertaining to the displacement of the 
TTT-diagram with homogenizing treatment can only be answered quan- 
titatively with respect to the rate of formation of pearlite since actual 
data are lacking otherwise. Austenite heterogeneity induces its greatest 
effect on the shape of the TTT-diagram at temperatures just below Aci. 
Even in the more homogeneous steels, pearlite formed at high tempera- 
tures always contains a little spheroidite, the amount of which decreases 
at lower transformation temperatures. In heterogeneous steel, there is 
a fearful amount of spheroidite, a degenerate pearlite, the amount of 
which also decreases as one goes down to the knee of the 0% curve of 
the TTT-diagram. 


5F. C. Hull, R. A. Colton and R. F. Mehl, “‘Rate of Nucleation and Rate of Growth 


of Pearlite,’’ Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 
150, 1942, p. 185-210. - 
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The observation that the amount of martensite formed on quenching 
at any particular temperature is influenced by segregation is evidence that 
martensite formation is dependent upon austenite composition, since it is 
undoubtedly true that in segregated steel the composition of the heteroge- 
neous austenite is not identical from point to point, being of a mixed 
composition owing to the variation in carbon and alloying elements. It is 
apparent that there is a significant difference in the results for homo- 
genized steel as compared to a companion sample of segregated steel. 
Homogenization lowers M,, which means that in segregated steel mar- 
tensite forms at appreciably higher temperature in those areas which are 
negatively segregated; on the other hand, more austenite persists at a 
lower temperature in positively segregated areas. Homogenization, by 
removing segregation, therefore lowers M, and raises the temperature for 
99% martensite, a result which is to be expected if austenite composition 
determines the temperature range of martensite formation. 

The author wishes to thank all the discussers for their comments. 
It is inevitable that in such a complex subject differences of opinion will 
arise over the interpretation of observations and over the value of a the- 
ory that leaves many data unexplained. The uninhibited discussions of 
this paper, however, will lead to a lessening of these differences. 





THE DIMENSIONAL STABILITY OF STEEL 
PART II—FURTHER EXPERIMENTS ON 
SUBATMOSPHERIC TRANSFORMATIONS 


By S: G. Fiercuer, B. L. AversAcH AND M. CoHEN 


Abstract 


The transformation of retained austenite by subzero 
cooling has been investigated in three typical tool steels, 
and the stabilization of this austenite toward subzero 
transformation has been studied as a function of austeni- 
tizing and tempering treatments. It has been shown that 
if the amount of retained austenite is low, virtually all of 
it can be transformed by immediate refrigeration after 
quenching. However, if the amount of retained austenite 
is high, only a fraction of it can be transformed by refrig- 
eration. Almost complete stabilization in either case may 
be obtained by tempering prior to subcooling. 

Activation energies have been obtained for the effect 
of tempering on the contraction of martensite and on the 
stabilization of austenite, and these energies are suffi- 
ciently different to suggest that stabilization is not con- 
trolled by the martensite contraction. 


HE dimensional stability of steels, particularly gage and tool 

steels, has been discussed to a considerable extent in the trade 
literature [for example, see reference (1)].1_ These discussions have 
usually been qualitative in that little attempt has been made to cor- 
relate the metallographic structure of the steel with its dimensional 
characteristics, and considerations of growth or contraction have 
been usually based on the adequacy or inadequacy of a traditional 
seasoning treatment. In the present series of investigations, an 
attempt has been made first to study the fundamental transformations 
which determine the quantity and condition of the metastable con- 
stituents in hardened steels, and then to study for each of these con- 





This paper is from a study sponsored by The Sheffield Foundation of Dayton, Ohio. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-ninuth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, S. G. Fletcher 
is chief metallurgist, Latrobe Electric Steel Co., Latrobe, Pa., and B. L. 
Averbach and M. Cohen are associated with the Department of Metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. Manuscript received 
June 21, 1947. 
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stituents the reactions which cause a change in volume. Warpage 
effects were not investigated, and stress relief phenomena were in- 
cluded only to the extent that they might affect the Peeeres of 
the transformations. 

Part I of this series (2) was also concerned with the subatmos- 
pheric transformations of retained austenite. In that study the 
amount of retained austenite was determined as a function of_the 
hardening temperature for a number of gage and tool steels by X-ray 
methods (3). On cooling to liquid nitrogen temperatures, —321 °F 
(—195 °C), the progress of transformation of this retained austenite 
to martensite was followed by means of a dilatometer, and from the 
combined data it was possible to construct charts which showed the 
amount of transformation taking place on refrigeration a& a function 
of the subcooling temperatures and of the holding time at room 
temperature prior to subcooling. 

In general, the results indicated that the percentage of retained 
austenite increases as the austenitizing temperature is raised, and 
depends markedly on the alloy content of the austenite. For normal 
hardening temperatures, however, where the retained austenite for 
these steels may be 2 to 10%, the amount of austenite which trans- 
forms on subcooling decreases rapidly as the holding time at room 
temperature prior to cooling is extended. This phenomenon is called 
stabilization of the retained austenite, since it effectively produces 
an austenite at room temperature which resists transformation to 
martensite on further cooling, but which can be transformed isother- 
mally by reaction at tempering temperatures near 400 to 600 °F (205 
to 315 °C). 

The present paper describes the influence of austenitizing tem- 
perature on stabilization and on the subcooling transformation. In 
addition, the effect of tempering temperature and time on stabiliza- 
tion has been investigated, and a heat of activation for this process 
has been determined. The relation between the tempering and mar- 
tensite contraction has been similarly determined. To simplify the 
discussion, attention has been focused on only two steels, a chromium 
ball-bearing type (Steel J) and a plain carbon aluminum-killed tool 
steel (Steel K). Some transformation data for a tungsten die steel 
(Steel G) have also been included for comparison. The composi- 
tions of these steels are listed in Table I. 

In Part III, which follows immediately, the dimensional stability 
of these steels is considered as such. There, the changes in length 
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which take place after various heat treatments are measured as the 
steels age at roont temperature, and it is this aspect of the problem 
which is of most direct interest in the manufacture of precision tools 
and gages. 


Analyses of Steels 


Steel Type c Si Mn S P Cr V W Mo 
K Carbon, Al- 1.07 0.23 0.25 0.014 0.011 Fea 
deoxidized 
J Ball-bearing 1.04 0.34 0.35 0.012 0.014 1.54 0.20 oo Kae 
G Tungsten die 1.24 0.39 0.33 0.007 9.022 0.76 0.20 1.50 0.22 








BALL-BEARING STEEL 


Effect of Hardening Treatment on Retained Austenite—The 
retained austenite contents of the hardened steels were obtained by 
a modification (2) of the X-ray method of Gardner, Antia and Cohen 
(3). These determinations were made on specimens (3 inch in 
diameter by ™%4 inch long) which were austenitized at a series of 
temperatures from 1450 to 2200+ 5°F (790 to 1205+ 3°C) for 
30 minutes. Below 1600°F (870°C), the austenitizing was per- 
formed in a lead pot, and above, in a muffle furnace under a carbona- 
ceous atmosphere to prevent decarburization. The steels were all 
austenitized from the as-received spheroidized condition. 

In principle, the X-ray determination compared photometrically 
the densities of two lines in a diffraction pattern. One line was the 
reference produced by a constant thickness of aluminum placed to 
intercept the incident beam (unfiltered chromium radiation), while 
the second was the (111) line of the austenite. In order to separate 
the (111) austenite line from the (110-101) martensite doublet it 
was necessary to temper the specimens for 30 minutes at 300 °F 
(150°C), and the assumption was made that this treatment had a 
negligible effect on the amount of retained austenite. Originally, a 
tempering temperature of 350°F (175 °C) was used, but was found 
to decompose a small part of the austenite. To prepare the surface 
for irradiation, the specimens ‘were given a standard metallographic 
polish followed by a rather deep etch with 3% nital. A Phrag- 
men camera was used to take advantage of the focusing principle. 

Fig. 1 indicates the effect of austenitizing temperature on the 
percentage of retained austenite in the ball-bearing steel after both 
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o:l and water quenching. In both cases the amount of untransformed 
austenite increases with rising hardening temperature until a maxi- 
mum is reached. The maximum corresponds roughly to the tempera- 
ture of complete solution of carbides and marked grain-size coarsen- 
ing (4). 

This steel has sufficient hardenability so that the metal- 
lographic constituents for all these treatments are martensite, re- 


J Steel (1.0C, 1.5Cr, 0.20 V) 


25 @ Oil Quench a 


© Water Quench 


% Retained Austenite 
or 





1400 1600 1ig00 2000 2200 
Austenitizing Temperature °F (30 Min.) 
Fig. 1—Effect of Austenitizing Temperature and Pao 


Medium on Amount of Retained Austenite in Steel tae <. 
1.5 Cr, 0.20 V). 


tained austenite, and for the lower austenitizing temperatures, excess 
carbides. The hardness values shown in Table II pass through a 
maximum at approximately 1550°F (845°C). The initial rise in 
hardness is due to the increasing carbon content of the martensite, 
but this trend is, later offset by the softening effect of the increasing 
quantities of retained austenite. No generalization seems possible 
from these data with respect to the differences between oil and 
water quenching on the amount of austenite retained. It can be said, 
however, that at low hardening temperatures, under 1550 °F 
(845°C), there is more austenite in the more slowly cooled 
specimens. 

Subatmospheric Transformation of Retained Austenite—The 
dilatometric analysis used for these investigations has been described 
in Part I (2), and the same procedure was applied here. Dilatom- 
eter specimens, % inch in diameter by 4 inches long, were heat treated 
in a manher similar to that for the X-ray specimens, and from the 
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relative changes in length it was possible to obtain the total amount 
of austenite transformed on subcooling as well as the fractional 
amounts of transformation on cooling to various temperatures. Then, 


— —~ — 


Table Il 


Effect of Hardening Treatment on Amount of Retained Austenite, 
Hardness, and Fracture Grain Size 














Steel J—Ball-bearing Type—(1.0 C, 1.5 Cr, 0.20 V) 


Austenitizing Quenching % Retained Hardness Fracture 
Temperature, °F Medium Austenite ~Rockwell C Grain Size 
1450 oil 3.0 62.0 9% 
water <2.0 64.3 9 
1550 oil 3.4 65.6 - 9% 
water < 2.0* 66.4 9y% 
1700 oil 13 65.3 * 9 
water 13 64.6 8y% 
1800 oil 18 all <u 
1850 oil 24 61.7. 4% 
water 21 62.4 4 
1900 oil 24 + oe wes 
2000 oil 22 60.5 “ 2% 
water 24 61.6 2% 





*But more than in 1450 °F, water specimen 

















knowing (from X-ray determinations) the amount of austenite 
originally present in the as-quenched specimen, and measuring (dila- 
tometrically ) how much.was decomposed by cooling to each tempera- 
ture, after waiting for different periods at room temperature, sub- 
atmospheric transformation charts could be constructed. 

Figs. 2 and 3 show the stabilizing effect of a delay at room 
temperature on the retained austenite transformation during subcool- 
ing for Steel J, water-quenched from 1450°F (790°C) and oil- 
quenched from 1550 °F (845°C). These two quenching procedures 
were used for this material because they are both common in indus- 
trial practice, although the latter is preferred for higher hardness. 
With the lower hardening temperature, very little austenite, at. least 
less than 2%, is retained. Oil quenching from the higher temperature 
allows 3.4% austenite to remain. In both cases, therefore, the amount 
of austenite in the quenched structure is quite low. As is demon- 
strated in Part III, this is one of the reasons for the well-known 
dimensional stability of this type of steel. Such low figures for the 
retained austenite are undoubtedly the result of less carbon in solu- 
tion than in the case of the plain carbon steel, which, as will be shown 
later, retains more austenite under similar quenching conditions. 
. Chromium and vanadium are both quite effective in tying up carbon 
and thus keeping it out of solution at normal austenitizing tempera- 
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utenite Transformed 


% Residual Aystenite 


‘5 0.7 (10C,1.5Cr, 0.20 V) 
e 1450 °F - Water Quench 
20.8 0.85% Retcined 
Austenite 





0.l 05 | 5 10 50 
Hours at Room Temperature Prior to Sub-cooling 


Water-Quenched From 1450°F (790°C), Showing the Fraction 
of the Retained Austenite That Transforms and the Amount Left 
After Room Temperature Aging and Subcooling to the Indicated 
Temperatures. 


er 2—Subatmospheric Transformation Chart for Steel J, 


tures. At 1850°F (1010°C), however, all of the chromium and 
vanadium dissolve in the austenite, and the resultant structure con- 
tains about 24% retained austenite, as compared to only half this 
amount for the plain carbon steel. 

With respect to the decomposition of retained austenite by sub- 
cooling, the behavior of the ball-bearing steel is quite normal. A\l- 
though no austenite is detectable by X-rays after the 1450° F 
(790 °C) quench, a definite over-all expansion, which can only be 
attributed to the decomposition of austenite, is observed in the much 
more sensitive dilatometric experiments. This expansion decreases 
with aging at room temperature prior to subcooling, a behavior which 
is also consistent with the assumption that some austenite is present. 
Using a figure of 140 x 10° in/in, for the relative linear expansion 
of 1% of austenite when it transforms to martensite,’ it turns out that 
a transformation of about 0.85% austenite is necessary to account 





2The decomposition of 1% austenite to martensite referred to room temperature causes 


a relative change in volume, > = 420 X 10~ in*/in® which corresponds to a relative 
a 
change in length, = 140 X 10 in/in. The figure for the volume change can be 


obtained from specific volume data or from the lattice parameters of austenite and mar- 
tensite of this composition (5). 
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0.1 0.5 | 5 10 50 
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Fig. 3—Subatmospheric Transformation Chart for Steel J, 
Oil-Quenched From 1550°F (845°C), Showing the Fraction of 
the Retained Austenite That Transforms and the Amount Left 
After Room Temperature Aging and Subcooling to the Indicated 
Temperatures. 


for the expansion observed in the dilatometer run made immediately 
after quenching. In this type of steel, prompt subcooling results in 
complete decomposition of the retained austenite, and therefore it is 
assumed that 0.85% was present in the as-hardened steel. Fig. 2 is 
based on this value. However, in Fig. 3 for a 1550 °F oil quench, 
the 3.4% value was obtained independently by both X-ray and dila- 
tometric measurements, and thus justifies the previous procedure as 
well as the factor used for converting the dilatometric expansions to 
percentages of austenite decomposed by subcooling. 

For both hardening temperatures, the subzero transformations 
continue until either the austenite is all consumed, or the M,; tem- 
perature® is reached. Transformation seems to set in at somewhat 
higher M’, temperatures,* for a given aging time at room tempera- 
ture, in the specimens quenched from 1550°F (845°C), and the 





3Mr¢ is the- temperature at which the austenite-martensite reaction ceases. The trans- 
formation may not be complete at Mr. 


4M’s is the temperature at which the retained austenite starts to transform on cooling. 
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stabilizing effect of room temperature aging is not quite so pro- 
nounced as in the 1450 °F (790 °C) specimens. For example, in the 
steel quenched from the higher temperature, 0.4 of the retained aus- 
tenite is convertible by refrigeration after 10 hours of room tempera- 
ture aging, compared to 0.3 in the steel quenched from the lower 
temperature. 

Effects of Austenitizing Temperature and Tempering on Stabili- 
zation—The effect of austenitizing temperature on the stabilization 


J Steel (1.0C, 1.5Cr, 0.20V) 
o Aged at 68°F Prior to Sub-cooling 
© Aged at 200°F Prior to Sub-cooling 
1850°F (Oil-Quenched ) 


1450°F (Water- 
~~ ~G  Quenched) 





% Austenite Transformed on Sub cooling 


0.1! | Te) 100 
Time - Hours 


Fig. 4—Effect of Room Temperature Aging on the Extent of Austenite Trans- 
formation Resulting From Subcooling to -—321°F (—195°C), for Steel J 
(1.0 C, 1.5 Cr, 0.20 V) Austenitized as Shown. 


of retained austenite in the ball-bearing steel is shown in Fig. 4, 
where the percentage of retained austenite transformed on subcooling 
to —321 °F (—195 °C) is plotted as a function of the aging time at 
room temperature prior to subcooling. As the percentage of retained 
austenite in the oil-quenched steels is increased by raising the aus- 
tenitizing temperature, there is less stabilization due to aging at 
room temperature. It should be noted, however, that with increas- 
ing carbon and alloy content of the austenite, less and less austenite 
can be converted by refrigeration. Table III shows how the fraction 
of the retained austenite susceptible to subzero transformation drops 
steadily from 100% for the 1550°F (845°C) specimen to 67% 
for the 1850 °F (1010°C) specimen. At the higher austenitizing 
temperatures, this behavior approaches that of high speed steel, in 
which only about 60% of the retained austenite can be transformed 
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Table Ill 


Effect of Austenitizing Temperature on Susceptibility of Retained Austenite 
to Subcooling Transformation 


Steel J—Ball-bearing Type—(1.0 C, 1.5 Cr, 6.20 V) 
Austenite 


Total Transformed on Sub- Fraction of _ 
Retained cooling (—321 °F) Retained Austenite 
Austenitizing Austenite Immediately After Susceptible to Sub- 
Treatment (Per Cent) Quench (Per Cent) cooling Transformation 

1450 °F—water quench 0.85* 0.85* 1.00 
1550 °F—oil quench sa 3.4* 1.00 
1650 °F—oil quench 8.0** 6.7* 0.84 
1750 °F—oil quench is 123” 0.69 
1850 °F—oil quench 24** 16* 0.67 





*Measured Y dilatometer 
**Measured by X-rays 





on subcooling (6). There is, accordingly, a large stabilization effect 
inherent in these overhardened steels in the sense that a substantial 
part of the available retained austenite cannot be transformed by 
further cooling. In these cases, prolonged aging at room tempera- 
tures has little further influence on stabilization. 

Tempering at elevated temperatures has a marked effect on 
stabilization. In Fig. 4 the amount of retained-austenite which trans- 
forms on subcooling is shown as a function of the tempering time 
at 200°F (95°C) prior to the refrigeration. These samples were 
quenched from 1650°F (900°C) and a comparison with the cor- 
responding aging at 68 °F (20°C) suggests that the higher tempera- 
ture is about twice as effective in promoting stabilization. Here 
again, the phenomenon seems to be relatively insensitive to time. 

The interrelated effects of tempering temperature and austenitiz- 
ing temperature on stabilization are indicated in Fig. 5. After high 
austenitizing treatments, tempering temperatures of 400 to 500 °F 
(205 to 260 °C) are necessary to cause complete stabilization, while 
after the lower austenitizing treatments 300 °F (150 °C) is sufficient. 
All specimens for Fig. 5 were tempered for 1 hour at the indicated 
temperatures prior to subcooling. It will be shown in Part III that 
some retained austenite actually decomposes during each of these 
tempering treatments but the amounts are very small until the range 
of 350 to 400 °F (175 to 205 °C) is reached. 

Activation Energies for Austenite Stabilization and Martensite 
Tempering—One of the important changes that occur during the 
stabilization of the retained austenite is the decomposition of the 
co-existing tetragonal martensite (7). This decomposition is accom- 
panied by a pronounced contraction which is not only significant 
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from the standpoint of dimensional stability but may conceivably 
have a bearing on the stabilization phenomenon itself. To shed 
some light on the latter possibility, a series of experiments was 
devised to correlate the temperature dependence of the rate of mar- 
tensite contraction and of austenite stabilization. In other words, 
the activation energies for both processes were determined. Hollo- 






20 
Effect at Tempering on Stabilization 


J Steel (1,06, 1.5 Cr, 0.20 V) 


Austenitized at Indicated 
Temperature for 30 Min. 


ee 
aC 


Tempering Temperature °F (1 Hr.) 









% Austenite Transformed on Sub-cooling 





Fig. 5—Effect of Tempering on the Extent of 
Austenite Transformation Resulting from Subcooling 
to —321°F (—195°C), for Steel J (1.0 C, 1.5 
Cr, 0.20 V) Austenitized as Shown. 


mon, Jaffe and Buffum (9) have recently reported similar studies in 
which they used X-ray diffraction to follow the tempering of the 
martensite, elastic after-effect measurements to determine the accom- 
panying stress relaxation, and specific volume measurements to show 
the subsequent stabilization of the austenite against transformation 
on subcooling after the tempering. Their results led to the con- 
clusion that the stabilization was not controlled by the martensite 
tempering, but probably was associated with stress relaxation. 

The technique employed here was essentially the same as that 
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adopted for the dimensional stability measurements to be presented in 
Part III, and provided a several-fold improvement in sensitivity over 
the dilatometric (2) and specific volume (5) methods used thus far. 
The specimens were 3¢ inch in diameter by 4.000 + 0.001 inches 
long, with ends ground to the contour of a 4-inch diameter sphere. 
By comparison with a precision gage-block standard, the length of 
these specimens was measured to within 5 10° inch using a Shef- 


J Steel (1.0C, 1.5Cr,0.20V-) 
1550°F Oil Quench 





Tempering Time - Hours 
Pada Ligh bomen et ioe tao Ee 
field Visual Gage comparator with a magnification of * 5000. It 
was possible, therefore, to detect the relative changes in length in 
any one specimen with an accuracy of about 1 x 10-* in/in, although 
the reproducibility from specimen to specimen caused somewhat 
greater scatter, depending on the heat treatment. 

The procedure, briefly, consisted of austenitizing specimens of 
the ball-bearing steel at 1550°F (845°C) for 30 minutes and 
quenching into oil at room temperature. These specimens were 
cleaned carefully with abrasive papers in such a manner as to pre- 
vent excessive local heating, and then placed on a large surface 
plate in a room kept at 68+ 2°F (20+1°C). One hour was 
allowed for the pieces to reach the measuring temperature, and then 
the lengths of the specimens were compared with that of the gage- 
block standard. Such specimens were then tempered for various 
lengths of time at 68, 125, 200 and 300 °F (20, 50, 95 and 150°C), 
and after tempering were again cooled to 68 °F (20°C) for a second 
length measurement. This treatment was followed by subcooling to 
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Expansion on Refrigeration after Tempering 


J Steel (1.00, 1.5 Cr, 0.20 V) 
1550°F - Oil Quench 


At x 10-6 


Time at Temperature 


Fig. 7—Relationship Between Tempering and the Subsequent Expansion That 
Results From Subcooling to —321°F (—195 °C), as Determined by Precision 
Length Measurements at Room Temperature. 


—321°F for 1 hour, and a third length measurement was made 
with the same procedure after the specimens were returned to room 
temperature.- The first contraction (difference between the first and 
second length measurements) denoted the effect of tempering and 
is shown in Fig. 6. Similarly, the expansion resulting from sub- 
cooling indicated the amount of austenite undergoing subatmospheric 
transformation, and this is plotted in Fig. 7. 

Some stabilization takes place during the first hour at room 
temperature after the quench, and hence in the present method of 
investigation, the stabilization effect of the first hour is inevitably 
added to whatever stabilization is obtained from the tempering 
treatment. However, the room-temperature stabilization is small 
compared to that resulting from the subsequent tempering. Another 
source of error comes from the fact that some austenite decomposi- 
tion, which is measurable by this sensitive method, takes place even 
on tempering at room temperature, and tends to make the measured 
shrinkage on tempering somewhat less than it should be for the 





5If a specimen is quenched from 1550 °F (845°C) and then aged at 68 °F, a smal! 
initial expansion is observed because of the isothermal decomposition of retained austenite. 
(See Fig. 2 in Part III.) To measure the activation energy for the martensite contraction 
it was necessary, therefore, to eliminate the effect of retained austenite by observin 
changes in length in a sample containing a negligibly small quantity of austenite. Such 
a sample may be obtained by subcooling the steel to —321 °F (—195 °C) immediately after 
the quench, and the contraction at 68°F in Fig. 6 was obtained from such a series of 
specimens. (This curve corresponds to the 68 °F curve in Fig. 3, Part III.) At = 


higher tempering temperatures the contraction of the martensite was so great in com —— 
with the expansion caused by the austenite decomposition that the latter could safely be 
neglected in, the determination of the activation energy. 
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martensite contraction alone. This phenomenon will be treated 
in Part III. To a first approximation, however, it can be assumed 
that the data in Fig. 6 illustrate the effect of time and temperature 
on the contraction of martensite, and that the data in Fig. 7 are 
related to the, stabilization of. the retained austenite by the various 
tempering treatments. These figures also indicate that this greater 
sensitivity in measurement is able to detect a more regular progres- 
sion of the stabilizing effect than was observable with the dilatometer. 

To obtain activation energy for effect of tempering on martensite 
contraction, we assume the following form exists : 


Ff ek iin ee ean nis shad deep k adnederiyees fines Equation 1 

y = contraction on tempering in microinches/in 
t = tempering time in hours 

T = tempering temperature, °K 

Om = activation energy for contraction of martensite in calories/mol 
A = aconstant 
R = gas constant 1.98 calories/mol 
or 





og — = ee ee na re Se ae Equation 2 
At 4.575T 
. we 1 1 ; 
If this relationship is correct, a plot of log >. vs. T should yield 


a straight line for a constant value of y. For a series of y values, a 
family of parallel straight lines should be obtained whose slope is 


ae Although the temperatures used for Fig. 6 afte spaced too 


far apart to obtain more than a few points on each line, the lines 
turn out to be reasonably straight and parallel, and yield a figure 
of 17,000 calories/mol for Q,,. Using a similar procedure® the data 
from Fig. 7 give for Q, a value of 22,500 calories/mol. 

It is difficult to say definitely, because of the incomplete data, 
whether this difference in activation energies suggests a correspond- 
ing difference in the controlling mechanism of the two procedures, 
but it is felt that the discrepancy is beyond the experimental error 
and hence it seems quite possible that the stabilization phenomenon 
proceeds more or less independently of the contraction of the mar- 
tensite. The martensite reaction is undoubiedly diffusion controlled, 
but there is no clear picture yet as to what happens to austenite 
when it is stabilized. 


*The analogous expression for the effect of tempering on austenite stabilization is 


(a- = ) oe CE he Rh eae Equation 3 
Zmax 

where z is the expansion in microinches/in due to subcooling, B is a constant, and Qa 

is the activation energy for austenite stabilization in calories/mol. Zmax is the maximum 

expansion which can occur as a result of subcooling. 
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The transformations in low alloy tool steels would be expected 
to be generally similar to those found in the ball-bearing steel. 
Stabilization phenomena might, however, be an exception since it 
has been shown (8) that chromium is especially potent in this 
respect. Transformation curves for the decomposition of retained 
austenite on subcooling a hardened plain carbon steel (Steel K) 
are shown in Figs. 8 and 9. Data from Part I indicate that there 


Transformation Starts 
ee 








pO eege 
a, Oe 
0.2 
0.3 
0.4 
0.5 
0.6 


% Residual Austenite 


0.7 
0.8 





K Steel (I. Orc, Al deox) 
00 1450°F- Water Quench 
5.8% Retained Austenite 
| 5 10 5 
Hours at Room Temperature Prior to Sub-cooling 


0.9 
1.0 


Fraction of Retained Austenite Transformed 


Fig. 8—Subatmospheric Transformation Chart for Steel K, 
Water-Quenched From 1450°F (790°C), Showi the Fraction 
of the Retained Austenite That Transforms and the Amount 
Left After Room Temperature Aging and Subcooling to the 
Indicated Temperatures. 


PLAIN CARBON AND TUNGSTEN Dike STEELS 


5.8% of retained austenite in this steel after water quenching from 
1450 °F (790 °C), and Fig. 8 demonstrates that essentially all of this 
can be transformed on subcooling if the interruption at room temper- 
ature is sufficiently short. The transformation characteristics are 
very similar to those of the ball-bearing steel. 

To study the effects of slight overhardening, specimens of Steel 
K were water-quenched from 1550°F (845°C) and analyzed dila- 
tometrically on refrigeration. While X-ray measurements in Part 
I had indicated that about 9% of retained austenite should appear 
here, the dilatometer data summarized in Fig. 9 show that at least 
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12% of retained austenite must be present to account for all of the 
expansion observed on refrigeration. The X-ray determinations 
at that time involved a prior temper for 1 hour at 350°F (175°C), 
but it was subsequently found that an appreciable decomposition of 
austenite occurs at that temperature. When the tempering treatment 
is reduced to 300 °F (150°C), somewhat higher austenite contents 


K Steel (1.07C, Al deox) Transformation 
1550 °F - Water Quench Starts 
12% Retained Austenite 


Fraction of Retained Austenite Transformed 
% Residual Austenite 





Hours at Room Temperature Prior to Sub-cooling 
Fig. 94—Subatmospheric Transformation Chart for Steel K, 
Water-Quenched From 1550 °F (845 °C), Showing the Fraction 
of the Retained Austenite That Transforms and the Amount 


Left After Room Temperature Aging and Subcooling to the 
Indicated Temperatures, 


are obtained. All of the X-ray data in this paper employed the lower 
tempering treatment. 

The transformation curves in Fig. 9 are calculated on the basis 
of 12% retained austenite and a comparison with Fig. 8 shows that 
the M’, and M,; temperatures are higher, and the transformation is 
less susceptible to stabilization by room temperature aging than in 
the 1450 °F (790°C) specimens. The entire 12% of austenite can 
be converted by subcooling if the interruption at room temperature 
is less than 15 minutes. 

In the case of the tungsten die steel (Steel G), Fig 10 shows that 
subzero cooling decomposes the retained austenite in the usual fash- 
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Fig. 10—Subatmospheric Transformation Chart for Steel G 
Oil-Quenched From 1600 °F (870°C), Showing the Fraction of 
the Retained Austenite That Transforms and the Amount Left 
After Room Temperature Aging and Subcooling to the Indicated 
Temperatures. 


ion, and that stabilization proceeds readily at room temperature prior 
to refrigeration. Data from Part I gave an X-ray value of 7% 
retained austenite for this steel on oil quenching from 1600 °F 
(870 °C) and the transformation chart for this treatment (Fig. 10) 
indicates the progress of transformation on cooling. The general 
behavior of this steel is, under these austenitizing conditions, similar 
to the others already discussed, with the transformation ceasing at 
—240 °F (—150°C) and with complete transformation of the aus- 
tenite possible if the steel is subcooled shortly after the quench. 

It is evident from this work and that of Part I that the general 
pattern of subatmospheric transformation is essentially the same for 
plain carbon and low alloy gage steels. There are of course varia- 
tions in detail due to differences in the amount and chemistry of the 
retained austenite, but the over-all similarity is evident from the data 
in Table IV. Table IV shows that the M’, points are depressed 
considerably by a 24-hour delay before subcooling but the M, points 
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Table IV 
Subzero Transformation of Retained Austenite 
: Tungsten 
Ball-Bearing Steel Plain Carbon Steel Die Steel 
1450°F 1550 °F 1450 °F 1550 °F 1600 °F 
Water Oil Water Water Oil 
Quench Quench Quench Quench Quench 
% Retained Austenite 0.85 3.4 5.9 12.0 7.0 
Aged 1 Hour at Room Temperature 
M’s point of retained austenite —15°F +50°F -—45°F +10°F +10 °F 
Temperature at which 0.5 of re- 
tained austenite is transformed —160°F —130°F -—185°F -—85°F —85 °F 
Mr —250°F —240°F —260°F -—230°F —240°F 
Fraction of retained austenite 
transformed between M’s and Mr 0.70 0.82 0.62 0.92 0.90 
Austenite remaining at Mr 0.25% 0.60% 2.2% 1.0% 0.7% 
Aged 24 Hours at Room Tempera- 
ture 
M’s point of retained austenite —115°F -—50°F —105 °F —40 °F —25 °F 
Temperature at which 0.5 of re- : 
tained austenite is transformed eee melee: cee —135 °F —225 °F 
Me —250°F —240°F —260°F -—230°F —240°F 
Fraction of retained austenite 
transformed between M’s and Mt 0.22 0.32 0.35 0.77 0.52 
Austenite remaining at Me 0.65% 2.3% 3.8% 2.8% 3.4% 





M’s—temperature at which retained austenite starts to transform on cooling. 








are unaffected by such a delay.- As indicated by the fraction of 
retained austenite transformed between M’, and M, after room tem- 
perature aging, the ball-bearing steel is considerably more suscep- 
tible to stabilization than either the plain carbon or tungsten die steel. 


CONCLUSIONS 


If the amount of retained austenite is low, or if its alloy con- 
tent is not too high, it is possible to transform essentially all of the 
austenite by subzero cooling when the cooling is carried out shortly 
after the quench. Aging at room temperature, before the cooling, can 
stabilize such austenite. The aging lowers the temperature at which 
the subcooling transformation starts (M’,), but has no influence on 
the temperature of cessation (M,). 

If the amount of retained austenite is high, or if its alloy con- 
tent is high, only a fraction of the total retained austenite is trans- 
formed by subcooling, but additional stabilization by aging at room 
temperature does not occur readily. Stabilization does set in rapidly, 
however, on tempering prior to refrigeration. Complete stabilization 
by tempering can be attained, but the required temperature is higher, 
the higher the austenitizing temperature. 

The activation energies for the effect of tempering on the con- 
traction of martensite and on the stabilization of austenite are 17,000 
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and 22,500 calories/mol respectively. These values seem to be dif- 
ferent enough to indicate that the tempering of the martensite does 
not control the stabilization of the co-existing austenite. 
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DISCUSSION 


Written Discussion: By Frederick C. Victory, chief engineer, Moore 
Special Tool Co., Bridgeport, Conn. 

The authors of this paper have unquestionably made a significant 
contribution to the study of dimensional stability of steel. The obvious 
care with which this paper has been prepared and the unassailable experi- 
mental evidence which has been presented to support the conclusions pre- 
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sented will be of inestimable value to design engineers confronted with 
problems involving dimensional stability of steel. 

There are, however, a few points which might be clarified, particularly 
in view of the general lack of published work on the subject, and the 
wide publicity accorded certain misleading or partially unsubstantiated 
theories on stabilization. 


At several points reference is made to stabilization of retained 
austenite against subzero transformation by holding at room temperature. 
It would be interesting to conjecture as to the nature of this phenomenon. 
Does it represent isothermal decomposition or merely a change in type 
of austenite? Aside from the difference in austenite stability resulting 
from the inclusion of carbides, which obviously does not enter into this 
particular phase of the problem since austenite formed in carbon steel 
is also sensitive to room temperature stabilization, the only other factor 
affecting stability of retained austenite mentioned in this paper is the 
percentage of carbon contained therein. 

It is also stated that in the case of “J” steel austenite retained from 
higher austenititizing temperatures tends to transform at a somewhat 
higher M’, temperature for a given aging time at 68°F than does that 
formed at 1450 °F (790°C). This would indicate a less stable condition in 
relation to austenite-martensite transformation, while evidence is pre- 
sented that higher austenitizing temperatures tend to stabilize retained 
austenite against stabilization by tempering. It is to be assumed at this 
point that the authors refer to stabilization as the decomposition, iso- 
thermally, of austenite to bainite at elevated temperatures. 

Might it not be assumed, from the evidence presented, that retained 
austenite exists as a highly unstable dual structure which converts iso- 
thermally and rapidly to a much more stable austenitic structure prior 
to its much slower isothermal decomposition into other constituents? 
Perhaps the authors have some clue as to the nature of this stabilization 
cycle which would further clarify the role played by austenite in the 
attempt to completely stabilize hardened steel. 

There also exists an apparent contradiction between the statement 
in Part II of the paper, that specimens of “J” steel were austenitized at 
1550 °F (845°C) and quenched and after length determination at 68 °F 
were aged at various temperatures for varying lengths of time. After 
being measured at 68°F the relationship between tempering and shrinkage 
is plotted graphically in Fig. 6, which shows an immediate and continued 
shrinkage for all specimens including the ones held continually at 68 °F, 
since quenching. 

In Part III of the paper the same conditions were outlined for the 
sample tempered at 68°F in the experiment described as determination 
of dimensional stability. At this point again, the graphical presentation 
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of dimensional change plotted as 





xX 10° in relation to time clearly 


shows the specimen held at 68°F to have expanded for at least the first 
24 hours of the period shown. 
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Undoubtedly some conditions were interposed which were omitted, 
in the description of the experiments; the only other conclusion being 
that there is a very unusual and inexplicable reversal of the martensitic 
shrinkage as related to expansion resulting from decomposition of the 
retained austenite. 

Written Discussion: By L. D. Jaffe, metallurgist, Watertown Arsenal 
Laboratory, Watertown, Mass. 

The idea of determining whether activation energies exist for the 
stabilization of austenite and the tempering of martensite, and the idea of 
investigating relations between these two phenomena by comparison of 
their activation energies, were previously put forth by this discusser and 
collaborators (9). 

We, too, concluded that stabilization in the austenite-martensite re- 
action does not arise from tempering of martensite. Through measure- 
ments of volume change on cooling in liquid nitrogen, we obtained an 
activation energy of 21,500 cal/mol. The present authors’ value of 22,500 
cal/mol, obtained by a basically similar method, appears to agree within 
experimental error. We measured tempering of martensite through loss 
of tetragonality, and obtained a heat of activation of 34,000 cal/mol. 
The present authors, measuring tempering through volume change, 
obtained the widely different value of 17,000 cal/mol. The steels used 
were not the same, but it is not believed that changes in composition 
could affect the activation energies to this extent. 

It may be noted that in the reference cited, agreement was found 
between the activation energy for stabilization and that for stress relax- 
ation, and it was therefore concluded that the stabilization probably arises 
from stress relaxation. 

Written Discussion: By A. R. Troiano, professor of metallurgy, 
University of Notre Dame, Notre Dame, Ind. 

The authors have performed an excellent job in quantitatively deter- 
mining certain time-temperature relations for the stabilization of austenite. 

Particularly interesting is the observation that beyond a given mini- 
mum time of aging (at room temperature) the temperature at which 
the austenite to martensite reaction stops becomes constant. Referring 
to Fig. 2 for example, after holding for 15 minutes at room temperature 
and subsequently cooling, the reaction will cease at —175 °F, at which 
temperature the remaining austenite has been completely transformed 
to martensite. Not until the specimen is held for 24 minutes at room 
temperature does it become necessary to cool to —250°F before the 
reaction ceases, where the austenite just completely transforms to mar- 
tensite. At all aging times beyond 24 minutes the transformation ceases 
at —250°F but some stabilized retained austenite will remain. 

At the bottom of page 709, M+ has been defined as that temperature at 
which the austenite to martensite transformation ceases, but retained 
austenite may still be present. By this definition Mr may have an almost 
infinite number of values for a given steel up to the limiting value. The 
actual value would depend upon the cooling rate, any interruption in 
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cooling, the time and temperature of this interruption, etc. This would 
be the natural consequence of stabilization. The nomenclature in steel 
is becoming increasingly complicated and it is hoped that the term Mg 
can eventually be exclusively identified as a specific temperature charac- 
teristic of the composition and at which no austenite remains. Such a 
definition admittedly implies that with no stabilization all stee'. have some 
temperature, limited only by absolute zero, at which on continued rapid 
cooling the austenite to martensite transformation will be completed. 
Whether or not this temperature could always be determined experimen- 
tally is of little consequence. On the above basis, Mr would retain a con- 
notation consistent with M,., where both values are independent of sta- 
bilization effects; and the terms M’, and possibly M’s (the authors’ Mr) 
could be reserved for those cases where stabilization has influenced the 
transformation. 

Do the authors have any information to indicate the effect of aging 
or stabilizing temperature on the constancy of the temperature at which 
the austenite to martensite transformation ceases on cooling? 

As the result of the difference in the activation energies for mar- 
tensite tempering and austenite stabilization, the authors suggest that 
austenite stabilization is not controlled by the formation and subsequent 
contraction of martensite. I definitely agree with the authors. A con- 
siderable amount of other evidence supports the same conclusion. For 
example, aging of some relatively high alloy steels at subzero temperatures 
will stabilize the remaining austenite for further formation of martensite. 
Most certainly no decomposition of the martensite can be postulated in 
these steels at subzero temperatures. After holding many of;these steels 
for months even at room temperature no difference in the tetragonality 
of the martensite can be detected. Considering Stabilization in its more 
general aspects (see Troiano and Greninger, Mretat Procress, Aug: 1946) 
it is well known that it is not even necessary to have martensite present 
to affect stabilization. The formation of small quantities of* bainite is 
very efficacious in producing stabilization; and, in at least several in- 
stances, isothermal holding in the bainite range for times insufficient to 
produce visible evidence of @@®emposition will also stabilize the austenite. 

Written Discussion: By Otto Zmeskal, director, Department of Metal- 
lurgical Engineering, Illinois Institute of Technology, Chicago. 

This most excellent research is another significant step in the develop- 
ment of the metallurgical science of die steels, and, common to the pre- 
vious work of Drs. Cohen, Fletcher and Averbach, is characterized by 
ingenious analysis. 

The determination of residual austenite contents has been raised to 
a high degree of precision. By exhausting the possibilities of X-ray 
diffraction dilatometer, specific gravity and comparator measurements, 
Dr. Cohen and his co-workers have determined the effect of transforming 
as little as 0.085% retained austenite. 

Investigators working on low temperature brittleness of engineering 
alloy steels would welcome a description of the procedure to be used to 
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determine such small quantities of austenite in these steels. It is hoped 
that Dr. Cohen and his co-workers will favor us with another paper de- 
scribing this technique. 

Written Discussion: By Charles S. Barrett, Institute for the Study of 
Metals, University of Chicago, Chicago. 

In searching for the mechanism by which stabilization takes place in 
steels it is worth while to consider some nonferrous transformations that 
are somewhat similar. An investigation that is currently being made at 
low temperatures on lithium and certain lithium alloys has disclosed a 
behavior that seems to be closely analogous to stabilization in steels. 
Transformation goes to completion in a narrower temperature range with 
rapid change of temperature than with slow change of temperature; halt- 
ing the change of temperature stops the transformation, and if the halt is 
long enough, a stabilization of the untransformed material occurs such 
that an added change in temperature is needed to get the transformation 
to start again. 

The similarity between the two stabilizations is not less significant 
just because austenite is stabilized against a transformation on cooling 
while lithium happens to be stabilized on heating. (It is possible that 
lithium is also stabilized on cooling, but the transformation temperature 
during cooling is so much lower that long anneals would be necessary to 
produce a detectable degree of stabilization.) The transformation on the 
heating of lithium that has been cold-worked while immersed in liquid 
air is from a face-centered cubic structure to the body-centered cubic 
structure of ordinary lithium, a change that is crystallographically similar 
to the change from gamma to alpha iron. Stabilization also occurs in 
lithium that is not cold-worked, and here the low temperature phase is 
different ; present results indicate that it is close-packed hexagonal, but 
further work is being done on its identification. 

If we assume that there is a single underlying cause for stabilization 
in steel, in lithium and its alloys, and in other nonferrous transformations, 
such as those discussed by Greninger and Troiano, the following con- 
clusions can be drawn: 

(a) Stabilization is caused by a mechanism that is associated not 
only with the transformation from face-centered cubic to tetragonal, but 
with other structure changes as well. 

(b) Because of (a) above, it is not likely to be closely related to 
either the contraction of martensite during tempering, or the change of 
tetragonality of martensite during tempering. 

(c) Stabilization does not appear to be dependent upon the presence 
or the diffusion of carbon or other alloying elements, as it has been 
observed in a “pure” metal. (The lithium used in this investigation was 
99.45% pure.) ’ 

(d) The data for lithium and solid solutions of magnesium in lithium 
are consistent with stress relief as a cause of stabilization, since it occurs 
in a temperature range where some stress relief is probable. It is not 
unlikely that stress relief could account for stabilization in all cases. 
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Authors’ Reply 


It is interesting to note from the foregoing discussions that the’ 
phenomenon of austenite stabilization is beginning to attract the wide 
attention that it deserves. Unfortunately, we are still not in a position 
to explain the underlying causes of stabilization, as requested by Mr. 
Victory. Some isothermal decomposition of austenite may occur during 
the stabilizing process, but this amount is very small compared to the 
quantity that refrains from transforming during the subsequent cooling. 
Also, any hypothetical carbide precipitation would lower the carbon con- 
tent of the austenite and thus stimulate the transformation, rather than 
retard it. One of the authors (6) has suggested that stress relief might 
possibly account for stabilization, and others (see preceding discussions by 
Mr. Jaffe and Dr. Barrett) have since cited some confirming evidence of 
this hypothesis. However, in the light of Dr. Troiano’s discussion, stress 
relief does not appear to be the complete answer. 

Mr. Victory has referred to an apparent anomaly, in that raising the 
austenitizing temperature (which undoubtedly increases the stability of 
the austenite) produces an increase in M’, after a given holding period at 
room temperature. While no generalizations are possible at the present 
time, it is now known that the ease of -stabilization increases with the 
amount of martensite co-existing with the austenite. Thus, a high aus- 
tenitizing treatment may produce a large content of retained austenite, 
but by the same token, this austenite may not be readily stabilized by 
holding at room temperature or by tempering. 

The authors are indebted.to Mr. Victory for pointing out the apparent 
inconsistency between Fig. 6 of Part II and Fig. 2 of Part III. Actually, 
there is no inconsistency, but our description of Fig. 6 was incomplete. 
A footnote has since been appended to correct this situation. 

We are glad to have Mr. Jaffe’s presentation of his activation-energy 
determinations in comparison with our own. The large difference be- 
tween the respective values for martensite tempering is hard to explain. 
The change-in-length measurements used here seem reliable, particularly 
since the technique gives good agreement with Mr. Jaffe’s specific volume 
method as applied to the activation energy for stabilization. This means 
that the X-ray method for tracing the loss of martensite tetragonality 
should be scrutinized carefully. In fact, our own experience with the 
X-ray method indicates that the martensite diffraction lines are usually 
too broad to permit quantitative measurement of the course of tempering. 

It is also worth emphasizing that Equation 1 is only an approximate 
expression of the martensite tempering kinetics, and is used primarily to 
portray the temperature dependence of the rate of tempering. We have 
recently derived a more exact equation, based on many more data than 
were available when this paper was written; and the heat of activation is 
even less than our present 17,000 cal/mol, thus widening the gap relative 
to Mr. Jaffe’s value of 34,000 cal/mol. 

We share Dr. Troiano’s desire to establish a rigorous definition for 
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Mz, as a counterpart for M,. However, the more sensitive our measure- 
ments become, the more we are convinced that the austenite-martensite 


reaction rarely goes to completion during continuous cooling in these 


high-carbon steels, perhaps because of unavoidable stabilizing effects. 
Hence, the temperature at which the reaction stops has greater realism 
than the hypothetical temperature at which the reaction would go to 
completion if it could go to completion. When we learn how to ascertain 
the latter temperature in the absence of stabilizing effects, it should un- 
doubtedly be called Mr. In the meantime, we find it appropriate to 
employ this designation for the temperature at which the austenite- 
martensite reaction ceases on continuous cooling, even though retained 
austenite may still be present. 

Dr. Troiano has asked about the effect of the stabilizing temperature 
on Me (as we define it). We have only some indirect evidence on this 
point, which indicates that Me is not sensitive to the temperature or time 
of stabilization. It turns out that the quantity of austenite remaining 
below Mé¢ is primarily a function of the extent to which M’, is lowered 
by the stabilization treatment. We quite agree with Dr. Troiano’s state- 
ment that stabilization is not limited to the austenite-martensite range. 
This phenomenon has broad significance and, when better understood, 
may afford a means of detecting very subtle changes in a solid phase. 

Dr. Zmeskal’s gracious remarks are appreciated. As he suggests, a 
paper describing our latest X-ray technique for the determination of 
small quantities of austenite has been recently submitted for publication. 
It should be mentioned, however, that the dilatometric procedures de- 
scribed here are much more sensitive than the X-ray method for dis- 
closing minute transformations. The X-ray technique, on the other hand, 
has the advantage of providing an absolute determination for a given 
specimen, without recourse to further changes. 

Dr. Barrett’s experiments with the martensite transformation in 
99.45% lithium sound very exciting, and we shall look forward to his 
publication of the details. The detection of stabilization in this instance 
lends further evidence to the general nature of this phenomenon. It is 
quite clear that neither stabilization nor the martensite-type reaction are 
necessarily associated with a face-centered cubic to body-centered tetrag- 
onal transformation. 

We note that Dr. Barrett proposes stress relief as a cause of sta- 
bilization in lithium and lithium-magnesium solid solutions. One of the 
authors has also suggested this explanation in connection with high speed 
steel. However, we are not thoroughly satisfied with this hypothesis. 
If stress relief causes stabilization, there is implied the assumption that 
stresses promote the martensite transformation. This has not been 
demonstrated unambiguously, and we are now studying stress as a yari- 
able in the austenite-martensite reaction. Lest the result appear unduly 
obvious, one must remember that Dr. Zener has ingeniously pictured 
stress (or elastic strain energy) as an obstacle to the formation of mar- 
tensite in order to account for the cooling nature of the transformation. 
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On this basis, stress relief should encourage the martensite reaction, and 
hence achieve the antithesis of stabilization. Also we must not -overlook 
the fact that in certain steels stabilization may occur above M, (see pre- 


ceding discussion by Dr. Troiano) in the absence of any detectable trans- 
formation product. 
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THE DIMENSIONAL STABILITY OF STEEL 
PART III—DECOMPOSITION OF MARTENSITE AND 
AUSTENITE AT ROOM TEMPERATURE 


By B. L. Aversacu, M. CoHEeN Anp S. G. FLETCHER 


Abstract 


The decomposition of martensite and retained aus- 
tenite at room temperature has been measured in a plain 
carbon tool steel and a ball-bearing steel by observing the 
dimensional changes which occur in hardened specimens 
as they age at room temperature. Martensite contractions 
are simply additive and proceed along a basic reaction 
curve at room temperature. Tempering hastens the 
initial shrinkage, but the subsequent contraction at room 
temperature proceeds as though the initial contraction 
had occurred at room temperature. An equation has been 
fitted to the basic reaction curve so that it is possible to 
predict the dimensional behavior of martensite after a 
given tempering treatment. 

Retained austenite decomposes isothermally ai room 
temperature to cause an increase in length. Tempering 
decomposes some austenite, but the reaction is not additive 
because of a large stabilizing effect which also occurs dur- 
ing the tempering treatment. 

In these experiments, rolling direction has little effect 
on dimensional behavior, but interrupting the hardening - 
quench above room temperature markedly influences the 
behavior of the retained austenite. 


LTHOUGH master gages and some working gages have been 
furnished for many years with calibrations to the nearest mil- 
lionth of an inch, there have been few quantitative investigations 
on the dimensional stability of gage steels, particularly in the light 
of our present understanding of the structural transformations in 
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steel. Various authors (1) to (6)* have studied the irreversible 
length changes in gages, but most of these studies have merely tried 
to evaluate the effectiveness of some proprietary “‘seasoning”’ treat- 
ment used in the manufacture of commercial gage blocks. Boyle (6) 
has listed a number of the methods commonly used for stabilizing 
gages, but many of the procedures are admitted to be of doubtful 
value, and little specific data are available for the others. 

Scott (7) seems to have been one of the first to appreciate the 
possible correlation between dimensional instability and structural 
changes. The work described in this paper was undertaken from a 
similar point of view. Considerable data were gathered on the di- 
mensional changes which occur in a large variety of hardened steels 
as they age at room temperature after typical heat treatments, but 
these results will be published elsewhere. At the same time, however, 
the fundamental reasons for dimensional instability were investigated 
on the basis of decomposition reactions which could occur in the 
known microconstituents of these steels. Parts I and II (8), (9) 
of this series discussed the constituents to be found in typical hard- 
ened gage steels, and alsa considered the transformational character- 
istics of these constituents after various refrigeration and heat treat- 
ments. The present work measures the effect of the condition and 
amounts of these constituents on the dimensional stability of the 
material as it ages at room temperature. | 

In the discussion which follows, dimensional stability is con- 
sidered as the ability of the material to maintain a given size over 
a long period of time after it has been heat treated and finished to 
final shape. This does not include the “movement” which takes 
place during heat treatment or the distortion which may result from 
stress relief, but it involves only the dimensional changes of the 
finished piece which are caused by transformations at room tem- 
perature after the final manufacturing operation. Since satisfactory 
gages must be dimensionally stable, and have high hardness and 
good wear resistance, the steels and heat treatments for this study 
were chosen so as to give fully hard martensitic structures, with an 
excess of carbides for wear resistance. A plain carbon tool steel 
(K steel) and a chromium ball-bearing steel (J and R steels) 
were investigated because of their common usage in gage manu- 
facture. Their compositions are listed in Table I. 





'The figures appearing in parentheses pertain to the references appended to this paper. 
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Table | 
Analyses of Steels 


Steel Form Cc Si Mn P Cr V 
K Rod 1.07 0.23 0.25 0.014 0.011 
b Rod 1.04 0.34 0.35 0.012 0.014 1.54 0.20 
Plate 1.00 0.35 0.36 1.42 0.21 


Early in the investigation it was shown that spheroidized- 
annealed steels are stable; no changes in length greater than one 
part in a million are observed on aging at room temperature. Such 
steels, however, are too soft to be used as gages. Hardened steels 
are far from stable. They contain internal stresses as well as a large 
amount of martensite which is unstable and shows a marked tend- 
ency to decompose at room temperature. In addition, these steels 
contain up to 30% of retained austenite which is also unstable and 
which might be expected to break down at room temperature. Un- 
dissolved carbides seem to play no part in dimensional stability 
although they are valuable in imparting wear resistance. 

If dimensional instability is considered as a consequence of the 
transformations of the unstable phases in the direction of their equi- 
librium structures, it is evident that two large opposing changes 
can occur. The decomposition of the tetragonal martensite produces 
a contraction, while that of the retained austenite causes an expan- 
sion. For example, in the ball-bearing steel after an oil quench from 
1550°F (845 °C), there is about 4% retained austenite and, neg- 
lecting the carbides, 96% martensite. If the freshly formed mar- 
tensite, were to decompose into its final products, ferrite and cement- 
ite, a linear contraction of 5760 « 10° in/in would occur (10). 
For 100% martensite containing 1% carbon, this figure is 6000 « 
10° in/in. Up to 25% of this contraction may take place during 
the usual tempering at 300 °F (150°C), but the rest is potentially 
available to cause dimensional instability. At the same time, if we 
assume that the 4% of retained austenite transforms into martensite, 
a linear expansion of 560 x 10°* in/in (referred to room tempera- 
ture) would occur (10). Since little of this austenite is removed 
by tempering up to 300°F (150°C) considerable potential growth 
could be caused by the decomposition of the available austenite. 
The net effect from a dimensional standpoint will be either a con- 
traction or an expansion, depending upon the relative magnitudes and 
rates of the opposing transformations. 
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Fig. 1—Method of Aligning Rod Specimen in Comparator for Precision Length 
pe reneroment, Showing Gage Block Arrangement for Adjusting Total Length to 
4.120 Inches. 


Equipment and Method of Measurement—This investigation 
employed specimens 3 inch in diameter by 4.000 + 0.001 inch long 
with the ends ground accurately to the contour of a 4-inch diameter 
sphere. Precision length determinations were made by fastening 
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these specimens to a jig to keep them vertical, as shown in Fig. 1, 
and then measuring them in a Sheffield Visual Gage Comparator 
with a magnification of & 5000. This gage compares the length 
of the sample with a standard gage block independently calibrated 
to the nearest millionth of an inch, and is able to determine devia- 
tions from this standard with an accuracy of 5 microinches. For 
a 4-inch sample, this .corresponds to a relative accuracy of about 1 
microinch per inch. The standard gage blocks are nominally 4.120 
inches and the difference in length between the sample and the stand- 
ard is made up by inserting small gage blocks as depicted in Fig. 1. 
This arrangement permits measurements to be made on a wide varia- 
tion of sample lengths with the same standard, despite the limited 
range of the instrument, and contributes greatly to the ease of meas- 
urement and to the internal consistency of the data. The spherical 
ends prevent errors that might result from slight tilting of the speci- 
men from vertical. 

To determine dimensional stability, specimens were first aus- 
tenitized for 30 minutes in a lead pot controlled to +5 °F (+3 °C) 
and quenched. Some of the specimens were subcooled immediately 
in a closed brass tube surrounded by liquid nitrogen (—321 °F, 
—195°C). Any scale accumulation was removed with emery paper 
in a lathe running at slow speed, and the specimens were degreased 
and allowed to remain for an hour on a large surface plate in the 
measuring room which was maintained at 68 + 1°F (20+0.5 °C). 
A length measurement was then made. Following this, the speci- 
mens were tempered in an oil bath or a circulating air furnace con- 
trolled within +3°F (+2°C), allowed to come to the measuring 
temperature and measured again. Length determinations were then 
repeated at suitable intervals as the specimens were aged at 68 °F 
(20 °C) for periods exceeding 200 days. 


BALL-BEARING STEEL 


To study the effects of tempering temperature on dimensional 
stability, a series of specimens was austenitized at 1550 °F (845°C), 
quenched into oil at room temperature, and tempered for 1 hour at 
temperatures from 68 to 500°F (20 to 260°C). Their changes in 
length were recorded as they aged at 68°F (20°C). Fig. 2 shows 
the effect of tempering temperature on the dimensional behavior, 
and it should be noted that the elapsed time is plotted in hours on a 
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J Steel (0G, 1.5 Cr, 0.20V) 


1550°F -Oil Quench 
Tempered | Hr. at 
Temperature Indicated 





| 10 100 1000 10,000 
Aging Time -Hours at 68°F 


Fig. 2—Dimensional Changes at Room Temperature for J Steel Which Has 
Been Tempered for 1 Hour at Temperatures from 68 to 500 °F (20 to 260 °C). 
All specimens were austenitized at 1550 °F (845 °C) for 30 minutes and contained 
4% retained austenite after the quench. 


logarithmic scale, with 1 hour as the reference point. Time is taken 
as beginning at the completion of the last heat treating operation, 
and since 1 hour was required to bring the specimens to thermal 
equilibrium before any length measurements could be made, the 
relative changes in length are all shown as zero for this point. In 
addition, each specimen remained at room temperature for 1 hour 
after the quench prior to tempering, so that any changes during this 
period apply as a constant correction to all of these determinations. 


The relative changes in length, plotted as 





“= < 10°° in/in, are 
the averages of at least two specimens treated simultaneously, and 
were usually reproducible with an accuracy of +2 10° in/in or 
10%, whichever is the greater. This error does not arise from the 
measurement, but from the inherent difficulties in reproducing the 
quenching conditions precisely for each set of specimens. The struc- 
tural reactions under investigation caused length changes which were 
large compared to the error. 

The data in Fig. 2 yield a progressive series of maxima starting 
with the 68°F (20°C) temper. The relative values of these 
maxima are probably distorted because changes during the first 
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hour are known to be large after tempering treatments under 
250°F (120°C), but these maxima emphasize the fact that two 
opposing reactions are proceeding simultaneously, one causing an 
expansion and the other a contraction. 

If the expansion were due to austenite decomposition, it could 
be eliminated by cooling immediately after the quench to below 
—250 °F (—155 °C), since previous work (8), (9) has shown that 
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J Steel (1.0C, 1.5 Cr, 0.20V) 
i550°F - Oil Quench 

80 NI Cooled immediately to -321°F 
Tempered | Hr. at 
Temperature Indicated 








10 100 1000 10,000 
Aging Time - Hours at 68°F 


Fig. 3—Contraction at Room Temperature for J Steel Which Has Been Sub- 
cooled “hi —321 °F (—195°C) Immediately After the Quench and Tempered 
for 1 Hour at Temperatures from 68 to 500°F (20 to 260°C). All specimens 
were austenitized at 1550 °F (845 °C) for 30 minutes and were essentially 100% 
martensite plus carbides after the refrigeration treatment. 


such a subcooling treatment will convert nearly all of the retained aus- 
tenite to martensite. Fig. 3 illustrates the dimensional behavior of 
specimens which have been subcooled immediately after the quench 
and then tempered as before. No initial expansions are evident, and 
the contractions proceed regularly with tempering temperature. This 
procedure, therefore, provides a method of studying the isothermal 
decomposition of martensite separately. The hardness values of the 
tempered specimens with and without refrigeration are given in 
Table IT. 

Isothermal Contraction of Martensite—If{ the aging data for 
the refrigerated specimens are replotted on a linear scale (in which 
case the l-hour reference point is indistinguishable from zero time), 
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the reaction curves for martensite (Fig. 4) resemble those for many 
chemical reactions. Defining the terms: 


oe A ‘ ° -9 0 ° : 
, eee 10° = contraction of martensite at 68°F (20°C) in 


L _microinches/in. ease 
a = total shrinkage possible in microinches/in. 
= aging time at 68°F (20°C) in days. 


it is evident from Fig. 4 that an equation describing this reaction 
should have the following boundary conditions: 


y=Oatt=0 
y =aatt =o 


dy 
—>0O0att=0 
dt 





Reaction Curves for Tempered Martensite 
J Steel (1.00, 1.5 Cr, 0.20V) 


1550°F - Oil Quench 
Cooled immediately to -321°F — 
Tempered | Hr. at Temperature Indicated 












68°F Observed 





O 50 100 150 
Aging Time - Days at 68°F 


Fig. 4—Contraction of Tempered Martensite at Room Temperature. 


Table Il 
Hardness After Tempering 


J Steel (1.0 C, 1.5 Cr, 0.20 V) 
Austenitized 1550 °F, 30 minutes, oil-quenched 


—————- Hardness—Rockwell C—————_,, 
uenched, Refrigerate 


Tempering Temperature Quenched and Immediately to —321 °F 
°F Hour) Tempered and Tempered 

68 64.0 65.0 
150 64.8 Jou 
200 65.0 65.1 
250 65.0 65.2 
300 63.6 64.1 
350 63.1 63.5 
400 62.0 63.0 
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A first order reaction curve satisfies these conditions, and its 
differential equation may be written: 
dy % ; 
oe OE a oes os dca n'e whee Had a ky bees eee 6 oe Equation 1 
dt 
where c = a constant. 


The integrated first order equation is: 


a ETD en BES so cs batik ovata CO beeaaee «si abese Equation 2 


but the present data do not plot consistently in this form. Equations 
of nucleation and growth (11) have been used to represent the 
decomposition of austenite into pearlite, and under certain restric- 
tions these equations have the form: 


dy ; 
wey OE ane e SBE Kone ade de ey Uae Equation 3 
dt 
or . 
5 CPG Ee Fos o cu co nehbade. capes bb tet casteeen Equation 4 


This equation has a zero slope at zero time and hence does not apply 
here. 

However, if equations 1 and 3 are considered in a more gen- 
eral form: 


dy 


pu OL eo ane. i nce cs 0h ehwde eed eet os be Equation 5 
dt 


This may be integrated to: 


b 
+1 : 
y=a(1— et" te eter eS Dn nccan Vase k ee esha Equation 6 
where 
b=m+1 


In the logarithmic form, this equation may be written: 





a c 
log log ( ) =blogt + log ——_e...... eee ees Equation 7 
ay 2.3 


If the data followed this equation, a plot of log log Fe versus 


log t should be a straight line with the slope equal to “b” and an 


intercept equal to log = at t—1. Before any values can be 
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Reaction Rate of Martensite at 68°F 
J Steel (1.00, 1.5Cr,0.20V) 
1550°F-Oil Quench - Refrigerated to - 321 °F 
immediately after Quench 


Log Log O-y = bLogt + Log a3 


yeuat x10~&= Contraction of Martensite Upon 


Aging at 68°F 


a= Total Contraction of Martensite = 
6000 x 10 -© 


t= Aging Time in Days 





Log t 


Fig. 5—-Martensite Contraction at Room Temperature Fitted 
to Equation 





Cc 

log log = b log t + log ——. 

a-—y 2.3 

The slope of the straight line is the coefficient “b’’ and the 
c 


intercept at log t = o is log ——. 
2.3 


plotted, however, the value of “a’’ has to be settled. Two possibili- 
ties were considered. Fletcher and Cohen (10) have indicated that 
the first stage of tempering is complete after a contraction of about 
1800 microinches per inch for a 1% carbon martensite. If this 
value is used for “a’’, it implies that tempering would never go to 
completion at room temperature but reaches a metastable equilibrium 
corresponding to the end of the first stage of tempering. The data 
do not fit this assumption. If, on the other hand, it is assumed that 
the final condition is a mixture of Fe.,C and ferrite, then a total con- 
traction of about 6000 microinches per inch would be expected and 
the best results are actually obtained with this value for “a”. If 
proper account could be taken of the fact that the carbon content of 
the martensite may not be quite 1% because of the undissolved car- 
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bides, the “a” constant would turn out to be somewhat less than 
6000 (10). However, the equation is relatively insensitive to the 
value of “a” in the neighborhood of 6000. 

Fig. 5 shows the plot of the data for equation 7 and the agree- 
ment is quite good with the exception of values near one day. This 
discrepancy appears only as a slight deviation from the observed 
curve when replotted on the linear scale in Fig. 4. For the martens- 
ite contraction at 68°F (20°C), equation 7 becomes: 


6000 
log log —————- = 0.200 log t —.2.27160) «1... ce eee eee Equation 8 
6000 — y 


and equation 6 becomes: 


0.200 
y = 6000 (l-—e*™"" Ee ae gai cab s b> ckbu bay Sas be Equation 9 


Returning to Fig. 4, if the room-temperature contraction of 
martensite is considered after a tempering for 1 hour at 150°F 
(65 °C), it is found that the reaction curve for such a specimen may 
be superimposed on the 68°F (20°C) curve merely by placing the 
origin at point A, which corresponds to an initial shrinkage of 150 
microinches per inch. Similarly, if tempering is carried on at 200 °F 
(95°C), the specimen subsequently shrinks at room temperature 
as if its origin were at point B, which corresponds to an initial shrink- 
age of 200 microinches per inch. Apparently, as far as the mar- 
tensite is concerned, tempering causes only a preshrinkage, and the 
contraction on aging after tempering proceeds as if all of the shrink- 
age had taken place at room temperature. 

To check this correlation, the contractions which take place 
during tempering of refrigerated specimens (essentially all mar- 
tensitic) were measured, and their results are plotted in Fig. 6. The 
shrinkage is approximately 150 microinches per inch at 150 °F 
(65°C) and about 200 microinches per inch at 200 °F (95°C) as 
had been predicted. 

This concept can be carried a step further. For example, 1 
hour at 250°F (120°C) causes a relative linear contraction of 290 
microinches per inch. On solving equation 8, it is found that 
this contraction is equivalent to a 1050-day temper at 68 °F (20 °C). 
What would the shrinkage of such a specimen be 100 days later? 
Solving equation 8 for 1150 days gives a shrinkage of 295 micro- 
inches. This means that the contraction in 100 days at 68 °F after 
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Shrinkage on Tempering 
J Steel (1.0C, |.5Cr, 0.20V) 


0 1550°F-Oil Quench 
-!100 
Not Refrigerated 
-200 96% Martensite 
@ Carbides 
4% Retained 
Austenite 
© -300 
o 
J 
al -400 


-500 


Refrigerated to - 321° F 
600 Immediately After Quench 
. 100 % Martensite a 
Corbides 


-700 


-800 





0 200 400 600 
Tempering Temperature °F (I Hr.) 


Fig.' 6—Shrinkage as a Result of Temperine from 68 to 
500 oF (20 to 260 °C) for J Steels With and Without Subcooling. 


tempering for 1 hour at 250°F should be 295 —290=—5 micro- 
inches/in. The shrinkage which does occur under such conditions 
can be measured directly, and is found to be 11 microinches/in 
(Fig. 3). Thus, the calculation gives the correct order of magni- 
tude, which is all that can be expected considering that the 68 ° 
curve has been extrapolated from the last observation at 200 days 
to some 3 years. 

Table III summarizes the observed and the calculated changes 
in iength for 100 days after various tempering treatments. In gen- 
eral, the agreement is satisfactory, particularly for the lower temper- 
tures. It is interesting to note that 1 hour at 500 °F can achieve 
as much martensite contraction as 161,000 days (440 years) at 
room temperature. In all cases, the martensite contractions are quite 
additive in that if the transformation at a higher temperature is 
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stopped, it proceeds at room temperature at the same rate it would 
have if all the shrinkage had occurred ,at room temperature. 
There is no question, then, that the contraction of martensite at 
room temperature is a straightforward part. of the tempering process. 
This was suggested by Scott (7) over 20 years ago. 


Table Ill 
Contraction of Martensite 


J Steel (1.0 C, 1.5 Cr, 0.20 V) ; 
Austenitized 1550 °F, 30 minutes, oil-quenched, and refrigerated immediately to —321 °F. 


Yio — Shrinkage 
After Further Aging 








Shrinkage on at 68 °F for 100 Days, 
Tempering Equivalent —AL 
Tempering —AL ays at x 10-4 
Temperature = x 10-4 68 °F L 
°F (1 Hour) L (Calculated) Measured Calculated 
68 39 0.0417 177 183 
150 150 36.6 4 45 
200 200 158. 21 20 
250 290 1,050. 11 5 
300 390 4,830 7 2 
350 510 19,500. 5 1 
400 620 54,400. 4 0 
500 760 161,000. 1 0 


Decomposition of Retained Austenite at Room Temperature— 
From the data already presented, the decomposition of retained aus- 
tenite at room temperature may be studied. The curves in Fig. 2 
represent the room-temperature dimensional changes of an initial 
aggregate of 96% martensite and 4% austenite after various treat- 
ments. Fig. 3 shows the dimensional change for specimens with 
essentially 100% martensite after the same treatments. If these 
martensite contractions are multiplied by 0.96 and subtracted from 
the corresponding curves of Fig. 2, net expansions due to the iso- 
thermal decomposition of austenite are obtained, and these are plotted 
in Fig. 7. The usual ambiguity is present at the 1-hour point since 
reliable determinations cannot be made by this method before that 
time. For the 68°F (20°C) curve, the time origin is taken at 1 
hour after the quench, and for the others at 1 hour after the last 
heat treatment. 

Considering the austenite decomposition at 68°F (20°C), the 
curve appears to have the same general shape as that of the mar- 
tensite reaction and a similar equation can be written for this case. 
There is, however, an important difference. The entire 4% of 
retained austenite, which could cause a total relative expansion of 
560  10-* in/in, does not seem able to transform isothermally ; the 
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curve flattens out after a decomposition corresponding to only 
125 & 10°° in/in. The rest of the austenite is stabilized. 

The other curves in Fig. 7 demonstrate that both the rate and 
extent of austenite decomposition decrease as the previous tempering 
temperature is raised. However, unlike the case for the martensite, 
this trend does not result from transformation of the austenite dur- 
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at Room Temperature 
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Fig. 7—Decomposition of Retained Austenite at Room Temperature for Steels 
Which Have Been Tempered for 1 Hour at Temperatures from 68 to 500 °F 
(20 to 260 °C). 


ing the tempering treatment. The amount of austenite which actually 
transforms on tempering is shown by the difference between the 
refrigerated and unrefrigerated curves of Fig. 6. (The points for 
the refrigerated curve must be multiplied by 0.96 to correct for the 
fact that the as-quenched specimens contain only 96% martensite. ) 
The corrected differences are plotted in Fig. 8. 

At 400°F (205°C), a very rapid decomposition of austenite 
sets in and this is the one usually observed in dilatometric studies 
[second stage of tempering (12)|. There is, however, a measur- 
able decomposition below that temperature, and it is observed here 
because of the gain of a whole order of magnitude in sensitivity 
over that of the usual dilatometer. This early decomposition of the 
austenite does not vary much with temperature; yet, there is a 
large progressive effect on the subsequent decomposition at room 
temperature (Fig. 7). In other words, austenite decomposition at 
room temperature is reduced by prior tempering below 400 °F 
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Table IV 
Decomposition and Stabilization of Retained Austenite 


J Steel (1.0 C, 1.5 Cr, 0.20 V) 
Austenitized 1550 °F, 30 minutes, oil-quenched 





L 
4% total retained austenite (total possible = 560 X 10-*) 


1 2 3 4 5 
Measured Total Observed 
Austenite Expansion 
Decomposition of Austenite 
During in 200 Days 
Tempering* Fraction of at 68 °F % of Tempered 
Tempering AL Retained _ AL Austenite Left 
Temperature —— < 10-* Austenite Remaining —— x 10-* After 200 Days 
°F (1 Hour) L After Tempering i at 68 °FT 
32 35 0.937 oats cans 
68 35 0.937 125 76.3 
100 40 0.930 a re 
150 70 0.875 43 91.2 
200 75 0.865 35 92.9 
250 75 0.865 19 96.1 
300 75 0.865 5 99.1 
350 75 0.865 2 99.7 
400 75 0.865 2 99.7 
500 400 0.285 0 100.0 


*Taken from smoothed curve in Fig. 8. 
+This is a measure of stabilization. 


because of stabilization, rather than removal, by the tempering treat- 
ment. This behavior is shown quantitatively in Table IV, wherein 
the fraction of austenite remaining after tempering (column 3) is 
compared with the amount not amenable to room temperature 
decomposition in 200 days (column 5). 

The stabilization by tempering against subsequent austenite 
decomposition at room temperature is analogous to the stabilization 
against subzero transformation reported in Part II of this series (9). 

No self-consistent relationship was found for the room tem- 
perature stabilization of retained austenite as a function of prior 
tempering time and temperature. However, the curve for the aus- 
tenite decomposition in the as-hardened steel (Fig. 7) can be fitted 
with the following equation : 





log log wm 0.500 log ¢—- 0.4200. co ice ei ee ents Equation 10 
= 7 
where: 
AL 
z= —— X 10°= expansion in microinches/in. due to isothermal decom- 
L position of austenite at 68°F (20°C) 


= tdtal isothermal austenite decomposition = 125 X 10 at 68 °F (20 °C) 
t = aging time in days at 68°F (20°C) 
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Fig. 8—Decomposition of Retained Austenite During 1t-Hour 
Tempering Treatments at 68 to 500 °F (20 to 260 °C). 


Fig. 9 shows the correspondence of the data to the log log plot 
and demonstrates that the equation fits quite well. However, the 
equation cannot be employed to predict the austenite behavior at 
room temperature after tempering because the “f”’ value is pro- 
foundly affected by the stabilization that accompanies the tempering 
treatment. This is to be contrasted with the case of martensite in 
which the “a” value is not altered by tempering. Therefore, austenite 
decompositions are not additive like martensite decompositions. 

It is interesting to note from Fig. 8, that the transformation 
rate of retained austenite on tempering changes abruptly at about 
400 °F. At the higher temperatures, the transformation product is 
undoubtedly bainite (13), and this leads to the possibility that, under 
400 °F, small amounts of another constituent may form isothermally. 
It is conceivable that this constituent is martensite. 

Preferred Orientation—All of the data discussed thus far were 
obtained on rod stock. Longitudinal sections disclosed a normal 
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Reaction Rate of Retained Austenite at 68°F 
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Fig. 9—Decomposition of Retained Austenite at Room 7 


perature Fitted to the Equation log log 





= g log t + log ——. 
2.3 


degree of fibering in the as-received material, and transmission Laue 
photograms indicated some preferred orientation. It was desirable, 
therefore, to find out if this rolling texture would affect dimensional 
stability. Accordingly, specimens were cut parallel and transverse 
to the rolling direction from a plate of the same ball-bearing steel. 
This plate was designated as the R steel, and Table I shows that its 
composition matches quite closely that of the J steel. 

Fig. 10 offers a comparison of the dimensional stability of speci- 
mens both parallel and transverse to the rolling direction. Although 
the divergence between the two as-quenched specimens may seem 
significantly large at first glance, it must be emphasized that consid- 
erable scatter is to be expected even among duplicate specimens in 
the as-quenched condition. As will be shown later, very slight dif- 
ferences in quenching practice could easily account for the difference 
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Fig. 10—The Effect of Rolling Direction on the Length Changes Observed in 
Wendened Steels on Aging at Room Temperature After Various Treatments. 
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Fig. 11—The Effect of Interrupting the Quench at 125 °F (51°C) on the 
Lene Changes Observed on Aging at Room Temperature. 


shown in Fig. 10. This is consistent with the fact that the J steel, 
which comes from the rod stock, seems to match the transverse speci- 
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men, instead of the parallel specimen as would be normally expected. 

A similar transverse and parallel pair of specimens was tem- 
pered for 1 hour at 300 °F (150°C) and Fig. 10 indicates no sig- 
nificant difference between them and the rod stock in dimensional 
stability. Specimens were also refrigerated to —321 °F (—195 °C) 


RS 


1550°F -Quenched 
as Indicated 


oc into Oil at 68°F7 1.0 


% Austenite Transformed at 68°F 





! 10 100 1000 10,000 
Aging Time - Hours at 68°F 


Fig. 12—The Effects of an Interrupted Quench and of Rolling Direction on the 
Decomposition of Retained Austenite on Aging at Room Temperature. 


immediately after quenching, and again the behavior on aging at 
68 °F (20°C) seems quite independent of fabrication direction. 

On the whole, the effects of directionality do not appear to be 
important in this investigation. From the general behavior of speci- 
mens parallel and transverse to the direction of rolling, the dimen- 
sional characteristics studied here evidently reflect volume changes 
caused by phase reactions. Yet, this is a much more critical test 
than direct specific volume determinations or simultaneous measure- 
ments of length and diameter of a given specimen. 

Interrupted Quenching—The conditions of quenching may have 
a profound effect on dimensional stability. To illustrate this, a set 
of transverse and parallel specimens from the ball-bearing steel plate 
stock (R steel) was quenched from 1550°F (845 °C) into oil main- 
tained at 125°F (50°C), held for 5 minutes in the oil to make cer- 
tain that the specimens were uniformly at that temperature, and 
then cooled in air to room temperature. Fig. 11 illustrates the rela- 
tive changes in length of these specimens on aging at room tempera- 





1948 DIMENSIONAL STABILITY OF STEEL 747 


400° 500° F 
300° 350°F 


K Steel (1.07C) 


1450°F- Water Quench 
Tempered | Hr. at 
Temperature indicated 





| 10 100 1000 10,000 
Aging Time - Hours at 68°F 
Fig. 13—Dimensional Changes in K Steel at Room Temperature for Steels 
Which Have Been Tempered for 1 Hour at Temperatures from 68 to 500 °F (20 


to 260°C). All specimens were austenitized at 1450 °F (790°C) for 30 minutes 
and contained 6% retained austenite after the quench. 
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Fig. 14—Contraction at Room Temperature for K Steel Which Has Been Sub- 
cooled to —321 °F (—195 °C) Immediately After the Quench and Tempered for 
1 Hour at Temperatures from 68 to 500 °F (20 to 260 °C). All specimens were 
austenitized at 1450 °F (790°C) for 30 minutes and were essentially 100% mar- 
tensite plus carbides after the refrigeration treatment. 
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ture. Considerably more initial expansion takes place than in speci- 
mens quenched directly to room temperature, and upon subtracting 
the appropriate martensite components plotted in Fig. 10, it is seen 
from Fig. 12 that the austenite transforms more rapidly after the 
interrupted quench than after the customary oil quench. 

In commercial heat treating, it is not uncommon to arrest the 
hardening quench to room temperature (for example, as in mar- 
tempering), and this practice may have appreciable effect on the 
type of dimensional instability under consideration here. 


PLAIN CARBON Too. STEEL 


A plain carbon tool steel,- steel K, was studied in a duplicate 
fashion to provide a direct comparison with the ball-bearing steel. 
Figs. 13 and 14 show the effect of tempering on the as-hardened 
and refrigerated steel. Although this steel retains more austenite 
on water quenching from 1450°F (790°C) than does the ball- 
bearing steel on being oil-quenched from 1550 °F (845°C) (6% 
versus 4%), the martensite shrinkage is somewhat faster because of 
its lower alloy content. Hence, Fig. 13 does not exhibit the initial 
expansion which was evident in Fig. 2 for the ball-bearing steel. 
Table V shows the hardness after each tempering treatment. 


Table V 
Hardness After Tempering 





K Steel (1.07 C) : 
Austenitizéd 1450 °F, 30 minutes, water-quenched 


-————-Hardness—Rockwell C————_—_, 
uenched, Refrigerated 


Tempering Temperature Quenched and Immediately to —321 °F 
°F (1 Hour) Tempered and Tempered 

68 65.8 67.2 
150 66.5 68.0 
200 67.1 68.0 
250 65.2 68.1 
300 64.3 67.3 
350 63.7 65.8 
400 63.3 63.4 


500 62.0 59.3 


Exactly the same analysis for the martensite contraction was 
used as in the case of the J steel, and Table VI shows that fairly 
good correspondence is obtained between the calculated and the 
observed dimensional stability for the specimens containing essen- 
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Table Vi 
Contraction of Martensite 





K Steel (1.07 C) 
Austenitized 1450 °F, 30 minutes, water-quenched and refrigerated immediately to —321 °F. 


j Yioo — Shrinkage 
After Further Aging 














100 


Shrinkage on at 68 °F for 100 Days, 
‘ Tempering Equivalent —AL 
Tempering —AL ays at —— X 10-* 
Temperature wy: str <x 10-8 68 °F L 
°F (1 Hour) L (Calculated) Measured Calculated 
68 25 0.0417 490 491 
150 260 10.0 250 243 
200 670 322. 65 49 
250 1160 2,710. 17 11 
300 1350 4;990. 10 7 
350 1515 8,010. 5 8 
400 1640 11,100, 3 5 
500 1850 18,600. 2 5 
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Fig. 15—-Decomposition of Retained Austenite at Room Temperature for K 


Steel Which Has Been Tempered for 1 Hour at Temperatures from 68 to 500 °F 
(20 to 260 °C). 


tially 100% martensite. The equation for the contraction of mar- 
tensite in this steel is: 


6000 
log log { ————— } = 0.280 log t — 1.99126 .......... Equation 11 
6000 — y 


The greater rate of martensite contraction is reflected in the coeffi- 

cient “‘b’’ which is 0.280 for the plain carbon steel and 0.200 for the 

ball-bearing steel under the respective heat treating conditions. 
The austenite transformation on aging the K steel at room 
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temperature after various tempering treatments is shown in Fig. 15. 
These curves were obtained in the same manner as those in Fig. 7 
for the J steel. The plain carbon curves do not exhibit the same 
tendency to flatten out as the alloy curves, but stabilization still takes 
place quite rapidly as a result of tempering. As in the J steel, tem- 
pering of the K steel decomposes small, though definite, amounts of 
austenite below 350°F (175°C). At higher temperatures, the 
normal austenite decomposition (into bainite) sets in quite rapidly, 
as shown in Figs. 16 and 17. 

A comparison of the austenite decomposition and stabilization 
resulting from tempering is given in Table VII. The fraction of the 
retained austenite remaining after tempering decreases very slowly 
on tempering up to 350 °F (column 3), but such tempering causes a 
pronounced decrease in the subsequent austenite decomposition on 


Table VII 
Decomposition and Stabilization of Retained Austenite 


K Steel (1.07 C) 
Austenitized 1450 °F, 30 minutes, water-quenched 





L 
6% total retained austenite (total possible = 840 * 10-%) 


1 2 3 4 5 
Measured Total Observed 
Austenite Expansion 
Decomposition of Austenite 
During 3 in 200 Days 
Tempering* Fraction of at 68 °F % of Tempered 
Tempering AL Retained | AL Austenite Left 
Temperature — xX 10° Austenite Remaining -— X 10° After 200 Days 
°F (1 Hour) . After Tempering = at 68 °FT 
32 5 0.994 at — 
68 20 0.975 128 84.4 
100 25 0.970 ery ee 
150) 30 0.964 70 91.3 
200 40 0.952 28 96.7 
250 80 0.905 8 $9.1 
300 80 0.905 5 99.3 
350 85 0.899 5 99.4 
400 170 0.797 0 100.0 
500 670 0.202 0 100.0 


*Taken from smoothed curve in Fig. 17. 
*This is a measure of stabilization. 


aging at 68°F (column 4) and a corresponding increase in the 
amount left after 200 days (column 5). For example, after tem- 
pering for 1 hour at 250 °F, as much as 0.9 of the retained austenite 
(or 5.4%) is left. Yet the stabilizing effect has been so potent that 
99% of this remainder survives a 200-day aging period at room 
temperature. 
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It is significant that the austenite transformation vs. tempering 
curve in Fig. 17 has the same general shape as that of the J steel 
in Fig. 8, and lends further weight to the hypothesis that the low 
temperature reaction may differ fundamentally from the well-known 
decomposition that occurs during the second stage of tempering (12) 
in the approximate range of 400 to 600 °F (205 to 315 °C). 

Basically, both steels conform to the same pattern of dimen- 
sional behavior, and lead to identical conclusions. 


CONCLUSIONS 


This investigation on a plain carbon and low alloy gage steel 
has shown that the kinetics of the martensite and retained austenite 
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Fig. 17-—Decomposition of Retained Austenite During 1- 
Hour Feanesing Treatments at 68 to 500°F (20 to 260 °C). 


decompositions can be studied by observing the dimensional changes 
which occur in variously tempered specimens as they age at room 
temperature. 

Martensite decomposes at room temperature and the attendant 
contraction proceeds along a basic curve which can be described in 
terms of an empirical equation. Tempering produces further decom- 
position of the martensite and a corresponding contraction. The 
subsequent decomposition on aging at room temperature merely con- 
tinues where the tempering leaves off. Hence, the equation can be 
used to predict the course of martensite shrinkage at room tempera- 
ture after any given preshrinkage by tempering. 

Retained austenite decomposes isothermally at room tempera- 
ture and during tempering to produce an expansion. The nature 
of this transformation appears to be the same over the range of 
68 — 350/400 °F (20 — 175/205°C), but changes abruptly above 
350/400 °F where the second stage of tempering occurs. Although 
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the amount of austenite converted by tempering below 350/400 °F is 
small, the remaining austenite becomes stabilized against subsequent 
transformation at room temperature. The higher the tempering 
temperature, the greater is the reluctance of the remaining austenite 
to decompose isothermally at room temperature. 

The dimensional stability of these gage steels depends upon the 
relative amounts of martensite and retained austenite and their rates 
of transformation. Accordingly, the dimensional instability may 
appear as growth or shrinkage or one followed by the other, depend- 
ing upon the opposing contributions of the two reactions. 

The dimensional changes observed here are volume phenomena, 
and do not depend on fabrication direction of the steel. However, 
arresting the hardening quench above room temperature appears to 
have a significant influence upon the behavior of the retained aus- 
tenite, and hence on the dimensional characteristics. 
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DISCUSSION 


Written Discussion: By L. D. Jaffe, metallurgist, Watertown Arsenal 
Laboratory, Watertown, Mass. 

Both the brief derivation given in this paper, and a general considera- 
tion of the kinetics of reaction and growth,” indicate that the coefficients 
b and g of Figs. 5 and 9 should be between 1 and 4. The authors find 
b =0.20 and g= 0.50, so a discrepancy between the experiments and 
simple theory is evident. 

It may be of interest that I have observed a similar discrepancy 
between experiment and simple theory in attempting to fit the general 
equation for nucleation and growth (which has the form of Equation 6) 
to data* on the temper brittleness of steel. The transition temperature 
from ductile to brittle failure in a notched-bar impact test was used as a 
measure of the extent of reaction. The value of the exponential coeffi- 
cient (corresponding to b of Equation 6) was found to be approximately 
0.25, again less than the theoretical minimum of 1. 

The authors observe that more retained austenite transforms in a 
given time at room temperature after an interrupted quench than after a 
direct quench. This may simply arise from the fact that there is more 
retained austenite to begin with after the interrupted quench. There 
seems no need to conclude that austenite transforms “more rapidly” 
after an interrupted quench. 

Written Discussion: By W. E. Bancroft, chief metallurgist, Pratt & 
Whitney Division, Niles-Bement-Pond Co., Hartford, Conn. 

The authors are to be complimented on a very excellent presentation 
of a most important study. The factual data and mathematical calcula- 
tions developed in this paper can form the basis for much more intelligent 
and effective treatment of tool steels in order to obtain maximum stability 
at room temperature. 





2M. Avrami, “Kinetics of Phase Change. I1—-Transformation-Time Relationships for 
Random Distribution of Nuclei,” Journal of Chemical Physics, Vol. 8, 1940, p. 212-224. 


8G. Vidal, “Temper Brittleness of Chromium, Molybdenum, and Tungsten Steels,” 
Revue de Metallurgie, Vol. 42, 1945, p. 149-155. 





1948 DISCUSSION—DIMENSIONAL STABILITY OF STEEL 755 


To my mind the outstanding feature of this paper is the demonstra- 
tion of the apparent uselessness of a. subzero treatment in furthering 
dimensional stability, at least under the conditions of this investigation. 
According to the figures and curves in the paper, the removal of austenite 
by cooling actually results in greater contraction over a period of time 
due to the decomposition of martensite without any opposing influence. 

This situation is difficult to reconcile with the fact that practically all 
treatments which have heretofore been publicized or recommended for 
promoting stability in tool steels have been based upon one or more 
subzero treatments. Furthermore, such treatments have been effective. 
Precision gages given so-called “artificial seasoning” treatments involving 
subzero cooling have proven more stable over periods of several years 
than any of the specimens covered by this report except some of those 
which were tempered to fairly low hardness. Probably the explanation 
lies in the many differences which may exist between commercial heat 
treatment and the intentionally simplified treatment used by the authors. 
If, for example, in commercial practice the work were tempered or held 
at room temperature for a period of time before the subzero treatment, 
some austenite would remain after cooling to transform at room tempera- 
ture and offset the effect of martensite decomposition. Then, the effect 
of tempering time must be considered. The authors have apparently 
intentionally avoided mention of this factor, but it may well be that longer 
tempering times or multiple temperings would have a most powerful 
effect in promoting stability. We have frequently observed that the 
amount of contraction which occurs during tempering is proportional to 
the time of tempering. This must have the same effect as tempering at a 
higher temperature; i.e., bringing the work to a point where the rate 
of martensite decomposition is greatly diminished. 

Returning to the paper itself, one point does not seem quite clear. 
Why is it that if the equations and the curve for the rate of decomposi- 
tion of martensite are based on a total contraction of 6000 microinches 
per inch, Table III shows that the calculated shrinkage in 100 days 
becomes zero after a tempering treatment which has caused a shrinkage 
of only 620 microinches per inch? 

Written Discussion: By Henry Hubbell, assistant metallurgist, Fafnir 
Bearing Co., New Britain, Conn. 

The authors are engaged in an investigation that has already dis- 
closed much practical information, for which they are to be highly com- 
mended. This paper is an excellent and concise presentation of the 
isothermal contraction of martensite, and the expansion due to the trans- 
formation of austenite, but Figs. 10, 11 and 12 seem to contradict the 
opinion expressed in the text that “. . . the effects of directionality do 
not appear to be important in this investigation”. They show that the 
length increases of samples cut parallel to the rolling direction are con- 
sistently less than those of samples cut transversely. Under such con- 
ditions it seems difficult to undertake any sort of quantitative study 
using a dimension in only one direction. Fig. 10 shows the growth of 
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the sample made from rod stock (J Steel) to be approximately equal 
to the sample cut transversely from the plate, and the apparent incon- 
sistency is explained by possible differences in the quench. Could this 
be explained by differences in manufacturing history, such as reduction 
of area, as well as by the quenching variations that are mentioned? 

The effect of interrupting the quench by using oil at 125°F is very 
important to industry because the use of hot oil is common. It is hoped, 
therefore, that the authors wiil conduct further research on this subject, 
as well as on the importance of directionality. 


Authors’ Reply 


As Mr. Jaffe points out, the coefficients of Equations 8 and 10 lie 
well below the values of 1 to 4 predicted by simple theory. However, 
it is not surprising that the decomposition of martensite does not follow 
a first-order reaction on the one hand or a constant nucleation rate-con- 
stant growth rate equation on the other. The same is undoubtedly true 
for the temper brittleness reaction studied by Mr. Jaffe. 

The increased rate of austenite decomposition at room temperature 
after arrested hardening compared to a direct quench cannot be explained 
by the greater amount of austenite in the former case (14% versus 11%). 
The rate of austenite decomposition following arrested hardening is ap- 
proximately twice that after a direct quench, whereas the ratio of aus- 
tenite contents is only 1.3. Hence, the change in austenite content can 
account for only a part of the noted increase in decomposition rate. 

The practical observations of Mr. Bancroft are most welcome. The 
commercial use of subzero treatments for obtaining dimensional stability 
seems to be well established, despite the fact that subcooling was not 
found necessary for good stability after the austenitizing and tempering 
treatments studied here. Actually, these results are easy to reconcile 
with practical experience because the present paper was concerned pri- 
marily with the fundamental nature of the dimensional changes rather 
than with securing maximum stability in some particular instance. As 
the amount of retained austenite is increased, the expansion effect due 
to isothermal austenite decomposition begins to predominate over the 
contraction effect due to martensite decomposition, and the need for 
cold treatment becomes more apparent. If the austenite content of the 
as-hardened steel is low, then the steel tends to shrink on aging, and cold 
treatment intensifies this shrinkage because most of the residual aus- 
tenite is thereby converted. However, high austenitizing temperatures, 
martempering and arrested hardening all lead to increased amounts of 
retained austenite, and some conversion by cold treatment becomes neces- 
sary to avoid an over-all expansion during aging. Our examination of 
commercially hardened parts known to “grow” during aging has invari- 
ably shown considerably larger amounts of austenite than found with 
laboratory austenitizing and quenching directly to room temperature. 

The present paper lays the groundwork for assessing the value of 
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cold treatment in obtaining dimensional stability. Clearly, because of 
the need of balancing the opposing effects of spontaneous austenite and 
martensite decomposition, we can now visualize that subcooling may be 
(a) beneficial because it converts part of an excessive amount of austenite, 
(b) detrimental because it converts part of a minor amount of austenite, 
or (c) inconsequential because it converts very little austenite on account 
of stabilization by prior tempering or room temperature aging. 

The time of tempering was not investigated as a separate variable 
because it was not expected to reveal any new phenomena, over and 
above those shown by variations in the tempering temperature. It may 
be safely predicted that prolonged tempering will have the same effect 
as tempering at a higher temperature for a shorter time. 

Mr. Bancroft’s query relative to Table III is explained by the mathe- 
matical nature of Equation 9. A tempering treatment which produces a 
martensite shrinkage of 620 microinches per inch is equivalent to room 
temperature aging for 54,400 days. Obviously, aging for 100 days more 
at room temperature should make but little difference, and accordingly 
the calculations indicate an exceedingly small shrinkage which is best 
rounded off at “zero” in Table III. If the aging were continued indefi- 
nitely at room temperature, the shrinkage would theoretically approach 
6000 microinches per inch, but the times required would be astronomical. 

In reply to Mr. Hubbell, our best evaluation of the directionality 
effect is that the present results cannot be construed to demonstrate a 
significant difference in the dimensional behavior of the parallel and 
transverse directions. It must be emphasized that the differences re- 
ported here were found with an extremely sensitive method, applied to 
hardened steels in states of extreme dimensional instability. However, 
Mr. Hubbell’s concern with this problem is well-taken, and further studies 
of directionality effects are under way. The associated influence of the 
degree of reduction from ingot to the final stock is unknown. 








ee eee ee i UCU Uc 
oes 


i 





ACICULAR TRANSFORMATIONS IN ALLOY STEEL 


By E. A. Lorta anv H. D.. SHEPHARD 


Abstract 


Data of a fundamental nature have been obtained 
regarding the acicular structure occurring within the in- 
termediate isothermal transformation range of two partic- 
ular alloy steels containing appreciable amounts of a num- 
ber of carbide-forming elements, sufficient to make one of 
them (steel A) slightly hypereutectoid below the upper 
nose of its TTT-diagram. The acicular transformation in 
this steel 1s unique tn that the primary carbon-rich plate 
constituent first forms by a lattice shearing process and 
then undergoes a slow but complete change in structure 
after long holding periods at temperature. 

The results demonstrate that alloy steel A passes 
through three structural changes on isothermal trans- 
formation. The initial precipitate, a carbon-rich plate 
constituent formed by a lattice shearing process, is really 
a transition structure which decomposes or tempers i 
various stages on further isothermal transformation. Dur- 
ing the second stage, there is a diffusion of carbon-rich 


constituent from the outer skin of the plate resulting in 


the formation of thin fibers and the nucleation of ferrite 
grains in these areas of the outer skin. On further iso- 
thermal transformation, the diffusibility of the carbon in 
the skin of the plate will cause the carbon to diffuse out 
of a growing ferrite grain into the surrounding austenite 
matrix, where the free energy for carbon is lower. The 
third stage consists of the complete change to a new type 
of transformation product—an irregularly shaped ground 
mass which is a confused aggregate of ferrite and carbide. 
Subsequent transformation results in the continued growth 
of these carbide-ferrite aggregates in the remaining aus- 
tenite. The resulting microstructure is quite similar to 
the fully developed acicular ferrite obtained in the lower 
part of the intermediate range in hypoeutectoid steel B. 

The nature of the acicular structure in alloy steel B 
has been studied to determine if a basis of comparison 
could be drawn with that observed in steel A. In con- 
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trast, the primary precipitate is acicular ferrite containing 
entrapped particles which are revealed as carbide and 
austenite (martensite on quench). The data show that 
the primary carbon-rich plate in steel A is really a transi- 
tion product which tempers in stages on further isothermal 
transformation into a ferrite-carbide aggregate, resem- 
bling the fully developed acicular ferrite obtained in the 
lower part of the intermediate range in steel B. 


INTRODUCTION 


N the metallographic examination of various alloy steels several 

investigators have reported the occurrence of unusual types of 
acicular structure within the intermediate isothermal transformation 
range. These intermediate acicular structures have been divided 
into two species on the basis of their microscopic appearance: a light 
etching, generally elongated constituent which forms not far below 
the pearlitic temperature range; and a dark-etching, acicular struc- 
ture which resembles tempered martensite but which has been identi- 
fied as carbide in the recent studies by Lyman and Troiano (1)? and 
Klier (2).- In alloy steels, in the upper bainite range, the light etch- 
ing so-called acicular ferrite was observed by Jolivet (3) as a trans- 
formation product in hot-quenched chromium-molybdenum and 
nickel-chromium-molybdenum steel, while Davenport (4) designated 
it as X constituent in hot-quenched chromium-molybdenum steel. 
However, little was known of the isothermal transformation of 
austenite containing large amounts of both carbon and various alloy- 
ing elements in this intermediate range until the recent factual study 
by Hultgren (5) on the metallographic and rate characteristics of a 
number of alloy steels. 

The acicular types of structure are observed within the bainite 
range of transformation. Concerning the nature of bainite and its 
mechanism of formation, most investigators have deduced that bain- 
ite is first formed as a supersaturated solution of carbon in alpha 
iron which is later decomposed through precipitation of carbide (6) 
to (9). Mehl (10) introduced the subdivision concept that “upper” 
bainite is formed as an aggregate of ferrite and cementite nucleated 
by ferrite, whereas, “lower” bainite is formed by a lattice shearing 
process. Greninger and Troiano (11). suggested that austempered 


1The figures appearing in parentheses pertain to the references appended to this paper 
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products are formed as aggregates, not as single-phase products. 
Not much more is known concerning the mechanism of reactions 
of this type and the difficulty lies in devising experiments that will 
furnish new basic information on the nature of these products. 

Consequently, it is evident that both fundamental and practical 
considerations point to the desirability of research on the nature of 
the acicular structure in alloy steels. The present investigation is 
confined solely to two particular alloy steel compositions with the 
view of shedding further light on the fundamental character of the 
acicular structure in these steels. 


EXPERIMENTAL PROCEDURE 


The compositions of the steels investigated are given in the 
following tabulation: 


Steel Cc Ni Cr Mo Mn Si Vv P Ss 
A 0.60 2.75 1.25 0.50 0.60 0.30 0.12 0.035 0.024 
B 0.59 et 1.06 0.54 0.96 0.28 0.12 0.032 0.022 


Steel A contains appreciable amounts of nickel, chromium, molyb- 
denum, and manganese, whereas steel B is a chromtum-molybdenum- 
manganese steel. The action of special elements in shifting the 
eutectoid point to the left in the iron-carbon equilibrium diagram 
was described by Sauveur (12) and classified in the following 
order of increasing influence in reducing the amount of carbon in 
the eutectoid: nickel, chromium, tungsten, molybdenum, manganese, 
vanadium. Accordingly, it can be seen that the “carbon equivalents”’ 
of these elements are sufficient to make steel A hypereutectoid. 

The alloys were forged rounds of %-inch diameter. Thin disks 
about %-inch thick were used for isothermal studies. The specimens 
were austenitized at 1550 °F (845°C) in an atmosphere furnace for 
24 hours and quickly transferred to a salt bath held at +5 °F for 
the period desired and quenched in water. Their microstructure was 
studied at low and high magnification and the amount of every trans- 
formation product present estimated. The high magnification of 
2000 diameters was necessary to observe properly the changes in 
acicular structure reported in this paper. The etchant used was a 
modified picral solution containing 2 to 3 drops of hydrochloric acid 
to 100 ml. picral in order to differentiate the quick-etching constit- 
uents in the various microstructures. 
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EXPERIMENTAL RESULTS 


Alloy additions normally tend to separate the temperature ranges 
in which pearlite and bainite form, primarily by lowering the range 
in which bainite forms. The obvious consequence is that the trans- 
formation diagrams for such steels exhibit an upper and lower nose, 
or two temperatures of high reaction rate excluding consideration 
of the martensite reaction. The effect of various alloying elements 
on the rate of transformation of pearlite and bainite is graphically 
shown in the numerous transformation diagrams of alloy steels which 
have been published. In short, all such elements retard the pearlite 
transformation, except carbon and cobalt, which accelerate it. The 
bainite transformation also appears to be retarded in a varying de- 
gree by all alloying elements. 

As this study is only concerned with acicular structures which 
are observed in the bay and promontory of the TTT-diagram in two 
particular alloy steels, only brief comments pertaining to the other 
microstructures obtained at various temperature levels will be made. 
Because of the appreciable alloy content in steel A one would expect 
the upper nose of its TTT-diagram to be shifted markedly to longer 
times for transformation. This retardation phenomenon is accen- 
tuated with lowering transformation temperature, resulting in the 
formation of a bay in the zero curve and a “promontory” in the 
100% curve of the TTT-diagram. 

In steel A the acicular structure to be discussed is observed in 
the temperature range 750 to 925°F (400 to 495°C). Above 
925 °F (495°C) the structure developed was fine pearlite, the 
lamellar spacing of which increased with rising temperature of trans- 
formation. At temperatures below Ae, proeutectoid carbides were 
first precipitated, the end transformation structure containing large 
complex alloy carbides which appeared to have been nucleated on 
the surface of the small spheroids first formed. At temperatures 
below 750°F (400°C) quick-forming martensitic structures were 
observed which would necessitate the drawing of a plateau in the 
zero curve in the direction of much shorter times. To illustrate the 
changes occurring in the acicular structure of steel A with isothermal 
transformation, the temperature of 875 °F (470°C) has been taken 
as an illustration. 

At 875°F (470°C) the first evidence of transformation is ob- 
tained after a holding time of 48 hours (2 days). This primary 
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reaction product is the acicular structure shown in Fig. 1. The re- 
maining austenite has wholly transformed to martensite on quench- 
ing. At this particular temperature specimens quenched every few 
minutes up to the first hour did not show any trace of such a struc- 
ture. After the first hour at 875°F (470°C) a specimen was 
quenched every hour until the first evidence of transformation was 
obtained after a holding time of 48 hours. It is of interest to note 
that the total volume of this acicular product is quite small and that 
the structure resembles tempered martensite. Etching in modified 
picral stains the acicular structure and at the same time develops the 
matrix. Tentatively, thus, it may be stated that the acicular structure 
is carbon-rich and the matrix structure relatively carbon-poor. It is 
pertinent to mention that no dark-etching aggregate structure ap- 
pears in conjunction with the primary plates as Lyman and Troiano 
(1) have shown in their isothermal studies on 1% carbon, high- 
chromium steels. : 

After 96 hours (4 days) at 875 °F (470 °C) the acicular prod- 
uct has increased in quantity, but the significant aspect which is ob- 
served in Fig. 2 is the change occurring within some of the plates 
which were first formed in 48 hours (2 days). The acicular struc- 
ture appears to be fibrated and the primary plate has transformed 
(or tempered) to an outer skin which appears to be carbon-poor 
(light-etching ) and a more appreciable relatively carbon-rich (dark- 
etching) core. The thin fibers extend at a relatively constant angle 
of about 70 degrees from the primary plate which was formed in 48 
hours (2 days) at 875°F (470°C) and therefore bear a certain 
orientation relationship with the latter. It must be remembered that 
the now fibrated acicular structure has been subjected to an extreme 
tempering process, which can account for this feature. Of consider- 
able interest is the fact that these fibers readily link up with other 
primary acicular structures. Also in Fig. 2 it is evident that some 
of the smaller plates have already deteriorated into a more irregu- 
larly shaped, unresolvable ground mass. 

Fig. 3 portrays a significant change in the acicular structure 
after holding at 875°F (470°C) for 172 hours (8 days). Now 
most of the primary acicular structure has completely transcended 
into a new type of transformation product—an irregularly shaped 
ground mass which is grouped on planes corresponding to the origi- 
nal plates and which still retains a little of its former plate-like con- 
figuration. In Fig. 3 is illustrated the tendency for agglomeration 
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Fig. 1—Alloy Steel A Transformed at 875 °F for 48 Hours (2 Days). 


Modified picral etch. X 2000. 
Fig. 2—Alloy Steel A Transformed at 875 °F for 96 Hours (4 Days), 


Modified picral etch. x 2000. 
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Fig. 3—Alloy Steel A Transformed at 875 °F for 172 Hours (8 
Days). Modified picral etch. X 2000. 

Fig. 4—Alloy Steel A Transformed at 875 °F for 240 Hours (10 
Days). Modified picral etch. 2000. 
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Fig. 5—Alloy Steel A Transformed at 875 °F for 336 Hours (14 
Days). Modified picral etch. X 2000. 


and growth of three areas which were originally three acicular prod- 
ucts. The etchant reveals five distinct structures: a confused aggre- 
gate of ferrite and carbide in the transformation product; some 
fibers extending therefrom, a few primary acicular structures, and 
the austenite (martensite) matrix which still represents over 70% 
of the total microstructure. The dark unresolvable mass in the new 
transformation product is carbon-rich and still confined to the central 
portion of the still somewhat elongated aggregate product. 

Holding for 240 hours (10 days) at 875°F (470°C) causes 
further agglomeration and growth in the new carbon-rich and carbon- 
poor aggregates, as can be seen in Fig. 4. With the change in shape 
of the transformation product, the carbon-rich phase has been dis- 
persed to a greater extent. However, acicular plates are still in evi- 
dence in the martensite matrix. It appears that the carbon-rich 
fibers are still diffusing away from the growing ferrite-carbide ag- 
gregate into the surrounding austenite (martensite on quench). The 
matrix of the transformation product is the light-etching ferrite. 
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Fig. 5 represents the further growth of the new transformation 
product which is not unlike ferrite but has a “dirty” appearance be- 
cause of the light and dark-etching areas. Some of these dark areas 
show a resolvable structure consisting of minute carbide particles. 
Comparing Figs. 4 and 5 with Figs. 8, 9 and 11, the similarity in 
microstructure is quite evident and it is apparent that the isothermal 
transformation product of alloy steel A has developed into the same 
type of microstructure as was obtained initially in alloy steel B. Even 
after this long isothermal holding period of 336 hours (14 days) 
at 875°F (470°C) the transformation is only about 50% com- 
pleted, but the significant features of the acicular transformation 
process in steel A have been presented and holding for longer time 
periods would merely entail the further growth of the permanent 
transformation product in the austenite matrix. 

Finally, in regard to the location of the “promontory” or 100% 
curve for alloy steel A, a word of caution should be given. First, 
it must be remembered that microstructures obtained by quenching 
very small specimens in an isothermal transformation study may not 
be easily affected in practical heat treatment and that a direct corre- 
lation of microstructure in such small samples and in a commercial 
size section cannot always be made. In heavily alloyed steel A the 
accuracy of the 100% curve in the region of the “promontory” can be 
disputed because the completion of transformation may take months 
and even after such a lengthy time period there may be only an in- 
complete state of equilibrium between the transformation product 
and the remaining austenite. 

The isothermal transformation characteristics of alloy steel B 
in the same temperature range as in the case of alloy steel A will 
now be considered. The nature of the acicular structures to be pre- 
sented for steel B are representative of the temperature range 700 to 
925 °F (370 to 495°C). The microstructures in this temperature 
region were studied in order to determine if a basis of comparison 
could be drawn with those obtained in steel A. 

In Fig. 6, the primary precipitate on holding at 925 °F (495 °C) 
for 4 hours is shown. This light etching, generally elongated con- 
stituent (surrounded by a dark groundmass in the later stages of 
transformation) forms not far below the pearlitic temperature range. 
The light-etching, acicular structure which Davenport (4) observed 
in hot quenched chromium-molybdenum steel and designated as “X 
constituent” is now known to be acicular ferrite. The particles inter- 
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oar 6—Alloy Steel B Transformed at 925 °F for 4 Hours. Modified picral etch. 
x 


Fig. 7—Alloy Steel B Transformed at 875 °F for 2 Hours and Tempered at 700 °F. 
Modified picral etch. x 2000. 


ad oor 8—Alloy Steel B Transformed at 875 °F for 2 Hours. Modified picral etch. 
x 


war 9—Alloy Steel B Transformed at 875 °F for 8 Hours. . Modified picral etch. 
x 


spersed therein are revealed as carbides and entrapped austenite, 
which transforms to martensite on quenching. Tempering this struc- 
ture at 700°F (370°C) darkens the martensite matrix and the 
larger particles interspersed throughout the acicular ferrite trans- 
formation product are shown to be tempered martensite since they 


‘ 


ME Nat ck ae A an hI AE BT ARPT 


a 


eee ane’ 


PA te A NO I AMF or 8 








768 TRANSACTIONS OF THE A. S. M. Vol. 40 





a 10—Alley Steel B Transformed at 975 °F for 4 Hours. Modified picral etch. 
x : 


oun 11—Alloy Steel B Transformed at 700 °F for 6 Hours. Modified picral etch. 
x y 


are darkened in a like manner. The ferrite precipitates as_a mere 
plate_at first, then as it grows it entraps small islands of austenite 
and carbide within its boundaries. Also these entrapped particles 
assume a straight-line pattern within the columnar ferrite precipi- 
tate (Figs. 6 and 7). The carbon atoms of the austenite which 
transform into acicular ferrite have the choice of remaining dis- 
solved in the ferrite, of precipitating as particles of carbide, or of 
diffusing into the surrounding austenite. The relative softness of 
the light-etching constituent suggests the unlikelihood of the first 
possibility. Furthermore, on tempering the ferrite at temperatures 
just below the critical range, there is no evidence of carbide precipi- 
tation to indicate that appreciable carbon had been dissolved in the 
ferrite. The presence of occasional isolated carbides in the ferrite 
before tempering indicates that part of the carbide precipitates dur- 
ing the acicular transformation, but not in sufficient amount to ac- 
count for all of the carbon. It seems more probable, then, that most 
“of the carbon diffuses into the surrounding austenite at least during 
the early stages of the ferrite formation. Thus, the austenite pools 
and the carbide particles within the ferrite precipitate also represent 
an accumulation of carbon which will transform in the later stages 
to a dark etching carbon-rich constituent as presented in Figs. 9 
and 11. 
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Figs. 8 and 9 show the manner of transformation at 875 °F 
(470 °C) after 2 hours and 4 hours respectively. The change in the 
shape of the ferrite precipitate and its growth into more irregular 
form can be seen. Figs. 10 and 11 illustrate the degrees of trans- 
formation at high and low temperatures of formation. It is evident 
that there is an accumulation of carbon in the surrounding austenite 
during the formation of the acicular ferrite. This carbon build-up 
in the austenite accounts for its sluggishness in the later stages of 
transformation. Ultimately, however, the austenite residuum begins 
to decompose into an intimate ferrite-carbide aggregate which causes 
a dark-etching groundmass to emerge between the clear ferrite 
islands and obscure the final traces of austenite. In the upper part 
of the acicular range (Fig. 10) comparatively little carbon precipi- 
tates simultaneously with the ferrite, whereas in the lower part of the 
acicular range (Fig. 11) the carbon becomes entrapped in the grow- 
ing ferrite and precipitates in situ, thus causing a progressive dark- 
ening of the ferritic phase. 


DISCUSSION OF RESULTS 


The acicular transformation in slightly hypereutectoid alloy steel 
A is unique in that the primary carbon-rich plate constituent first 
forms by a lattice shearing process and then undergoes a slow but 
complete change in structure after long holding periods at tem- 
perature. The initial structure really decomposes or tempers down 
slowly in various\stages. First, there is a diffusion of* carbon-rich 
constituent from the outer skin of the plate, resulting in the forma- 
tion of thin fibers and the nucleation of ferrite grains in these areas 
of the outer skin. By their mode of occurrence it is quite likely that 
these fibers bear a certain orientation relationship with the primary 
plate from which they originated. The degree of decomposition 
within the primary acicular. precipitate is variable throughout the 
microstructure, while at the same time other such newly formed 
products make their initial appearance in areas of the hitherto un- 
reacted austenite matrix (martensite on quenching). After longer 
holding periods, the primary plate structure is changed completely 
to a new type of transformation product—an irregularly shaped 
groundmass which is a confused aggregate of ferrite and carbide. 
Because of the slow rates of diffusion of carbon and alloying ele- 
ments in steel A, segregation of the carbon-rich portion of the new 
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transformation product is still evident even after long holding peri- 
ods at temperature. Further isothermal transformation results in 
the continued growth of these carbide-ferrite aggregates in the re- 
maining austenite. The resulting microstructure is quite similar to 
the acicular ferrite initially formed in hypoeutectoid alloy steel B, 
the degree of completion of which is solely dependent on the trans- 
formation temperature and diffusion phenomena. There is no sub- 
sequent change in the nature of the acicular structure in steél B. 
The metallographic evidence demonstrates that this elongated con- 
stituent contains short lines of austenite (martensite on quench) and 
carbide of the same direction within a unit or group of units. More 
complete transformation results in the growth of these units into a 
more rounded appearance and the diffusion of carbon-rich constit- 
uents throughout the ferrite-carbide aggregates. 


The opinion has been expressed that the primary acicular pre- 
cipitate in alloy steel A forms by a shearing mechanism. This con- 
clusion is based solely on the observation that plates appeared fully 
formed after a certain critical “incubation™period. However, after 
further holding at temperature, new plates made their appearance 
in other areas of the unreacted austenite matrix, which presents a 
direct conflict with the well-known concept that shear-type trans- 
formations (such as martensite) do not form at an isothermal rate. 
To turn again to the bainites, it should be remembered that the 
mechanism of formation is far less understood than that of pearlite. 
Whether bainite forms by nucleation and growth, like pearlite, or 
by a shearing mechanism, like martensite, is not wholly clear. Photo- 
micrographic studies by Smith and Mehl (13) indicated but did not 
conclusively prove the former. The observation was also made that 
the rate of formation of bainite is not affected by austenite grain 
size nor alloy content. Both grain size and alloy content have a 
pronounced effect on the rate of formation of pearlite, so the ques- 
tion naturally arises, if bainite forms by nucleation and growth, why 
is not the rate affected markedly by these variables? It is, of course, 
possible, as suggested long ago by Davenport (4), that the nuclei of 
bainite do form by shear, like martensite, with each plate austem- 
pering readily, allowing the process to proceed in simulation of ar 
orthodox nucleation and growth process. This suggestion is highly 
speculative, and a direct experiment is much to be desired. Several 
investigators—Lange and Mathieu (14), Wever and Mathieu (15), 
and Scott (16)—have thought that bainite is tempered martensite, 
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the formation of martensite being preceded and made possible by 
precipitation of cementite and attendant lowering of the carbon con- 
tent of the austenite. According to Hultgren (5), this hypothesis 
cannot explain the formation of bainite generally ; but if it is to have 
any application, it ought to be in a high carbon steel where the precip- 
itation of cementite is difficult to suppress. To this inference may be 
added the possibility that an alloy steel which contains an appreciable 
amount of alloying elements which will confer a high “carbon equiv- 
alent” to its regular carbon composition will act in the same manner. 

The rate studies made within the intermediate transformation 
range for alloy steel A indicate the possibility of the nucleation of 
the primary acicular structure by a shearing process. Metallograph- 
ically it is seen that the subsequent changes in this carbon-rich 
constituent on austempering occurs mainly by separate carbide and 
ferrite reactions proceeding simultaneously. The difference in the 
transformation behavior between steels A and B is believed to lie 
in the “alloy enrichment”’ of the carbon concentration in the austenite 
of the former which leads to the initial precipitation of a carbon-rich 
plate instead of acicular ferrite. According to Zener (8), if the 
concentration of strong carbide-forming elements is sufficiently large, 
the carbide nucleus that forms will not be cementite, but will be a 
special carbide with a lattice structure different from that of ce- 
mentite. The growth of the carbide grain resulting from such a 
nucleus will be slow, for it will be dependent upon diffusion of the 
alloying elements. The growth will be sufficient, however, to elimi- 
nate completely the original site as a potential nucleation site for 
cementite. If the steel is maintained at the transformation tempera- 
ture for a sufficiently long period of time, the carbon-rich precipitate 
occurs in plate-like distribution. On further isothermal transforma- 
tion, the diffusibility of the carbon in the skin of the plate will cause 
the carbon to diffuse out of a growing ferrite grain into the sur- 
rounding austenite matrix, where the free energy for carbon is lower. 
During the final stages of isothermal transformation the individual 
plates will gradually spheroidize or “temper” into an‘aggregate of 
cementite and ferrite, the end product resembling the intermediate 
transformation product obtained in steel B. 


SUMMARY 


An isothermal transformation study in two particular alloy steels 
has been made to ascertain the nature and mode of formation of the 
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acicular structure found within the intermediate transformation 
range. The selected steels contained appreciable amounts of a num- 
ber of carbide-forming elements, sufficient to make one of them 
(steel A) slightly hypereutectoid below the upper nose of its TTT- 
diagram. The difference in the intermediate transformation be- 
havior between steels A and B is believed to lie in the “alloy enrich- 
ment” of the former which leads to the initial precipitation of a 
carbon-rich plate instead of acicular ferrite. 

The acicular transformation in slightly hypereutectoid alloy steel 
A is unique in that the primary carbon-rich plate constituent first 
forms by a lattice shearing process and then undergoes a slow but 
complete change in structure after long holding periods at tempera- 
ture. The initial structure really decomposes or tempers slowly in 
various stages. First, there is a diffusion of carbon-rich constituent 
from the outer skin of the plate resulting in the formation of thin 
fibers and the nucleation of ferrite grains in the areas of the outer 
skin. By their mode of occurrence it is apparent that these fibers 
bear a certain orientation relationship with the primary plate from 
which they originated. The degree of decomposition within the 
primary acicular precipitate is variable throughout the microstructure 
while at the same time other such newly formed products make their 
initial appearance in areas of the hitherto unreacted austenite. After 
longer holding periods the primary plate structure is changed com- 
pletely to a new type of transformation product—an irregularly 
shaped groundmass which is a confused aggregate of ferrite and 
carbide. Further isothermal transformation results in the continued 
growth of these carbide-ferrite aggregates in the remaining austenite. 

The acicular structures in hypoeutectoid alloy steel B have been 
established as a series of transformation products which are initiated 
by ferrite nucleation and which form below the pearlitic range. In 
contrast to steel A, the primary precipitate is the light-etching acic- 
ular ferrite. The entrapped particles, which assume a nearly straight- 
line pattern within the columnar ferrite precipitate, are shown to be 
carbide and austenite (martensite on quench). The completion of 
the reaction is temperature dependent—as the temperature is lower, 
more precipitate is formed. In the upper part of the acicular range, 
comparatively little carbon precipitates simultaneously with the fer- 
rite, whereas in the lower part of the acicular range, the carbon be- 
comes entrapped in the growing ferrite, and precipitates in situ, thus 
causing a progressive darkening of the ferritic phase. 
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The results demonstrate that the primary acicular structure in 
steel A is really a transition structure which decomposes in stages 
on further isothermal transformation into a ferrite-carbide aggregate, 
resembling the fully developed acicular ferrite obtained in the lower 
part of the intermediate range in steel B. 
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DISCUSSION 


Written Discussion: By L. D. Jaffe, Watertown Arsenal, Watertown, 
Mass. 

Mr. Loria mentions the observation that bainite plates appear fully 
formed as evidence that they form by a shearing mechanism. However, 
a possible alternative explanation is: the plates form by a process of 
nucleation and growth in which the rate of growth is high relative to the 
rate of nucleation. Additional reasons for assuming such a relationship 
of nucleation and growth rates are explained in a forthcoming paper.* 


Authors’ Reply 


The authors are pleased to learn that a forthcoming paper by Mr. 
Jaffe will explain the mechanism of the bainite transformation on the 
basis of nucleation and growth theory. The rate of nucleation and the 
rate of growth of pearlite have been measured for plain carbon eutectoid 
steels and cobalt steels but no data have been yet published for pearlite 
in alloy steels, nor for proeutectoid ferrite nor for bainite in plain carbon 
and alloy steels. Of considerable interest will be Mr. Jaffe’s results on the 
effect of austenite grain size and alloy content on the formation of bainite 
by nucleation and growth. 





*L. D. Jaffe, ‘“‘Anisothermal Formation of Bainite and Proeutectoid Constituents in 
Steels,” A.I.M.E. Technical Publication 2290. Metals Technology (in press). 





INFLUENCE OF METALLURGICAL FACTORS ON 
THE MECHANICAL PROPERTIES OF STEEL 


By S. A. Herres AND C. H. Loric 


Abstract 


Data are presented to illustrate the individual influ- 
ences of the following metallurgical conditions on the 
strength and toughness of steel: nonmetallic inclusions, 
austenite decomposition products, austenite grain size, 
and various precipitations which occur during tempering. 

For steels fully hardened by quenching and not sub- 
jected to any form of tempering embrittlement, the 
strength-toughness data are plotted as a scatter-band of 
width determined by the amount, distribution, and direc- 
tionality of nonmetallic inclusions. The influences of im- 
complete quench-hardening or of tempering at tempera- 
tures where secondary hardening occurs are shown to be 
very detrimental to toughness. 

Data were obtained which indicate that, in the ab- 
sence of grain boundary precipitates, or envelopes, tough- 
ness is not markedly affected by a large increase in aus- 
tenitic grain size. It was found that the addition of 
nitride-stabilizing elements did not affect the susceptibility 
to temper brittleness of several steels. 


NE of the principal aims of the steel metallurgist is to establish 

correlations between metallurgical conditions controlled by 
processing and the resultant mechanical properties of steel. The 
following discussion gives results obtained in several series of ex- 
periments carried out during the war period at Watertown Arsenal 
Laboratory and Battelle Memorial Institute. 

At the outset, it was recognized that (a) amount, type, and 
distribution of nonmetallic inclusions, (b) amount, type, and distri- 
bution of carbides, (c) grain size, and (d) certain precipitation- 
hardening reactions had very important influences on the mechanical 
properties of steel. The test data indicate that certain generalities 
commonly used to account for the above variables are valid, but that 
others are indirect and sometimes misleading. 





A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The authors, S. A. Herres 
and C. H. Lorig, are associated with Battelle Memorial Institute, Columbus, 
Ohio. Manuscript received June 2, 1947. 


775 








776 TRANSACTIONS OF THE A. S. M. Vol. 40 


A few words are needed on the significance of the mechanical 
properties considered in this discussion. At present, metals are speci- 
fied not in terms of fundamental characteristics such as elastic limit, 
rate of strain hardening, and fracture strength at a given plastic 
deformation, but by such values as ductility, yield point, and ultimate 
strength in the tensile test, indentation hardness, and energy absorbed 
during fracturing a notched-bar impact specimen at a given testing 
temperature. 

Tensile ductility measurements (elongation or reduction of area 
percentages) have been shown to be insensitive to large variations 
in steel quality and to be misleading in representing the behavior of 
steel where fracture may occur with little or no deformation (1).’ 
The effects of residual stresses present in rapidly cooled and untem- 
pered steels and the upper yield point behavior present in varying 
degree in most medium strength constructional steels, and influenced 
by such factors as test bar finish and rate of loading, make yield 
strength one of the least exact properties of steel. Except for very 
special design purposes, these measurements of tensile ductility and 
yielding have not been shown to be important and will not be empha- 
sized in this discussion. 

The ultimate strength in the tensile test, except for very brittle 
materials, occurs after considerable general deformation and the 
fracture after even more local deformation. It must be realized that 
tensile strength represents only the condition of failure after rela- 
tively free deformation. Indentation hardness measures resistance 
to a certain amount of plastic deformation and correlates nicely with 
tensile strength (except for materials which are brittle in tensile 
tests). Conversions between strength and hardness which are accu- 
rate within normal testing variations are available and “approximate” 
tensile strength may be obtained from hardness measurements. 

The load-bearing capacity of steel often depends on the ability 
to resist stress under service conditions where plastic deformation is 
more restricted than it is in the tensile test. Such conditions are 
produced by (a) local stress concentrations associated with notches 
or sharp changes in section, (b) low temperatures at time of loading, 
and (c) rapid rates of loading (2). 

Notched-bar impact tests over a series of testing temperatures 
provide an arbitrary measure of the toughness or ability of steel to 
resist fracture under conditions of great restriction on deformation. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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In short, tensile strength or equivalent hardness indicates the 
ultimate load-bearing ability of steel after free deformation, and 
results of notched-bar impact tests, at suitable testing temperatures, 
indicate whether or not the steel will be subject to severe loss in load- 
bearing ability when stressed under conditions which prevent free 
deformation. The latter characteristic is of great importance for such 
applications as armor and large welded structures. 

Additional qualities involved when evaluating steels for special 
applications requiring resistance to corrosion or elevated temperature 
service are not considered in this discussion. 

The following sections provide data on the specific influences 
of several metallurgical variables on the strength and notched-bar 
impact toughness of steel. 


SOUNDNESS 


The lack of soundness (i.e., presence of porosity, shrinkage 
voids, cracks formed during casting or welding) is obviously detri- 
mental to strength and toughness of steel. Such defects reduce the 
load-carrying area and introduce stress concentrations. The lower 
the inherent toughness of the steel, the more severe will be the effect 
of such stress concentrations. 


AMOUNT, TYPE, AND DISTRIBUTION OF NONMETALLIC INCLUSIONS 


Sims and collaborators (3), (4) have shown the important in- 
fluence of complex sulphide inclusions upon the toughness of cast 
steel. When the oxide content of steel is relatively high, the solu- 
bility of sulphides is low, and they precipitate as globules (Type I). 
When the oxide content is reduced by addition of critical amounts 
of aluminum or other strong deoxidizers, the solubility of sulphides 
is increased, and they precipitate as a eutectic at the dendrite bound- 
aries (Type II). If the aluminum addition (zirconium but not 
titanium appears to have a similar effect) is in excess of that re- 
quired for deoxidation, complex sulphides are formed which have 
low solubility and precipitate as large angular inclusions (Type III). 

Lorig and co-workers (5) have shown that with high additions 
of aluminum, another precipitate, which they proved to be aluminum 
nitride, may precipitate not at the dendrite boundaries, but at the 
boundaries of the large primary grains which may each contain sev- 
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Table I 
Influence of Aluminum Additions on Impact Resistance of a Cast Steel 


Charpy V-Notch 





-——Impact Values———. 

—————Chemical Composition, Per Cent Re 

Ingot Al -——Ft-Lbs——._ Hard- 

No. Cc Mn Si Ss P Ni Cr Mo Added +70°F -—40°F ness 

i 0.23 1.33 0.39 0.017 0.010 0.50 0.80 0.22 0.00 = = 27.5 
4 

2 ast eek REE Beked)” acess om ie gee che 30 27 26.5 
30 29 

3 ipacn Rea uucata leet wits a ciate gS ad a ns 5) ws eacniaa Ao ac 55 47 26.0 
58 36 

4 260: tease. eae cevenseed echt. Eke ates See 50 50 25.0 
55 55 

5 bi eke hate ba nad Rett Oaks ae ha ae ete Cie: ba Se he eee 48 46 24.5 
50 48 

6 EVEN eae. Se Rael Eb eas mds we ive? Dees, wallets eee 51 42 25.5 
53 40 

7 0.20 1.15 0.46 0.015 0.010 0.53 0.79 0.24 0.75 15 7 24.5 
10 12 

Heat Treatment ... 1600°F, 2-hour water quench 


. 1150°F, 2-hour water quench 





eral dendrites. The aluminum-nitride constituent appears to precipi- 
tate as small plates during cooling of the solid steel from 2200 to 
1500 °F (1205 to 815 °C). 

To investigate the quantitative effect of the type inclusion as 
affected by aluminum content, a heat of steel was poured into 7 
ingots with progressively increased aluminum additions as shown by 
the chemical analyses of Table I. Charpy V-notch impact specimens 
were prepared from identically heat treated samples of each ingot. 
Results of these tests are also given in Table I. It is evident that 
low-impact values were obtained for a critical small aluminum addi- 
tion and again with a relatively large aluminum addition. The 
former corresponds with the formation of eutectic (Type II) sul- 
phide, and the latter with the appearance of aluminum-nitride pre- 
cipitate. 

From other data it is generally apparent that higher sulphur 
contents increase the severity of the eutectic sulphide effect, and 
higher nitrogen contents cause the aluminum-nitride inclusion to 
appear with smaller aluminum additions. 

The elongation and lining up of nonmetallic inclusions during 
forging or rolling operations imparts pronounced directional prop- 
erties to steels. Porosity or shrinkage voids which are incompletely 
welded up during rolling or forging have similar effects. Both tensile 
ductility and notched-bar impact toughness are decreased for speci- 
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mens taken transverse to the direction of working and are increased 
for specimens taken parallel to the direction of principal rolling or 
forging elongation. In steels with large amounts of nonmetallic in- 
clusions, an extreme effect of split fractures in notched-bar impact 
specimens taken parallel to the rolling direction may give meaning- 
less high toughness values (Fig. 1). The mechanism of such split 
fractures is illustrated by the photomicrograph of Fig. 2. 





Fig. 1—Split Fractures of Longitudinal V-Notch Charpy, Im- 
pact Specimens. 


Table II 


Influence of Directional Effects on V-Notch Charpy Impact Values of 0.25 to 0.40% 
Carbon Medium-Alloy Steels, Quenched and Tempered 








Charpy Ft-Lbs, +70°F 





te 


Tensile Specimen Transverse Specimen Parallel 
Strength, to Principal to Principal 
psi Rolling Direction Rolling Direction 
34 67 
137,500 35 64 
Straightaway 36 70 
Rolled Steels* 142,000 37 71 
| 43 75 
134,000 44 76 
54 62 
Cross-Rolled 132,000 49 61 
Steels* 44 46 
155,000 47 45 
Cast Steel Charpy Ft-Lbs at +70°F 
53 
As Cast 110,000 56 
Same Steel Forged from 2 x 3 4%-Inch 
Section to %-Inch Square Bar** 110,000 102 
122 


*Notch parallel to plate surface. 
**Test, therefore, on specimen parallel to direction of working. 
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Fig. 2—Photomicrograph Showing Nonmetallic Inclusion Which Caused a Split 


Fracture in a Longitudinal V-Notch Charpy Impact Specimen. X 750. (Hurlich.) 


V-Notch Charpy impact Resistance Ft-Lb 












T-Straightaway rolled plate - Specimens 
taken transverse to rolling direction 

—— L-Straightaway rolled plate - Specimens 
taken longitudinal to rolling direction 

+-Cross rolled plate- Specimens taken 

longitudinal to principle rolling direction 

*- Forged bars-Specimens taken longitudinal 

to forging direction 
Circled points indicate tests made at -40°F 












0 
100 ©6120 140 160 I80 200 220 240 260 280 
Tensile Strength, 1000 psi 


Fig. 3—Correlation of Strength and Impact Values for Steels Fully Hard- 
ened and Not Subjected to Embrittlement During Tempering. 
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Table II illustrates the effect of directionality on toughness for 
a few steels, and Fig. 3 shows the effect of directionality on tough- 
ness over a wide range of tensile strengths. In order to take proper 
account of directionality and importance of clean steel and good cross 
rolling practice, it is apparent that rolled steels should be tested by 
specimens taken transverse to the principal rolling direction unless 
advantage is actually to be taken of the directional properties during 
service. The example in Table II should make clear the misuse of 
bars which have been subject to large forging reductions as repre- 
sentative of cast or rolled steel. 

The above principles account for the important influence of 
nonmetallic inclusions on the properties of steels; but the quantitative 
effects will be dependent upon the amount of inclusions, the direc- 
tional properties on the degree of forging or rolling reduction, and 
the influence on toughness will vary with strength level according 
to the trends illustrated in Fig. 3. 


AMOUNT AND DISTRIBUTION OF CARBIDES 


Austenite Transformations. The response of steel to heat treat- 
ment and the control of strength and toughness thereby are due 
principally to the influence of amount and distribution of carbides, 
and are made possible by the fact that above 1330°F (720°C) iron 
undergoes a change (allotropic) in lattice structure and tends to 
take carbon in amounts up to 1.7% (for pure iron-carbon alloys) 
into a solid solution, austenite. On cooling below 1330 °F (720°C), 
the iron reverts to a ferritic lattice structure in which carbon has a 
low solubility (0.035% at 1330°F and less than 0.008% at 
+70°F) (2). 

The constitution of iron-carbon alloys at various temperatures 
under conditions of infinitely slow cooling is given by the equilibrium 
diagram. An important feature of this system is the presence of an 
austenite solid-solution eutectoid at 0.83% carbon (in pure iron- 
carbon alloys, but somewhat lower carbon contents when alloys or 
impurities are present). With either less or more carbon than the 
eutectoid, temperatures higher than 1330°F (720°C) are required 
to obtain complete solid solution of the excess (proeutectoid) ferrite 
or iron carbide (cementite), and the excess constituent also tends 
to separate out during slow cooling. 

When uniform austenite solid solutions are cooled at rates 
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faster than those required to maintain equilibrium conditions, the 
transformation of austenite may be suppressed considerably below 
the equilibrium transformation temperature. In addition to the pro- 
eutectoid constituent (which may separate with relatively slow rates 
of cooling), there are three essentially different products of austenite 
decomposition to be recognized : 

1. Pearlite. Austenite transformation within the temperature 
range of 1300 to 1000°F (705 to 540°C) is a process of growth 
of ferrite and carbide in a characteristic structure of alternate 
lamellae (6). Within the pearlite transformation range, the higher 
the temperature of transformation the greater the spacing between 
lamellae and the greater their thickness. Very fine pearlite which is 
difficult to resolve under the microscope, at ordinary magnification, 
is often called nodular troostite. 

2. Bainite. Austenite transformation within the temperature 
range of approximately 1050 to 750°F (565 to 400°C) results in 
structures which appear to consist of ferrite precipitated along par- 
allel planes with carbides present as chains of spheroids between the 
planes (7). There appears to be a similarity between bainite and 
Widmanstiatten structures, and in low-carbon steels. where ferrite 
predominates, the two names are sometimes used synonymously (8). 

3. Martensite. When steel is cooled at a rate too rapid for 
transformation to pearlite or bainite, austenite transformation occurs 
on cooling below approximately 750 °F (400°C). This transforma- 
tion to martensite, as described by Carpenter and Robertson (2) and 
Greninger and Troiano (9) involves no diffusion and is independent 
of cooling rate. It begins at a temperature which is higher the lower 
the carbon and alloy content of the steel and progresses on further 
cooling (also during mechanical deformation). Thermal stresses 
produced by quenching appear to have a marked influence in accel- 
erating or retarding martensite formation, depending upon whether 
they are tensile or compressive, respectively, and to account for 
anomalous observations of the martensite reaction in experiments 
involving pieces of various size or shape.” 

Martensite microstructures have a characteristic acicular appear- 
ance because the reaction, which results in a volume increase, takes 
place progressively upon variously oriented crystallographic planes 
in the austenite and the remainder of the untransformed austenite 
must suffer some shear deformation. Martensite which forms at a 


2Since the transformation of austenite to ferrite involves expansion, tensile stresses 
would be presumed to promote the reaction and compressive forces to retard it. 
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Fig. 4—Ranges of Stability, Persistence, and Decomposition of 
Austenite. Carpenter and Robertson (2). 


relatively high temperature may be tempered immediately and ap- 
pear as a dark-etching constituent which is often called “lower bain- 
ite,” an apparent error in nomenclature. 

Retained Austenite and Proeutectoid Constituents. Fig. 4 
shows in a very general way the effect of increasing carbon and 
alloying elements on the decomposition of austenite (2). It is ap- 
parent from this diagram that with sufficient carbon and/or certain 
alloys (e.g., Mn, Ni, N) persistent austenite may be obtained after 
quenching to room temperature. Even in relatively low alloy steels, 
appreciable amounts of austenite may be retained in segregated alloy- 
rich areas. Retained austenite may subsequently transform to mar- 
tensite upon cooling to subatmospheric temperatures or during me- 
chanical working, to pearlite or bainite during tempering, or to mar- 
tensite upon cooling after tempering. 

The proeutectoid reaction is one of diffusion and approaches 
equilibrium only when the rate of cooling is relatively slow. The 
maximum amount of excess ferrite or carbide which can separate 
depends upon how far the composition of the austenite is below or 
above the eutectoid composition. Both constituents in noneutectoid 
steels tend to form at the austenite grain boundaries, but ferrite 
forms more irregular envelopes than carbide. 

Influence of Carbide Distribution on Strength of Untempered 
Steels—In the absence of retained austenite or undissolved carbides, 
the relation between carbon content, microstructure, and strength is 
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Fig. 5—Approximate Tensile Strength Obtainable for Steels in Various Heat 
Treated Conditions as a Function of Carbon Content. 


as shown in Fig. 5. The maximum strength and hardness is a func- 
tion of carbon content and is obtained when the steel is fully mar- 
tensitic. Bainitic structures are of intermediate strength and pearlitic 
of lowest strength. For a uniform pearlitic or bainitic structure, the 
lower the temperature of transformation the finer the carbide dis- 
tribution and the greater the strength. Thus, a continuous family 
of structures and mixtures of structures with any strength level be- 
tween the limits fixed by carbon content are possible in any steel. 

Influence of Carbide Distribution on Toughness. The toughness 
of steel reasonably sound and free from stringers and segregations 
of nonmetallic inclusions is largely controlled by the amount, form, 
and distribution of carbides. For a given microstructure (form and 
distribution of carbides), strength increases as carbon content in- 
creases, and toughness decreases. For a given strength level, how- 
ever, toughness behavior varies between two characteristic extremes 
depending upon the form and distribution of the carbides. 

Steels with pearlitic microstructures (lamellar carbides) show a 
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Table Ill 
Comparison of Tensile Properties, Notched-Bar Impact Values, and Notched-Bar Bend 
Loads of Steel Made Tough by Quench and Temper; Brittle, by Normalize and Temper 


a Chemical Analysis—- -————_—_________ 
Mn P Ss Si Mo Al-killed 


0.26 1.68 0.013 0.021 0.24 0.33 B-treated 
\-inch-thick cross-rolled plate. 





Heat Treatment 





1600 °F Water Quench 1600 °F Air-Cooled 
1200 °F Air-Cooled 1140°F Air-Cooled 
Tensile Strength, psi at 
+ 70°F 130,600—131,600 122,000—122,800 
—110°F 153,200—157,000 138,000—138,000 
—319°F 188,200—188,200 110,000—160,000° 
Reduction of Area, % at 
+ 70°F 62.0—63.0 58.5—58.5 
—110°F 56.7—58.1 54.1—54.1 
—319°F CEng ere on as 
Elongation, % at 
+ 70°F 20.7—20.7 20.0—19.3 
—110°F 21.4—20.7 19.3—20.7 
—319°F ee BS ie OU ee 
Charpy V-Notch Impact!—Ft-Lbs at 
+212°F 50—54 21—14 
70°F S5—55 8— 6 
RS coke) We? eed Ma RIZE eo ate Hm. do Rae cls el 3— 4 
— 40°F 55—55 3— 3 
—100°F Seeee Se SS A SS. See 
Bend Load?, Lbs. at 
+ 70°F 31,500 23,000 
— 40°F 32,000 21,000 


iBars transverse to principal direction of rolling; notched perpendicular to plate surface. 


2Bars %-inch wide, 1 %-inch deep, with V-notch 0.08-inch deep and 0.002-inch radius, 6-inch 
breaking span; single load center of span, notch on tension side. 


*Broke in threads at grip. 








Table IV 
The Effect of Bainite on V-Notch Charpy Values 

Microstructure? Brinell® -——V-Notch Charpy Values*,4é —— 

Treatment! Before Tempering Hardness R.T. 0°F —40°F —80°F 
Water-quenched® wrt martensite 242 62.5 61 60.5 61.5 
10,000 sec. at 800 °F® 40% bainite 243 65 60.5 56.5 $1.5 
1,000 sec. at 750°F5 65% bainite 247 54 52 40 27.5 
1,000 sec. at 650°F$ 80% bainite 243 63 56.5 56 53.5 
Water-quenched® 100% martensite 248 68.5 59 59 55.0 
10,000 sec. at 800°F® 50% bainite 240 65 56.5 38 29.5 
1,000 sec: at 750°F® 65% bainite 243 60 51.5 29 19.5 
1,000 sec. at 650°F* 90% bainite 247 60 56.5 54 43.5 


1Austenitized for 20 minutes at 1700°F. 
2Balance of structure was martensite. 


SHardness and Charpy values were determined after tempering. Tempering temperature 
was adjusted to give a final hardness of 240-250 Brinell. All specimens were water-quenched from 
the tempering temperature. Tempering temperatures were sufficiently high that temper brittle- 
ness should not have been involved under these conditions. 

‘Average of three specimens. 

5Composition was 0.27% C, 1.50% Mn, 0.75% Cr, 2.09% Ni, 0.49% Mo. 

‘Composition was 0.28% C, 2.14% Mn, 0.65% Cr, 0.49% Mo. 
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marked decrease in toughness as judged by notched-bar impact re- 
sults at low testing temperatures, while steels with uniform sphe- 
roidal carbide distribution show a gradual decrease in toughness as 
the testing temperature is lowered. 

An illustration of this difference was obtained for the 0.26% 
carbon steel of chemical analysis given in Table III. Samples of 
this steel were compared after two different heat treatments: water 
quench and temper which produced a tempered martensitic ~micro- 
structure, and air cool and temper which gave a pearlitic micro- 
structure. Even though the strength level of the tempered mar- 
tensitic structure is slightly higher, its notched-bar impact toughness 
is far superior as shown by the results given in Table III. Tensile 
ductility, as indicated by elongation and reduction of area values, of 
the pearlitic microstructure was maintained at low testing tempera- 
tures, until —319°F (—195°C), when the bar broke brittlely in 
the grips where the threads provided notches. In impact tests with- 
out notches the steel with pearlitic microstructure deformed with- 
out fracture at —110°F (—79°C) but shattered without deforma- 
tion at —319°F (—195 °C), while the steel with tempered marten- 
sitic microstructure deformed without fracture at —319°F 
(—195 °C). 

In a series of tests of notched bars with slow rates of loading, 
the steel with pearlitic microstructure fractured brittlely with little 
deformation at testing temperatures of +70 and —40°F, while 
the steel with tempered martensitic microstructure showed continued 
deformation even during fracturing. Bend loads for four of the 
fractured bars are given in Table III. It appears that, as the notch 
severity is increased or the temperature of loading is decreased, a 
condition of stress concentration is reached which equals the frac- 
ture strength of the undeformed steel of low toughness and a crack 
then occurs limiting the load-carrying ability. A steel of higher 
toughness under a similar stress condition is able to deform plasti- 
cally slightly, distributing the load more uniformly and increasing 
the load-carrying ability. This would seem to explain the practical 
importance of toughness in steel structures which may be subjected 
to nonuniform loading conditions. ; 

Very low carbon steels which have been cooled very slowly (so 
that austenite transformation occurs at a high temperature and car- 
bides are partially spheroidized during cooling) have high toughness 
with low strength. Medium carbon steels (0.20 to 0.35%) which 
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have been cooled rapidly to produce a uniform martensitic structure 
have high toughness at the maximum strength level obtainable for a 
given carbon content. For example, a 0.26% carbon, Ni-Cr-Mo low 
alloy steel when water-quenched from 1600°F (870°C) to obtain 
a fully martensitic structure of Rockwell C-50 hardness had over 
30 ft-lbs Charpy V-notch impact resistance at +70°F and over 20 
ft-lbs at —100°F testing temperatures. Similar results have been 
obtained for other low alloy steels in the fully hardened condition 
(see Table V), the exact level of impact resistance being largely 
dependent upon the distribution of nonmetallic inclusions as deter- 
mined by steel cleanliness and rolling or forging practice. 

The same steels, in the air-cooled condition with an incom- 
pletely hardened, pearlitic, microstructure of less than Rockwell C-30, 
show much lower impact values in room temperature tests, and the 
impact value falls off to 2 to 5 ft-lbs if the testing temperature is 
lowered to —40 °F. 

As shown in Fig. 5, the hardness of either quenched or slowly 
cooled steel tends to increase with carbon content. The toughness 
correspondingly decreases. 

Steels with bainitic microstructures are intermediate in tough- 
ness value, for a given strength level, to steels with tempered mar- 
tensitic or pearlitic microstructures. This is illustrated. by the test 
results given in Table IV. Two alloy steels were isothermally treated 
to develop considerable amounts of bainite in the structure, then 
tempered and compared with other specimens originally water- 
quenched to produce fully martensitic microstructures. The tem- 
pering temperatures were adjusted to give approximately the same 
strength in all specimens. At testing temperatures of +70°F and 
0 °F, the presence of bainite resulted in only a slight loss in notched- 
bar impact values. At testing temperatures of —40 and —80 °F, 
there was a marked loss in impact value for the bainitic steels. The 
results also indicated that low temperature bainite (formed at 650 
°F) was less detrimental than bainite formed at higher temperatures. 


These results have been discussed in greater detail by Rosenthal and 
Manning (10). 


ALLOYING ELEMENTS 


In small sections, plain carbon steels may be cooled at rates 
which will produce a fully martensitic structure. However, the de- 
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Table V 
Hardness and Impact Results in Relation to Grain Size 
Austenitiz- Water- Oil- Air- 
ing Grain —Quenched*—~ -—Quenched*— -——Cooled?——. 
Tempera- Size Hard- Hard- Hard- 
Steel ture, ASTM ness, Impact’, ness, Impact*, ness, Impact’, 
Chemical Comp. °F No. Re Ft-Lbs Re  Ft-Lbs Re  Ft-Lbs 

0.27 C, 1.79 Mn 1600 8 49.5 19 47.5 27 28.0 14 
0.26 Si, 0.29 Mo 1800 7 to6 50.5 22 48.5 29 29.0 8 
Al killed 2000 4to3 49.0 17 47.0 32 29.0 6 
B treated 2200 2tol 47.5 20 58.0 30 26.0 8 
Rolled 14” plate 

0.26 C, 1.33 Mn, 1600 8 50.5 33 48.5 34 38.5 28 
0.22 Si, 0.80 Cr, 1800 6to4 51.0 33 47.0 37 37.5 21 
0.66 Ni, 0.20 Mo 2000 4 49.5 31 47.0 42 31.5 9 
Al killed 2200 DOS @2. caus es 47.5 36 26.0 9 
B treated 

Rolled 14” plate 

0.26 C, 0.89 Mn, 1600 7 48.5 14 .0 17 35.0 21 
0.71 Si, 0.67 Cr, 1800 5to4 49.0 13 .O 16 30.5 il 
0.29 Mo, 0.09 Zr 2000 3to2 49.0 16 48.0 18 28.0 8 
Al killed 2200 2to-—1 48.0 13 ow 21 27.0 6 
B treated 

Rolled 14” plate 

0.40 C, 0.84 Mn, 1600 8to7 .O 3 56.5 9 28.5 12 
0.23 Si, 0.55 Cr, 1800 5to4 60.5 7 57.0 9 29.5 6 
0.48 Ni, 0.22 Mo 2000 2 59.0 2 57.0 7 28.0 4 
Al killed 2200 2to —1 8.5 3 56.0 9 28.0 7 
Rolled 14” plate 

0.29 C, 1.70 Mn, 1600 8 50.0 7 50.0 8 29.0 il 
0.55 Si, 0.43 Cr, 0.16 Mo 1800 7 an.8 6 50.0 13 28.5 10 
Al killed 2000 5to4 51.5 6 49.0 13 26.5 12 
Cast 144” plate 2200 3to2 50.5 6 48.5 13 27.0 8 


'P and S all less than 0.03%. 
2Oil and water-quenched, heat treated as Charpy bars. Air-cooled as -inch-square bars. 
‘Charpy V-notch specimens notch perpendicular to plate surface. 


creased rate of cooling* in larger sections restricts the full hardening 
of plain carbon steels and only that part of the steel near the surface 
will be transformed to martensite. 

Certain elements (alloys) when added to steel increase the time 
necessary to start and complete transformation of austenite to pearl- 
ite or bainite and thereby increase the hardenability or depth: of 
hardening. They may also depress the temperature for beginning 
of transformation to martensite. 

From a large number of experimental data, Grossmann has cal- 
culated the effects of the usual elements found in steel (11) upon 
hardenability. The results of these calculations, presented as a set 
of graphs, provide a convenient tool which has attained considerable 
usage as a means of approximately predicting mechanical properties 
of steel from chemical composition. 

Recently it has been recognized that certain alloy elements may 


8Limited by thermal conductivity of steel as well as surface-to-volume ratios which 
affect rate of heat abstraction. 
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slow down the transformation of austenite to pearlite without mate- 
rially affecting the transformation to bainite structure (12). A re- 
finement of the Grossmann calculation system to enable prediction 
of both pearlitic and bainitic hardenabilities is, therefore, being at- 
tempted by several investigators. 

There is no real evidence that alloying elements in amounts 
normally used in low or medium alloy constructional steels (less 
than 10% total alloy) have any effect on strength or toughness be- 
yond that of producing greater hardenability and, thereby, influ- 
encing carbide size and distribution. In fact, when the toughness- 
strength characteristics of a large number of different alloy steels of 
0.20 to 0.40% carbon are compared as in Fig. 3, the results fall into 
a scatter band principally determined by directional properties and 
cleanliness and no individual alloy types show any consistent advan- 
tage. Extensive investigations by Janitzky and Baeyertz (13) and 
by Patton (14) first brought out this important fact. Earlier data 
which showed superiority for one or another alloy type were a result 
of comparison with steels which were not initially fully hardened, 
or which were subjected to tempering embrittlement. 


GRAIN SIZE 


In addition to chemical composition, the Grossmann system (11) 
takes into account one additional variable in calculating harden- 
ability. This variable is grain size and its effect on hardenability in 
these calculations is large. Each time a steel is heated and trans- 
formed to austenite, a new, fine, austenitic grain size is formed. 
With increased austenitizing temperature and, to a lesser extent, with 
increased time at temperature the austenitic grains coarsen, but it 
has been found practical by the addition of small amounts of alu- 
minum or certain other elements to inhibit the rate of coarsening of 
the austenitic grain. The grain size used in Grossmann’s calculations 
is the austenitic grain size at the time of hardening, regardless of 
whether or not the steel has been made inherently fine-grained by 
melting practice. 

If the correlation between calculated hardenability and meas- 
ured hardenability were always good, any controversy over the use 
of the grain-size factor would be of academic interest only. But 
several recent investigations have disclosed large discrepancies be- 
tween calculated and measured hardenability. Fig. 6 is a striking 
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Observed ideal Critical Diameter 


Wrought Melting Practice Cast 


Basic -Fully Oxidized, Blocked 

Acid - Fully Oxidized, Blocked 

Basic- Fully Oxidized, Blocked, Reducing Slag 
Acid - Fully Oxidized, Blocked, Si Reduced 
Basic-Fully Oxidized, Not Blocked 

Acid - Fully Oxidized, Nat Blocked 

Basic- Partially Oxidized, Blocked, Reducing Slag 
Acid - Partially Oxidized, Blocked 
Basic-Induction Furnace 


x*F7aon vr? @dvdaooae 
wary ar@edree 


Fig. 6—Comparison of Ideal Critical Diameters, Calculated from Analy- 
sis Using Grossmann’s Factors, With Those Derived from End-Quench 
Data. Lorig et al. (15). 


example of such lack of correlation as found by Lorig and co-work- 
ers (15). It was concluded as a result of this investigation that: 


“Certain factors, unknown at present, had a decided effect on 
hardenability. This was exemplified by heats of almost identical 
composition differing considerably in end-quench hardenability. 
In general, cast steels were lower in hardenability than their 
companion wrought steels, the difference averaging about ™% 
inch in the ideal critical diameter. ...... ...... the scattered 
results were sufficient to require the use of a direct hardenability 
test as the only sure means of evaluating the hardenability of 
the individual steels.” 


It is apparent that the hardenability of steel may be affected by 
factors not entirely defined by chemical composition and grain size 
established at the hardening temperature. The evidence available 
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from studies such as described above has led to the opinion that 
prior processing, particularly the amount of mechanical working at 
and rates of cooling below temperatures within the austenite-trans- 
formation range, may be responsible for the unexplained discrep- 
ancies in hardenability prediction (16). 

Data have been cited by Mehl (6) to show that the rate of 
growth of pearlite, once transformation from austenite has been ini- 
tiated, is independent of austenite grain size and also of those varia- 
bles in steelmaking practice which influence rate of coarsening of 
austenite grain. Hence, it is evident that the effect of grain size 
upon hardenability is principally one of rate of nucleation of pearl- 
ite. In the absence of carbides undissolved during the austenitizing 
treatment, pearlite nucleation usually occurs at the austenite grain 
boundaries, and the coarser the grain size the less the*total grain 
boundary surface in a given volume of steel. However, the data 
which Mehl cites indicate that the number of nuclei per unit of 
grain boundary area are greater in fine-grained steels than in the 
same steels with coarsened grain. It appears quite possible that this 
behavior could be explained by a common agent which influences 
both rate of austenitic grain growth and rate of nucleation of pearlite. 

The increase in hardenability, apparent with increase in grain 
size, should indicate that both strength and toughness should im- 
prove, at least under conditions where the same steel fine-grained, 
would not be hardened throughout. However, it has been believed, 
generally, that the toughness of steel decreases as the grain size 
increases. Table V gives results of hardness and room temperature 
impact tests on four rolled and one cast steel after austenitizing at 
normal and elevated temperatures followed by water quenching, oil 
quenching, or air cooling. It is apparent that, for the fully hard- 
ened (water or oil-quenched) steels, there is no tendency for impact 
resistance to decrease as grain size is increased. 

However, unless.the steel is fully transformed to martensite, 
grain boundary networks of fine pearlite or proeutectoid constituents 
may cause intergranular fractures and poor toughness.. The use of 
fracture tests on as-quenched specimens for grain-size determina- 
tion depends on this behavior. The air-cooled (incompletely hard- 
ened) specimens of Table V tend to decrease in impact resistance as 
the grain size is increased. Recently, Grossmann (17) has illustrated 
the occurrence of intergranular failures and the loss in notched-bar 


‘Particularly effective for high-carbon tool steels which may have carbide envelopes 
at the austenite grain boundaries. 
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toughness of hardened steels which contain ferrite precipitated at 
the prior austenite grain boundaries. 

When steels with carbon higher than about 0.30% are dras- 
tically quenched, brittleness is encountered. It appears probable that 
this brittleness is caused by very large transformation stresses which 
ultimately cause visible ruptures (micro-cracks) in the martensitic 
grains when the carbon is above about 0.60% (18). Such stresses 
(and micro-cracks) increase with the severity of quench, depression 
of martensitic reaction temperature (M, point, which is lowered by 
increased carbon content), and austenitic grain size. They may ac- 
count for the lower toughness of water-quenched as compared with 
oil-quenched bars in Table V, particularly when the austenitizing 
temperature is high and a coarse austenite grain size is developed. 

It migft be expected that retained austenite would improve the 
impact resistance of steels in the as-quenched condition, but there 
is no real evidence that the small amounts of retained austenite in 
low alloy steels have any effect on toughness. Since more austenite 
is retained on oil quenching from a high austenitizing temperature 
than on water quenching, it might be assumed that retained austenite 
had a beneficial effect on toughness of the 0.25% carbon steel, oil- 
quenched from 2200°F (1205°C). To check this, duplicate bars 
were immersed in liquid nitrogen immediately after oil quenching to 
transform any retained austenite. This treatment had no effect on 
hardness or Charpy impact value. 


INFLUENCE OF INCOMPLETE AUSTENITIZATION ON STRENGTH 
AND TOUGHNESS 


When a steel is incompletely austenitized because of low tem- 
perature or insufficient time at temperature, high alloy austenite 
islands may be present in a matrix of ferrite and large spheroidized 
carbides. During quenching, the austenite islands transform to 
martensite and, if tempered at a high temperature, the toughness of 
the steel may be high. However, if there is a large differential in 
strength of the ferrite and martensite areas, depending upon the 
relative amounts of each constituent and, particularly, if either struc- 
ture tends to form a continuous network, the toughness may be poor. 
The situation is obviously complicated by carbon content, harden- 
ability, and prior microstructure (2). The influence of all these 
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Hardness and Notched-Bar Impact Values for Two Steels Austenitized Within the 
intercritical Temperature Range 








Cooled Cooled Cooled Cooled Cooled Cooled 
from from from from from from 
-—1300 °F—~ -—1350 °F -—1400 °F =, -—1450 °F— -—1500 °F— -——1550 °F—~ 
Steel Steel Steel Steel Steel Steel Steel Steel Steel Steel Steel Steel 
1 2 1 2 1 2 1 2 1 2 i 2 
Air-Cooled 
Charpy —Ft-Lbs 48 30 44 18 12 10 21 21 
Hardness, Rc 18 24.5 19.0 29.0 26.5 31.0 29.5 39.5 
Air-Cooled and 
Tempered 
Charpy —Ft-Lbs 45 69 86 66 36 35 70 61 
Hardness, Rc 3.5 47.5 13.3. 390 21.3. 78 23.3: 26.5 


Water-Quenched 
Charpy —Ft-Lbs 43 4.0 9 8 8 9 8 16 29 22 30 20 


Hardness, Rc 21 44.0 39.5 47.0 40.5 46.0 42.0 50.0 41.0 51.5 44.5 49.0 
Water-Quenched 


and Tempered 
Charpy —Ft-Lbs 41 56 37 54 69 51 70 50 
Hardness, Rc awe 82.5 BS HS ee 28.5 28.0 28.0 


Steel 1 —0.26% C, 0.89% Mn, 0.013% P, 0.026% S, 0.71% Si, 0.67% Cr, 0.29% Mo, 0.09% 
Zr; 1 %-inch-thick rolled steel. 


Steel 2 —0.27% C, 1.79% Mn, 0.017% P, 0.025% S, 0.26% Si, 0.04% Cr, 0.29% Mo; 1%- 
inch-thick rolled steel. 


Heat treated in 0.5-inch square; held 1 hour at temperature. 

Tempering temperature —1100°F; held 1 hour and air-cooled. 

Charpy bar standard 0.394-inch square V-notched specimen taken midwall parallel to the 
principal direction of rolling, and notched parallel to plate surface. 


variables on strength and toughness has never been thoroughly in- 
vestigated. Table VI gives results of a few tests on two Steels. 


INFLUENCE OF TEMPERING ON STRENGTH AND TOUGHNESS 


Carbide Precipitation and Agglomeration. The ultimate result 
of reheating a steel with either pearlitic, bainitic, or martensitic 
microstructure to temperatures just below the austenite formation 
temperature is to produce spheroidized carbides. Because carbon 
has some small solubility in ferrite and diffuses fairly rapidly at 
temperatures above 650°F (345°C), carbide plates are able to 
change into spheroids under the influence of surface tension, and 
small spheroids to go into solution as the carbon is deposited on large 
spheroids. If a steel has a pearlitic or bainitic structure with car- 
bides of appreciable size, softening upon tempering will not occur 
until the tempering temperature is sufficiently high to cause coales- 
cence of these larger carbides. The effect of carbide coalescence 
upon the mechanical properties of a martensitic and a_pearlitic- 
bainitic steel have been demonstrated by Griffiths, Pfeil and Allen 
(19). When spheroidization is complete, the strength is low and 
the toughness high, regardless of the initial structure; but for inter- 
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mediate tempering temperatures, the pearlitic or bainitic structures 
(with lamellar or nonuniformly distributed carbides incompletely 
spheroidized) have lower toughness at a given strength level than the 
tempered martensite. 

The loss in hardness and strength of an as-quenched martensitic 
plain carbon steel during tempering follows a pattern which appears 
to be a result of agglomeration and growth of carbide particles. 
This fact has been clearly illustrated by Bain (20). The alloying 
elements manganese, silicon, and nickel, which do not have strong 
carbide-forming tendencies, have little effect on the softening during 
tempering. When carbide-forming elements such as chromium, 
molybdenum, vanadium, or titanium are present, softening during 
tempering is not continuous with increased temperature and time of 
reheating ; but softening may be retarded, halted, or even reversed 
within a critical temperature range for each of the above alloys 
(21), (22). The effect, which has been thoroughly discussed by 
Bain (20), is known as secondary hardening, and it is attributable 
to the formation of a precipitation of another carbide with any of 
the above alloying elements after the iron carbide has been ag- 
glomerated to a degree no longer very effective as a hardener. This 
secondary carbide precipitate will not form until a temperature is 
reached at which the alloy elements can diffuse to form carbide 
particles. Coalescence of the alloy carbides and recontinuation of 
softening will occur on tempering at still higher temperature. 

Secondary hardening is then an example of a precipitation- 
hardening reaction. Precipitation hardening of steel by elements 
which do not form carbides is also possible. The only steels of wide 
industrial importance which utilize intentional additions of such an 
element to produce precipitation hardening are those containing 
0.75 to 1.50% copper. Smith and Palmer have illustrated the gen- 
eral pattern of precipitation hardening in one of the copper steels 
(23). Precipitation hardening is accompanied in these steels, as in 
nearly all precipitation-hardening alloys, by a pronounced decrease 
in notched-bar impact toughness. 

Untempered martensite is frequently compared with a precipita- 
tion-hardened alloy, wherein a tremendous supersaturation has been 
made possible by suppression of the austenite-phase transformation. 
However, this comparison cannot be strictly accurate because the 
carbon atoms in martensite occupy definite interstitial positions in 
the iron lattice structure. When a plain carbon steel is tempered 
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Fig. 7—-Improvement of Impact Resistance of 
Quenched 40% Carbon Steel on Tempering. 


at a relatively high temperature, the carbides coalesce into particles 
of Fe,C which become microscopically visible carbide spheroids. The 
initial stage of carbide agglomeration would be expected to be similar 
to the initial stage of a precipitation-hardening reaction and the sub- 
sequent softening to overaging. 
Because of ‘the high hardness of as-quenched martensite, there 
is no effective increase in hardness during precipitation,’ but a 
marked decrease in notched-bar impact toughness is observed for 
many carbon and alloy steels tempered at temperatures between 400 
and 750 °F (205 and 400 °C). The data presented in Fig. 7 are typi- 
cal. The initial increase in toughness, most pronounced for the water- 
quenched specimens, may be brought about by relaxation of trans- 
formation stresses, and the subsequent drop in toughness may be 
associated with the initial stages of iron-carbide precipitation. 
Carpenter and Robertson (2) have pointed out that, from analogy 
with similar reactions, carbide particles probably first precipitate as 
minute plates along the crystallographic planes of the iron crystals, 
and this may be the cause of embrittlement at low tempering tem- 
peratures. 
5It is not possible to attribute the slight increase in hardness on initial tempering 


of fully hardened high-carbon steels to precipitation hardening, because this effect may 
be caused by transformation of small amounts of retained austenite during tempering. 
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A recent paper by Grossmann (17), dealing with toughness and 
fracture of hardened steels tempered at low temperatures, suggests 
that loss in toughness of steels tempered at about 500 to 600 °F (260 
to 315°C) are associated with grain boundary precipitates. In this 
instance, the precipitate may have been caused by a different rate of 
tempering for grain boundary austenite-decomposition products 
which, during quenching, formed at a different transformation tem- 
perature than the structure of the remainder of the grain. 

When a fully hardened steel which contains carbide-forming 
alloys is tempered at a temperature where secondary hardening is 
evident, a loss in toughness would be expected to accompany the 
formation of the secondary carbide precipitate (21), (22). The loss 
in toughness appears to correspond with the tempering temperatures 
which allow precipitation of the specific alloy carbides which may 
form in an individual steel. The relation between tempering embrit- 
tlement and precipitation of carbide particles has not been generally 
recognized (this embrittlement is often attributed to transformation 
of retained austenite), but appears to be of considerable practical 
importance because adjustment of the tempering temperature to avoid 
the ranges of precipitation is necessary if the best combinations of 
high strength and impact resistance are to be obtained in a steel with 
carbide-forming elements present. 

Fig. 3 has been prepared by selecting notched-bar impact data 
for fully hardened steels not subject to any form of embrittlement 
during tempering, and is believed to approximate the best combina- 
tion of strength and toughness at any given strength level. The 
scatter in results is largely due to amount and distribution of non- 
metallics, and is influenced by directionality as indicated. 

Aging Effects. The precipitation of iron carbide and complex 
carbides during tempering of martensite may be considered as aging 
reactions, but the term “aging” is usually reserved to apply to re- 
actions which take place independently of the recognized tempering 
effects. 

Since carbon and nitrogen both have somewhat greater solubility 
in ferrite at high temperatures than at normal temperatures, quench- 
ing of steels containing small amounts of these elements from high 
tempering temperatures may produce supersaturated solutions. On 
standing (aging) at normal temperatures for sufficient time, or at 
slightly higher temperatures for shorter time, precipitation of either 
or both of these elements may result in hardening accompanied by 





1948 MECHANICAL PROPERTIES OF STEEL 797 


marked decrease in toughness. The same type of precipitation effects 
are observed during aging following slight plastic deformation of 
steels containing small amounts of these elements. These effects 
account for quench and strain aging, blue brittleness, and the upper- 
yield phenomenon (24), (25). If the carbon content is increased 
beyond about 0.15%, carbon in excess of that dissolved in the ferrite 
will be present as carbides and will act as nuclei for harmless pre- 
cipitation of the carbon dissolved in ferrite. If aluminum or another 
strong nitride former is added, the aging effects caused by nitrogen 
may be largely eliminated (26). 

Recent experiments have shown that hydrogen produces com- 
plete loss of tensile ductility in fully hardened (martensitic) medium 
carbon steels (27). Hydrogen treatment, which produced complete 
loss of ductility in slow bend tests, did not»affect the results of 
notched-bar impact tests. Hydrogen embrittlement also seems to be 
influenced by amount and distribution of carbides, and in low carbon 
incompletely deoxidized iron, the embrittlement may be due to for- 
mation of water vapor by reactions of hydrogen with oxides. These 
effects require further investigations before they can be accurately 
defined. : 

The “Temper Brittleness’ Phenomenon. Certain alloy steels, 
particularly those alloyed with manganese or chromium, are subject 
to another, and very important, form of embrittlement/which has been 
recognized since about 1900. It is commonly referred to as “temper 
brittleness’, although, from the preceding discussion, it is obviously 
not the only type of embrittlement which occurs during tempering 
of steel. 

Steels which are subject to temper brittleness are characterized 
by a marked decrease in notched-bar impact toughness of specimens 
which have been furnace-cooled from a tempering temperature above 
about 1100°F (595°C), as compared with duplicate specimens 
which have been oil or water-quenched from the same tempering 
temperature. (See reference 2.) This characteristic provides the 
means for determining susceptibility to temper brittleness as well as 
the practical method of quenching steel from a temperature above 
1100 °F (595 °C) to avoid temper brittleness of steel parts in service. 
However, susceptible steel in heavy sections cannot be cooled rapidly 
enough after tempering, even by water quenching, to avoid temper 
brittleness. 


Although the nature of temper brittleness has been thoroughly 
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demonstrated by extensive investigations by Greaves and Jones (28) 
and others (2), the ultimate cause has not been satisfactorily ex- 
plained. Since changes in hardness or tensile strength are not asso- 
ciated with the temper brittleness phenomenon, and since it does not 
show the reversal of effect generally observed with increased time of 
holding at the reaction temperature, there is a distinction between 
temper brittleness and the usual type of precipitation from super 
saturated solid solution. 

The most reasonable assumption is that temper brittleness is 
caused by a decrease in solubility of an element or elements soluble 
in iron at temperatures above 1100 °F (595 °C), which decrease in 
solubility results in the rejection and precipitation of a constituent 
at the grain boundaries during slow cooling (29). Rapid cooling 
would prevent preferential grain boundary precipitation. 

If this assumption is correct, temper brittleness should be in- 
fluenced by grain size and become more apparent the larger the grain 
size. The experiment illustrated in Fig. 8 was carried out to show 
the effect of grain size on toughness of a temper-brittle steel. The 
two fracture photographs are for room temperature impact tests of 
specimens with identical austenitizing treatments at 2200 °F 
(1205 °C) and, therefore, the same coarse grain size. The only differ- 
ence is that Sample a was furnace-cooled after tempering at 1200 °F 
(650 °C), while Sample b was water-quenched from the same tem- 
pering temperature. This provides another example of a coarse- 
grained steel which is relatively tough if there is no precipitation or 
envelope at the grain boundary. 

There are several elements present in steel which have the 
solubility characteristics described above and, therefore, might cause 
temper brittleness. Carbon has somewhat greater soiubility in ferrite 
at high temperatures than at normal temperatures. If very low 
carbon iron is heated at temperatures around 1200°F (650°C), 
most of the carbon is taken into solution. If it is slowly cooled, the 
carbon is precipitated at the grain boundaries and the notched-bar 
impact toughness is low. If it is similarly heated but rapidly cooled, 
the carbon is retained in solution and the toughness is high.* Thus, 
low carbon iron is subject to temper brittleness caused by grain 
boundary precipitation of iron carbides. To demonstrate this point, 
tests were made with ingot iron (0.02% carbon). Specimens water- 





*The rapidly cooled low-carbon iron is subject to precipitation hardening accompa- 
nied by loss in toughness on aging at normal temperature, but this does not affect 
the suitability of the illustration. 
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2200°F Ihr. Oil-Quench 
0 I200°F 2 hr. Water-Quench 
4 1200°F 2 hr. Furnace-Cool 
Austenitic Grain Size: 0 to-2, A.S.T.M. Scale 
IGOO°F i I/2 hr. Oil-Quench 
© 1200°F 2 hr. Water-Quench 
x I200°F 2hr. Furnace-Cool 


Austenitic Grain Size: 8, A.S.T.M. Scale 
F = Fibrous Fracture 
C= Crystalline Fracture 


F.= Fibrous Fracture with Small Amount of Crystallinity 
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Fig. 8—Effect of Grain Size on Toughness of 0.26% Carbon, 
Chromium-Molybdenum-Nickel Steel Susceptible to Temper Brittleness. 


Manganese- 


quenched from 1600 °F (870 °C) and tempered at 1200 °F (650 °C) 
for 2 hours gave 93 to 95 ft-lbs Charpy impact value at +70°F 
testing temperature after a water quench from the temper and only 
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29.5 to 31.0 ft-lbs after a furnace cool. Metallographic examination 
revealed carbides precipitated at the grain boundaries of the iron 
furnace-cooled from 1200 °F (650 °C). 

However, if the carbon content is increased above about 0.15%, 
there will be a large number of carbide particles present which are 
not taken into solution in ferrite. These should provide nuclei where 
the carbon, which is taken into solution in the ferrite, may reprecipi- 
tate in preference to the grain boundaries. Apparently, this happens 
because unalloyed medium carbon steels do not seem to be noticeably 
temper brittle (2), which fact would seem to eliminate iron carbide 
as the cause of temper brittleness in alloy steels. 

Nitrogen forms a eutectoid in the iron-nitrogen system at about 
1100 °F (595 °C), and has a much decreased solubility in ferrite at 
normal temperatures (2). Pure iron containing nitrogen forms an 
iron-nitride grain-boundary precipitate, if slowly cooled from tem- 
peratures above 1100 °F (595°C) (30). Rapid cooling retains the 
nitride in solution.’ Thus, nitrogen may produce temper brittleness 
in pure iron. 

In steel, elements such as boron, aluminum, titanium, zirconium, 
columbium, silicon, molybdenum, chromium, and manganese form 
nitrides of greater stability than iron nitride. This is evident from 
numerous references on the commercially important process of sur- 
face hardening by nitriding (2). If nitrogen is responsible for tem- 
per brittleness, it is inconceivable that the addition of a sufficient 
amount of the strong nitride-forming elements would not affect sus- 
ceptibility to temper brittleness. This was investigated, and the data 
obtained (see Table VII) would seem to indicate conclusively that 
there is no such beneficial effect from aluminum additions. Similarly, 
boron-treated steels are very definitely susceptible to temper brittle- 
ness, and titanium or zirconium additions do not prevent temper 
brittleness. In this connection, it is necessary to keep in mind that 
only the direct influence of these elements should be considered, 
since they may have an indirect influence associated with their effect 
on grain-size control. 

Certain elements, such as copper and tin, have a lower solubility 
in ferrite at normal temperatures than in ferrite at high temperatures. 
When present in sufficient amount (much larger than normal) in 
steel, they may produce a form of temper brittleness because they 
precipitate at the grain boundary during slow cooling of steel (31). 


' ’The rapidly cooled nitrogen-bearing iron is subject to precipitation hardening dur- 
ing aging. 
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Table Vil 


Effect of Aluminum on Susceptibility of a 0.24% Carbon Mn-Ni-Cr Steel to 
Temper Embrittlement 








-——wW. Q. From Draw—. ——F. C. From Draw—. ——A. C. From Draw—. 


Heat Charpy Ft-Lbs Hard- Charpy Ft-Lbs Hard- Charpy Ft-Lbs Hard- 
Treatment Ingot +70°F —40°F ness +70°F —40°F ness +70°F —40°F ness 
1600°F WQ 63 16 20-21 14 3 
1150°F Cii 60 22 Re 12 3 

51 24 8 2 
2 56 19 11 2 
51 24 13 3 
3 ae 22 12 2 
1800°F WQ 62 16 21 10 3 
1150°F C'1 56 ga Rc 11 3 
54 22 10 2 
2 55 25 12 2 
57 24 10 3 
3 61 24 12 2 
2000 °F WQ 57 20 20-21 12 4 
1150°F C1 58 26 Re 9 4 
i 22 8 3 
2 49 24 8 2 
49 22 8 2 
3 50 22 9 2 
1600°F WQ 61 24 Re 22 4 Re 
1150°F C? 1 62 24 22-23 22 4 22 
56 37 19 2 
2 56 36 21.5-22.5 16 3 19-21 
59 42 16 3 
3 56 39 22-23 17 3 21-21 
1600°F WQ 38 11 Re 
1000 °F C? 1 33 10 28.5-29 
29 14 
2 28 12 25.5-26 
27 15 
3 29 13 26-26.5 
2200°F WQ 56 22 BHN 17 4 BHN 
1600°F WO C?1 58 22 241-248 17 4 235-241 
1150°F 
53 33 16 3 
2 48 34 229-235 17 3 223-229 
48 27 16 4 
3 51 28 229-235 16 4 223-229 
2200°F WQ 33 11 BHN 
1600°F WQ C?1l 30 8 269-277 
1000 °F 
37 17 
2 33 15 269 
33 14 
3 31 14 269 
2200 °F WQ 102 112 BHN 108 13 BHN 
1600°F WQ F*1 102 114 241-248 60 4 241 
1150°F 
NB 122 46 10 
2 112 115 229-235 33 & 223 
NB 122 67 6 
3 122 115 229-235 73 7 223-229 
2200 °F WO 71 28 BHN 
1600°F WQ  F*1 69 27 277-285 
1000 °F 
104 31 
2 98 32 255 
93 34 
3 91 42 262 


Chemical Composition: 0.24% C, 1.31-1.35% Mn, 0.27-0.33% Si, 0.015-0.017% S, 
0.009-0.012% P, 0.80—-0.85% Ni,.0.72-0.77% Cr 


Ingot 1—Silicon killed—no aluminum added. C =Cast. 
Ingot 2—Approximately 2 Ibs. Al/ton added to melt. F = Forged. 
Ingot 3—Approximately 4 Ibs. Al/ton added to melt. NB =Did not break. 


Cast as 4 %-inch-square ingots. 

1Heat treated as 1-inch-thick slabs. 

2Heat treated as 0.410-inch square. 

‘Forged from 4%-inch square to -inch square: heat treated as 4-inch square. 
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The elements oxygen, sulphur, and phosphorus do not have the 
solubility characteristics which would contribute directly to temper 
brittleness. The first two elements have extremely limited solubility 
in ferrite, and their influence on strength and toughness seems to be 
entirely attributable to the effects of nonmetallics. Phosphorus has 
a greater solubility in pure iron than the maximum amount present 
in most alloy steels. Its effect on strength and toughness is believed 
to be due to ferrite strengthening and embrittlement. Hollomon has 
drawn attention to a means by which these elements appear to in- 
fluence temper brittleness without actually doing so (29). Never- 
theless, there is no direct evidence to eliminate phosphorus from 
consideration and its solubility and behavior in alloy steels are not 
established. 

The investigations of Greaves and Jones (28) indicate that tem- 
per brittleness is associated with increased percentages of the alloy 
elements manganese, chromium, and nickel. It has also been estab- 
lished that small additions of molybdenum have a large effect in de- 
creasing the apparent susceptibility to temper brittleness, but larger 
additions of this element actually increase the temper brittleness 
(32), (33). 

Temper brittleness has been attributed to complex carbides by 
several investigators in the past, although generally only one com- 
pound has been investigated and no conclusive evidence has been 
produced. If alloy carbides are responsible, temper brittleness is 
closely related to secondary hardening. It differs from secondary 
hardening in that precipitation is largely confined to grain bound- 
aries and, therefore, is detrimental to toughness, with little effect on 
strength’ or hardness. A check on the carbide possibility might be 
made by determining the temperature of maximum temper brittle- 
ness in iron-carbon-titanium or iron-carbon-vanadium alloys, which 
have higher temperatures of secondary hardening than do steels 
alloyed with manganese, molybdenum, or chromium. 

Direct efforts to identify the compound responsible for temper 
brittleness might include spectrographic or X-ray diffraction analysis 
of intergranular temper-brittle fracture surfaces, or magnetic (Curie 
point) analysis for alloy carbides. 


SUMMARY 


The effects of individual metallurgical variables upon the 
strength and toughness of steel have been surveyed. Test data are 
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presented to demonstrate the effects on toughness of amount, type, 
and distribution of nonmetallic inclusions as controlled by solidifica- , 
tion conditions and rolling or forging operations. 

The primary importance of amount, type, and distribution of 
carbides on: strength and toughness of steel is illustrated. 

The particularly detrimental effects on toughness of conditions 
generally presumed to be associated with the first stages of certain 
precipitations during aging or tempering are described. 

The effect of grain size on the toughness of steel was investi- 
gated and the results indicate that the effect is indirect and only 
observed when grain-boundary precipitations or envelopes are present. 

The possibility that temper brittleness is caused by nitride pre- 
cipitations was considered, and tests were made to determine whether 
additions of nitride-stabilizing elements reduced the susceptibility to 


temper brittleness. No significant effect of such additions was 
observed. 
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DISCUSSION 


Written Discussion: By L. D. Jaffe, metallurgist, Watertown Arsenal 
Laboratory, Watertown, Mass. 

The ideas put forth by Messrs. Herres and Lorig in this paper war- 
rant careful attention of all investigators in the field. 

In the steels of Table V, raising the austenitizing temperature de- 
creased the hardness after air cooling. Ordinarily the opposite effect is 
found, and is readily understood when one notes the relationship between 
grain size and hardenability. Can the authors explain their unusual ob- 
servation? 

Messrs. Herres and Lorig indicate that secondary hardening lowers 
the toughness of steel below that to be expected for the corresponding 
strength. I have examined the volumes cited (21, 22) and have been 
unable to find the evidence on which this statement is based. (Results that 
may have been affected by temper brittleness are of course to be ex- 
cluded.) Would the authors please reproduce the data referred to or 
indicate it more specifically ? | 

Written Discussion: By A. Hurlich, metallurgist, Watertown Arsenal 
Laboratory, Watertown, Mass. 

The authors have competently evaluated the influence of the signifi- 
cant metallurgical variables upon the strength and toughness of steel. 
The information collected together in this paper should be of great value 
to those responsible for the design of steel parts and for the preparation 
of specification requirements covering the properties of steel necessary 
for special applications demanding the utmost in strength and toughness. 

Exception is, however, taken to the conclusion that the effect of 
grain size on the toughness of steel is indirect and only observed when 
grain boundary precipitations or envelopes are present. The authors base 
this conclusion upon the results presented in Table V which shows that 
the notched-bar impact properties, measured at room temperature only, 
show no significant decrease when samples were austenitized at succes- 
sively higher temperatures to cover the very large range of grain sizes 
from ASTM + 8 to —2. That the belief that the effect of grain size upon 
the toughness of steel is negligible in the absence of grain boundary pre- 
cipitates is untenable is demonstrated both by the graph shown by the 
authors in the upper part of their Fig. 8 and by similar results obtained 
by the writer at the Watertown Arsenal Laboratory. 
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The graph in Fig. 8 shows that at +70°F both the fine and coarse- 
grained specimens had identical impact properties in the tough condition, 
i.e., water-quenched after tempering, but at —40°F and at —100°F the 
coarse-grained steel was brittle while the fine-grained steel was still 
completely ductile. The effect of the coarse grain size has thus been to 
raise the temperature of transition from ductile to brittle fracture from 
well below —100 °F to approximately room temperature, a far from negli- 
gible effect! 

In connection with the development of a metallographic etchant to 
reveal the presence of temper embrittlement in steel* a series of tests 
were conducted by the writer to evaluate the influence of grain size upon 
the susceptibility of steel to temper brittleness. % by “% by 2%-inch 
blanks from a number of steels were austenitized at temperatures in the 
range of 1500 to 2250°F (815 to 1230°C), quenched to martensite, and 
tempered; some being water-quenched from the tempering temperature 
and others furnace-cooled at the rate of 1°F per minute to 400 °F (205 °C) 
and then air-cooled. Standard V-notch Charpy impact test specimens 
were machined from the blanks and duplicate specimens representing the 
tough and temper-brittle conditions for each austenitizing temperature 
were tested at +68°F (+20°C). Figs. A and B show the results ob- 


tained with two of the steels. The grain sizes and hardnesses resulting 
from the heat treatments were as follows: 


Hardness After Tempering 


Austenitizing -—ASTM Grain Size No.—_—7 7———Rockwell C————_—, 
Temperature, °F Steel No. 8 Steel No. 15 Steel No. 8 Steel No. 15 
1500 6 5 to 6 23 27.5 
1650 6 ae 25 28 
1800 5 to4 5 25 28 
1950 4 3 to 2 24.5 28.5 
2100 3 to 2 3 to 2 25.5 28.5 
2250 1 1 to 0 25.5 29 


The grain sizes were measured by etching the temper-embrittled 
specimens with the zephiran chloride etchant* and repolishing lightly 
to accentuate the grain boundary attack. Fig. C is a resulting photo- 
micrograph at X 250 of steel No. 8 austenitized at 1650°F (900°C) and 
having a grain size of ASTM No. 6. Specimens which were water- 
quenched after tempering showed no grain boundary attack when simi- 
larly etched and their grain sizes were consequently not revealed. 

Examination of the upper curves of Figs. A and B (the unembrittled 
conditions) might lead one to conclude, just as did the authors on the 
basis of similar results, that grain size had little or no effect on the impact 
properties of steel free from injurious grain boundary precipitates. More 
discriminating testing, however, reveals the real effect of grain size. Ad- 
ditional specimens of steel No. 8 were austenitized, half at 1600°F 
(870 °C) and half at 2250°F (1230°C), quenched to martensite, and one 
half of each group were water-quenched and the other furnace-cooled 


8J. B. Cohen, A. Hurlich and M. Jacobson, “A Metallographic Etchant to Reveal 


Temper Brittleness in Steel,’”’ Transactions, American Society for Metals, Vol. 39, 1947, 
p. 109-136. 
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after tempering. Duplicate V-notch Charpy impact specimens were tested 
at a sufficient number of temperatures to determine the transition range 
from ductile to brittle behavior. The results appear in Fig. D. 

In the case of specimens austenitized both at low and high tempera- 
tures, temper brittleness resulted in a shift of the transition range to 
higher testing temperatures (compare curves B to A and D to C). Coars- 
ening the grain size has also shifted the transition range in both the un- 
embrittled and embrittled conditions (compare curves C to A and D to B). 
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Fig. C—Photomicrograph of Steel No. 8, Austenitized at 1650 °F, 
Tempered at 1225 °F, Furnace-Cooled . Etched with zephiran reagent and 
slightly repolished. ASTM grain size No. 6. X 250. 


These results are at variance with the authors’ conclusion that the effect 
of grain size is observable only when grain boundary precipitates are 
present. 

The greater upward shift in transition temperature caused by temper 
embrittlement of the steel in the coarse-grained condition as compared to 
the fine-grained condition demonstrates a fact that, from a practical engi- 
neering viewpOint, is extremely important. This fact is that while a 
coarse-grained steel may, under optimum conditions, be reasonably tough, 
such steels may be extremely dangerous to use since the presence of any 
embrittling factor (grain boundary inclusions, ferrite or carbide segre- 
gates, temper brittleness, etc.) will result in severe embrittlement whereas 
the fine-grained steel has an additional reservoir of toughness which tends 
to minimize the effect of the various embrittling factors. Reference to 
Fig. D (curves C and D) shows that the temper-embrittled fine-grained 
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steel is very much tougher than the temper-embrittled coarse-grained 
steel even though it must be presumed that a relatively equal amount of 
the precipitate responsible for the embrittlement must have been formed 
in both cases since the tempering cycles in both cases were identical. 
The above results demonstrate that for those applications which 
demand the maximum toughness obtainable in steel, only fine-grained 
steels should be employed. It is true, of course, that fine-grained steels 
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Fig. D—Influence of Austenitizing Temperature on Im- 
pact. Energy Versus Temperature Characteristics of Steel in 
the Tough and Temper-Embrittled Conditions (Points Repre- 
sent Ayerage of Duplicate V-Notch Charpy Impact Tests). 


have lower hardenability than coarse-grained steels of the same composi- 
tions, but in the case of steels for severe service applications the required 
hardenability must be realized by adjusting the alloy content rather than 
by employing coarse-grained steel. 

The authors are to be congratulated for emphasizing the deleterious 
influence of grain boundary segregates of all types upon the toughness 
of steel. Metallographic studies of temper-embrittled steel by the writer 
and co-workers® have confirmed the belief that the temper brittleness 
phenomenon is also associated with a precipitation of an as yet unidenti- 
fied constituent at the grain boundaries. 

Written Discussion: By L. D. Jaffe and J. F. Wallace, Watertown 
Arsenal Laboratory, Watertown, Mass. 

The authors conclude that grain size affects the toughness of’ steel 
only when grain boundary precipitates are present. This conclusion is of 
great practical importance. If verified, it would mean that the present 
practices of adding grain refiners and of keeping the austenitizing tem- 
perature low are not of value for steels to be used in the tempered mar- 
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Fig. E—Effect of Grain Size on Energy Required for Fracture at Various 
Temperatures of NE 8640 Steel (Hardness—Rockwell C-34). 
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Fig. F—Effect of Grain Size on Energy Required for Fracture at Various 
Temperatures of NE 8640 Steel (Hardness—Rockwell C-27). 


tensitic condition (free from temper brittleness), and that these practices 
should be abandoned. If coarse-grained steel could be used without 
affecting the mechanical properties, considerable reduction in alloy content 
would be possible because of the increased hardenability of the larger 
grained material. 

To check this conclusion, we have made the following tests: ™%4-inch 
diameter specimen blanks were cut from a rod of NE 8640 steel. Groups 
of specimens were austenitized 1 hour at 1700, 1950, and 2200°F (925, 
1065 and 1205 °C), and water-quenched. This gave a microstructure of 
100% martensite and ASTM grain sizes of 8, 3 to 4, and 1 and larger, 
respectively, at a hardness of Rockwell C-56. Half of each of the three 
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groups was tempered 1 hour at 1060 °F (570°C); the other half, 1 hour 
at 1200°F (650°C), and water-quenched. Hardness readings obtained 
were Rockwell C-34 and C-27 respectively. Previous experience with 
steel of the composition used indicates that no appreciable temper embrit- 
tlement would occur with these treatments. V-notch Charpy impact 
specimens were, cut from the blanks and tested over a range of tempera- 
tures, with the results shown in Figs. E and F. 

It is plain from these figures that the transition temperature from 
brittle to ductile failure became lower as the grain size became finer. It 
also appears that the energy absorption above the transition temperature 
rose as the grain size became finer. Fine austenitic grain size, therefore, 
appears to increase the toughness of tempered martensite, contrary to 
the authors’ view. 

At the suggestion of Mr. Herres, the fracture of the coarsest-grain 
material at low test temperatures was examined microscopically. The 
fracture was predominantly transcrystalline, although partially inter- 
crystalline. No grain boundary precipitate was observed. 

The authors’ conclusion that grain size does not affect toughness in 
the absence of a grain boundary precipitate was evidently based upon 
their Table V, which pertains to untempered material. In Fig. 8 of the 
paper, the difference between the behavior of fine and of course-grained 
material, water-quenched from the temper, accords with our findings. 


Authors’ Reply 


The comments of Messrs. Hurlich, Jaffe, and Wallace are appreciated. 

The interpretation of Fig. 8 of the paper and Figs. D, E, and F of 
the discussion depends on the reason for the falling off in notched-bar 
impact values at very low testing temperatures of the steels represented. 
The fact that intergranular fractures, or partially intergranular fractures, 
accompanied this loss in impact resistance indicates, in our ‘opinion, the 
presence of grain boundary precipitates. Thus, the difference in behavior 
of the fine-grained and coarse-grained steels may be a measure of the 
amount of grain boundary precipitate. In steels subject to temper brittle- 
ness, the precipitate may be more thinly dispersed on the greater grain 
boundary surface of fine-grained steels, and the precipitate may be greatly 
decreased in total amount, but not entirely eliminated, by rapid cooling 
from the tempering treatment. Fig. C of the discussion shows grain 
boundary attack of a temper-embrittled steel. Our experience with the 
etchant, developed by Mr. Hurlich and co-workers, is that similar attack 
but at a slower rate occurs when specimens water-quenched from the 
draw to eliminate temper brittleness are examined. This may be an indica- 
tion of a small amount of grain boundary precipitate. The argument gains 
some further support from the fact that, as widely reported in the 
literature, austenitic steels do not show an effect of grain size on tough- 
ness unless subject to intergranular carbide precipitation. 

The conclusion of the paper, that the effect of grain size on the 
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toughness of steel is indirect and only observed when grain boundary 
precipitations are present, was not thought to be of much practical 
importance because it is extremely difficult to prevent grain boundary 
precipitations in quenched and tempered steels. In addition to the temper 
brittleness precipitates mentioned in the two discussions, ferrite or car- 
bide precipitates may be present and also differential tempering of aus- 
tenite decomposition products may occur at the grain boundaries, as 
illustrated very ably by Grossmann (reference No. 17 of the paper). It 
was intended, rather, to stimulate interest in the study of the effects of 
grain size on the mechanical properties of steel, which effect its obviously 
more complex than indicated by generalities in the literature. 





MECHANICAL PROPERTIES OF METALS AT LOW 
TEMPERATURES; A SURVEY 


By L. SEIGLE AND R. M. BricKk 


Abstract 


The literature on the mechanical properties of metals 
at subatmospheric temperatures has been separated into 
two classifications: investigations of metals in (a) the 
polycrystalline and (b) the single crystal form. Studies 
of the polycrystalline state include standard tests of com- 
mercial metals and alloys with separate brief analyses of 
metallurgical and mechanical variables. More funda- 
mental studies of metals at low temperatures supply ex- 
planations of ductility effects in terms of concepts such as 
relative flow and fracture stresses, viscosity, strain hard- 
ening and localized versus uniform deformation, all of 
which are variable with temperature. The real ex plana- 
tion of the ductility of face-centered cubic metals at very 
low temperatures and the brittleness of all other struc- 
tures, including body-centered cubic ferritic steels, per- 
haps ‘should be sought in deformation studies of ‘single 
crystals or relative slip, twinning and cleavage mecha- 
nisms. 


MONG the various phenomena observed in metals at very low 

temperatures, changes in mechanical properties are the partic- 

ular interest of the metallurgist. Two distinct paths of investigation 

of this subject have been followed: tests of polycrystalline metals 

and of single metal crystals, and the results from each compose 

bodies of more or less uncorrelated data which will be separately 
reviewed here. 


Part I—MECHANICAL PROPERTIES OF POLYCRYSTALLINE METALS 


In spite of fairly extensive research, the factors underlying the 
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mechanical behavior of polycrystalline metals at low temperatures are 
not yet clearly understood. This is true to a great extent because 
conventional testing procedures are designed to supply information 
of immediate usefulness rather than fundamental value, and the bulk 
of data in the literature is thus of a highly empirical nature. In 
addition to the conventional or engineering test, however, basic 
methods of investigation and analysis have been developed, and 
these methods and the concepts involved are receiving increasing 
emphasis. For this reason it is convenient to review the available 
information on polycrystalline metals in two subdivisions, first con- 
sidering the usual hardness, strength, ductility, and toughness data 
from conventional engineering tests, and second, examining the more 
basic investigations of flow and fracture which throw light on the 
behavior of metals at low temperatures. 


ENGINEERING PROPERTIES 


As temperature is decreased below atmospheric, the hardness, 
yield strength, and, with few exceptions, the ultimate strength and 
modulus of elasticity of all metals and alloys increase. The pattern of 
change of these properties is clearly established, and since extensive 
reviews of the data have appeared in recent years (1), (2), (3), 
(15),* it is unnecessary to reproduce details of the available informa- 
tion. Figs. 1 and 2 present typical data for a number of common 
metals and alloys. 

It is not always recognized that, with respect to the effect of 
temperature upon ductility, metals fall into two distinct groups: those 
which remain ductile at low temperatures, and those which become 
brittle. (At the moment, ductility will be considered in its most 
familiar sense, plastic deformation prior to fracture during tensile 
loading.) In fact, the idea has gained some currency in engineering 
circles that iron is the only metal which exhibits a tendency to become 
brittle at low temperatures, and that this behavior is abnormal or 
“anomalous” (3). The compilation of data? in Fig. 3 proves that 
such a belief is without foundation. The behavior of zinc, magne- 
sium, molybdenum, and- tungsten is recognizably similar to that of 
iron, differing essentially only in the temperature at which ductility 
in the simple tension test vanishes. On the other hand copper, 
nickel, aluminum, lead and most of the austenitic steels* are as 


1The figures appearing in parentheses pertain to the references appended: to this paper. 
2Obtained from references 1 to 14. e 
%Austenitic Hadfield manganese steel becomes brittle at low temperatures. 
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Fig. 1-——Variation of Yield and Ultimate Strength of 
Some Metals and Alloys With Temperature. 


ductile at low temperatures as at atmospheric temperature. It has 
been shown by Hadfield (19) that the ductility of nickel and copper 
remains unimpaired to at least —425 °F (—225 °C). 

The significant fact revealed by published data for polycrystal- 
line metals is that low temperature ductility seems to be the property 
of only the face-centered cubic structure. All of the metals in Fig. 3 
which exhibit ductility at —330°F (—200°C) possess a face-cen- 
tered cubic lattice. Therefore, there is no reason to believe that 
brittle behavior in metals at low temperatures is abnormal. On the 
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Fig. 2—Variation of the Hardness of Some Metals 
and Alloys With Temperature. 
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other hand, it is quite possible to say that ductile behavior is more 
unusual and more in need of special explanation. 

Ferritie Steels—Unquestionably, one of the reasons why brittle 
behavior has come to be looked upon as something unique is that 
iron is the only one of the three most common metals which exhibits 
this property. ‘Because of the great importance of steel, the phe- 
nomenon of embrittlement has been extensively investigated in iron 
and its alloys. Since the austenitic steels in general retain all or a 
large proportion of their ductility at subatmospheric temperatures, 
attention is directed primarily to the ferritic steels‘ which are sus- 
ceptible to low temperature brittleness. 

A complete summary of information concerning the low tem- 
perature behavior of iron and steel is found in the 1941 report of 
the joint ASME-ASTM Research Committee P13 (3), and more 
recently in a War Metallurgy Committee report by Gillett and 


‘A ferritic steel would be defined as one whose structure is predominantly ferritic, 
although other phases, e.g., carbides, may be present. 
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Fig. 3—Variation of Tensile Elongation of Poly- 
crystalline Metals With Temperature. Note: These curves 
are not presented as exact data but merely show the gen- 


eral variation as indicated by different sources. he 
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conditions and the purity of the metal used. Data 


obtained from References 1 to 14. 


McGuire® (15). It is immediately evident, upon consulting the in- 
formation available from these and other sources, that the engineer- 
ing properties accepted as criteria of low temperature behavior are 
affected by two classes of variables of entirely different nature. The 
first arise from inherent characteristics of the substance being tested, 
such as chemical composition and structure —these are the metal- 
lurgical variables. The second originate in the mechanical nature 
~ SAttention is also directed to a report by White and Sibert, PB 19793, obtainable from 


the U. S. Department of Commerce, Office of Technical Publications. This was not in the 
authors’ hands when the present review was written. 
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of the tests which are used to measure the properties of the sub- 
stance, and these may be called the mechanical variables. 

In engineering research, the notched impact test has been 
strongly favored as a measure of low temperature embrittlement. 
For this reason, the only available data which are extensive enough 
to distinguish some of the effects of many variables are notched im- 
pact data. The characteristic impact behavior of most ferritic_steels 
as the testing temperature is lowered is a sudden and usually great 
decrease in absorbed energy, and the appearance of a brittle fracture 
within a relatively narrow temperature range. Both metallurgical 
and mechanical variables affect this temperature range of embrittle- 
ment, and, considering first those of a purely metallurgical nature, 
the data indicate that several inter-related factors are important: 

A. Grain Size—Fine-grained ferritic steels lose their ductility 
at a lower temperature than coarse-grained steels although both be- 
come completely embrittled at a sufficiently low temperature. Pre- 
sumably, the grain size of the structure being tested is significant 
rather than prior austenitic or McQuaid-Ehn grain size. It is diffi- 
cult experimentally to vary only the grain size and most if not all 
data in the literature have not been obtained under conditions where 
only grain size was varied. Even when this is done, the greater 
energy absorption by the fine-grained structure within a certain tem- 
perature range (i.e., between the embrittlement temperatures of 
fine-grained and coarse-grained steels) may fundamentally be related 
to some other difference, such as rate of work hardening (section B). 

B. Carbide Distribution—Room temperature ductility is notice- 
ably affected by the physical form of the carbide phase with ductil- 
ity generally increasing as the carbide grows finer and changes from 
a lamellar to a spheroidal shape. In most respects, low temperatures 
accentuate these differences. A normalized structure retains ductility 
to a lower temperature than an annealed structure. Tempered mar- 
tensitic structures retain ductility to still lower temperatures. There 
appears to be an optimum degree of tempering; too high a tempera- 
ture with a resultant coarse sorbite or spheroidite structure does not 
retain ductility to as low temperatures as fine sorbite, while at the 
other end, untempered or only slightly tempered martensite is brittie 
at even room temperatures. These statements regarding tempered 
martensitic structures involve inseparable variables. For example, 
the apparent adverse effect of a high tempering temperature may be 
quite ‘misleading; it is possible that carbide agglomeration is desir- 
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able but the unavoidable ferrite grain growth accompanying sphe- 
roidization or carbide solution in ferrite gives an overbalancing detri- 
mental effect. 

C. Deoxidation—It has abundantly been shown that unkilled 
steels lose ductility near room temperature while aluminum deoxida- 
tion causes the retention of toughness to lower temperatures than 
any other comparable treatment. The amount of oxygen originally 
present may be a factor and too much deoxidation product, e.g., 
Al,O,, appears to have an adverse effect. Aluminum not only con- 
verts almost all oxygen present to Al,O, but also: (a) relatedly con- 
fers fine grain size characteristics, (b) gives a tendency for “ab- 
normal” carbide structures, i.e., coarser but less sharply lamellar, in 
annealed or normalized states, and (c) has an alloying effect since 
an excess is usually added and some residual metallic aluminum will 
be present in solution in the ferrite. 

D. Aging—Nonaging characteristics, i.e., the absence of hard- 
ness increases with time following a rapid cool or plastic deforma- 
tion, are obtained by aluminum deoxidation. Rotscher and Fink 
(16) have shown that aging can raise the embrittlement temperature 
of some steels by as much as 210°F (100°C). Armstrong and 
Gagnebin (17), on the other hand, improved the low temperature 
toughness of a heat treated steel by aging at 400 °F (205°C). Evi- 
dently, the disposition of mobile interstitial elements su¢h as carbon, 
oxygen, nitrogen and hydrogen strongly affects the mechanical prop- 
erties of steel at low temperatures. The effect of hydrogen is well 
known to be adverse® and it is probable that the others are detri- 
mental except in special circumstances. 

E. Composition—It is not possible to isolate the effects of 
various elements from published information since, as Gillett points 
out, important variables have been ignored or incompletely disclosed 
in much of the data. Furthermore, too often investigations of 
notched impact properties at low temperatures simply list selected 
SAE or NE steels and it is difficult to find a series in which only 
one constituent varies. The ideal experiment of adding controlled 
amounts of single alloying elements to pure ferrite has not yet been 
performed. From the data available, tentative conclusions may be 
drawn which will be qualified by known or suspected limitations. 
The following statements are based on data in the P13 and Gillett- 


6A specific example: Armco iron tensile test specimens were annealed in hydrogen at 
1290 °F (700°C) and slowly cooled; subsequently one was dropped on the floor and it 
shattered almost like a glass rod. 
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McGuire reports, data subsequently published by Halley (62), and 
some laboratory observations. 


Carbon—lIncreasing carbon content results in a rapid de- 
crease in notched impact strength at room temperatures and in 
an increasing temperature of embrittlement. As earlier stated, 
the physical state of the carbon is important and a fine spheroidal 
dispersion of iron carbide is least detrimental to low temperature 
properties. It is assumed here that the steel has been otherwise 
deoxidized. 

Silicon—Tests by Pilling (18) indicate that silicon raises 
the temperature of embrittlement at a rapid rate. The presence 
of 4% silicon results in a relatively brittle structure at even 
room temperatures. 

Manganese—A manganese content of up to 1.5% has little 
or no influence on the low temperature embrittlement of low 
carbon steels but larger quantities are detrimental. At high 
carbon contents, manganese in amounts of less than 1.5% will 
promote hardening and a related embrittlement (a structural, 
not temperature, effect). The absence of a manganese effect 
is based on the assumption that oxygen and sulphur are other- 
wise controlled. It is interesting to note that austenitic man- 
ganese steel becomes brittle at low temperatures (19). 

Sulphur—A higher sulphur content results in lower ductility 
at any temperature but there appears to be no preferential low 
temperature effect with up to 0.10% sulphur at temperatures 
down to —50 °F (—45 °C). 

Phosphorus—This element strongly reduces both room and 
low temperature toughness with the effect most harmful and 
pronounced in higher carbon content steels. 

Nickel—This is the first face-centered cubic element cov- 
ered in this series and it is one of the few alloying elements 
which improve the low-temperature ductility of iron. When the 
nickel content exceeds about 3.5%, room temperature toughness 
is diminished, while low temperature toughness continues to in- 
crease. The effect of increasing nickel content in lowering crit- 
ical temperature and retarding austenite transformations results 
in low carbon martensites in normalized steels of moderate nickel 
content. This martensite, with nickel ferrite or austenite, seems 
to be quite tough even at low temperatures. Although these 
steels at absolute zero might become completely embrittled, 














1948 METALS AT LOW TEMPERATURES 821 


their superiority at intermediate temperatures is clear. It should 
be noted that nickel not only lowers the temperature of embrittle- 
ment but also widens the temperature range; i.e., the onset of 
brittleness is not so sudden. 

Copper—The data on this face-centered cubic alloying agent 
is somewhat contradictory, probably because it does not form a 
stable solid solution. Following cooling from near the critical 
temperature of the steel, ferrite containing from 0.5 to 2.0% 
copper in solution becomes supersaturated with respect to cop- 
per and the alloy therefore is subject to aging. From the avail- 
able data, it appears that copper in solution is mildly beneficial, 
while in the age-hardened or precipitated state it has an adverse 
effect on low temperature ductility. 

Aluminum—This face-centered cubic metal has several func- 
tions when added to liquid steels. The favorable effect on low 
temperature impact properties of aluminum with respect to grain 
size, deoxidation, carbide form and aging has already been men- 
tioned. There are no good data to show whether it has a sepa- 
rate alloying effect. However, several tests [e.g., Halley (62) ] 
indicate that 0.08% residual metallic aluminum gives optimum 
results. 

Chromium—aAll information concerning the effect of chro- 
mium in ferritic steels at low temperatures involves steels con- 
taining carbon. Since chromium is a carbide-forming element, 
the effects mentioned undoubtedly are at least partially related to 
a change in the carbide structure. Moderately low chromium 
contents (below about 4% ) have no effect or a slightly beneficial 
effect. High chromium, low carbon ferritic steels (called chro- 
mium irons and used for their oxidation resistance) are rapidly 
embrittled with decreasing temperatures. The simultaneous pres- 
ence of nickel will tend to stabilize austenitic structures which 
are not embrittled. 

Molybdenum—Another strong carbide-forming element, 
molybdenum raises the room temperature impact strength of 
heat treated low or medium carbon steels. Such steels will 
generally remain tougher down to some temperature around 
—100 °F (—73°C). 

Vanadium—The carbide formed by vanadium is very stable 
and resistant to solution in austenite. For this reason, vana- 
dium-bearing steels are usually very fine-grained, a condition 
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which is desirable for low temperature properties as well as 
other service usage. No data are available concerning an alloy- 
ing effect apart from grain size and carbide form. 

Columbium—lIt is reported that this carbide-forming ele- 
ment has a beneficial effect when present in amounts up to 
0.73%. This may well be caused by the formation of globular, 
relatively insoluble carbides, a relatively innocuous form. 

Titanium—Like vanadium, titanium is a deoxidizer and like 
columbium, it forms carbides which tend to be present as coarser, 
innocuous globules. From these effects and the probably related 
grain refining activity, its effect in the usual steels is somewhat 
beneficial for low temperature impact strength. However, Hal- 
ley (62) attributes the increased properties solely to grain refine- 
ment since high titanium content steels (i.e., 0.17% titanium) 
are brittle at —100°F (—73°C) despite an extremely fine 
grain size. Thus the alloying effect of titanium appears to ke 
detrimental. 

Zirconum—tThis element is not only a deoxidizer but it 
removes nitrogen from solution by the formation of a zirconium 
nitride. It also combines readily with carbon. It is much less 
effective as a grain refiner than aluminum or titanium (62) but 
it appears to have a favorable effect on low temperature prop- 
erties, lowering the temperature of embrittlement. This effect 
may not be a true alloying effect but a result of concomitant 
deoxidation. 

Oxygen—Present as dissolved oxygen or as FeO, MnO, 
etc., oxygen has a strongly detrimental effect on low temperature 
properties. Special deoxidizers such as aluminum convert it to 
an innocuous form although a large amount of this or similar 
oxide might also be detrimental. The effects of oxygen or 
oxides, aging and grain size are closely inter-related and no 
tests have yet been performed which permit a separate analysis 
of these individual factors. 

Nitrogen—Like oxygen, nitrogen influences both grain size 
and aging behavior and no data are available permitting separate 
analyses of the effects. Nitrogen is deliberately added to high- 
chromium content oxidation resistant steels as a grain refiner; 
it is also believed to be responsible for “blue brittleness” of steels 
at about 400 °F (205°C). These contradictions are of no help 
in surmising its probable effect at low temperatures. 
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The mechanical factors influencing notched impact results have 
been quite thoroughly analyzed in papers by McAdam and Clyne 
(21), Crafts and Egan (22), Jackson, Pugacz and McKenna (23), 
Hollomon and others cited in the P13 and Gillett and McGuire re- 
ports. It has been emphasized that the actual stress system in a 
notched bar is too complex to obtain a clear mechanical picture of 
the test. Interpretations of the results are therefore not always cer- 
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Fig. 4—Effect of Notch Sharpness on the Impact Properties 
of a Carbon and a Nickel Steel. [Armstrong and Gagnebin (25) ] 


tain, but there are apparently three underlying factors of impor- 
ance: (a) combination of the three principal stresses, and (b) stress 
concentration, both of which are determined by the geometry of the 
specimen and notch, and (c) strain rate which is determined by the 
striking velocity. The influence of these factors may be summarized 
as follows: 

First, increasing the sharpness of the notch tends to produce 
brittle behavior at higher temperatures. A good example of the ef- 
fect is found in the results of Armstrong and Gagnebin (25) re- 
produced in Fig. 4. This result may be attributed to both an in- 
crease in the triaxiality of the stress combination and an increase 
in stress concentration at the root of the notch with increasing 
sharpness of notch. 

Second, varying the width of the test specimen changes the 
temperature at which brittle fracture occurs. It is pointed out in 
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Fig. 5—Effect of Width of Spec- Fig. 6—Effect of Impact Velocity on Tem- 
imen on Temperature of Brittle Fail- perature of Brittle Failure (After Witman and 
ure (After Maurer and Mailander). Stepanoff). [Hollomon (24)] 


[Hollomon (24)] 


the Gillett and McGuire report that half-width impact specimens 
consistently indicate that steel is tough at temperatures where the 
conventional tests indicate it is brittle, and conversely, double width 
specimens become brittle at higher temperatures than standard speci- 
mens. This size effect is related basically to variation of the relative 
intensity of the principal stresses with the geometry of the test 
specimen. The ratio of transverse to longitudinal stress is greater 
in the wider specimens, tending to decrease their relative ability to 
deform. 

Finally, the energy absorbed is sensitive to the striking velocity 
when the steel is near the temperatures at which embrittlement is 
usually manifested. High striking velocity exaggerates any tendency 
to exhibit brittle behavior. It has been pointed out that the effect 
of an increase in striking velocity is qualitatively similar to that of 
a decrease in temperature. The effect of striking velocity is not 
important far above or below the temperature range of embrittle- 
ment. Diagrams illustrating the effect of specimen width and strik- 
ing velocity were prepared by Hollomon from various sources and 
are reproduced in Figs. 5 and 6. 

The sensitivity of the engineering properties of steel to the 
mechanical conditions of the test is most apparent when the results 
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of notched impact are compared with those of ordinary tensile and 
torsion tests. Data for low carbon steel from a paper by Heindlhofer 
(30), reproduced in Fig. 7, show that the decrease in elongation in 
static tensile tests occurs at a much lower temperature than the de- 
crease in absorbed energy in notched impact tests, while the angular 
displacement in torsion is still high when the material exhibits no 


Impact Energy & Plastic Displacement 





-200 -I50 -100 -50 O +25 
Temperature °C 


Fig. 7—Influence of Low Temperature on: (A) 
Angular Displacement in Torsion, (B) Elongation in 


Tension, (C) Energy Absorbed in Impact. [Heindl- 
hofer (30)] 


ductility in tension. Thus the temperatures of embrittlement indi- 
cated by each of these tests differ widely, although the general pat- 
tern of behavior is the same.’ It is interesting to note that in engi- 
neering tests, the temperature is frequently low enough so that 
notched bar tests indicate embrittlement, but not low enough so that 
tension tests indicate embrittlement, and hence the false deduction is 
made that ferritic steels suffer no deterioration in static tensile prop- 
erties at low temperatures (3). However, tests over a sufficient 
range of temperatures prove that steel which is brittle in impact 
tends to show brittle behavior in tension, and the intrinsic behavior 
of the material in every test is a decrease in the ability to deform 
plastically with decreasing temperature. 


FUNDAMENTAL INVESTIGATIONS 


The fact that the apparent ductility of a metal at a given tem- 
perature may be changed simply by altering external mechanical 


; 7According to Barrett, Ansel and Mehl (31), the torsion test indicates brittle behavior 
in steel at temperatures below about —330 °F (—200 °C). 
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conditions which do not change the inherent properties, clearly sug- 
gests the necessity for seeking a more fundamental basis upon which 
to evaluate low temperature behavior. Among the various ideas 
which have been advanced, the concept of technical cohesive strength 
occupies an important position. The most recent investigations of 
this factor have been made by McAdam and co-workers (9), (36 to 
44) and a rather detailed consideration of their experimental work 
is necessary because of its complexity. 

As defined by McAdam, the technical cohesive strength of a 
metal is simply a generalized resistance to fracture. The fracture 
stress® in an ordinary tensile test is, for example, a particular tech- 
nical cohesive strength under the conditions of temperature, plastic 
deformation, strain rate, and stress existing at the moment of frac- 
ture. The problem is to determine the separate effect of each of 
these variables on the true fracture stress. Unfortunately this is not 
so easily accomplished because the degree of plastic deformation at 
fracture cannot be independently controlled. The change in fracture 
stress of a metal obtained by changing temperature, for instance, 
reflects not only the effect of temperature, but if there has been a 
change in ductility, also the effect of the change in the degree of 
plastic deformation at fracture. In Table I, the fracture stress of 
SAE 3140 steel broken at room temperature is 197,500 psi with a 
true strain of 0.65.° Corresponding values for the same material 
broken at —300°F (—185°C) are 221,500 psi and 0.23 respec- 
tively. The increase in fracture stress observed is not only the 
change due to the decrease in temperature from room to —300 °F 
(—185 °C), but also the change resulting from a threefold decrease 
in the arnount of plastic deformation preceding fracture. Similarly, 
if a system of combined stresses is imposed upon the tensile speci- 
men, the technical cohesive strength or resistance to fracture will 
change as a function of the stress configuration. However, the duc- 
tility or amount of plastic deformation preceding fracture will also 
vary with the stress configuration and therefore the fracture stress 
will reflect not only the direct effect of the imposed stresses, but also 
the change in the degree of plastic deformation. When the converse 
problem of determining the influence of plastic deformation alone 
is considered, the difficulty obviously is that this factor cannot be 
changed except by changing temperature or stress configuration. 

In earlier investigations of technical cohesive strength, mainly 
~~ SLoad at breaking point divided by the cross sectional area of the specimen at the 


breaking point. 
®°*True or natural strain 6 = In Ao/A. 
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those of Kuntze, the effect of plastic deformation had been measured 
by the use of notched tensile specimens of metal which had been 
previously deformed to a selected known extent. By testing a series 
of specimens for each degree of prior deformation with increasingly 
sharp and deep notches to limit the extent of further plastic deforma- 
tion which could occur during the testing process, Kuntze was able 
to estimate by extrapolation the stress value at which fracture would 
occur without any deformation, i.e., none additional to that which 
the metal had been given initially. This he called the technical co- 
hesive strength at the particular value of prior deformation. The 
use of notched specimens is based upon the fact that combined tensile 
stresses are obtained in the reduced section and the ratio of the axial 
principal stress, whose value at fracture is the technical cohesive 
strength, to the transverse principal stresses is determined by the 
geometry of the notch. As the notch depth and sharpness increase 
this ratio approaches unity and the three principal stresses approach 
equality..° Under conditions of uniform triaxial stress, a metal must 
fracture without plastic deformation and it was this point to which 
Kuntze extrapolated his notched tensile data in attempting to deter- 
mine the effect of plastic deformation on the technical cohesive 
strength. 

McAdam’s initial contribution was to point out that certain of 
Kuntze’s data were incorrectly interpreted because he did not recog- 
nize that the fracture stress was affected directly by the stress sys- 
tem imposed upon the specimen as well as by the change in the 
amount of plastic deformation. The first problem undertaken by 
McAdam was to determine the separate effect of stress combination 
and in order to do this, he noted it would be necessary to exclude 
or minimize the influence of plastic deformation. This he accom- 
plished by using tensile specimens of brittle steel which under any 
stress conditions would not deform enough before breaking to make 
amount of plastic deformation an important factor. Fig. 8 repre- 
sents typical results obtained with notched specimens of brittle steels. 
Yield and fracture stresses are plotted against the stress ratio in 
the notched section. [Stress ratio — estimated transverse principal 
stress (S,) -+ axial principal stress (S,)]. Both the yield ‘stress 
and the fracture stress or technical cohesive strength are strongly 
increased by increase in the ratio of transverse to longitudinal stress. 





1A complete discussion of the method of obtaining combined stresses by the use ot 
notches. which has been subjected to much criticism, is given by McAdam (38). Material 
is found also in the Symposium on Cohesive Strength, Transactions, American Institute of 
Mining and Metallurgical Engineers, Vol. 162, 1945, p. 538. 
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Having established the direct effect of the stress ratio, McAdam 
could correct Kuntze’s representation of the change in technical 
cohesive strength with plastic deformation. The plot of Kuntze’s 
data for aluminum in Fig. 9 shows the technical cohesive strength 
increasing with plastic deformation up to about 65% reduction of 
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Fig. 8—Influence of Stress Ratio on Fracture Stress 
of High Carbon Steel. [McAdam (37) ] 


















area, and then dropping off. This drop appears because the increas- 
ing values of fracture stress for the first four points were obtained 
from notched specimens by the method of extrapolation described 
above, but the value for the last point was obtained from an ordi- 
nary unnotched specimen. The first four points represent fracture 
under a stress combination of uniform triaxial tension whereas the 
last represents fracture under nearly uniaxial tension. Kuntze did 
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not recognize that the low value for the last point was due to the 
different stress combination in the smooth specimen rather than the 
plastic deformation occurring between 65 and 78% reduction of area. 
The probably correct course of the curve (for the stress combina- 
tion of uniform triaxial tension) is shown by McAdam’s correction 
in Fig. 9 indicating a steady increase of technical cohesive strength 
with plastic deformation. 
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Fig. 9—Variation of Technical Cohesive 
Strength With Plastic Deformation. 


Fig. 9 represents the curve of technical cohesive strength versus 


Ss 


plastic deformation for one value of the stress ratio: — — 1. For 


every other value of the stress ratio between O and 1, there will be 

a corresponding curve representing the change of technical cohesive 

strength with plastic deformation. Since decreasing the stress ratio 

decreases the technical cohesive strength, these should all be below 
Ss 

the curve for 





™ 


= 1. The general shape of these curves as given 


by McAdam is shown by the dotted lines in Fig. 10 for the indicated 
stress ratios. For each ratio, a flow curve may be drawn represent- 
ing the true stress-true strain curve of a specimen tested under the 
particular stress combination. These are drawn in Fig. 10 as full 
lines. Fracture occurs under a given combination of stresses when 
the corresponding flow curve and curve of variation of technical 
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cohesive strength with plastic deformation intersect. McAdam 
pointed out that these curves intersect at a very acute angle so that 
even a small change in their relative positions will have a large effect 
on ductility, and therefore any factors which have even a slightly 
different effect on the two curves will have a great effect on the 
ductility. 


Aluminum AB, Cold-Worked 
Room Temperature 


L Locus of Fracture /T; 
T, Disruptive Stress 


F Flow Stress 
Unidirectional 


Stress, 1000 psi 





| lif 2 | iS 2 3 64 
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_ Fig. 10—Influence of Stress Ratio on the Tech- 
nical Cohesive Strength and Flow Curves. [McAdam, 
Geil and Mebs (42)] 


The third factor considered by McAdam was the effect of low 
temperature on the technical cohesive strength and his investigations 
indicate that the technical cohesive strength of all metals is in- 
creased with decreasing temperature in much the same way as the 
ultimate strength. Fig. 11 shows the variation of the initial technical 
cohesive strength of some metals with temperature. These curves 
represent the technical cohesive strength of undeformed metal under 

S 
a uniaxial tensile stress “ = 0, e.g., they might be looked upon as 


1 
the potential fracture strength of an unnotched tensile specimen at 
the beginning of test before the metal has been changed by plastic 
deformation. McAdam obtained such curves by indirect methods 
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and therefore they are considered only as qualitative representations, 
but there is little doubt that the general trend is correct. Increasing 
fracture strength with decreasing temperature is also shown in the 
data of Hollomon and Zener (29). 

The initial technical cohesive strength curve representing the 
fracture strength of undeformed metal is given a special significance 
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Fig. 11—Variation of Initial Technical Cohesive 
Strength of Metals Under Uniaxial Tension With 
Temperature (After McAdam). 


by McAdam because he uses it in an explanation of the changes in 
ductility produced by various factors, such as decreasing temperature. 
According to his views, which illustrate the manner in which the 
concept of technical cohesive strength is used in explaining the me- 
chanical properties of metals, the change in ductility produced by 
decreasing temperature is a consequence of slightly different effects 
of temperature on the flow and technical cohesive strength curves. 
An example of this is given in Fig. 12 which shows the flow and 
technical cohesive strength™* curves of iron and aluminum at 85 °F 
(30°C) and —306°F (—188°C). It will be observed that lower- 
ing the temperature raised the flow curve for iron slightly more 
Ss 
"Technical cohesive strength under uniaxial tension — 0. 


S: 








832 TRANSACTIONS OF THE A. S. M. Vol. 40 


85 °F(30°C) , _~206°F (-188°C) 





Stress - |OOOpsi 


Flow Curve 
---- Technical Cohesive 
Strength S3/S,=0 
> & § 
Effective Length Ratio AYA 


Fig. 12—Effect_of Temperature Upon the Flow and_ Technical 
Cohesive Strength Curves of Iron and Aluminum (From McAdam). 
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Fig. 13—Relative Variation of Initial Yield Point and Technical Cohesive 
Strength With Temperature. 


than it did the technical cohesive strength curve, resulting in-a great 
decrease in ductility. On the other hand, lowering the temperature 
raised the strength curve for aluminum more than the flow curve, 
resulting in an increase in ductility. McAdam pointed out that the 
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Fig. 14—Variation of the Ductility of 
Metals” Ww ith Temperature (After McAdam). 


change in the relative values of the yield stress and technical cohesive 
Ay 


strength at the point of initial yielding, — — 1, offers an index of 


the change in ductility. The greater the difference between the yield 
point and initial technical cohesive strength, which is the fracture 
strength of undeformed metal, the greater the margin for plastic 
deformation in general. Thus the change in ductility may be pre- 
dicted by the relative changes in the initial yield point and technical 
cohesive strength with temperature. A plot of these properties is 
shown in Fig. 13 for Monel, Duralumin and two steels. If this 
figure is examined in conjunction with Fig. 14 giving the variation 
of the ductility of metals with temperature, it will be seen that when 
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the yield point and initial technical cohesive strength curves con- 
verge with decreasing temperature, as they do for the two steels 
and to a much smaller extent for the Duralumin, there is a loss in 
ductility. When the curves diverge as they do for Monel, the duc- 
tility may remain constant or increase. 

When the ductility of a metal is discussed on the basis of the 
relative resistances to flow and fracture, it is not difficult to under- 
stand why the embrittlement temperatures of a given steel in the 
notched impact, tensile, and torsion tests are different. As a first 
approximation it may be said that brittle fracture will occur in a 
metal when the maximum principal stress exceeds the fracture 
strength before the associated maximum shearing stress overcomes 
the resistance to plastic flow. Heindlhofer (30) pointed out, in the 
paper from which the data of Fig. 7 were taken, that the ratios be- 
tween maximum principal and shearing stresses in notched impact, 
tensile, and torsion tests were different, and this difference was re- 
sponsible for the varying behavior. As the temperature of iron is 
lowered, the yield strength increases more rapidly than the fracture 
strength, i.e., the resistance to shear increase¢ more rapidly than the 
resistance to rupture. Therefore, with decreasing temperature the 
conditions for brittle failure are reached first in the notched bar im- 
pact test where the ratio of the maximum prinicpal to shearing stress 
is greater than 2:1, second in the tensile test where the ratio is 2:1, 
and last in the torsion test where the ratio is only 1:1. 

Such an explanation implicitly attributes the embrittlement of 
iron to relative changes in yield and fracture stresses as the tempera- 
ture is lowered and therefore metallurgical studies should be directed 
at the control of these factors. Another factor of importance has 
been pointed out by Gensamer (32). Gensamer directs attention to 
the fact that there are two distinct aspects to ductility: one related 
to cohesive strength, as illustrated above, and the other related to the 
plastic or viscous properties of the metal. The first governs the local 
ductility, while the second controls the distribution of deformation. 
A widespread distribution of deformation or, equivalently, a low 
strain gradient, in addition to a sufficient capacity for local deforma- 
tion is essential in obtaining what is generally recognized as high 
ductility: i.e., high average deformation over a significantly large 
volume of metal. Gensamer points out that certain experimental 
results seem to indicate that when iron fails in a brittle manner, at 
least in the impact test, there is apparently a high degree of localized 
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plastic deformation adjacent to the fractured surface, suggesting that 
the material has not lost its ability to deform plastically under the 
conditions of test, but appears brittle because deformation has for 
some reason been restricted to a small volume. Hence it is suggested 
that the causes of low temperature embrittlement should perhaps be 
sought in those factors which determine the distribution of deforma- 
tion, or volume of metal which will deform at any temperature, 
rather than those which affect local. ductility. It may be shown, 
however, that the low temperature behavior of iron and steel cannot 
be explained on this basis. 

The primary factors governing distribution of deformation in 
a metallicespecimen are stated by Gensamer to be the stress gradient, 
rate of strain hardening, and viscosity. On the basis of a few simple 
assumptions he derives the following equations relating distribution 
of deformation, as expressed by the strain gradient, to the coefficient 
of viscosity of the metal, and the strain hardening coefficient : 


o = true stress 
5 = true strain 


08 l Oe 28 
Equation 1. . x - dt + F(x) — = strain gradient 


Ox 


03 Or 8  .. 
Equation 2, — = — - — — = stress gradient 


Ox 
4 og i i i 
Ox Ox on n = coefficient of viscosity 


n = strain hardening coefficient 


The important fact which appears from these equations is that the 
strain gradient is inversely proportional to both the coéfficient of vis- 
cosity, 7, and the strain hardening coefficient, n, proving that a low 
strain gradient, which means widespread deformation, is favored by 
both high viscosity and a high rate of strain hardening. 

Can changes in viscosity and rate of strain hardening account 
for the brittleness of iron at low temperatures? It is easy to deter- 
mine the effect of temperature on the rate of strain hardening be- 
cause this is given directly by the slope of the true stress-true strain 
tensile test curve.*7 MacGregor’s data (33) in Fig. 15 show that the 
slopes of these curves for steel increase slightly with decreasing tem- 
perature and therefore the rate of strain hardening increases. As a 
matter of fact it appears from the data of McAdam (9), (39), (40), 
(42) and others that the rates of strain hardening of all metals which 


“The strain hardening coefficient, n, is the slope of a plot of log true stress versus log 


true strain. MacGregor’s curves present rate of strain hardening directly as psi per unit 
strain. 
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have so far been tested increase with decreasing temperature. Since 
an increase in the rate of strain hardening calls for more widespread 
deformation at low temperatures, this factor evidently cannot ac- 
count for localization of deformation and brittleness. Similarly with 
viscosity; tension tests at various strain rates performed by Mac- 
Gregor and Fisher (51) indicate that the viscosity of steel increases 
slightly between 77 and —94°F (25 and —70°C). Such an in- 
crease would tend to produce more widespread deformation and 
therefore changes in viscosity cannot account for embrittlement. 

It seems an inescapable conclusion that the restriction of de- 
formation in iron at low temperatures is a consequence of a de- 
crease in local ductility** and the inherent capacity to deform. The 


The fact that Gensamer found local strain hardening in specimen which fractured in 
a brittle manner at low temperature equal to hardening at ductile fractures at higher tem- 
peratures is not proof of equal strain, for the strain hardening would be greater at low 
temperature. 
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Table I 
Effect of Low Temperatures on True Stress-Strain Properties [MacGregor (33) ] 
(Average of 2 specimens at each temperature) 





Min. Mod. 


of Strain 
qu’ = €u Hardening 
at Max. os 
Sp at Su at Load gqn’=é€n ——, Intercept 
Frac- Max. qpn=—en (Uni- Local Ge i, 
; Temp. ture, Load, Frac- form Necking Lbs. per Lbs. per 
Material °F. Lbs./In.2 Lbs./In.2 ture Strain) Strain Sq. In. Sq. In. 
Brass 70 100,600 74,400 0.576 0.195 0.381 63,600 62,200 


32 102,300 74,400 90.585 0.187 0.398 68,700 61,500 
—123 116,500 79,800 0.673 0.198 0.475 77,600 64,000 
— 300 150,200 111,600 90.712 0.340 0.372 103,300 76,500 


SAE—1112 70 ~=121,500 77,100 0.907 0.214 0.693 64,400 63,500 
32 122,300 82,100 0.920 0.232 0.688 56,750 69,700 

—119 135,500 94,100 0.906 0.250 0.656 62,900 79,000 

— 300 119,400 119,400 0.095 0.0955 0.000 100,000 110,000 

est. est. 

SAE—1045 70 §=126,000 105,200 0.470 0.195 0.275 72,800 95,500 
32 130,400 108,400 0.460 0.195 0.265 70,600 98,500 

—123 142,500 125,700 0.414 0.203 90.211 78,600 110,000 

— 300 132,700 Saaoe:: C.OR4S GOD DBO svn cides - uetewse~ 


SAE—3140 70 197,500 141,300 0.648 0.105 0.543 102,900 129,000 
32 200,000 150,500 0.602 0.127 0.474 100,200 138,500 

—123 212,500 159,300 0.605 0.108 0.497 103,800 148,000 

—300 221,500 203,000 0.232 0.118 0.114 154,600 184,500 


SAE—4140 70 231,000 146,600 1.003 0.110 0.893 94,900 138,000 

32 234,500 151,200 0.972 0.124 0.848 98,600 141,000 
—125 242,000 168,300 0.915 0.127 0.788 109,900 153,500 
—300 294,000 219,600 0.661 0.147 0.514 145,800 200,000 








plastic or viscous properties of a substance can affect distribution 
of deformation only if there already exists enough local ductility 
for these factors to come into play. It is suggested that when the 
relative values of flow and cohesive strengths change so that local 
ductility is continuously depressed, the metal will approach a condi- 
tion of brittleness regardless of the changes in viscosity or strain 
hardening rate. 

In addition to the information already discussed, the true stress- 
true strain data of Fig. 15 and Table I indicate directly the manner 
in which decreasing temperature affects distribution of deformation 
in metallic specimens. It may be seen that lowering the test tem- 
perature to —300 °F (—185 °C) greatly increased the uniform strain 
of the brass but had very little effect on the local necking strain, 
indicating that the deformation of the brass tended to become more 
homogeneous or general as the temperature decreased. Evidently 
this corresponds to an increase in the extent of deformation, and is 
analogous to the increase predicted by the equations of Gensamer 
(32) as a consequence of the higher rate of strain hardening at the 
lower temperature. Furthermore, since the total strain of the brass 
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increased relatively little it may be concluded that the local or inher- 
ent ductility has not changed very much with temperature. Because 
of a more general distribution of deformation, however, the brass 
should exhibit higher energy absorption at the lower temperature, 
and also a higher elongation in 2 inches in the conventional tensile 
test, which it does. Data from the P13 report indicate an elonga- 
tion in 2 inches of 49.5%, Izod impact strength of 65.5 ft-lbs for 
70-30 brass at room temperature. At —300°F (—185°C) the 
corresponding values are 74.5% and 78.5 ft-lbs. 

The true strain values for the steels are of unusual interest. 
Between +70 °F (+21 °C) and —120 °F (—84 °C) the local neck- 
ing strains and total strains of all the steels decreased slightly, indicat- 
ing a slight decrease in local ductility. In the same temperature range 
the uniform strain increased showing that deformation was tending 
to become more general or extensive because of the increase in the 
rate of strain hardening. Within this temperature range, in which 
the decrease in local ductility was not pronounced, it might be ex- 
pected that the increasing uniform strain would have a strong influ- 
ence on the over-all mechanical properties. Increase in uniform strain 
explains, for example, the increase in the conventional elongation 
of iron between +100 and —60 °C shown in Fig. 3, which otherwise 
appears inconsistent with the idea of continually decreasing ductility. 
It also explains why the impact strength of many heat treated steels 
is slightly higher at temperatures near —35°F (—36°C) than at 
room temperature. 

Table I shows that between —120 and —300°F (—84 and 
—184 °C) the local necking strains of the SAE 1112 and 1045 steels 
dropped to zero and the uniform strains dropped to very low values. 
Between the same temperatures the local necking and total strains of 
the SAE 3140 and 4140 steels also decreased markedly but not to 
zero. However, the uniform strains continued to increase. These 
data indicate that it is a decrease in local ductility which is primarily 
responsible for the brittle behavior of iron. The increase in the 
uniform strains of the SAE 3140 and 4140 steels while the total 
strain was decreasing shows that, because of the continually increas- 
ing rate of strain hardening with decreasing temperature, the distri- 
bution of deformation was tending to become more general or exten- 
sive while the inherent capacity of the metal to deform was rapidly 
decreasing. It would be expected that the uniform strain would 
continue to increase until a temperature was reached at. which the 
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local necking strain became zero and uniform strain equalled total 
strain. Further decreases in temperature should then produce de- 
creases in uniform strain until it, too, should approach zero. Evi- 
dently the SAE 1112 and 1045 steels at —300°F (—185°C) are 
below the temperatures at which for them local necking strain be- 
comes zero and have just about reached the point of complete embrit- 
tlement (in tension) at which uniform strain — total strain — zero. 

Relations Between Temperature and Strain Rate Effects—A 
qualitative similarity between the effects of increasing strain rate and 
decreasing temperature on the impact strength of steel has been men- 
tioned. There are other similarities between the effects of these two 
variables on the mechanical properties of metals. It has been shown 
by Manjoine (45) that an increase in strain rate from 10-* to 10° 
per second increases the ultimate strength of mild steel at room tem- 
perature about 40% and the yield strength about 170%. Tensile 
impact tests by Parker and Ferguson (27) indicate an increase in 
the elongation, reduction of area, and impact strength of aluminum, 
lead, copper, brass, and nickel with incréasing strain rate at room 
temperature. Parker and Smith (46) have shown that the elonga- 
tion of both single and polycrystalline copper specimens increases 
with increasing strain rate and that the slip bands appear to be 
closer together in the crystals broken at high speeds, indicating that 
the material has undergone more strain per unit volume. Rapid 
tension tests by DeForest, MacGregor and Anderson (47) using the 
true stress-true ‘strain technique reveal an increase in the true stress 
at maximum load, true fracture stress, and true fracture strain of 
brass and a number of steels with increasing rate of strain. It may 
be seen in their data that the rate of strain hardening also increases 
with strain rate. 

A number of attempts have been made to express mathematically 
the apparent equivalence of the effects of increasing strain rate and 
decreasing temperature upon the plastic properties of polycrystalline 
metals. Zener and Hollomon (28), (29), (48), (49) proposed 
that the effects of temperature and strain rate could be related 
through the parameter p, where 


e’ = strain rate 
€ Q = activation energy 
Equation 3. p= — (e2/8T) R = gas constant 
fo T = absolute temperature 
o == constant 


, 
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The parameter enters the equation of the flow curve in the form: 
Equation 4. o = f(€,p) € = strain 


and it is stated by Zener and Hollomon that experimental data indi- 


cate that o ~ p" where r is a constant with a value in the neighbor- 
hood of 0.02 for steel. 


A slightly different parameter was derived by MacGregor and 
Fisher (50, 51) from the equations for the velocity of secondary 
creep. This parameter, Ty, was named “velocity modified tempera- 
ture” and is defined by the equation 


’’ Tm = parameter 
: “ah ee ere e’ = strain rate 
Equation 5. Ta = T(1— k= In ; ) T = absolute temperature 


Eo 
k, &. = constants 


Again, the parameter appears in the expression 
Equation 6. o=f(¢, Tn) 


Various data plotted by the authors indicate that stress is a single 
valued function of e and T,. 

Evidently the parameters p and T, are not exactly equivalent. 
The derivation of T,, given by MacGregor and Fisher appears to be 
on a more exact basis than that of p given by Zener and Hollomon, 
and T,, has been applied to data over a wider temperature range. 
However, the principal interest of both of these expressions lies in 
the fact that they are both based more or less directly on equations 
for viscous flow, such as those discussed, for example, by Kauzman 
(52). The simpler parameter, p, may be seen immediately to be 
related to the coefficient of viscosity, », 


= ir —ceQ/RT © k = constants 


o = shear stress 
e’ = shear rate 


Equation 7. ? 


p = ke’n 

Thus it is implied in the use of these equations that the effects 

of temperature and strain rate are related through the factor of 

viscosity, and that viscosity, which is seldom considered, plays a part 

in determining the mechanical properties of metals at relatively low 
temperatures. 

Actually, the exact role of viscous flow in determining the plastic 

behavior of metals is not yet clear. A rather detailed consideration 

of this factor is found in German work of 10 or more years ago on 
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the properties of single metal crystals at low temperatures. Two 
schools of thought had arisen. One, represented by Becker (53), 
(54) and Orowan (55 to 57) supported the theory that the plastic 
flow of metals is due basically to the thermal vibrations of the atoms 
and is essentjally similar to the viscous flow of amorphous material. 
The Becker-Orowan formula is the forerunner of all recent applica- 
tions of viscosity formulae to the flow of metals. This theory seems 
to explain, at least within a certain range of temperature, the effects 
of increasing strain rate on the plastic properties and also the ob- 
served flow of metals under constant load.** The second school of 
thought, represented by Schmid and Boas (59), (60) and Ekstein 
(61) rejected the “thermal energy” theory of plastic flow completely. 
These men pointed out that purely viscous flow, being a consequence 
of the thermal energy of the atoms, cannot occur at absolute zero 
where the thermal energy disappears. However, many metals are 
plastic at very low temperatures, and show no signs of losing their 
plasticity as the temperature approaches within 1 or 2 degrees of ab- 
solute zero. The plastic flow of metals is evidently not dependent 
upon thermal energy and therefore must be a basically different proc- 
ess from viscous flow. 

Schmid and Boas*® explained the plastic properties of metals 
as an essentially “‘athermal” tlow process independent of temperature 
and velocity, upon which are superimposed the effects of crystal- 
recovery or relaxation. The true characteristics of the basic flow 
process appear only at very low temperatures. As the temperature 
is increased, relaxation resulting from the thermal vibrations of the 
atoms plays an increasingly large part in determining the flow prop- 
erties. A temperature is finally reached at which, for a given strain 
rate, relaxation proceeds as rapidly as strain hardening and deforma- 
tion occurs without increase in stress. Increasing strain rate raises 
the stress level of the flow curve because of the decreasing time for 
relaxation to occur. 

At the present time, the point of view of Orowan having been 
rediscovered first, viscous flow analogies occupy the attention of in- 
vestigators in this country. Considerations of the problems of veloc- 
ity and temperature effects on the basis of. relaxation have not yet 





MMore recently Orowan (58) has recognized that the “‘thermal activation’? mechanism 
expressed by Becker’s and similar equations does not suffice to explain completely the 
plastic flow of metals, although he still assumes that it plays a part. Orowan states that 
when the applied stress is higher than the critical stress necessary for moving a disloca- 
tion without thermal help, the velocity of flow is determined by the mechanism of momen- 
tum transfer between the gliding parts of the crystal. 

1S*K ristallplastizitat,”’ page 167. 
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been undertaken. It may be that the apparently different explana- 
tions are easily reconciled (52). Both viscous flow and relaxation 
require a similar movement of the atoms and may be in many re- 
spects analogous. 


Part II—INVESTIGATIONS OF THE MECHANICAL BEHAVIOR OF 
SINGLE CRYSTALS 


Most of the data on the mechanics of deformation and fracture 
of metal single crystals at subatmospheric temperatures date back to 
the active period in crystal research closely following the develop- 
ment of methods of preparing suitably large metallic single crystals. 
Relatively few investigations of low temperature properties appear 
in the literature subsequent to 1936 although much fundamental 
information is still lacking. 

Effect of Temperature on the Critical Stresses for Slip, Twin- 
ning and Cleavage—All investigations of the properties of single 
metal crystals demonstrate that the critical shearing stress necessary 
to initiate slip in the active slip system increases with decreasing 
temperature. A summary of the available data taken from various 
sources (63 to 77) is given in Fig. 16. Meissner, Polanyi and 
Schmid (64) observed no appreciable increase in the critical shear- 
ing stresses of cadmium and zinc between 20 and 1.2 °K, suggesting 
that no sudden increase in critical shearing stress at absolute zero 
is to be expected. On the other hand, Georgieff and Schmid (75) 
state that a resolved shearing stress of 625 gms/mm? does not suffice 
to produce slip in bismuth crystals at —80 °C (—112 °F), indicating 
an extremely sharp upturn in this curve (Fig. 16). 

Quantitative data on the properties of single crystals of face and 
body-centered cubic metals are very incomplete. Boas and Schmid 
(69) experimented with aluminum single crystals at low tempera- 
tures but did not state definite values of critical shearing stress be- 
cause no definite yield points were observed between —300 and 
1110°F (—185 and 600°C). Yielding occurred gradually at all 
temperatures. At —300°F (—185°C) extensive slip along the 
octahedral planes was produced by a resolved shearing stress of about 
800 gms/mm?. Miller and Milligan (67) obtained critical shearing 
stress measurements in aluminum crystals indicating, surprisingly, 
that the critical shearing stress increases with increasing temperature 
between 75 and 570°F (24 and 300°C). At room temperature, 
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the value of the critical stress under conditions of very slow loading 
varied from about 60 to 150 gms/mm*. A qualitative picture of the 
variation of the critical shearing stress of alpha iron with tempera- 
ture is given by Barrett, Ansel and Mehl (31) but no quantitative 
data are presented. Values of the critical shearing stresses of sodium 
crystals from Andrade and Chow (68) are plotted in Fig. 16. No 
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Fig. 16—Variation of the Critical Shearing 
Stress of Metal Single Crystals With Temper- 
ature. 
other quantitative data on the critical shearing stresses for the slip 
of body and face-centered cubic metals at low temperatures appear 
in the literature. 

It is recognized in presenting the data of Fig. 16 that the sig- 
nificance of the given critical shearing stresses is a matter of ques- 
tion. The experimental techniques used in the determination of 
these values did not include creep tests, and therefore they cannot 
be strictly defined as the critical stresses below which absolutely no 
plastic flow will occur. It is known from the work of Miller (66) 
and Miller and Milligan (67) that zinc, for example, apparently 
has no elastic limit or critical shearing stress at room temperature 
and above, since even the smallest load will produce creep at these 
temperatures. At temperatures where the mobility of atoms becomes 
great enough to make creep an important factor, the stress values 
presented in Fig. 16 are not really critical shearing stresses. The 
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temperature at which creep, in the sense of a viscous flow, replaces 
slip can be determined only by creep tests, but it seems likely that 
the recrystallization temperature is a good approximation. 

It is interesting that the experimental results from which the 
data of Fig. 16 were derived [e.g., Haase and Schmid (65)] show 
a clearly defined stress value at which rapid and extensive flow sud- 
denly occurs, even for temperatures where creep would undoubtedly 
take place. The presence of such threshold stresses for rapid flow 
as distinguished from creep may be explained by the existence of 
separate thermal and athermal flow processes as conceived by Schmid 
and Boas. At very low temperatures where thermal activity is neg- 
ligible, flow occurs only when the applied stress is high enough to 
overcome resistance to the basic athermal process. At higher tem- 
peratures where the thermal energy is appreciable, relatively low 
stresses produce viscous flow or creep, the thermal flow process, but 
higher stresses also produce the athermal flow. Under the ordinary 
test conditions of constantly increasing load, the stress at which 
rapid and extensive deformation suddenly occurs may perhaps be 
the stress necessary to produce flow without thermal aid. 

Schmid and Boas (59—p. 153) concluded from the results pre- 
sented in Fig. 16 that the critical shearing stress of metal crystals was 
affected by temperature only to a “very small extent”. The reason- 
ing by which this conclusion was reconciled with the data for bismuth 
is not clear. Between 400 and 100°K (261 and —279°F) the 
critical shearing strengths of magnesium and zinc single crystals in- 
crease by approximately the same percentages as the yield strengths 
of the polycrystalline metals. It is unfortunate that not enough data 
are available for comparisons among the face and body-centered 
cubic metals. 

The existence of a critical shearing stress for mechanical twin- 
ning similar to that for slip has not been clearly established. Schmid 
and Boas (59—p. 169) reporting on the investigations of Gough 
state that the existence of a simple critical shearing stress for twin- 
ning has not been proven. According to these authors, it appears 
possible that some energy condition related to the path of movement 
of the atoms is the determining factor. Davidenkov, Kolesnikov 
and Fedrov (70) found that the resolved shearing stress at which 
twinning occurs in zinc crystals is much less constant than that at 
which slip occurs, and is seemingly affected by the normal stresses. 
Similar results were obtained by Miller (66). 
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Even should a critical, or at least a threshold, stress for twinning 
exist, there is not enough quantitative data to determine its tempera- 
ture variation with certainty. According to Davidenkov, Kolesnikov 
and Fedrov (70) decreasing temperature between 390 and —300 °F 
(200 and —185 °C) increases the resistance of zinc crystals to twin- 
ning more than the resistance to slip. The resolved shearing stresses 
at which twinning occurs are stated to be 5 to 11 times those necessary 
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Fig. 17—Effect of Temperature on the Tendency 


for Single Crystals of Iron to Twin Under Slow 
Torsion. [Barrett, Ansel and Mehl (31) ] 


to produce slip. Apparently these are the only authors. who have 
actually measured resolved shearing stresses for twinning within the 
subatmospheric temperature range. Besides their data, only quali- 
tative observations are to be found. From the fact that twinning 
occurs more frequently in zinc, cadmium, and iron at low tempera- 
tures, Schmid and Boas (59—p. 171) decided that temperature has 
less effect on twinning than on slip, in contradiction to Davidenkov, 
et al. Barrett, Ansel and Mehl (31) determined that alpha iron 
twins more profusely at low temperatures and concluded that tem- 
perature affects the resistance to twinning less than the resistance 
to slip (Fig. 17). Bakarian and Mathewson: (71) observed an in- 
crease in the size and volume of twins in magnesium crystals favor- 
ably oriented for twinning upon deformation at 570°F (300°C). 
While these observations are evidence of relative changes in the re- 
sistance of the metals to twinning and slip, they are obviously far 
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from exact measurements of the effect of temperature on the re- 
sistance to twinning alone. 

The existence of a critical normal stress for the fracture of 
crystals exhibiting a definite cleavage plane is fairly well established. 
The evidence is described by both Schmid and Boas (59) and Elam 
(63). Quantitative information on the variation of the critical 
normal stress for fracture with temperature is meager. Data for 
zinc and bismuth from Fahrenhorst and Schmid (74) and Georgieff 
and Schmid (75) are reproduced in Fig. 18 and a summary of 
available information is given in Table IT. 








Table Il 
Critical Normal Stress Cleavage 
Metal Temp. °C For Fracture Kg/mm? Plane Reference 

Zinc 
ane Cd) — 80 0.18—0.20 0001 59 

inc 
2 (0.03% Cd) —185 0.18—0.20 0001 59 

inc : 

(0.03% Cd) —185 1.80 1010 "74 
Zinc 

(0.13% Cd) —185 0.30 0001 59 
Zinc ’ 

(0.53% Cd) —185 1.20 0001 59 
Bismuth + 20 0.32 ill 75 
Bismuth — 80 0.32 111 75 
Alpha iron — 98 26.9 100 78 
Alpha iron —102 25.0 100 78 
Alpha iron —123 26.5 100 78 
Alpha iron —148 27.8 100 78 


Alpha iron —185 27.6 100 78 





It appears that the critical normal stress for a specific metal is 
almost independent of temperature. However, experimental error 
in determining this information seems to be rather large. The values 
for zinc in Fig. 18 show a wide scatter and cannot be considered 
reliable to indicate a general trend of small magnitude. Barrett, 
Ansel and Mehl (31) picture the critical normal stress of iron in- 
creasing slightly with decreasing temperature but no quantitative 
data are given. Whatever the exact variation may be, it is clear 
in the metals which have been examined that the critical normal 
stress for cleavage is affected less by temperature than the critical 
shearing stress for slip. 

Change in the Mechanism of Deformation With Temperature— 
Change in the mechanism of deformation with temperature appears 
to be common behavior in metal crystals. It was shown by Schmid 
(80) that between —300 and 437°F (—185 and about 225°C) 
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Rule). [Fahrenhorst and Schmid (74), Georgieff and Schmid (75)] 


magnesium deforms exclusively by translation along the basal (001) 
planes in the direction of the digonal axis I [100]. For certain 
orientations of the crystal, a new slip plane comes into action above 
437 °F (225 °C) and the plasticity of the crystal is much increased. 
Bakarian and Mathewson (71) confirmed the fact that a new slip 
system appears in magnesium at slightly elevated temperatures and 
established this as the first order pyramidal plane (101) in the di- 
rection of digonal axis I. The orientation of the crystal must be 
such that the resolved shearing stress along (101) is six times that 
along (001) for slip to occur on the pyramidal planes. Twinning 
in magnesium appears to occur along (102) at all temperatures. 
Bakarian and Mathewson state that an increase in the size and vol- 
ume of twins was observed at 570°F (300°C) in specimens favor- 
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ably oriented for twinning. Fracture of magnesium occurs, accord- 
ing to Schmid and Boas, by a shearing failure along the basal planes 
between —300 and 392°F (—185 and 200°C). Bakarian and 
Mathewson mention cleavage on (101) for certain orientations. 
Whether or not temperature influences the mode of fracture is not 
clear. 

Some evidence for a change in the slip mechanism of zinc ap- 
pears in the literature. Translation on the basal plane is the-normal 
method of plastic deformation. Marks observed on single crystals 
at 212 to 392 °F (100 to 200°C) by Boas and Schmid (73) were 
thought to be traces of a new slip plane. Kolesnikov (81) reported 
slip on the first order prismatic planes at temperatures above 570 °F 
(300°C). There is a definite change in the fracture behavior of zinc 
with temperature. At room temperature over a wide range of orien- 
tations, primary basal slip is followed by twinning along (1012). 
Secondary slip along the new basal planes of the twins leads to frac- 
ture on these planes. At —22°F (—30°C), according to Fahren- 
horst and Schmid (74) secondary slip is inhibited and twinning is 
followed directly by cleavage in the twins along a surface which is a 
combination of primary prismatic and basal planes. At —112 °F 
(—80°C) fracture takes place directly following slip on the basal 
planes, without the occurrence of twinning. This latter behavior 
is characteristic down to —418 °F (—250°C). 

Neither cadmium nor bismuth exhibits a change in slip mecha- 
nism with temperature within the ranges investigated. Plastic de- 
formation occurs exclusively by translation along the basal planes 
from 390 to 425° F (200 to 255°C) and —112°F (—80°C) re- 
spectively. Primary basal translation in cadmium at room tempera- 
ture is followed by mechanical twinning along (1012). Secondary 
basal slip in the twins leads to renewed twinning and fracture.. At 
—425 °F (+255 °C), Boas and Schmid (73) state that twinning is 
followed by brittle granular fracture without the occurrence of sec- 
ondary slip. Properly oriented crystals of bismuth extend as much 
as 100% at room temperature by slip along the (111) plane, but the 
material is completely brittle below —112°F (—80°C) (75) and 
fails by cleavage on the (111) plane. 

Temperature affects the slip mechanism of beta-tin according 
to the investigations of Mark and Polanyi (82) and Obinata and 
Schmid (79). Four slip systems are found at room temperature, and 
above 300°F (150°C) a fifth becomes operative. Tin was tested 
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at subatmospheric temperatures by these authors but no data are 
given on twinning or cleavage at low temperatures nor is mention 
made of any transformation of the metastable beta-tin to the stable 
alpha (gray) tin. 

Aluminum is the only face-centered cubic metal which has been 
tested at low temperatures. From —301 to 752 °F (—185 to 400 °C) 
translation occurs in the octahedral planes in [110] directions. 
Above 750 °F (400°C) for certain orientations of the crystal, Boas 
and Schmid (69) report that another slip plane, the cube face, be- 
comes active although the slip direction remains the face diagonal. 
An increase in ductility is observed with the incidence of slip on the 
additional plane. Elnikov (84) states that in aluminum crystals de- 
formed by bending between —301 and 780 °F (—185 and 415 °C), 
two types of rotation of the lattice are observed, a basic and secondary 
type, the proportion of the two depending upon temperature. De- 
formation of brass crystals occurs exclusively by slip on (111) in 
the [101] direction between 70 and 700 °F (21 and 371 °C) accord- 
ing to Burghof and Mathewson (83). Mechanical twinning in face- 
centered cubic metals has not been observed with certainty and there- 
fore no information is available regarding temperature effects. Brit- 
tle fracture along a definite cleavage plane does not occur at any 
temperature under ordinary test conditions. 

The nature of plastic deformation in body-centered cubic metals 
has been a matter of some uncertainty but recent investigations have 
clarified the problem. Data for sodium, potassium, and molybdenum 
appear in a series of papers by Andrade, Tsien, and Chow (68), 
(85), (86), (87). It was observed in these metals that the slip 
direction is always [111] but the slip plane depends upon the tem- 
perature. At —300°F (—185°C) the slip plane of sodium is 
(112), at —82°C (110), and at room temperature (123). The 
slip plane of potassium at room temperature is (123). Molybdenum 
deforms by slip along the (112) plane at 20 and 300°C (68 and 
572 °F) and along (110) at 1830°F (1000°C). It was held by 
Andrade and Chow (68, 87) that the sequence of changes of glide 
plane with decreasing temperature (123) ~(110)—(112) is 
characteristic of all body-centered cubic metals except iron for which 
the results are inconclusive. The ratio of the testing temperature to 
the melting point in degrees absolute was suggested as the parameter 
which determines the gliding plane. 

Available data for alpha iron do not support Andrade’s general- 
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izations. Sauerwald and Sossinka (88) concluded slip in alpha iron 
occurs on (123) at room temperature and (112) at low tempera- 
tures. Barrett, Ansel and Mehl (31) in a subsequent and more 
careful study determined that between 932 and —319°F (500 and 
—195 °C) slip in crystals of pure alpha iron occurs jointly along the 
(110), (112), and (123) planes. The presence of silicon up to 
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Fig. 19—Change in Slip Mechanism of Pure Iron 
and Silicon Ferrite With Temperature. { Barrett, 
Ansel and Mehl (31)] 


4% tends to inhibit (112) and (123) slip at the lower temperatures 
so that only the (110) plane remains operative. Above 4% silicon, 
slip occurs exclusively along (110) at room temperature and above 
(Fig. 19). Iron twins profusely on the (112) plane at low tem- 
peratures but no twinning is observed upon slow deformation at 
high temperatures (Fig. 17). Below 274°F (—170°C), crystals 
of pure alpha iron exhibit a brittle fracture even when tested in 
torsion (Fig. 20). Cleavage in alpha iron occurs always on the 
cube (100) planes (78, 88 to 90). 

An interesting conclusion which may be drawn from the above 
data is that temperature affects the shearing resistance of different 
planes within a crystal to different extents. The operative slip planes 
at a given temperature are necessarily those possessing the lowest 
critical shearing stresses, and since slip occurs on different planes, 
changes in relative values of critical shearing stress must occur. 
Such changes in resistance to shear might be explained by the fact 
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Fig. 20—Effect of Temperature on the Ductility of 
Single Crystals of Iron in Slow Alternating Torsion. 
Full line represents beginning of brittleness. Dashed 
line is Pilling curve of brittleness for rapid bending of 
sheets. [Barrett, Ansel and Mehl (31) 1 
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Fig. 21—-Effect of -Temperature on Total Shear 
Along Basal Planes of Hexagonal Crystals Tested 
in Tension. 


that variations of temperature alter relative planar spacings, i.e., 
crystals exhibit anisotropic thermal expansivity, which in turn, as 
suggested by Andrade (87), may be a result of preferred directions 
of vibration of atoms in the lattice. 

Ductility of Single Crystals at Low Temperatures—An estima- 
tion of the ductility of single crystals is complicated by the fact that 
the total plastic extension which can occur is usually dependent upon 
the orientation of the crystal to the applied force. This is especially 
true of the hexagonal metals which possess only one set of operative 
slip planes at most temperatures. Under certain circumstances. 
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however, this disadvantage is partly overcome by the use of the total 
shear strain as a measure of ductility, and available information is 
expressed in this way. 

A discussion of shear strain is found in both “Kristallplasti- 
zitat” (“abgleitung”—p. 61) and “Distortion of Metal Crystals” 
(“amount of shear’’—p. 36) and will not be repeated. This factor 
represents the total slip in the active slip system measured in the 
direction of movement of the planes, and has been found in hexag- 
onal crystals at constant temperature to be almost independent of 
orientation, providing the primary basal slip is not terminated by 
cleavage. A plot of total shear strain vs. temperature for the pri- 
mary basal slip of cadmium, zinc, and magnesium crystals is given in 
Fig. 21 using data from various sources (59), (73), (74). It should 
be understood that these curves do not represent the over-all ductility 
although they are probably good indications of this, since slip along 
the basal planes accounts for most, and sometimes all, of the plastic 
deformation of hexagonal crystals..* The full curves represent the 
total shear strain along the basal planes up to the point where, for 
cadmium and zinc, twinning begins, and for magnesium either twin- 
ning or shearing failure occurs. It is evident that the amount of 
basal slip greatly decreases with decreasing temperature and it is 
‘ certain that the over-all ductility of these single crystals must simi- 
larly decrease. 

In Fig. 21 the curve for zinc is drawn as a broken line below 
about 200 °K because at low temperatures basal slip is followed di- 
rectly by cleavage on the basal planes, and the total shearing strain 
is no longer nearly independent of the orientation of the crystal. 
The plotted average values of the scattered results clearly indicate 
decreasing ductility. Why the total shear strain should be independ- 
ent of orientation when primary basal slip is followed by twinning 
is not apparent, but both the effect of orientation and temperature 
in the range in which slip is followed directly by cleavage may be 
simply explained by a consideration of the relative values of critical 
shearing stress for slip, and critical normal stress for fracture. 

If a crystal is so oriented that the resolved normal stress on the 
cleavage plane reaches the critical normal stress before the resoived 
shear stress on the slip plane reaches the critical shearing stress, frac- 
ture without plastic deformation must occur. Should the orientation 
be changed slightly to favor slip, flow will begin when the critical 





Tnsufficient data on total extension, to the point of fracture appear in the references 


to make use of over-all ductility in judging temperature effects. 
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shearing stress is reached. Plastic deformation, however, increases 
the resistance to flow much more rapidly than the resistance to cleav- 
age (Figs. 18 and 23), and consequently the critical normal stress 
for cleavage is soon exceeded, and fracture occurs after slight de- 
formation. Evidently the orientation may be adjusted to produce 
any given ductility between zero and certain maximum values de- 
pendent upon the critical shearing and normal stresses, and the rate 
of work hardening of the crystal. By analogous reasoning, the 
ductility at any given orientation varies with temperature because 
the relative values of the critical shearing and normal stresses vary 
with temperature. With decreasing temperature the resistance to slip 
increases (Fig. 17) but the resistance to fracture seems to remain 
almost constant (Table II), and therefore the stress range within 
which plastic deformation can occur steadily narrows down, and the 
ductility decreases. 


For crystals such as zine in which the slip plane is also the cleav- 
age plane, it may be shown that when the critical shearing stress for 
slip becomes equal to the critical normal stress for fracture, the crys- 
tal will be completely brittle in tension, i.e., will fracture without 
plastic deformation regardless of the orientation. The critical normal 
stress for zinc is at least 180 gms/mm? at 25°K; the measured 
critical shearing stress at this temperature is about 130 gms/mm’. 
Favorably oriented zinc single crystals should possess some ductility 
in tension at 25 °K, and the results of Fahrenhorst and Schmid (74) 
prove this to be a fact. At —80 °C the critical normal stress for the 
fracture of bismuth crystals is given as 320 gms/mm? (Table II). 
The curve in Fig. 16 indicates that the value of the critical shearing 
stress for bismuth should be somewhere in this neighborhood at 
about 200 °K (—73°C). Therefore the complete embrittlement of 
bismuth crystals in tension at —80°C, revealed experimentally by 
Georgieff and Schmid (75), is anticipated in the relative values of 
the critical shearing and normal stresses. 


Not enough data exist to apply such analysis to other than the 
hexagonal metals and bismuth. It is clear from the work of Boas 
and Schmid (69) that the behavior of the face-centered cubic metal 
aluminum (Fig. 22) is significantly different from these. Between 
572 and —301 °F (300. and —185°C) the single crystals show no 
change in ductility. The end points of the curves in Fig. 22 repre- 
sent the usual axial strain and not shear strain, since it is difficult 
to calculate the shear strain for crystals such as aluminum which 
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deform along more than one set of planes. For this reason, the fact 
that the extension is below 100% does not prove that the ductility is 
inferior to that of the hexagonal metals. The actual slip which oc- 
curs along the crystallographic planes may be much greater than 
100%. The important fact which appears from these curves, how- 
ever, is that, in contrast to the hexagonal metals, the ductility of 
aluminum single crystals below room temperature is not impaired 
by decreasing temperature. 


Spannung in kg/mm2 A.Q, 





Dehnung in % 


Fig. 22—Effect of Temperature on the 
Flow Curves of Aluminum Single Crystals. 
[Boas and Schmid (69)] 


No other precise measurements of the ductility of either face 
or body-centered cubic crystals at low temperatures appear in the 
literature. /It is shown by the data of Barrett, Ansel and Mehl (31) 
that single crystals of carefully purified alpha-iron become brittle at 
low temperatures (Fig. 20). These authors explain the embrittle- 
ment of iron on the basis of relative variations of critical slip and 
cleavage stresses, but as already mentioned only qualitative informa- 
tion is given. It is stated that the temperature of embrittlement does 
not coincide exactly with the temperature at which (112) and (123) 
slip is inhibited. 

Effect of Temperature on the Strain Hardening of Single Crys- 
tals—Temperature affects the rate of strain hardening of single crys- 
tals to a great extent. Flow curves for cadmium are reproduced 
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from “Kristallplastizitat’” (p. 159) in Fig. 23 and the stress-strain 
curves for aluminum are given in Fig. 22. The sharp increase in 
the slope of the flow curves of cadmium with decreasing temperature 
is also characteristic of the other hexagonal metals. Observations 
of increasing strain hardening with decreasing temperature are made 
by all investigators of the properties of single crystals at low temper- 
atures, and evidently this is the universal behavior of metals. 


1200 
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0 400 800 1200 
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Fig. 23—Effect of Temperature on the 
Rate of Strain Hardening of Cadmium 
Crystals. Solid lines represent a loading 
rate of 80-100 gms. per minute. Dashed 
lines obtained with a 100 X greater loading 
rate. [Schmid and Boas (59)] 


It has been frequently noted that temperature affects the spac- 
ing of the glide packets in metal crystals.‘7 These become less sep- 
arated, and less deformation takes place within each packet, as the 
temperature decreases. The spacing of the packets must not be 
confused with the spacing of the glide planes. There is no proof 
that the distance between the gliding planes within each packet is 
smaller at lower temperatures since the number of visible planes in- 
creases with the magnification of the examining microscope. The 
fact that there are a large number of packets indicates, nevertheless, 
that slip occurs on a greater number of planes at lower temperatures 
and this behavior is undoubtedly related to the higher rate of strain 
hardening at the lower temperatures. 

The effect of temperature on the rate of strain hardening is 


17(Reference 68, 86, 73: “‘Kristallplastizitat,” p. 157.) 
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also responsible for the fact that the area under the flow curves for 
cadmium in Fig. 23 is almost independent of temperature. Similar 
behavior with magnesium and zinc led Fahrenhorst and Schmid (74) 
to formulate a rule of “constant deformation energy” for the basal 
translation of the hexagonal metals, implying the existence of an 
energy condition for fracture. Such a rule clearly does not apply to 
aluminum or any other metal which retains its ductility at low tem- 
peratures. 

Effect of Strain Rate—Strain rate affects the properties of sin- 
gle crystals in the same manner that it affects the properties of poly- 
crystalline metals. Increasing strain rate raises the stress level of the 
entire flow curve and increases the rate of work hardening, as illus- 
trated for cadmium in Fig. 23 from Boas and Schmid (73). Similar 
behavior is observed in all of the other metals tested (65), (73), 
(59), (64). In Fig. 23 it is seen that the effect of strain rate or 
testing velocity is most pronounced at intermediate temperatures, and 
becomes negligible at high and low temperatures. This behavior is 
also characteristic of all metal crystals which have so far been tested, 
although what represents an “intermediate” temperature is related to 
the physical properties of the metal. 


SUMMARY 


1. Only face-centered cubic metals retain their ductility as the 
deformation temperature approaches absolute zero. The embrittle- 
ment of iron somewhat below room temperature is matched by an 
analogous loss in ductility at some characteristic temperature of all 
body-centered cubic or hexagonal metals. 

2. The embrittlement of iron with decrease in temperature can 
be explained, in mechanical terms, by a more rapid increase ih the 
stress required to cause deformation than in the stress required to 
cause fracture. 

3. The loss in ductility of iron cannot be explained in terms 
of strain gradient. At low temperatures, both the strain hardening 
exponent and viscosity coefficient of most steels increase, yet de- 
formation is localized and the metal embrittled, whereas comparable 
changes in the rate of strain hardening and viscosity of alpha-brass 
result in an anticipated low strain gradient, high energy absorption, 
or, in other words, more ductile behavior. 

4. The metallurgical variables influencing changes in the me- 
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chanical properties of steel at low temperatures have not yet been 
satisfactorily analyzed in most cases. Grain size, aging characteris- 
tics, structural and compositional effects have not been studied with 
but a single controlled variable. 

5. An explanation for the embrittlement of single crystals of 
hexagonal metals exists in terms of the critical stresses for slip and 
cleavage, analogous to flow and fracture stresses of polycrystalline 
metals. The temperature variation of slip, twinning and cleavage 
stresses for body and face-centered cubic crystals are scarcely known 
except qualitatively and for a very few metals. 
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DISCUSSION 


Written Discussion: By J. H. Hollomon, Research Laboratory, General 
Electric Co., Schenectady, N. Y. 

The authors have performed a service in presenting some of the infor- 
mation related to the ductility of metals at low temperatures. While the 
state of knowledge and the number of reliable experiments are limited, 
there are a number of inferences made by the authors that do not seem 
to be warranted. For example, the thesis of the paper indicates that all 
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body-centered cubic metals break brittlely at low temperatures. A num- 
ber of experiments have been performed on ferritic steels that suggest 
that the ductility depends only on the distribution of the carbide phase 
and not on the crystal structure of the ferrite. Haas and Hadfield” tested 
one steel having sufficient hardenability that when quenched could have 
been martensitic. The structure after tempering would have consisted 
of spheroidal carbides distributed in the ferrite matrix. The ductility of 
specimens of this steel tested at —254°C (sic) was almost as high as that 
of the specimens tested at 20°C. It may be deduced from the composi- 
tions and heat treatments of the other ferritic steel studied by these 
investigators that they did not consist of this structure but must have 
contained significant amounts of bainite or pearlite. No other experiments 
at such low temperatures in simple tension appear to have been performed. 
Numerous data, however, are available for ferritic steels tested at this 
temperature in notched-bar impact tests. For example, the data of 
Krisch and Haupt” would indicate that the ductility of ferritic steels at 
—254°C is completely dependent on the shape and distribution of the 
carbide phase, and not on the structure of the ferrite. They obtained 
good toughness in tempered martensitic steels at the temperature of 
liquid hydrogen. Zener and Hollomon™ have shown that at —190 °C, the 
ductility in a simple tension test for specimens having pearlitic and tem- 
pered martensitic structures are vastly different while their flow stress- 
strain curves at 20°C are identical. From these data, one cannot con- 
clude that body-centered cubic iron without detrimental inclusion or the 
presence of elongated carbide particles would be brittle. If the hypothesis 
that it is the presence of particles of a second phase that leads to a low 
fracture stress is permitted, then the discussion of the effects of alloy- 
ing elements in steels is meaningless. The effects of alloying elements 
would only be reflected in changes in carbide distribution, inclusions, and 
grain size (i.e., structure). 

Their conclusion concerning the effects of carbide distribution quoted 
from the paper by Gillett and McGuire™ seems unjustified. Temper brittle- 
ness could account for the lower ductility of specimens tempered at a high 
temperature than those tempered at a low temperature. It is almost 
certain that the decrease in toughness observed by McGuire is not due 
to a change in the structure of ferrite or carbide but is due to the pre- 
cipitation of a new constituent which leads to brittleness. The importance 
of the consequences of temper brittleness has been pointed out.” (Nor 
are the striking effects of this precipitation discussed in any detail in the 
paper.) 
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Not only do some of the data for ferritic steels indicate that they can 
be made to be ductile at the lowest temperature at which tests have been 
performed, but a recent article by Kostenets™ indicates that sodium is 
more ductile at liquid hydrogen temperature than near room temperatures. 
These data confirm the general idea that structural defects rather than 
crystal structure itself are the primary governing factor in fracture. It is 
probable that molybdenum, tungsten, and iron are relatively difficult to 
obtain in a sufficiently pure state so that harmful defects are not present. 

The authors infer that varying the width of all impact specimens 
changes the transition temperature for brittle failure. It is unlikely that 
such an effect will be observed when the ratio of the specimen width to 
the notch radius is large, nor is it likely that the fracture occurs under 
triaxial stressing in a notched-bar test.“ Rather, the fracture takes place 
at the surface of the specimen and progresses under strictly biaxial 
conditions. 

It should be pointed out that the papers by Sachs, Lubahn, and co- 
workers” related to notched tensile tests have been overlooked. In these 
papers some of the limitations of notched tensile testing are pointed out. 
It is unlikely that quantitative significance can be attached to the tri- 
axiality derived from considerations of a uniform stress distribution in a 
notched tensile test. 

Written Discussion: By H. W.. Gillett, Battelle Memorial Institute, 
Columbus, Ohio. 

The authors are to be congratulated on their translation of McAdam’s 
publications and their correlation of other highbrow data, even though 
when all is collected, the situation is still confused. Even from the engi- 
neering, as well as the theoretical, aspect, there are still lange gaps to be 
filled. 

In relation to the embrittlement of austenitic Hadfield steel, Had- 
held’s tensile data were on the usual high carbon material. Steel of about 
0.15% carbon, 15%, manganese was also tested, but this was, of course, 
not austenitic. 

It would be worth while to study an austenitic manganese steel at a 
lower carbon level, say one of 0.60% carbon, 14% manganese. 

The data upon which the low temperature toughness of the austenitic 
chromium-nickel steels is evidenced appear to be on quite low carbon 
wrought material. I know of no reliable data on the behavior of the 
higher carbon, 0.35 to 0.75%, cast austenitic heat resistant aHoys. Filling 
this gap in information would confirm or deny the suspicion that any high 
carbon austenite, while probably not showing a sharp transition temper- 
ature or range, may gradually lose toughness with decreasing temperature. 
Because cast valves and fittings may be needed in low temperature oper- 
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ations, we ought to know whether austenitic castings for such use should 
have carbon, or whether high. carbon is all right, or, if there is a dividing 
line, where it is. We might have to modify our usual belief that auste- 
nitics, in general, remain tough. 

Certainly, in the ferritic steels, increase in carbon ruins low temper- 
ature behavior of normalized steels and low carbon martensite is not so 
brittle as high carbon martensite. The normalized ferritic nickel steels 
require drastic decrease in carbon as well as a large amount of nickel in 
order to have toughness at very low temperatures as Arntstrong and 
Gagnebin showed. A case of interest is the 0.10% carbon, 3.5% nickel 
steel of the lining of the Ohio Fuel Gas storage tank for liquefied gas, 
which gave way, though in the usual Charpy test it showed 20 foot-pounds 
at —260 °C. Perhaps a higher nickel content and a few points lower carbon 
would have helped. Anyhow this is an outstanding case of the danger 
of relying on an impact figure. Impact values do not tell what will happen 
in actual service, especially where the designer overlooks contraction 
stresses and ties everything down tight. Nobody would run a high 
pressure steam line without an expansion loop, but the results of temper- 
ature differential, such as must have been produced by the sun shining 
on one side of the Schenectady hydrogen tank that blew up in thé morn- 
ing after a zero night, are too often overlooked. 

When such things are pointed out, the designer may avoid external 
mechanical restraint and yet fail to realize the mechanical restraint result- 
ing from mere size, for when the piece is so large that a face-centered 
metal, trying to move, has no place to go, a notch, though started in 
ductile fashion, propagates in brittle fashion. What the transition temper- 
ature is when determined on a tiny Charpy bar has not much to do with 
the behavior of a big chunk of ferritic steel, which can fail at very much 
higher temperature. 

There is now a large literature, on experiments carried out in the 
study of ship failures, that are pertinent to the engineering aspects of 
this problem. It all points to the lesson that the temperature of brittle 
failure of ferritic steels can be lowered by using small sections, e.g., a 
pack of thin plates instead of one thick one. By the same token the con- 
ventional Charpy test becomes worthless for quantitative design purposes 
of parts of larger section; its only value is in qualitatively appraising the 
propensity of the steel toward embrittlement. Conventional Charpy 
values are instructive to the metallurgist, but truly dangerous things to 
give the designer. The tensile ductility and notched-bar values, ordinarily 
determined only on longitudinal specimens, put the best foot forward to 
a degree that the designer seldom realizes. This holds to a spectacular 
degree in sulphurized screw stock, but to some degree in even the mast 
respectable ferritic steels. 

Newell and co-workers” report for Charpy keyhole tests of normal- 


“Newell and co-workers, Materials and Methods, January 1947, p. 62. 
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ized steel of about 0.07% carbon, 9% nickel: 


Room —320 °F —320 °F Fracture 
Longitudinal 48 to 56 37 to 48 tough 
Transverse 25 to 30 17 to 22 part brittle 


The type of fracture tells more about imminence of shattering failure 
than the foot-poeunds absorbed. 

While Seigle and Brick did not, in this survey for the Navy, have 
the task of dealing with these engineering aspects, some mention of them 
seems pertinent. 

I agree that it was an oversimplified statement that ferritic steels 
are not deteriorated in static tensile properties, though that statement 
does hold pretty well down on the temperature scale, and certainly for 
the ship-failure problem. 

To the list of elements affecting the behavior of a ferritic steel can 
be added tin. A quarter of a per cent produces brittleness at room tem- 
perature in normalized low carbon steel. Large amounts raise the transi- 
tion temperature, much as silicon does. Even the small percentages of 
residual tin occasionally met in commercial steels might exert a real 
influence, though no data seem to exist on this. 

Written Discussion: By L. D. Jaffe, metallurgist, Watertown Arsenal 
Laboratory, Watertown, Mass. 

In this very excellent review, one minor error has been noted: The 
relationship between the parameter / and the viscosity 7 cannot be of the 
form indicated in Equations 7, since these equations lead immediately to 


p = ke. 
This is obviously inconsistent with the experimental finding that 
¢~p* i 


where r is approximately 0.02. 

Written Discussion: By J. J. Kanter, materials research engineer, 
Crane Co., Chicago. 

The authors summarize their survey with a statement to the effect 
that only face-centered cubic metals retain their ductility as the deforma- 
tion temperature approaches absolute zero. It is not clear whether this 
statement is intended to pertain only to elemental metals or also to in- 
clude alloys. In any event, neither metals nor alloys have been tested for 
mechanical properties at sufficiently low temperature to contemplate their 
approach to absolute zero. 

That such a general and unqualified conclusion as this is yet war- 
ranted upon a basis of the information available is open to considerable 
question. Much less tenable are theoretical developments upon such a 
conception. 

Attributing the embrittlement of iron at low temperatures to the 
fact that it has other than the face-centered cubic structure properties 
does not explain the behavior as the authors seem to believe. It is merely 
necessary to direct attention to the fact that available information on 
ferritic 8.5% nickel steels shows that this body-centered cubic alloy has 
the ability of retaining its ductility and notched-bar impact resistance at 
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liquid air temperatures. This established that the body-centered cubic 
arrangement of metal atoms does not necessarily lead to loss of ductility 
and brittle transition at low temperatures. We are compelled to look 
further for a satisfactory “explanation”, or what the writer would prefer 
to call description, of the process of brittle transition. 

A significant difference between body-centered cubic metals and the 
face-centered cubic is their ability to contain several of the light elements 
in interstitial solid solution. The concentration of light elements which 
can be so retained in solid solution in austenite is many-fold the capacity 
of ferrite. The strain aging properties of metals as well as their low 
temperature embrittlement is intimately associated with the extent to 
which the capacity for interstitial solutes is engaged. Experiments upon 
this conception have indicated a direct correlation between strain 
aging susceptibility and the temperature for brittle transition. Moreover, 
both of these phenomena can be varied through the control of the inter- 
stitial solutes. In view of this clearly indicated influence upon low tem- 
perature embrittlement we will not be in a position to conclude whether 
pure body-centered cubic iron is brittle in its approach to absolute zero 
until we have more information upon material effectively purified of inter- 
stitially solute atoms. 

Written Discussion: By John C. McDonald, assistant technical direc- 
tor, Magnesium Division, The Dow Chemical Co., Midland, Mich. 

The purpose of this discussion is to point out that certain of the 
authors’ apparent conclusions in respect to magnesium are probably not 
right, at least in so far as these conclusions might be used in engineering 
design. The authors’ interpretation of the data presented in Fig. 3 is 
that the ductility of magnesium in the simple tension test will vanish 
at some temperature approaching absolute zero. The data presented in 
Fig. 14 might also be interpreted to give the same conclusion, 

Unpublished data from this laboratory and other laboratories indicate 
that at least down to the temperature of liquid hydrogen this is not so. 
Notched-bar impact tests on various technical alloys down to the above 
temperature have shown a maximum loss in toughness compared to tests 
at-room temperature of not more than 50%. It is possible that these 
test results can be reconciled to the authors’ apparent conclusion by 
observing that the curves in Fig. 3 and Fig. 14 are flattening out as 
lower temperatures are approached, differing in this respect from the 
behavior of many of the iron alloys. If we assume that this flattening 
out is real and continues to still lower temperature rather than assuming, 
as did the authors, that the ductility continues to fall off, finally reaching 
zero, we can explain the observed fact that technical magnesium alloys 
retain 50% and better of their room temperature toughness, at least down 
to the temperature of liquid hydrogen. 


Authors’ Reply 


As Dr. Hollomon points out, the present review should have included 
a discussion of temper brittleness. Experimental evidence indicates, how- 
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ever, that the deleterious effect of high tempering temperatures on the 
toughness of ferritic steels cannot always be explained on this basis. For 
example, carbon steels containing less than 0.60% manganese are not 
usually ‘susceptible to temper embrittlement” yet, as the data” given in 
Fig. A show, an increase in drawing temperature from 1150 to 1300 °F 
(620 to 705 °C) decreases the toughness of such steels at low temperatures 
and increases the embrittlement temperature range. That this effect is 
probably not related to temper embrittlement is further indicated by the 
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Carbon Steels. 


fact that, as Dr. Hollomon”™ states “ ... the amount of relative embrittle- 
ment is independent of the temperature above about 1110°F (600°C)”. 
Hence variations in drawing temperature above 1110°F (600°C) would 
not be expected to affect the degree of temper embrittlement, even if 
any occurred. It seems reasonable to seek an explanation of the given 
results in variations of carbide particle size and ferritic grain size. What- 
ever the explanation, the data lead one to suspect that, at least for certain 
steels, there is an optimum tempering temperature between the extremes 
represented by untempered martensite and coarse spheroidite. 

It has not yet been explained why quenched and drawn steel is more 
ductile than commercially pure iron at low temperatures, although per- 
haps Hollomon’s theories of the fracture strength of steel are a good basis 


__ *J. H. Hollomon, “Temper Brittleness,”” Transactions, American Society for Metals, 
Vol. 36, 1946, p. 473. 


HH. W. Gillett, “Impact Resistance and Tensile Properties of Metals at Sub- 
atmospheric Temperatures,”’ Aug. 1941, published by ASTM, page 4S. 
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upon which to plan experiments. It should not be ignored, however, that 
the great majority of, if not all, heat treated steels show a definite tend- 
ency for a diminution of ductility with decrease of temperature below 
room temperature, even though complete embrittlement may ‘not be 
revealed within the temperature range so far studied. The intrinsic be- 
havior of “pure” iron and heat treated steel is thus similar, and is in 
contrast to that of such metals as aluminum and copper which exhibit no 
tendency whatsoever to decrease in ductility at low temperatures. There 
may be some doubt whether or not absolutely pure iron, molybdenum, and 
tungsten, not to mention zinc, magnesium, cadmium, and bismuth, would 
become brittle at low temperatures, but if the low temperature brittle- 
ness of metals is fundamentally associated with impurities and structural 
discontinuities rather than with crystal structure, then the fact that 
apparently only the face-centered cubic metals maintain ductility at low 
temperatures becomes a remarkable coincidence. No one would deny that 
the disposition and shape of particles of a second phase must have a 
great effect on ductility, but in view of the evidence as it now stands, 
the conclusion that crystal structure is a governing factor appears com- 
pletely justified. 

Mr. Kanter questions the generalization about body-centered versus 
face-centered cubic structures and, for support, mentions data on “fer- 
ritic” 8.5% nickel steel which shows that this alloy retains its ductility and 
notched impact resistance at liquid air temperatures. Data which the 
authors have seen on this steel show that its notched impact strength is 
decreasing in the vicinity of liquid air temperatures and a not unreason- 
able extrapolation of the curve suggests a very low impact strength at 
liquid hydrogen temperatures or less. The decreasing notch strength at 
liquid air temperatures puts this steel in the class of regular ferritic steels 
and out of the face-centered cubic group. A second factor is the prob- 
ability of some austenite in the 8.5% nickel steel which should alter the 
rate of decreasing notch strength. 

In general, Mr. Kanter’s argument is similar to Dr. Hollomon’s inas- 
much as it attributes the loss in ductility of those metals which become 
brittle at low temperatures to the fortuitous presence of impurities, here 
producing age hardening rather than structural discontinuity. There is 
no doubt that age hardening produced by elements dissolved interstitially 
or otherwise has a pronounced effect upon the low temperature properties 
of iron and steel. However, precipitation hardening does not appear to 
be the basic cause of low temperature brittleness in general, since the 
degree of embrittlement is, according to all experiments, independent of 
time at temperature, and ductility is recovered immediately upon heating 
above the embrittlement temperature. The phenomenon does not exhibit 
hysteresis, which would almost certainiy accompany precipitation at low 
temperatures. It may also be pointed out that if ductility at low temper- 
atures is dependent upon the capacity of the metal to dissolve certain 
atoms interstitially, then the hexagonal metals ought to be as ductile 
as the face-centered cubic, since the hexagonal lattice wiil accommodate 
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just as large a sphere, interstitially, as does the face-centered cubic lattice. 

Mr. McDonald points out that magnesium alloys retain a large frac- 
tion of their room temperature toughness at low temperature. This is 
because at room temperature magnesium is already almost completely 
embrittled, at least with respect to notch stresses. Curves of impact 
strength versus temperature for iron and steel also flatten out at low 
temperatures, apparently approaching some low value asymptotically. 
This is not an indication that the material reaches and remains at a mini- 
mum ductility, but is simply a consequence of the fact that the metal 
will always absorb a certain amount of energy elastically, even with notch 
constraints, and therefore the impact strength will never drop to zero. 
The low notch strength of magnesium and its alloys at room and low 
temperatures of course does not mean that the alloys are necessarily 
unsuitable for low temperature service; they may be desirable in the 
sense that design for room temperature service does not need to be 
altered for low temperature applications, 

Dr. Gillett’s remarks constitute a contribution to the engineering 
significance of data on low temperature properties. The inconsistency 
revealed by Mr. Jaffe upon carrying the algebra of Equation 7 an addi- 
tional step indicates that the ratio between stress and strain rate is not 
a constant for steel as was assumed. 








THE FATIGUE STRENGTH OF BINARY FERRITES 


By E. EpreMIANn AND E. F. NIppes 


Abstract 


An investigation has been made of the specific 
strengthening effect of alloying elements in binary solid 
solution on the endurance limit of ferrite. Results of 
tests on samples in the Quinlan pneumatic fatigue machine 
indicate that the relative order of effectiveness is: Ti, Mo, 
Si, Mn, Ni, Co, and Cr. The effectiveness of these ele- 
ments varies inversely with the extent of solid solubility 
in iron. 


Observations of the change in the power require- 
ments to matntain a bar at constant stress during the 
progress of a fatigue test are associated with changes in 
the damping capacity due to cold work. The occurrence 
of fatigue fatlure is defined by a decrease in the natural 
frequency of the sample, and the minute crack formed 
has been detected with the Supersonic Reflectoscope. 


INTRODUCTION 


HE various aspects of the phenomenon of fatigue have been 

the subject of considerable research, but relatively little is 
known about the effect of alloying elements on the fatigue properties 
of iron. The few data that are available are difficult to correlate 
because of differences in heat treatment, grain size, method of test, 
and purity. The purpose of this investigation was to determine the 
specific effect on fatigue properties of alloying elements in binary 
solid solutions of ferrite. 

The fatigue properties of alloyed ferrites are unquestionably of 
practical as well as theoretical interest (1).* In addition to providing 
a fundamental relation involving an alloying element and its effect 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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on fatigue, a knowledge of the fatigue properties of binary ferrites 
may be of aid in designing compositions of constructional steels for 
high endurance limit. 


Previous WorK ON BINARY FERRITES 


A number of investigators have studied the tensile, creep, and 
hardness properties of binary solid solutions of ferrite. Lacy and 
Gensamer (2) reported that the tensile strength is a power function 
of the concentration of alloying element in ferrite; and the amount 
of strengthening per atomic per cent of alloying element increases 
as the limit of solubility in ferrite decreases. 

On the basis of hardness measurements, Austin (3) made the 
following general conclusive statements : 


“1. Distortion of lattice parameter of ferritic iron by adding an 
alloying element in solid solution results in an increase in hardness. 

2. The greater the difference in atomic radius between the added 
element and alpha iron, the greater the hardening effect. 

3. The addition of an element possessing a type of crystal 
structure different from that of iron results in greater solid solution 
hardening. 


4. The addition of elements having low solubility in alpha iron 
have greater hardening power than those with high solubility.” 


From creep studies, Austin, St. John and Lindsay (4) concluded 
that “any marked increase in tensile strength or hardness of ferrite 
as a consequence of the formation of solid solution is no definite 
criterion that creep strength will be improved similarly.” However, 
it was shown that creep characteristics of various ferrite solid solu- 


tions are closely related to temperature-softening behavior of the 
cold-worked alloys. 


THEORY OF FATIGUE 


It is unnecessary for the present purposes to review the volu- 
minous work on fatigue involving the effects of atmosphere, temper- 
ature, cold-work, grain size, etc. Such factors were recognized as 
variables and controlled in the experimental work. 

The mechanism by which metals fail in fatigue, however, is of 
particular interest. An attractive theory offered by Orawan (5) 
may be summarized as follows: 
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“Materials contain imperfections which cause stress con- 
centrations. Under static loading these stress concentrations 
are reduced by plastic flow. However, in the fatigue process, 
successive cycles work-harden the material in the neighbor- 
hood of the imperfections, thereby continually diminishing 
the reduction in stress concentration due to plastic flow. This 
continues until a condition is approached in which there is no 
plastic flow because either the yield point is sufficiently in- 
creased or because the ultimate strength of the material. is 
exceeded. In the latter case, a fatigue failure occurs.” 


O O O 


200 
b 


—_——_ <-4-- 


O O O 


Oo saya 
—_— C — 
Fig. 1—Lattice Distortion in 


Fatigue. In a, b, and c the rows of 
atoms represent the outermost fibers. 


The mechanism by which a fatigue failure occurs need not 
depend upon the presence of imperfections in the metal, but may 
arise from lattice distortions produced by plastic deformation due 
to alternating stresses. In the original strain-free material the atoms 
are arranged in an orderly array, such as in Fig. la. The application 
of a bending stress distorts the lattice, displacing atoms to new 
positions as shown in Fig. lb. With a reversal of stress, the atoms 
are moved back toward their original positions. However, having 
been work-hardened by previous distortion, the atoms cannot return 
to their original unstrained sites but assume intermediate positions 
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as pictured in Fig. le. Such lattice distortions may serve as stress 
concentrators to initiate fatigue failures. 

A direct consequence of this very simplified picture is that the 
endurance limit of a metal free of imperfections should be much the 
same as its elastic limit. At stresses below the elastic limit, no plastic 
deformation.occurs and the metal cannot fail in fatigue. It is a well 
known fact that the fatigue failures usually occur at stresses below 
the elastic limit, undoubtedly due to imperfections as explained by 
Orawan. 


PREPARATION OF ALLOYS 


The alloys were melted and cast under vacuum into 12-pound 
ingots. Pressed and sintered electrolytic iron powder of the follow- 
ing composition was used as the base material : 


C Mn S P Ce Bi Me Go 8 A Ti 
0.015 0.01 0.007 Trace nil nil oil ~wnil_ ~nil = ~wnil_ nil 


The purest available elements were used in making alloys; for 
example, the titanium used was the pure ductile material recently 
developed by the U. S. Bureau of Mines. Table I gives the chemical 
analysis of the various compositions in weight per cent. 

The ingots were thoroughly soaked and then forged at 1000 °C 
(1830 °F) into bar stock % by % inch. The material was machined 
into fatigue test bars and finally heat treated to homogenize and 
adjust the grain size of the samples. The test bars were given a 
final polish with 3/0 emery paper and then tested. 





Table I 
Chemical Composition of Alloys 

Vac. Ht. No. Cc Cr Co Ni Mo Si Mn Ti 
Pure Fe 0.015 nil nil nil nil 0.007 0.01 nil 
238 0.015 1.01 nil nil nil 0.007 0.01 nil 
239 0.015 4.75 nil nil nil 0.007 0.01 nil 
242 0.015 nil 1.05 nil nil * 0.007 0.01 nil 
265 0.015 nil 3.88 nil nil 0.007 0.01 nil 
263 0.015 nil 5.01 nil nil 0.007 0.01 nil 
245 0.015 nil nil 1.07 nil 0.007 0.01 nil 
246 0.015 nil nil 5.04 nil 0.007 0.01 nil 
247 0.015 nil nil nil 0.13 0.007 0.01 nil 
248 0.015 nil nil nil 0.40 0.007 0.01 nil 
251 0.015 nil nil nil nil 0.56 0.01 nil 
252 0.015 nil nil nil nil 1.33 0.01 nil 
254 0.015 nil nil nil nil 0.007 0.64 nil 
255 0.015 nil nil nil nil 0.007 1.48 nil 
257 0.015 nil nil nil nil 0.007 0.01 0.47 


—————————— 
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Heat TREATMENT 


The heat treatment of the alloys was primarily designed for 
grain size control, since the hot work was sufficiently drastic (93%) 
so that homogeneity was insured. It was desired to adjust the grain 
size of all the alloys to ASTM 4-6 so that the experimental results 
would be applicable to steels used commercially. 

This controlled grain size was obtained by several -methods. 
Most of the alloys displayed a 4-6 grain size after a 24-hour treat- 
ment at 650°C (1200°F). However, in a few cases (high chro- 
mium alloys and manganese alloys) it was necessary to heat the alloy 
through the alpha-gamma transformation to obtain the desired grain 
size. Table II summarizes the heat treatments used and resulting 
grain sizes. It is to be noted that the 3.88% cobalt alloy exhibited 
a large grain size after either treatment. Several other heat treat- 
ments were used without success. 


Tabie Il 
Summary of Heat Treatments Used and Resulting Grain Sizes 


Weight 


Per Cent Alloying Grain Size Resulting from Heat Treatment 

Heat No. Element A B 
238 1.01 Cr 1-2-3 4-5 
239 4.76 Cr 5 1 
242 1.05 Co 1 5 
265 3.88 Co 1 1 
263 5.01 Co 1 4-5 
245 1.07 Ni 4-5 4-5 
246 5.04 Ni 7-8 6 
247 0.13 Mo 1 5 
248 0.40 Mo 1-2-3 5 
251 0.56 Si 1 5 
252 1.33 Si 1 5 
254 0.63 Mn 4-5 1 
255 1.48 Mn 5 2-3 
257 0.46 Ti 2 





The fatigue test samples were heat treated in an inert atmos- 
phere of helium which was purified by passing through copper chips 
at 600°C (1110°F) and dried by P,O,.. The samples were com- 
pletely enclosed in a welded steel box which had inlet and exhaust 
pipes to provide for the flow of helium. The enclosed charge was 
given the desired heat treatment within a hydrogen atmosphere fur- 
nace for further protection. It was felt that contamination from 
hydrogen was minimized since the box wall thickness was 4 of an 
inch and a constant flow of helium was maintained. 
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EQUIPMENT AND TESTING 


The fatigue tests were conducted in machines which were 
recently designed by Quinlan (6), of the General Electric Com- 
pany. The machine pneumatically actuates a cantilever specimen at 
its natural frequency. Air jets are directed at pistons mounted on 
the end of the sample, the amplitude of vibration being controlled 


13” s° 
= OIA. HOLE 


———— 


.375"+ .002" THICK 






Fig. 2—Dimensions of the Fatigue Test Bar. 


by the amount of air pressure. An electric heating furnace with 
suitable control may be placed around the test piece to maintain it 
at the desired temperature. The frequency is picked up by a coil 
and magnet arrangement and recorded on a chart. The amplitude 
is measured by means of a small telescope mounted on the side of 
the machine. 

The two equations involved in the use of the machine are as 
follows : 


S = KAE (Equation 1) S = Stress. 
K = A constant depending on size and shape of 
test piece. 
A = Amplitude. 


E = Young’s modulus of elasticity. 


[ = Natural frequency of flexural vibration. 


= ca = (Equation 2) f=N 
e C= A constant depending on dimensions of 
E y 


test bar. 
== ‘oung’s modulus. 
e = Density of metal. 


The constant K can be calculated from a deflection curve and 
the dimensions of the bar or may be determined by using gages to 
measure the strain’ induced by known deflections. Young’s modulus 
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of elasticity may bé determined from a tensile test at room temper- 
ature, and density is determined by the usual means. 
From equations 1 and 2 it follows that 


KAfe 
S = KAE = 





S=K’fPA (Equation 3) 


The dimensions of the test bar are shown in Fig. 2. The bar 
vibrates in a plane perpendicular to the plane of the drawing. The 
hole at the end is used for attaching the pistons, while the other end 


Frequency 


Number of Cycles 


Fig. 3—-The Change in Frequency During Progress 
of Fatigue Test. 


is clamped in the base of the machine. The frequency of the test 
bar with pistons assembled is approximately 200 cycles per second. 
It has been found that in this frequency range, the endurance limit 
is not affected by the frequency of the test (7). 

A sufficient number of samples of each alloy were tested to 
establish the endurance limit (about 6 bars). All of the tests were 
conducted at room temperature in an air atmosphere. 


THe NATURE OF A FATIGUE FAILURE 


A fatigue failure as determined in the usual rotating beam ma- 
chine is defined by a complete break in the sample. Perhaps such 
a definition of failure is not accurate. A sample tested in the Quinlan 
pneumatic machine vibrates at its natural frequency and maintains 
this constant value during the test. In the last stage of the test (point 
A in Fig. 3) the frequency declines at a rapid rate until the sample 
stops vibrating due to the presence of a large crack (point B). 
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/ \ CRACKED COMPLETELY J \ d 


Fig. 4—Supersonic Reflectoscope Patterns for Fatigue Test Bars in Various Conditions. 


A sample which had been run past point A was examined by 
Zyglo, Magnaflux, and radiography, but a flaw was not detected. 
However, examination of the sample with a Supersonic Reflectoscope 
indicated a fine internal crack in the region of the stress concentrating 
fillet. 

A series of samples was then studied with the reflectoscope to 
follow the progress of a fatigue failure. It was found that a crack 
was produced after point A was exceeded and the size of the crack 
increased until finally complete fracture was obtained. Thus a 
fatigue failure might well be defined at the instant a crack initiates, 
that is, when the frequency drops below the original value. The 
sketches in Fig. 4 summarize the observations made with the reflec- 
toscope. 

The test bar is shown at the top of Fig. 4 to indicate the signif- 
icance of the patterns. At the left is the initial pulse from the 
quartz crystal of the reflectoscope. The unbroken bar (Fig. 4a) 
gave a reflection from the far end, with no indication of an internal 
disturbance. Fig. 4b corresponds to a bar which was run for a short 
time beyond point A of Fig. 3. Progressive damage and complete 
fracture are shown in Figs. 4c and 4d. The number of cycles a 
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sample will undergo after point A (Fig. 3) is reached is an indication 
of the notch sensitivity. 

The fatigue equipment was adjusted so that the test would 
automatically shut off if the frequency dropped below the initial 
natural frequency, thus indicating exactly when failure occurred. 


DETERMINATION OF YouNG’s MopuULuUsS 


Young’s modulus of elasticity was determined for a number 
of alloys by performing tensile tests on bars to which strain gages 
were attached. The values fell between 28 and 32 million, as would 
be expected, since Young’s modulus follows the rule of mixtures. 
That is, the modulus of elasticity of binary alloys varies linearly with 
the composition (8). 

Typical values obtained were as follows: 


Alloy E 
Sr. ¢ deb ce apneic 29.7 < 10° 
MOE Sk dapeduanendabeseen 30.3 X 10° 
Be GhEs cae sees 31.9 x 10° 
ME 7 ss 6 p.cdv teecuseeasen 28.7 x 10° 


As will be shown, a method of stress calculation involving frequeney 
(easily measurable) rather than Young’s modulus is possible. 

The values of the tensile strength served as a reasonably good 
check with the results of Lacy and Gensamer (2). 











Table Ill 
Heat Alloy Element Tensile Strength Tensile Strength* 
Number Atomic Per Cent psi psi 
245 1.02 Ni 39,400 39,900 
255 1.505 Mn 43,600 43,400 
258 0.292 Mo 45,830 47,900 
251 1.11 Si 45,270 43,900 
237 0.56 Cr 36,000 34,900 





*Lacy and Gensamer. 


Sarena gn nea pRinceSs epsolnpeaidlapaaonoetp ones SapealesseDslappannonslaapoantonns aaeanased=nsenpelgneneaanadsnaySaNEIoesnanapaatSaagSaloNeDNSND 


DETERMINATION OF STRESS 


From the fundamental formulas for vibrating cantilever beams 
it is known that the stress is proportional to the deflection: S = KAE. 
Thus, if strain measurements are made at various amplitudes, a 
straight-line plot of strain versus amplitude may be obtained. The 
procedure was followed to obtain the results plotted in Fig. 5. The 
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stress may be calculated for any deflection if Young’s modulus is 
known. 

The stresses in the test bar were calculated by a second method. 
A straight narrow line previously scribed on the side of the test bar 
indicated the deflection of the bar along its length. By use of a 
photograph, Fig: 6, the maximum stress was calculated by an approx- 
imation method which summed the bending moments about the fillet 
of several increments of test bar length. 

It was found by this method that a total maximum deflection 
of 0.060 inch created a stress of 15,400 psi. This value is to be 


Deflection (Mils) 





0 
0 0.0002 0.0004 0.0006 
Strain iInches/ Inch 


Fig. 5—Strain as a Function of Deflection. 


compared with 15,750 psi which was the stress obtained from strain 
measurements for the same deflection. These values deviate by 2.2%. 

The second method, based on the deflection curve, has the 
advantage of greater accuracy. The calculation of stress value is 
independent of Young’s modulus, but depends upon the frequency 
which is easily determined during each test. Thus, the deflection 
method of calculation may be kept general to give a relation with the 
form of Equation 3, by computing the value of the constant. 

Such a formula applies to all the alloys tested, whereas the 
strain gage method depends upon Young’s modulus which may vary 
from alloy to alloy. The formula involving frequency was used to 
determine the stresses in the testing of alloys. 
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Fig. 6—A Fatigue Sample in Test. 


RESULTS 


The: fatigue test data for each alloy at room temperature are 
given in plotted curves (Figs. 7 to 9) of stress versus the number 
of cycles to failure. An arrow indicates a bar which did not break. 
The value of the endurance limit was taken from the horizontal 
portion of the curve at a point well past 10’ cycles. Fig. 10 shows 
how the endurance limit varies with alloying additions. 

The endurance limit of the pure iron-base material was not 
obtained because the ingot was damaged during the forging operation. 
In the plot of endurance limit versus atomic per cent alloying element 
(Fig. 10) the various curves originate from a value of 15,600 psi 
which may represent the fatigue strength of pure iron. 
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the Number of Cycles to Failure. Alloys 238, 239, 242, 251, 263, 265. 
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Fig. 9—-Fatigue Test Data for Alloys at Room Temperature Showing Stress Versus 
the Number of Cycles to Failure. Alloys 248, 254, 255. 


DISCUSSION OF RESULTS 


The effect of the various elements on the fatigue strength of 
iron is easily seen in Fig. 10. The relative order of effectiveness of 
the elements is shown in Table IV (based on atomic percentages) : 


Table IV 
Order of Effectiveness of the Elements 


Maximum Room 


Temperature Solubility Atomic Crystal 
Element Atomic Per Cent Radius Structure 
Ti ~3 1.49 H..P. 
Mo ~3 1.39 B.S. 
Si 9 (26) 1.17 Diamond 
Mn 12 1:27 Complex 
Ni 19 1.25 lies 
Co 77 1.25 aC. 


oor: 42 1.30 B.C.C. 


Comparison of the effectiveness of the elements with the extent 
of solid solubility, atomic radii, and crystal structure indicates that 
the solubility is of primary importance. This fact is to be expected 
since the atomic radii and crystal structure are each factors which 
determine the extent of solid solubility according to Hume-Rothery’s 
rules. 
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The various experimenters who have studied the hardening and 
strengthening effect of elements in solid solution have considered 
a number of factors among which are: extent of solid solubility, 
difference in atomic radii of solute and solvent atoms, type of 
crystal structure, change in lattice parameter, and difference in 
atomic volumes. From all of these factors it is clear that the im- 
provement in strength due to alloying is related to distortion or strain 
in the parent lattice. Thus, if a solute atom is accepted with ease by 








Endurance Limit —!000 psi 








Atomic % Alloying Element 


Fig. 10—The Fatigue Strength of Binary Ferrites. 


the solvent lattice, little distortion is produced and the metal is not 
appreciably strengthened. On the other hand, if an alloying atom 
is accepted with difficulty by the parent metal, there is a greater 
amount of distortion and hence an increase in strength. 

An excellent measure of the ease or difficulty with which a 
metal can accommodate an alloying element is the phase diagram. 
If an alloying element is accepted with ease, there is a broad solid 
solution field. Limited solid solubility indicates that distortion has 
been produced to the extent that a new phase is readily formed. 

The correlation of strengthening and extent of solid solubility 
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depends upon the accuracy of the constitution diagrams. The extent 
to which iron will dissolve titanium or molybdenum in solid solution 
is only known approximately. Cobalt and chromium are in reversed 
order, but perhaps other factors are of greater importance since both 
elements have extensive solubility. 

The order of effectiveness in improving the tensile strength 
was reported by Lacy and Gensamer to be much the same except 
that they found silicon to be above molybdenum. Their results 
were: titanium, silicon, molybdenum, manganese, nickel, cobalt, and 
chromium. Austin gave this same order of merit on the basis of 
hardness. It is noted, however, that molybdenum has lower solid 
solubility than silicon, and therefore might be expected to be a more 
potent strengthener. Mention should be made of the fact that a 
small amount of carbides exists in the alloys, which presents the 
possibility of obtaining proportionally greater strength from the 
carbide-forming elements such as molybdenum. 


RELATION OF FATIGUE AND TENSILE STRENGTHS 


The fatigue and tensile strengths of the binary ferrites and 
their ratios are given in Table V. It is seen that the ratios vary 
between 0.45 and 0.61, with the exception of the alloy containing 
titanium. This material has a fatigue-tensile ratio of 0.785. Perhaps 
the exceptionally high fatigue strength of the alloy can be explained 
by the fact that the alloys in this investigation contained slightly 
more carbon than those prepared by Lacy and Gensamer. The effect 


Table V 


Fatigue and Tensile Strengths of Binary Ferrites and Their Ratios 
Alloy Fatigue Tensile FS/TS 
Atomic Per Cent Strength Strength* Ratio 
1.07 Cr 16,500 35,300 0.467 
5.30 Cr 18,000 38,400 0.469 
1.00 Co 20,000 35,600 0.562 
3.72 Co 22,300 38,600 0.577 
4.76 Co 23,400 39,400 0.594 
1.02 Ni 18,050 39,900 0.452 
4.81 Ni 26,500 52,900 0.501 
0.076 Mo 19,250 35,000 0.55 
0.292 Mo 23,200 37,900 0.61 
1.11 Si 23,250 43,900 0.530 
2.61 Si 26,500 54,100 0.490 
0.651 Mn 19,300 39,000 0.495 
1.505 Mn 21,000 43,400 0.485 
0.538 Ti 33,000 41,900 0.785 


*Lacy and Gensamer. 
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of this added carbon would be more marked in the alloys containing 
strong carbide formers such as titanium and molybdenum. 


The values obtained agree very well with the reported ratios of 
0.40 and 0.60 for steels. 


OBSERVATIONS DuRING FATIGUE TEST AND THEIR SIGNIFICANCE 


The binary ferrites as a group have relatively high damping 
capacity. It was observed that highly stressed samples were slightly 
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Fig. 11—Power Requirement as a Function of the Time of Test for 
Various Constant Amplitudes. 


warm during test, this heat arising from the internal friction of the 
alloy. Samples stressed at the endurance limit and slightly higher 
stresses gave no indication of a temperature rise. No attempt was 
made to measure the temperature rise due to damping, since this 
factor had no effect upon the value of the endurance limit, but may 
have changed the shape of the S-N curve above the knee. 

It was also observed during test that it was necessary to increase 
the initial power input to the sample in order to maintain constant 
amplitude at stresses above the endurance limit. At stresses below 
the endurance limit it was necessary to decrease the input slightly 
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to maintain constant amplitude. The effect is shown schematically 
in Fig. 11. The former behavior may be interpreted as an increase 
in the damping capacity of the metal as it is progressively work- 
hardened by the relatively high stresses so that greater input is 
required to maintain the same deflection. On the other hand, the 
lower stresses are thought to raise the yield point so that an essen- 
tially elastic condition exists, thus decreasing the damping capacity 
and the necessary input for constant amplitude. Note that the curve 





Fig. 12—Intergranular Fatigue Failure in Alloy 248 (0.292% Mo). Nital etch. x 75. 


for A, eventually becomes horizontal, indicating the attainment of an 
equilibrium condition. 

In a vibrating cantilever at constant frequency, the strain rate 
is proportional to the amplitude. Thus the strain rate for each 
constant amplitude curve is a constant, and decreases with decrease 
in deflection. On the other hand, with a constant amplitude the 
strain rate is increased by an increase in frequency. It is well 
known that a high strain rate gives higher yield and ultimate 
strengths. Thus, the increase in the rate of strain explains why 
Jenkins (7) found that the endurance limit increases markedly 
when the frequency is increased above 300 cps to 10,000 cps. 


METALLOGRAPHIC INVESTIGATION 


The usual fatigue failure in a steel at room temperature is 
transcrystalline, i.e., the crack progresses across the grain bound- 
aries. A representative fatigue failure of each alloy was studied 
under the microscope to determine the nature of the break. Sur- 
prisingly, many of the alloys showed a completely intergranular fail- 
ure. Others displayed a failure which combined intergranular and 
transcrystalline cracking in varying degrees. Fig. 12 shows the 
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nature of a fatigue failure in alloy 248 (0.292% Mo). It is appar- 
ent that the material failed intergranularly in spite of the fact that 
the test was at room temperature. Table VI summarizes the type of 
fatigue failure found in the alloys. 


Table VI 
Type of Fatigue Found in the Alloys 
Alloy Nature of Fatigue Failure 
238 Mostly transcrystalline 
239 Cr Intergranular and transcrystalline 
242 Intergranular 
265 Co Mostly intergranular 
263 Mostly intergranular 
245 Ni Intergranular 
246 **! Intergranular 
247 Intergranular 
248 Mo Intergranular 
ae Mostly transcrystalline 
252 Si Intergranular and transcrystalline 


254 Mn Intergranular and transcrystalline 
255 Intergranular and transcrystalline 


257 Ti Transcrystalline 


These alloys without. exception exhibit transcrystalline failure 
in tensile test, but show a definite trend toward intergranular failure 


in fatigue. As yet, no rigid explanation can be offered for this 
phenomenon. 


SUMMARY AND CONCLUSIONS 


1. The order of effectiveness of the elements investigated in 
improving the fatigue properties of ferrite is as follows: titanium, 
molybdenum, silicon, manganese, nickel, cobalt, and chromium. 

2. The effectiveness varies inversely with the extent of solid 
solubility. 

3. The ratio of the endurance limit to the tensile strength of 
binary ferrites varies between 0.45 and 0.61. 

4. A better definition of the occurrence of a fatigue failure has 
been obtained by the indication of a decrease in the natural frequency. 
The minute crack which is initiated has been detected with the 
Supersonic Reflectoscope. 

5. Observed changes in the power requirements and temper- 
ature of bar during the progress of a fatigue test have been asso- 
ciated with changes in the damping capacity due to cold work. 

6. Intergranular fatigue failures have been observed in the 
binary ferrites. 
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DISCUSSION 


Written Discussion: By F. R. Morral, Metal Trades Laboratory, 
Technical Service and Development Division, American Cyanamid Co., 
Stamford, Conn. 

It is of interest that new properties of alloyed ferrites have been 
determined. These complement the work started by Austin on hardness 
and creep and continued by Lacy and Gensamer on tensile properties. 

In Table IV manganese is stated to have a solubility of 12% in ferrite 
at room temperature. Troiano and McGuire*® have found that under equi- 
librium conditions, the solid solubility of manganese in ferrite is 3.2%. 
With ordinary treatments, a martensite-type structure known as super- 
saturated alpha was found to be beyond 3% manganese at room tempera- 
ture. Beyond 12% manganese, another martensite-type structure, epsilon, 
has been known for some time. 

The order of effectiveness of the alloying elements in Table IV may 
be somewhat more obvious if the actual distance of closest approach of 


2A. R. Troiano and F. T. McGuire, “A Study of the Iron-Rich Iron-Manganese 
Alloys,”” Transactions, American Society for Metals, Vol. 31, 1943, p. 340. 
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the atoms is used, or even the lattice parameters of the ferrite solid 


solutions. These and their difference with those of iron are given in 
Table A. 


: Table A 


Distance (D) 
of Closest Dif- Co-or- lo Parameter 
Approach of ference dination Alloying of Ferrite 
Element Atoms A°%% Dz-Dre Number Element Lattice* 


Fe 2.4777 ooces 8 100 

Ti 2.915 0.437 12 ae 

Mo 2.7196 0.242 8 6.0 2.87261 
5 2.8620 

Si 2.3457 0.132 4 ; 2.857 

Mn 2.582 0.114 8 . 2.86235 

Ni 2.4868 0.009 12 ‘ 2.8619 

Co 2.499 0.021 12 ‘ 2.8604 

Cr 2.4929 0.015 8 ’ 2.8613 


8C. S. Barrett, “Structure of Metals,” 1943, p. 552-4. 

*‘Mo—F. Wever, Z. Metallkunde, Vol. 20, 1928, p. 366; F. E. Bowman, R. M. Parke 
and A. J. Herzig, ‘‘The Alpha Iron Lattice Parameter as Affected by 
Molybdenum, and an Introduction to the Problem of the Partition of 
Molybdenum in Steel,’’ Transactions, American Society for Metals, Vol. 
31, 1943, p. 487. 

Si—Alloys of Iron and Silicon, Monograph Series, p. 44. 

Mn—See Ref. 1. 

Ni—Alloys of Iron and Nickel, Monograph Series, Vol. 1, p. 379. 

Co—J. W. Rodger and W. R. -Maddocks, 2nd Alloy Steel Report, Iron and 
Steel Institute, 1939, p. 167, 171. 

Cr—G. D. Preston, Journal, Iron and Steel Institute, Vol. 124, 1931, p. 139. 


These values may also help explain Fig. 10, according to which the 
cobalt is more effective in concentrations below 2.5% while nickel has 
greater fatigue strength above this concentration. 

Written Discussion: By H. F. Moore, research professor of engineer- 
ing materials, Emeritus, University of Illinois, Urbana. 

I read the paper with much interest, and think it an important dis- 
cussion of a new type of fatigue testing machine, and the beginning of 
what promises to be a fruitful study of the effectiveness of alloying ele- 
ments in adding fatigue strength to steel. 

As I examined equations 1, 2 and 3, at first glance it seemed to me 
that they involved the assumption that E varies as f*%. I felt sure that 
this was not the case, especially when I looked at the values of E on 
page 878. Then I went over the matter again and noted the change from 
K to K’, and the difficulty disappeared. Would it not be a good plan to 
call attention to the rather inconspicuous (’) in K’? 

Would it be possible to show the derivation of K for a simple speci- 
men of given width, thickness and length? Would comment be worth- 
while on differences in the computation of stress in this specimen tested 
in the pneumatic machine and a similar specimen tested under forced 
vibration with a load at the free end of the cantilever? 

Does the amplitude of vibration A remain practically constant with a 
given air pressure until fracture begins or is it necessary to use electronic, 
or other, controls during the early stages of a fatigue test? 
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Your steels were all heat treated to give nearly the same grain size. 
Could it be assumed that the relative effectiveness of the alloying elements 
would be the same, or nearly so, for other grain sizes? 

I ask questions which arose in my mind as I read your excellent 
paper. These probably seem rather needless to you who have lived with 
this machine for some time, but they may not have self-evident answers 


to others, who, like myself, are not yet intimately familiar with the be- 
havior of this machine. 


Written Discussion: By C. E. Lacy, Hanford Division, Research Lab- 
oratory, General Electric Co., Richland, Wash. 


In spite of the fact that metals are commonly evaluated on the basis 
of several widely used mechanical tests, the exact significance of many 
of these tests, as well as the relationships existing among them, is not 
very well understood. The mechanism of fatigue failure, for example, is 
still unknown; hence it is impossible to relate the fatigue or endurance 
limit to other properties even though a vast amount of empirical fatigue 
data has shown that some general relationships may exist. The accumu- 
lation of complete property data on simple alloy systems in which the 
variables are kept at a minimum is essential to the ultimate understanding 
of the mechanical behavior of metals. In studying the effect of composi- 
tion on the fatigue strength of ferrite, the authors have made an impor- 
tant addition to this reservoir of data. 

The data obtained by the authors show that the addition of alloying 
elements increases the fatigue strength of ferrite, and since it is known 
that alloying elements raise the position of the flow curve in the tensile 
test, it would appear that fatigue strength is related to the flow curve. 
Further evidence of this is the fact that empirical data show a general 
relationship between fatigue strength and tensile strength, and the latter 
is a measure of the relative positions of the flow curves of metals. Also 
the ratio between fatigue strengths determined in torsion and tension- 
compression corresponds to the ratio between the shear strain energy in 
the two test methods, and it is the shear strain energy (or approximately, 
the maximum shear stress) which governs flow in metals. Along this 
line, it would be interesting to see what effect a wet hydrogen anneal 
would have on the fatigue strength of low carbon steel since this treat- 
ment is known to change the initial part of the flow curve while leaving 
the latter part of the curve relatively unchanged. 

While the above line of reasoning indicates that fatigue strength is 
related to the flow curve, the effect of the fracture strength must also 
be considered since the failures which determine fatigue strength neces- 
sarily involve fracture. What effect alloying elements might have on the 
fracture strength of ferrite is not known. 

One might question the correctness of attempting to compare the 
fatigue strength of a metal with its flow curve since, as other writers 
have pointed out, fatigue properties are related to a very small area in 
which failure occurs while the flow curve measures the average property 
of the metal as a whole. Orowan, whom the authors quoted, assumes in 
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his theory that fatigue is related to a flow curve, but the curve is that of 
the inhomogeneity rather than the normal flow curve of the material. 
However, the relationship between the gross flow curve and fatigue 
strength as evidenced by the data presented in this paper is more regu- 
lar than one would expect were the fatigue properties related only to 
inhomogeneities., 

It would be interesting to know whether the authors determined 
yield strengths in the tensile tests they made, and if so, whether the 
values obtained were greater than those obtained by Lacy and Gensamer. 
The fatigue strengths obtained by the authors in general exceeded the 
yield strengths obtained by Lacy and Gensamer in working with wet 
hydrogen treated ferrites, and if this were the case with the authors’ 
alloys, then the effect of the cold work introduced in the first few cycles 
of the fatigue tests would have to be taken into account in any funda- 
mental consideration of the data. 

Written Discussion: By A. G. Guy, associate professor, Mechanical 
Engineering Department, North Carolina State College of Agriculture and 
Engineering, Raleigh, N. C. 

This paper adds very useful data to the information on binary fer- 
rites. In addition the authors are to be congratulated on bringing for- 
ward a new criterion for fatigue failure. In this connection it would 
be interesting to know whether the results obtained are significantly dif- 
ferent if point B of Fig. 3 is.taken as the time of failure rather than 
point A. 

Is information available to determine whether any of these alloys 
have endurance limits above the elastic limit? If this is so, are the stress 
values still accurate? Also, how valid are the maximum ‘stress values 
in those specimens run at stresses approaching the tensile strength? 

Written Discussion: By John R. Low, Jr., professor of metallurgy, 
Pennsylvania State College, State College, Pa. 

The authors have presented a very interesting paper on a subject 
of fundamental interest in the field of mechanical metallurgy. The value 
of their experimental results, however, would have been considerably 
enhanced had they found it possible to report. certain other mechanical 
properties along with their fatigue test data. In particular, the yield 
strength values for their particular materials might have proved very 
useful. Despite the common practice of computing the endurance ratio 
as a ratio of endurance limit to tensile strength, there is good reason 
to believe that endurance limit is much more likely to be directly related 
to the stress necessary to initiate plastic flow. It is a general observa- 
tion that steels which have a yield-tensile ratio greater than the usual 0.5 
also have an endurance limit-tensile strength ratio greater than the usual 
0.5. Examples which may be cited are bessemer steels in general as 
well as certain of the low alloy “high yield strength” steels. In the paper, 
the authors have computed endurance limit-tensile strength ratios from 
tensile strengths reported by Lacy and Gensamer for similar alloys. The 
assumption that the tensile strengths of the authors’ alloys were similar 
to those of Lacy and Gensamer’s alloys is probably satisfactory as a first 
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approximation despite the fact that Lacy and Gensamer’s alloys were 
purified in wet hydrogen. Lacy and Gensamer’s yield-strength values 
cannot, however, be used for comparison with the authors’ endurance 
limit values since wet hydrogen annealing would be expected to lower 
the yield strength very markedly while affecting the tensile strength only 
slightly. 

Some clarification of the authors’ method of computing stresses 
would be appreciated. For example, in the method used, is any account 
taken of the stress concentrating effect of the fillet in the~specimen? 
Fig. 4 of the paper would indicate that failure occurs in the fillet. 

Finally, the basis for the authors’ statement (page 884) that the pres- 
ence of small amounts of carbides “presents the possibility of greater 
strength from the carbide-forming elements such as molybdenum” is 
not clear. Might not just the opposite effect be expected if a portion of 
the carbide-forming alloying element is thereby removed from solution 
in the ferrite? 

Written Discussion: By Burt L. Newkirk, professor of vibrations, 
theory and practice, Rensselaer Polytechnic Institute, Troy, N. Y. 

These remarks refer to Fig. 3 of the paper, showing no change in 
frequency as fatigue progressed up to a certain point, followed by rapid 
decrease in the natural frequency. For some years past studies have 
been made in the vibrations section of the department of aeronautical 
engineering at Rensselaer Polytechnic Institute in a search for some meas- 
urable factor that varies as fatigue progresses. The most interesting of 
these was a thesis by J. B. Duke, showing correlation with the core loss 
of the specimen as observed with a DuMont Cyclograph. This was re- 
ferred to in a paper by P. E. Cavanagh.* 

It is commonly understood that no considerable change in natural 
frequency occurs as fatigue progresses. To determine whether changes 
that might ordinarily escape notice occur, we have made tests in which 
the specimen was made to beat with a tuning fork at various stages of 
its fatigue life. At the same time we have tested the internal friction of 
the metal. Both are shown in Fig. A. The natural frequency of the 
specimen at the start was 120.3 cycles per second and the observed vari- 
ations are only a few hundredths of a cycle up to the completion of 1.6 X 
10° reversals. After this the frequency fell off rapidly. Up to this point 
there is a slight downward drift that may be real. The internal friction 
also remained quite constant up to 1.7 X 10° reversals, after which it rose 
rapidly. After 6 X 10° reversals the technique for measuring log decre- 
ment was improved, resulting in more consistent readings. 

After 1.9 X 10° reversals no cracks could be found, but cracks were 
found after 25,000 more reversals. The specimen was of cold-rolled steel 
annealed. After 1.97 X 10° reversals the specimen, which was % inch 
thick by 1 inch wide, was pulled in a testing machine and it broke with 
a characteristic fatigue fracture in the stressed section under a pull of 


5P. E. Cavanagh, “‘A Method for Predicting Failure of Metals,’ Proceedings, Ameri- 
can Society for Testing Materials, Vol. 46. See also P. E. Cavanagh, “Stress Compari- 
sons by Correlation With High Frequency Magnetic and Eddy Current Losses,”” Transac- 
tions, American Society for Metals, Vol. 36, 1946, p. 158-9. 
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Fig. A—Natural Frequency and Logarithmic Decrement Versus Stress Cycles. 


3200 pounds. The unstressed sections of the same bar broke at the 
average value of 7088 pounds. 

We find that in general cold-rolled steel in the as-received condition 
and in the annealed condition shows definite change in natural frequency 
shortly before the stage at which cracks may be found by microscopic 
examination or by magnaflux tests. The process of fatigue is apparently 
one of progressive embrittlement rather than one of progressive fracture, 
until the specimen is near the end of its life. 

The curves presented herewith were part of a report by J. H. Higman, 
R. L. Payne and H. R. Sweet, dated November 1946. These men were 
at that time pursuing graduate work in the Aeronautical Engineering 
Department. 


Authors’ Reply 


The method of analyzing the data suggested by Dr. Morral was con- 
sidered. It is difficult to compare the change in lattice parameter of 
ferrite produced by the elements at different concentrations of each. 
However, if the change in lattice parameter is plotted against the atomic 
per cent of alloying element, comparison of the values of change in lattice 
constant at 1, 3, and 5 atomic per cent indicates that the order of effec- 
tiveness is Mo, Mn, Si, Cr, Ni, and Co. This order does not agree with 
the data as well as that obtained on the basis of maximum room tempera- 
ture solid solubility data. 

Dr. Moore is correct in regard to the meaning of the constants in 
equations 1, 2, and 3 of this paper. The use of K’ as the new constant, 
which may lead to confusion, is regretted. Equation 2 states that a 
cantilever specimen of a material, with a modulus of elasticity E, will 


have a natural frequency of vibration which is proportional to the square 
root of E. 
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The amplitude of vibration does not remain constant during test unless 
slight adjustments are made in the air pressure to compensate for the 
changes which occur in the damping capacity of the metal. Fig. 11 sche- 
matically shows the adjustments which are necessary to maintain con- 
stant amplitude during test. 

No data are available to prove whether the relative effectiveness of 
the alloying elements in improving the fatigue strength of ferrite is the 
same for grain sizes other than ASTM 4-6. From Austin’s work, how- 
ever, it is known that the hardness of annealed binary ferrites varies little 
with the grain size. Thus, it might be expected that the order of effec- 
tiveness of the elements in improving fatigue strength is much the same 
at other grain sizes. 

There have been several requests for clarification of the methods of 
computing stresses; therefore, they shall be given in detail. The first 
method merely consisted of obtaining strain measurements at various 
amplitudes of vibration from dynamic strain gages cemented on the test 
bar at the point of maximum stress (at the fillet). A straight-line plot 
of maximum strain versus amplitude of vibration was made, from which 
the stress could be calculated for any deflection knowing the modulus 
of elasticity. Obviously, a disadvantage of this method of calculation is 
that a tensile test must be made of each alloy to determine the elastic 
modulus. 

A second method of stress determination was devised to eliminate 
this difficulty by making use of the relation that the stress is proportional 
to the amplitude and the square of the frequency. A fatigue test bar with 
a narrow straight line scribed on its side was vibrated in the Quinlan 
machine. Measurements were made of the amplitude of vibration at 
various positions along the length of the test bar and plotted in a curve 
of deflection versus distance along the bar from the fillet. The length 
of the test bar was then considered as a number of small increments. 
Each increment produces a bending moment about the fillet which is 
given by the force on that increment times the distance from its center 
of gravity to the fillet (the moment arm). The force is easily calculated 
from the mass of the increment (volume times density) and its accelera- 
tion which is given by (27f)*r, where f is the frequency and r is the 
amplitude of the increment as obtained from the deflection curve. By 
adding the bending moments contributed by all the increments of length, 
the maximum stress may be calculated with the familiar formula: 
s—Me 





where M is the sum of the bending moments, I is the moment 


of inertia of the test bar cross section, c is the distance from the neutral 
axis to the outermost fiber, and S is the maximum stress. 

To derive a general expression with the form S = (constant)f?\A 
rather than a specific value of stress, the amplitude of each increment 
r is taken as a fraction of A (the maximum amplitude) instead of a 
numerical value. Similarly, the frequency is left indefinite in the calcu- 
lation. When a specific stress determination is desired, the measured 
values of frequency and amplitude are substituted in the formula. 
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Dr. Lacy has nicely analyzed the complex problem with which we 
are confronted. The fact that it is impossible at the present time to 
state the relation between tensile and fatigue properties (if existent) 
indicates the need for some fundamental research. For example, it would 
be desirable to know the effect of prior fatigue damage (prestressing) on 
the flow and fracture characteristics of metals. Such information would 
lead to a knowledge of the change in mechanical properties produced 
by progressive fatiguing, and perhaps a relationship between fatigue 
and tensile strengths. In making a quantitative study of the problem, 
it must be remembered that the tensile properties vary with the rate 
of strain. Thus, for this reason as well as others, too much significance 
should not be placed upon the ratio of fatigue strength to tensile strength. 
The ratios were given for the binary ferrites only to indicate that the 
values fall within the range reported in the literature. 


Yield strength values for a few of the binary ferrites are given in 
Table B. 








Table B 








Atomic % Yield Strength Yield Strength* Endurance 

Alloy No. Alloying Element Psi Psi Limit, Psi 
248 0.29 Mo 16,000 7,500 23,200 
251 1.11 Si 17,350 16,000 23,250 
255 1.50 Mn See SRE ieee 21,000 
245 1.02 Ni RA gh oe aad ee Pie 18,050 
263 4.76 Co ee ee 23,400 


*Lacy and Gensamer 





It is seen that the results are higher than those reported by Lacy and 
Gensamer for samples annealed in wet hydrogen. The table also shows 
that the endurance limit values are higher than the yield strength. 

Dr. Guy has brought forth the point that it is difficult to’ accurately 
determine fatigue stresses in the range of plastic deformation. Certainly 
the method of determining stress based on the use of strain gages in- 
volves an extrapolation from elastic behavior. The second method, which 
utilizes the frequency of vibration, is expected to give more precise results 
since a dynamic property is used in the calculation. 

If the time for failure is taken as point B in Fig. 3, the time necessary 
for the crack to grow to a certain size is included. The length of this 
additional time depends upon the particular alloy being tested and the 
magnitude of stress, and in some cases may amount to as much as 25% 
of the test life. Certainly such a definition of failure will give inaccurate 
values of the fatigue strength above the endurance limit. When fatigue 
failure is not produced, the fatigue life based on either criterion must, 
of course, be the same so that the same value of the endurance limit 
is Obtained. However, for purposes of fundamental investigations of 


fatigue it is desirable to know the shape of the S-N curve as accurately 
as possible. 
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Dr. Low’s point is well taken. The statement in the paper should 
have read: “that a small amount of carbides exists in the alloys, which 
presents the possibility of obtaining proportionally Jess strength from the 
carbide-forming elements such as molybdenum.” In a slowly cooled 
ferrite containing a small amount of carbon, the increase in strength 
is due to the solid solution effect of the elements, not the carbides which 
may precipitate. 

Dr. Newkirk has presented data which prove a point which has long 
been suspected. He has shown that the natural frequency~ gradually 
declines as fatigue progresses (before incipient failure). The frequency 
meters used in the present work were capable of detecting frequency 
changes on the order of 2 cycles per second so that the slight decrease 
in frequency was not observed. It is interesting to note that the curve 
in Fig. A showing the increase in damping capacity during fatigue test 
agrees very nicely with the observations reported in Fig. 11. The sharp 
changes in damping capacity and natural frequency in Fig. A at approxi- 
mately 1.8 X 10° cycles are undoubtedly due to the formation of a minute 
crack. If the sample had then been examined with a Supersonic Reflec- 
toscope, a crack probably would have been detected. 

Unquestionably, fatigue is a process of progressive damage, as Dr. 
Newkirk states. All of the experimental evidence points toward this 
conclusion. Gough has presented results of a metallographic investiga- 
tion of fatigue samples. He found that at stresses above the endurance 
limit, slip bands are produced in the metal in quantities which increase 
continually with increasing number of stress reversals. At stresses below 
the endurance limit, however, slip bands are observed in the metal as a 
result of the application of stresses, but after a number of cycles no 
further slip bands are produced. 

Of equal fundamental significance are the data recorded by Bairstow’ 
and, later, Rowett’ for the stress-strain hysteresis curves produced by 
cyclic stresses in a tensile test machine. It was found that the area of 
the stress-strain hysteresis loop (which is a measure of the damping 
capacity) increases continually with increasing number of cycles at 
stresses above the endurance limit. Thus, the damping capacity of the 
metal increases continually at high stresses until failure occurs, proving 
that progressive damage is produced by the plastic deformation. Bair- 
stow also found that the area of the stress-strain hysteresis loop decreases 
at stresses below the endurance limit until a small finite loop is obtained 
which represents essentially elastic behavior. These results correlate 
beautifully with Gough’s observations, the data reported by Dr. Newkirk 
in Fig. A, and the results given in Fig. 11 of this paper. 


®L. Bairstow, “‘The Elastic Limits of Iron and Steel Under Cyclic Variations of 
oes - eae Royal Society, Vol. 1910. 


Rowett, “Elastic Hysteresis in Steel,” Proceedings, Royal Society, Vol. 
LXXXIX, 1913, 





MACROSEGREGATION IN SOME ALLOY STEEL INGOTS 


By J. W. SpRETNAK 


Abstract 


The macrosegregation in six alloy steel ingots 1s ex- 
amined, using the published allowable errors in the analy- 
sis of steel as the criterion in establishing the occurrence 
of segregation. A considerable variation in the amount 
of segregation was found among the six ingots. About 
half the segregation patterns agree with the previously 
published pattern of positive and negative segregation in 
killed steel ingots. The segregation ratios for the various 
elements vary in magnitude from ingot to ingot, but the 
order of these ratios for the elements remains fairly con- 
stant. There is no consistency in the particular element 
that yields the maximum number of analyzed positions 


in the ingot showing segregation among the six ingots 
studied. 


N the first paper (1)* of this series (1), (2), (3) relating to 
ingot factors in the production of cannon tubes by the seamless 
tube process, attention was called to the high frequency of losses 
resulting from both bore defects and quench cracking in tubes proc- 
essed from bottom, thirds of ingots. It was demonstrated also that 
the maximum frequency of occurrence of both bore defects and 
quench cracks was at a position 25 to 36 inches from the muzzle ends 
of tubes processed from this section of the ingot. This position, re- 
ferred to the original ingot, was found to be close to the expected 
position of the apex of the “cone of solidification” formed by the 
intersection of the directional solidification from the bottom and 
that from the sides of the ingot mold. 
The purpose of the present paper is to examine and evaluate the 
degree of macrosegregation—the variation in composition from one 





1The figures appearing in parentheses pertain to the references appended to this paper. 





Contribution from the Metals Research Laboratory, Carnegie Institute of Technology, 
Pittsburgh. The work presented is a portion of the research carried on by NDRC Research 


Project NRC-39 under Contract No. OEMsr-755. 


A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, J. W. Spretnak, 
is a member of the staff, Metals Research Laboratory, Carnegie Institute of 
Technology, Pittsburgh. Manuscript received June 3, 1947. 
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region of the ingot to another—present in representative alloy steel 
ingots used in the production of cannon tubes in order to determine 
if this factor may have been at least partially responsible for the in- 
ferior performance of tubes processed from the bottom portions of 
the ingot. 


ScoPe oF RESEARCH 


At least three types of segregation are encountered in killed 

steel ingots: 

1. Microsegregation 

2. Macrosegregation 

3. Segregation streaks. 
Microsegregation arises from selective freezing in alloys which 
freeze over a range of temperature and is confined to microregions 
by the process of dendritic crystallization, in which purer primary 
dendrite arms enclose interstices of less pure liquid. By macro- 
segregation is meant composition variations over comparatively large 
distances in the ingot, such as from the sides to the center and from 
bottom to top. Segregation streaks are streaks of steel enriched in 
its metalloid content as compared to the matrix; they are of varying 
length and are “macro” in the sense that they can be detected vis- 
ually on an etched section, but “micro” in the sense that they cannot 
be detected generally by the ordinary method of sampling by drill- 
ing the solidified ingot. These streaks are prominent in large ingots 
but are not greatly in evidence in ingots smaller than 25 inches in 
cross section. The present paper, therefore, is restricted to macro- 
segregation in the alloy steel ingots studied. 


Incots STUDIED 
Six ingots, representative of those used in the production of 


gun tubes, were selected for the study. These ingots are summar- 
ized below: 


Ingot Size Weight, Lbs. Melting Deoxidation Composition 
A 21° x73%”"” 6160 Basic Open-Hearth CaSi-Al SAE 4340 
B 20" x50” 5000 Basic Electric CaSi-Al Cr-Ni-Mo 
G 22” x 24” x 60” 6500 Basic Open-Hearth CaSi-Al SAE 4340 
D ye 6500 Acid Open-Hearth Mn-Si Mo- 

E 21%" x 73%” §225 Basic Open-Hearth CaSi-Al SAE 4340 
F* 13° x74” 3100 Basic Electric CaSi-Si-Mn Cr-Ni-Mo 





&—F luted round. ; 
*Bottom poured—all others big end up and top poured. 
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| Ingot A Ingot B 





Fig. 1 Fig. 2 


_Fig. 1—Positions of Samples Taken for Chemical Analysis in Ingot A. Fig. 2— 
Positions of Samples Taken for Chemical Analysis in Ingot B. Fig. 3—Positions of Sam 
ples Taken for Chemical Analysis in Ingot C 


The ingots were slowly cooled and sectioned longitudinally 
along the midplane. The sampling of the ingots was performed by 
the standard method of drilling and collecting the drillings for chem- 
ical analysis. Standard analytical methods were employed to obtain 
the analyses at various positions in the ingots. The positions in the 
center plane of the ingots at which samples were taken are given in 
Figs. 1 to 6. 


RESULTS 


The detailed analyses at the various positions in the ingots are 
presented in Tables I to VI for Ingots A to F. Positions 1, 4, 7, 


So ape 8d 


' 
” 
: 
: 
: 
. 
f 








900 TRANSACTIONS OF THE A. S. M. Vol. 40 





Ingot F 
Fig. 4 Fig. 5 Fig. 6 
Fig. 4—Positions of Samples Taken for Chemical Analysis in Ingot D. Fig. 5— 


Positions of Samples Taken for Chemical Analysis in Ingot E. Fig. 6—Positions of Sam- 
ples Taken for Chemical Analysis in Ingot F. 


10, etc., correspond to the center positions; positions 2, 5, 8, 11, etc., 
correspond to the quarter positions, and positions 3, 6, 9, 12, etc., 
correspond to the edge positions from the bottom to the top of the 
ingots. 


ANALYSIS OF DATA 


One of the troublesome factors in the analysis of data on seg- 
regation in steel ingots is the matter of experimental error. A meas- 
ured variation in the metalloid content from one position in the ingot 
to another may originate in two ways: (a) experimental error in 
analysis and (b) actual segregation resulting from the freezing proc- 
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Table I 
Detailed Analyses of Ingot A 
Position 
No. Cc Mn P Ss Si Cr Ni Mo 
1 0.36 0.85 0.012 0.018 0.25 0.83 1.88 0.42 
2 0.355 , 0.85 0.012 0.016 0.24 0.83 1.88 0.41 
3 0.37 0.85 0.013 0.017 0.24 0.83 1.88 0.42 
4 0.365 0.85 0.014 0.016 0.24 0.83 1.86 0.44 
5 0.39 0.84 0.015 0.016 0.24 0.83 1.89 0.41 
6 0.375 0.85 0.013 0.016 0.25 0.83 1.90 0.44 
7 0.365 0.85 0.012 0.018 0.22 0.83 1.89 0.39 
8 0.365 0.84 0.015 0.017 0.22 0.83 1.91 0.39 
9 0.365 0.85 0.015 0.018 0.22 0.83 1.91 0.38 
10 0.375 0.85 0.014 0.017 0.23 0.83 1.90 0.39 
il 0.365 0.84 0.012 0.018 0.22 0.83 1.90 0.39 
12 0.375 0.84 0.013 0.018 0.22 0.83 1.90 0.39 
13 0.38 0.84 0.014 0.018 0.22 0.83 1.90 0.39 
14 0.365 0.84 0.015 0.018 0.22 0.83 1.91 0.38 
15 0.37 0.85 0.015 0.018 0.22 0.83 1.91 0.39 
16 0.375 0.85 0.015 0.018 0.22 0.83 1.91 0.39 
17 0.365 0.85 0.015 0.018 0.22 0.83 1.90 0.39 
18 0.365 0.85 0.016 0.017 0.22 0.83 1.91 0.39 
19 0.39 0.86 0.013 0.017 0.24 0.83 1.89 0.42 
20 0.38 0.85 0.012 0.016 0.24 0.83 1.93 0.43 
21 0.37 0.85 0.012 0.016 0.24 0.83 1.91 0.41 
22 0.36 0.84 0.012 0.017 0.24 0.83 1.92 0.41 
23 0.36 0.84 0.011 0.016 0.24 0.83 1.88 0.44 
24 0.375 0.85 0.010 0.016 0.25 0.83 1.88 0.42 
Table Il 
Detailed Analyses of Ingot B 
Position 
No. Cc Mn P S Si Cr ; Ni Mo 
1 0.348 0.64 0.015 0.018 0.22 0.87 1.84 0.22 
2 0.364 0.64 0.015 0.018 0.21 0.87 1.83 0.23 
3 0.37 0.65 0.015 0.018 0.22 0.88 1.84 0.23 
4 0.32 0.65 0.015 0.018 0.21 0.90 1.83 0.23 
5 0.342 0.64 0.015 0.018 0.22 0.89 1.83 0.23 
6 0.376 0.64 0.015 0.018 0.22 0.88 1.84 0.23 
7 0.336 0.64 0.015 0.017 0.22 0.88 1.81 0.23 
8 0.37 0.65 0.016 0.017 0.22 0.87 1.83 0.23 
9 0.36 0.66 0.016 0.017 0.22 0.89 1.82 0.23 
10 0.35 0.65 0.017 0.017 0.21 0.87 1.82 0.23 
il 0.368 0.66 0.016 0.017 0.22 0.86 1.83 0.23 
12 0.38 0.65 0.015 0.017 0.21 0.87 1.82 0.22 
13 0.368 0.65 0.016 0.017 0.21 0.90 1.83 0.23 
14 0.382 0.64 0.016 0.018 0.21 0.89 1.82 0.23 
15 0.362 0.65 0.016 0.017 0.21 0.88 1.83 0.23 
16 0.368 0.66 0.016 0.017 0.21 0.88 1.82 0.23 
17 0.372 0.65 0.016 0.018 0.21 0.90 1.83 0.23 
i8 0.372 0.64 0.016 0.017 0.21 0.88 1.82 0.23 
19 0.36 0.65 0.016 0.017 0.21 0.87 1.83 0.23 
20 0.372 0.65 0.016 0.017 0.21 0.87 1.82 0.23 
21 0.378 0.66 0.016 0.018 0.21 0.88 1.83 0.23 
22 0.376 0.65 0.016 0.018 0.22 0.88 1.82 0.23 
23 0.378 0.65 0.016 0.018 0.22 0.88 1.82 0.23 
24 0.374 0.65 0.016 0.018 0.21 0.89 1.83 0.23 
25 0.376 0.64 0.016 0.017 0.22 0.88 1.83 0.23 
26 0.374 0.65 0.016 0.018 0.22 0.89 1.83 0.23 
27 0.378 0.64 0.016 0.017 0.22 0.88 1.82 0.23 
28 0.398 0.66 0.016 0.018 0.22 0.88 1.82 0.23 
29 0.384 0.66 0.016 0.018 0.22 0.88 1.83 0.23 
30 0.368 0.65 0.016 0.018 0.22 0.88 1.82 0.23 
31 0.397 0.65 0.016 0.018 0.22 0.88 1.83 0.23 
32 0.372 0.65 0.016 0.018 0.22 0.88 1.83 0.23 
0.65 0.016 0.018 0.22 0.88 1.82 0.23 


| 
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Table Ill 
Detailed Analyses of Ingot C 
Position 
No. c Mn P S Si Cr Ni Mo 
1 0.41 0.74 0.016 0.025 0.235 0.91 1.78 0.32 
2 0.40 0.77 0.018 0.024 0.25 0.91 1.76 0.33 
3 0.39 0.75 0.017 0.023 0.26 0.91 1.77 Gent 
4 0.38 0.74 0.015 0.025 0.23 0.90 1.78 0.32 
5 0.39 0.76 0.017 0.024 0.24 0.92 1.76 0.33 
6 0.395 0.76 0.018 0.026 0.25 0.92 1.77 0.305 
7 0.36 0.73 0.017 0.026 0.235 0.90 77 0.33 
8 0.395 0.76 0.017 0.025 0.24 0.92 1.76 0.33 
9 0.395 0.77 0.018 0.026 0.25 0.92 1.77 0.32 
10 0.36 0.72 0.017 0.026 0.23 0.90 1.76 0.32 
il 0.40 0.76 0.015 0.025 0.24 0.91 1.77 0.34 
12 0.395 0.76 0.017 0.026 0.25 0.92 1.77 0.305 
13 0.365 0.73 0.018 0.026 0.23 0.90 1.77 0.32 
14 0.40 0.77 0.018 0.024 0.25 0.92 1.77 0.34 
15 0.395 0.76 0.017 0.026 0.27 0.92 1.76 0.30 
16 0.375 0.73 0.018 0.025 0.225 0.90 1.77 0.32 
17 0.395 0.75 0.016 0.025 0.24 0.91 1.76 0.34 
18 0.39 0.76 0.017 0.026 0.25 0.91 1.77 0.32 
19 0.39 0.74 0.018 0.026 0.23 0.90 1.76 0.34 
20 0.40 0.75 0.018 0.024 0.24 0.92 1.76 0.33 
21 0.39 0.76 0.016 0.024 0.25 0.92 1.77 0.32 
22 0.38 0.74 0.017 0.025 0.25 0.90 1.77 0.33 
23 0.405 0.78 0.018 0.024 0.24 0.92 1.77 0.34 
24 0.395 0.76 0.016 0.024 0.26 0.92 1.77 0.315 
25 0.39 0.74 0.016 0.024 0.235 0.90 1.77 0.32 
26 0.405 0.77 0.017 0.025 0.23 0.92 1.77 0.34 
27 0.395 0.76 0.017 0.025 0.27 0.91 1.76 0.30 
28 0.385 0.74 0.016 0.027 0.235 0.90 1.76 0.31 
29 0.40 0.78 0.017 0.024 0.24 0.91 1.78 0.33 
30 0.395 0.76 0.018 0.026 0.26 0.92 1.76 0.315 
31 0.40 0.75 0.016 0.025 0.24 0.90 1.78 0.37 
32 0.40 0.77 0.017 0.024 0.24 0.91 1.77 0.34 
33 0.395 0.76 0.017 0.026 0.27 0.91 1.77 0.31 
34 0.385 0.75 0.017 0.025 0.235 0.90 1.77 0.36 
35 0.40 0.76 0.017 0.025 0.23 0.91 1.76 0.34 
36 0.395 0.76 0.017 0.025 0.26 0.91 1.76 0.30 
37 0.41 0.75 0.017 0.025 0.24 0.91 1.78 0.37 
38 0.40 0.78 0.015 0.024 0.24 0.91 1.77 0.33 
39 0.395 0.76 0.016 0.024 0.26 0.91 1.76 0.31 
40 0.40 0.74 0.017 0.024 0.23 0.91 1.76 0.34 
41 0.40 0.78 0.015 0.024 0.24 0.91 1.77 0.34 
42 0.395 0.75 0.017 0.024 0.26 0.92 1.76 0.29 
43 0.42 0.75 0.016 0.027 0.24 0.91 1.78 0.35 
44 0.405 0.76 0.018 0.024 0.24 0.91 1.78 0.34 
45 0.40 0.76 0.017 0.024 0.26 0.91 1,77 0.30 
46 0.41 0.76 0.015 0.024 0.24 0.91 1.78 0.34 
47 0.405 0.76 0.017 0.023 0.24 0.91 1.76 0.34 
48 0.395 0.77 0.017 0.024 0.27 0.90 1.77 0.30 





ess. In order to be able to conclude safely that segregation did oc- 
cur in any particular case, the error in determination must be esti- 
mated. If the variation encountered is in excess of this error, then 
it may be concluded that the segregation observed is real. ° Poole 
and Rosa (4) assigned variations of +0.02% for carbon, manga- 
nese, silicon, nickel, chromium, molybdenum, and vanadium and 
0.002% for sulphur and phosphorus as adequate to cover analytical 
error. They used the average composition of the outer zone as a 
basis of comparison of segregation of elements within the ingot. 
The average composition of the outer zone has been demonstrated 
(4), (5) to correspond closely to the ladle analysis. 
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Table IV 
Detailed Analyses of Ingot D 
Position 

No. © Mn P Ss Si Mo V 
1 0.32 0.63 0.022 0.030 0.23 0.32 0.12 
2 0.33 0.62 0.020 0.034 0.24 0.34 0,12 
3 0.33 0.62 0.026 0.034 0,26 0.33 0.12 
4 0.30 0.63 0.024 0.032 0.25 0.32 0.12 
5 0.31 0.50 0.013 0.030 0.25 0.34 0.12 
6 0.34 0.66 0.026 0.033 0.22 0.34 0.12 
7 0.30 0.65 0.020 0.028 0.24 0.32 0.12 
& 0.31 0.55 0.024 0.032 0.24 0.34 0.12 
9 0.32 0.65 0.023 0.034 0.23 0.34 0.12 
10 0.30 0.59 0.020 0.030 0.21 0.32 0.12 
il 0.30 0.60 0.022 0.027 0.24 0.32 0.12 
12 0.31 0.60 0.024 0.031 0.23 0.32 0.12 
13 0.29 0.57 0.012 0.025 0.28 0.31 0.12 
14 0.32 0.58 0.012 0.032 0.24 0.32 0.12 
15 0.32 0.60 0.020 0.033 0.25 0.34 0.12 
16 0.28 0.57 0.012 0.026 0.25 0.32 0.12 
17 0.30 0.60 0.012 0.031 0.23 0.30 0.12 
18 0.33 0.60 0.012 0.036 0.23 0.33 0.12 
19 0.28 0.58 0.022 0.028 0.26 0.31 0.12 
20 0.34 0.60 0.022 0.031 0.23 0.30 0.12 
21 0.31 0.60 0.025 0.034 0.24 0.32 0.12 
22 0.28 0.59 0.023 0.023 0.24 0.31 0.12 
23 0.32 0.60 0.023 0.030 0.24 0.32 0.12 
24 0.31 0.60 0.023 0.032 0.25 0.33 0.12 
25 0.27 0.58 0.016 0.029 0.23 0.31 0.12 
26 0.31 0.60 0.018 0.032 0.24 0.31 0.12 
27 0.30 0.60 0.013 0.031 0.24 0.34 0.12 
28 0.28 0.59 0.012 0.029 0.24 0.32 0.12 
29 0.31 0.60 0.025 0.032 0.24 0.33 0.12 
30 0.31 0.60 0.025 0.036 0.26 0.33 0.12 
31 0.28 0.59 0.024 0.034 0.23 0.31 0.12 
32 0.30 0.60 0.016 0.038 0.23 0.32 0.12 
33 0.30 0.60 0.012 0.040 0.22 0.34 0.12 
34 0.27 0.59 0.019 0.032 0.22 0.32 0.12 
35 0.31 0.60 0.017 0.033 0.23 0.34 0.12 
36 0.32 0.60 0.020 0.035 0.22 0.34 0.12 
37 0.30 0.70 0.016 0.030 0.23 0,32 0.12 
38 0.37 0.62 0.030 0.033 0.23 0.35 0.12 
39 0.32 0.58 0.023 0.032 0.22 0.34 0.12 
40 0.31 0.61 0.015 0.031 0.22 0.32 0.12 
41 0.39 0.64 0.023 0.043 0.20 0.35 0.12 
42 0.31 0.61 0.015 0.039 0.23 0.31 0.12 
43 0.31 0.61 0.018 0.036 0.22 0.32 0.12 
44 0.35 0.63 0.028 0.040 0.22 0.34 0.12 
45 0.29 0.62 0,12 


0.017 0.036 0.23 0.32 


| 





1] 
i] 


The American Society for Testing Materials has published al- 
lowable errors in analysis of steels (6), (7). These allowable er- 
rors are as follows: 


Element Allowable Error 
De ete eae oe The x 4 +0.01 + (0.002 x%C) 
Re ol SS +0.01 + (0.024 x % Mn) 
De eda a et +0.002 + (0.02 x%P) 
Set Pe hee cue feo wee +0.002 + (0.02 x%S) 
BS SAB hea sisi +0.005 + (0.02 x % Si) 
Bl ei eee ee +£0.01 + (0.01 x %Cr) 
ee one ee eee Boe . 0.005 + (0.01 x % Ni) 
DOU niiche bi kek Since ane es +0.02 + (0.02 x % Mo) 
Ty ce dutta cutie nd alhckes +£0.02 + (0.01 x%V) 


This table was adopted as the basis of the estimation of the allowable 


te nas San oo «<i 9 sgh en sin negli a art 


a eS es 
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Table V 
Detailed Analyses of Ingot E 
Position 
No. Cc Mn P S Si Cr Ni Mo 
1 0.38 0.86 0.011 0.022 0.24 0.92 2.02 0.40 
2 0.38 0.84 0.011 0.021 0.23 0.90 2.01 0.40 
3 0.38 0.86 0.012 0.023 0.24 0.90 2.01 0.40 
4 0.39 0.87 0.011 0.022 0.24 0.92 2.01 0.41 
5 0.39 0.87 0.012 0.024 0.25 0.91 2.00 0.41 
6 0.38 0.87 0.012 0.023 0.25 0.91 2.01 0.40 
7 0.39 0.86 0.012 0.023 0.23 0.91 2.01 0.41 
8 0.38 0.86 0.012 0.024 0.23 0.92 2.01 0.41 
9 0.38 0.85 0.012 0.023 0.24 0.92 2.01 0.41 
10 0.40 0.84 0.012 0.024 0.23 0.91 2.01 0.39 
il 0.40 0.85 0.012 0.025 0.23 0.90 2.02 0.39 
12 0.38 0.84 0.012 0.023 0.23 0.91 2.01 0.39 
13 0.39 0.84 0.012 0.022 0.23 0.90 2.02 0.39 
14 0.38 0.87 0.012 0.023 0.23 0.90 2.01 0.39 
15 0.40 0.84 0.012 0.023 0.23 0.90 2.02 0.40 
16 0.39 0.84 6.012 0.023 0.24 0.92 2.03 0.39 
17 0.38 0.85 0.012 0.023 0.23 0.92 2.02 0.40 
18 0.38 0.84 0.011 0.023 0.24 0.92 2.01 0.39 
19 0.38 0.86 0.013 0.023 0.24 0.91 2.00 0.39 
20 0.38 0.85 0.012 0.024 0.23 0.91 2.01 0.39 
21 0.40 0.86 0.012 0.023 0.23 0.92 2.03 0.39 
22 0.37 0.87 0.012 0.022 0.24 0.90 2.03 0.39 
23 0.38 0.84 0.012 0.023 0.24 0.92 2.01 0.39 
24 0.37 0.86 0.013 0.023 0.24 0.91 2.01 0.40 
25 0.39 0.86 0.013 0.024 0.24 0.91 2.22 0.42 
26 0.38 0.85 0.012 0.023 0.23 0.91 2.02 0.40 
27 0.37 0.86 0.012 0.023 0.24 0.90 2.03 0.40 
Table VI 
Detailed Analyses of Ingot F 
Position 

No. Cc Mn P Ss Si Cr Ni Mo 
i 0.33 0.765 0.027 0.019 0.17 0.594 1.56 0.25 
2 0.35 0.765 0.027 0.016 0.18 0.610 1.55 0.23 
3 0.33 0.75 0.029 0.018 0.17 0.599 1,57 0.23 

4 Not analyzed 
5 0.35 0.745 0.031 0.016 0.19 0.588 1.58 0.24 
6 0.34 0.735 0.031 0.018 0.19 0.605 1.58 0.25 
7 0.36 0.75 0.029 0.017 0.18 0.605 1.54 0.23 
8 0.35 0.78 0.030 0.018 0.18 0.610 1.55 0.23 
9 0.35 0.77 0.031 0.019 0.19 0.605 1.56 0.24 

10 Not analyzed 
il 0.35 0.77 0.029 0.018 0.18 0.599 1.57 0.23 
12 0.34 0.77 0.028 0.016 0.18 0.610 1.58 0.24 
13 0.36 0.785 0.030 0.018 0.18 0.599 1.57 0.23 
14 0.35 0.800 0.031 0.019 0.18 0.610 1.55 0.23 
15 0.34 0.795 0.030 0.020 0.17 0.599 1.58 0.24 

16 Not analyzed 
17 0.35 0.75 0.0295 0.017 0.19 0.610 1.58 0.24 
18 0.35 0.76 0.0275 0.017 0.19 0,594 1.59 0.23 


error in the chemical analysis. The average analysis of the outer 
zone of the ingot was used as the basis of comparison of segregation 
within the ingot, as was done by Poole and Rosa. 

The spread in the analytical results for the various elements in 
the 6 ingots is presented graphically in Figs. 7 to 12, inclusive. In 
these figures the solid line distribution curves give the allowable ex- 
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perimental error on each side of the average of the analyses in the 
outside zone of the ingot chosen as the basis of comparison. The 
variation for the particular element is taken as 30 and the solid curve 
is plotted for limits given by the average +30. The broken line dis- 
tribution curves give the actual calculated spread found in the ingot 
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Fig. 7—Spread in the Ingot (Broken Line Curves), Al. 


lowable Experimental Error (Solid Line Curves), and Actual 
Distribution (Bars) of the Various Elements in Ingot A, 


for all the positions analyzed, that is, the average plus or minus 
three times the standard deviation (o). The averages and standard 
deviations used in making these plots are presented in Table VII. 
The bars in Figs. 7 to 12 represent the actual frequencies of occur- 
rence of the various contents of the particular element in the ingot. 
The shape and height of the assumed distribution curves have no 
statistical significance, their use being mainly in illustrating the mag- 
nitude of the spreads encountered. If any value falls outside of the 
limits of the solid line distribution curves, then it is concluded that 
segregation had occurred in this position in the ingot. 

As previously stated, the averages for the outer zones are used 
to plot the spread in experimental error. The spread of the element 
in the ingot (+30) is plotted using the average for the entire ingot. 
In many cases the two averages are essentially the same. Negative 
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segregation is defined as the occurrence of a metalloid content which 
is significantly lower than the average for the outer zone in the ingot; 
in positive segregation, the metalloid content is significantly higher 
than this particular average. 

In Ingot A (Fig. 7) the amount of segregation is small, but 
some segregation occurred in every element but manganese, sulphur 
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Fig. 12—Spread in the Ingot (Broken Line Curves), Al- 
lowable Experimental Error (Solid Line Curves), and Actual 
Distribution (Bars) of the Various Elements in Ingot F. 
and chromium. The case of chromium is quite unusual as 24 values 
of 0.83% were reported for this element. Considering the expected 
error in the determination of chromium, the probability of obtaining 
such a distribution is infinitesimally small. Ingot B (Fig. 8) is quite 
uniform except in the case of carbon; some segregation in chromium 
can also be noted. Ingot C (Fig. 9) has a pronounced negative 
segregation of silicon and positive segregation of molybdenum. 
Ingot D (Fig. 10), made of acid open-hearth steel, shows the most 
pronounced segregation of the 6 ingots studied. As was the case 
for chromium in Ingot A, the case of vanadium in this ingot is un- 
usual, with 45 values reported as 0.12%. Again, the probability of 
obtaining such a distribution is very small. Ingot E (Fig. 11) is 
quite uniform, showing some segregation in carbon and silicon. Ingot 
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Table VII 


Averages and Standard Deviations for Elements at the Surface Positions 
and for the Entire Ingots 





Ingot Cc Mn P S Si Cr Ni Mo V 


xX 0.370 0.847 0.013 0.017 0.232 0.83 1.898 0.405 
Total @ 0.0080 0.0054 0.0015 0.0009 0.0114 0 0.0155 0.0191 
A X 0.371 0.849 0.013 0.017 0,233 0.83 1.895 0.405 
Surface ¢ 0.0039 0.0032 0.0018 0.0009 0.0129 0 0.0177 0.0190 
X 0.369 0.649 0.016 0.018 0.216 0.881 1.826 0.229 
Total @ 0.0157 0.0067 0.0004 0.0005 0.0049 0.0089 0.0069 0.0024 
. X 0.371 0.649 0.016 0.018 0.216 0.881 1.826 0.229 
Surface @ 0.0133 0.0067 0.0004 0.0005 0.0049 0.0051 0.0077 0.0029 
X 0.394 0.756 0.017 0.025 0.245 0.910 1.768 0.327 
Total @ 0.0117 0.0138 0.0009 0.0010 0.0118 0.0074 0.0070 0.0183 
Cc — 
X 0.391 0.760 0.017 0.025 0.259 0.914 1.766 0.307 
Surface G 0.0023 0.0050 0.0006 0.0010 0.0070 0.0061 0.0048 0.0282 
X 0.310 0.597 0.020 0.032 0.235 cece cece 0.325 0.12 
5 Total @ 0.0234 0.0394 0.0046 0.0039 0.0144 L201. Los. 0.0128 0 
) qu=» 
- ‘S&F ems eee ease Gels S288 ck. nce. 0.331 0.12 
Surface @ 0.0126 0.0202 0.0048 0.0026 0.0136 |... ..... 0.0096 0 
X 0.384 0.854 0.012 0.023 0.236 0.910 2,015 0.398 
& Total @ 0.0087 0.0110 0.0005 0.0008 0.0062 0.0079 0.0083 0.0086 
Surface X 0.382 0.853 0.012 0.023 0.238 0.910 2.016 0.398 
: X 0.347 0.766 0.029 0.018 0.181 0.602 1.567 0.236 
r Total @ 0.0087 0.0179 0.0014 0.0012 0.0072 0.0068 0.0143 0.0071 
Surface X 0.342 0.763 0.029 0.018 0.182 0.602 1.577 0.238 








F (Fig. 12), which was bottom poured, has some segregation of 
carbon, manganese, a fairly large segregation of silicon, and an un- 
usual negative segregation in nickel. 

It will be noted in the distribution curves in Figs. 7 to 12 that 
in many cases the number of values falling outside of the limits of 
allowable experimental error are less than would be expected from 
the spread of the distribution curve calculated for the ingot. This 
results from the fact that the distribution of the elements in the ingot 
as reported by chemical analysis is not normal and is such that a 
relatively large value of the standard deviation is obtained, but the 
values are clustered about the mean in a manner as to minimize the 
number of values that fall outside of the allowable experimental 
error. The precision of the standard deviation (8), of course, de- 
pends on the sample size and a large sample size is required to es- 
tablish reliably the shape of the distribution curve for a particular 
element in an ingot. The number of segregated positions in the in- 
gots for the various elements are listed in Table VIII. 

The positions in the ingots in which segregation (two positions 
or more per ingot) occurred are illustrated in Figs. 13 to 18, inclu- 
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Table VIII 
Number of Segregated Positions in the Ingot 


[ Mn 





Ss Si Cr Ni Mo _, otal 


~ 


Ingot - y* os a of ee No. of 
+ + + + + + + + Samples 
A 1 0 0 0 1 1 0 0 0 3 0 0 1 1 2 3 24 
B 5 2 0 0 0 a 0 0 0 1 3 0 0 0 0 33 
* + + 4 ee 0 0 0 29 oe 0 Oo a 17 48 
D 9 5 8 5 16 17 18 5 10 9 i 2 0 45 
E 0 4 0 SS Lae oe 2 0 0 0 > a 0 27 
F 0 2 1 1 0 0 Oo eo 38 ae 0 4 0 oO 0 15 
Silicon Molybdenum Carbon Chromium 
ingot A ingot B 
Fig. 13—Positions in Which Fig. 14—Positions in Which 
Segregation Occurred in Ingot A. Segregation Occurred in Ingot B. 


sive. In plotting these figures, symmetry in the ingot was assumed. 
In the cases in which the ingot was analyzed on only one side of the 
vertical axis, any segregation found on this side was assumed to have 
occurred in the corresponding position on the other side of the axis 
of the ingot in the midplane being analyzed. The approximate zones 
of segregation in a killed steel ingot have been previously presented 
(9) and are reproduced in Fig. 19. The segregation of silicon and 
molybdenum in Ingot A (Fig. 13) does not fit the expected pattern. 
The carbon segregation in Ingot B (Fig. 14) follows the general 
pattern but the chromium segregation does not. The carbon and 
manganese segregations in Ingot C are normal, but the silicon and 
molybdenum segregations are unusual for the whole core of the ingot 
is negatively segregated with respect to silicon and positively segre- 
gated with respect to molybdenum. Sufficient data on steelmaking 
practice were not available to determine if this type of segregation 
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is associated with the practice. In Ingot D (Fig. 16) the patterns 
of segregation of carbon, manganese, sulphur, and molybdenum are 
more or less as expected but for phosphorus and silicon depart 
widely from the published pattern. The carbon and silicon segrega- 
tion distributions in Ingot E (Fig. 17) depart somewhat from the 


Carbon Manganese 


Silicon Molybdenum 
Ingot C 


Fig. 15—Positions in Which 
Segregation Occurred in Ingot C. 


published pattern. The number of analyses made on Ingot F were 
too few to warrant any conclusions as to the segregation pattern. 

The British Committee on Heterogeneity of Steel Ingots use 
segregation ratios as a criterion of expressing the degree of segre- 
gation in an ingot. This segregation ratio is the ratio of the highest 
and lowest concentration of a given element in a given ingot. The 
average ratios for the elements determined by this Committee for a 
group of ingots of the size range covered in this investigation are 
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compared to the ratios found in the present 6 ingots in Table IX. 
Although the magnitude of the ratios varies considerably from ingot 
to ingot, the order of the values of the ratios for the elements within 
an ingot is maintained rather well. This order also is in general 
agreement with that of the “segregation coefficients” (10) based on 


+++ 
i 
+11 


+ 
+ 
+ + 





Carbon Manganese Phosphorus 
Sulphur Silicon Molybdenum 
Ingot D 


Fig. 16—Positions in Which Segregation Oc- 
curred in Ingot D. 


the slopes and separation between the liquidus and solidus lines on 
the binary diagrams. However, on the basis of the allowable ex- 
perimental error in the determination of the various elements, there 
is no consistency from ingot to ingot as to which elements show 
the maximum frequency of segregated positions in the ingot. (See 
Table VIII.) 

The amount and pattern of segregation in these ingots are such 
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Fig. 19—Published Charac- 
teristic Pattern of Segregation in 
an Ingot of Killed Steel (from 
AIME Book on “Basic Open 
Hearth Steelmaking,” p. 267). 


as to lead to the conclusion that segregation does not appear to have 
been an important contributing factor in the poor performance of 
ingot bottoms in the production of seamless gun tubes. 
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DISCUSSION 


A well-grounded theory of macrosegregation in killed steel in- 
gots has yet to be evolved. A common explanation of the occurrence 
of negative segregation in the bottom portion of the ingot is the 
settling in the liquid core of the ingot of skeleton dendrites of rela- 
tively purer composition during the early stages of solidification. At 
least two objections can be made to this theory. First, the settling 
velocities of these crystals would be very slow, particularly when 
possessing dendritic geometry. Secondly, there has been no experi- 
mental evidence to show that undercooling occurs in the liquid center 


Table IX 


Comparison of Segregation Ratios* in the Six Ingots with Average Ratios Obtained by 
British Committee on Heterogeneity of Steel Ingots 


Average Cc Mn P S Si Cr Ni 
British Ratios 1.32 1.12 1.54 1.52 1.16 1.05 1.03 
Ingot A 1.09 1.02 1.60 1,12 1.14 1.00 1.04 

B 1.25 1.03 1.13 1.06 1.05 1.05 1.02 
Cc 1.17 1.08 1.20 1.17 1.23 1.02 1.01 
D 1.37 1.40 2.50 1.87 1.40 ide ear 
E 1.08 1.04 1.18 1.19 1.09 1.02 * 1.02 
F 1.09 1,09 1,15 1.25 1,12 1,03 1.03 





_ The segregation ratio is defined as the ratio of the highest and lowest concentration of a 
given element in a given ingot section. 


to the degree required for spontaneous crystallization of the dendrites 
from the melt in the early stages of solidification. It appears that 
in order to understand the mechanism of macrosegregation, the con- 
tribution of such factors as the steelmaking practice, temperature 
gradients in the liquid portion of the freezing ingots, convection cur- 
rents in the liquid, and interdendritic flow in the partially solidified 
ingot must be evaluated. 

The observation that the segregation ratios for the elements are 
generally found to be in an order which is predicted from the binary 
phase diagrams is important. It is somewhat surprising that the 
degree of segregation of the various elements in a poly-phased sys- 
tem corresponds to that predicted from the characteristics of the 
binary diagrams involving the particular element and.iron. Since 
this behavior is generally encountered, it, therefore, points to the 
process of dendritic crystallization as the mechanism of enrichment 
of the liquid phase. This enriched liquid eventually gives rise to 
segregation in some manner yet to be established. The serious gap 
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in our knowledge is the extent and path of the flow of this enriched 
liquid as convection currents in the liquid or in interdendritic flow 
in the partially solidified structure. 

One of the factors that determines the presence or absence of 
segregation in a particular region in the ingot is the composition of 
the liquid that is feeding the solidification of the interstices of the 
dendrites. Therefore, a clarification of the feeding mechanism, par- 
ticularly in the equiaxed zone, would be useful in the study of 
macrosegregation in killed steel ingots. Understanding of this feed- 
ing mechanism should also point to principles of ingot mold design 
and practice which will produce sounder ingots. One method of ap- 
proach to this problem might be in completing the filling of the hot 
top at proper times in the solidification period with steel of the same 
composition containing radioactive elements to act as tracers. 


SUM MARY 


1. The macrosegregation in 6 alloy steel ingots analyzed at various 

positions is examined. 

The published allowable experimental error in the determination 

of the elements in steel is used as the criterion in determining 

whether or not segregation occurred at a given position in the 
ingot. 

3. A considerable variation in the amount of segresation’ was found 
in the 6 ingots studied. The total number of analyzed positions 
in an ingot in which segregation occurred varies from 6 for Ingot 

E to 104 for Ingot D. 

4. For the cases of segregation found in the 6 ingots, about half of 
these agree with the previously published pattern of positive and 
negative segregation in killed steel ingots. 

5. The order of the segregation ratios for the elements in the ingot 
agrees fairly well with the ratios published by the British Com- 
mittee on Heterogeneity of Steel Ingots, but the magnitude of 
the ratios varies from ingot to ingot. 

6. Using the allowable experimental error to establish the occur- 
rence of segregation, there is no consistency in the particular ele- 
ment that yields the maximum number of analyzed positions in 
the ingot showing segregation among the 6 ingots studied. 

7. It is concluded that macrosegregation was not an important con- 
tributing factor in the inferior performance of bottom thirds of 
ingots in the production of seamless gun tubes. 
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DISCUSSION 


Written Discussion: By Joel C. Carpenter, metallurgical engineer, 
The Ferro Engineering Co., Cleveland. 

Mr. Spretnak is to be commended for his excellent series of papers 
dealing with the mechanism of the solidification of killed steel ingots. 

In addition to the conclusions arrived at by the author, this paper 
contains much valuable information, which, when studied further and 
analyzed may yield valuable information to the steelmaker. It is realized 
that data from so few ingots are not sufficient to draw hard and fast con- 
clusions, yet they do indicate trends, which may point the direction to 
follow in future investigations. Since the ingots are all within a rather 
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Table A 
Number of Ingots in Which Segregation Occurs, by Elements 

No. Segrega- 
Melting Practice Ingots C Mn P S Si Cr Ni Mo V Ratio tion, % 
Basic Open-hearth | 3 3 1 2S D523 0 1 2 fee 11/24 45.9 
Basic Electric 2 2 1 eS 1 1 0 Present 6/16 37.5 
Acid Open-hearth 1 1 1 Bit 3 None 1 0 6/7 85.8 


Present 





narrow carbon range, it is interesting to look at some of these trends. 

Using the data given in this paper, Tables A, B, C, and D have been 
prepared. 

Table A shows the number of ingots in which each element showed 
either positive or negative segregation with relation to the melting proc- 
ess used. The ratio of the number of ingots in which segregation occurs, 
by elements, to the number of elements present multiplied by the number 
of ingots, is shown as a fraction and also as a percentage. The lower the 
percentage the less the tendency toward segregation. In the cases shown 
in this investigation, basic electric steel appears to be best, followed by 
basic open-hearth steel with acid open-hearth steel the worst. 


Table B 
Number of Ingots in Which Segregation Occurs, by Elements 


Per- 
No. cent- 
Mold inntts C Ma F831. Ce. Mi: Me..¥ Ratio age 
20 to 22 in. dia. fluted 4 4 l ot 1 1 2 0 15/31 48.5 
13 in. dia. fluted 1 1 1 .<¢é 1 0 1 0. fNone 4/8 50 
22 x 24 in. rect. 1 1 1 nee 


0 0 1 Present 5/8 62.5 





Table B shows the number of ingots in which each element showed 
either positive or negative segregation, with relation to the type of molds 
used. Since all round fluted molds except the 13-inch mold of ingot “F” 
were between 20 and 22 inches in diameter, and within the slenderness 
ratio of 2.5:1 and 3.5:1, they were grouped together. There appears to 
be less tendency to promote segregation in the round fluted molds than 
in the 22 by 24-inch rectangular mold. 


Table C 
Number of Ingots in Which Segregation Occurs, by Elements 


Per- 

Deoxidation No. cent- 

Practice Ingots C Mn P S Si Cr Ni Mo V Ratio age 

CaSi-Al 4 4 es 0 3 1 1 2 Pan 13/32 40.6 
CaSi-Si-Mn 1 1 ee 1 QO 1+ @ Present 4/8 50 

Mn-Si 1 1 1 1 1 1 None ] 0 6/7 85.8 


Present 


mw 
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Table C shows the number of ingots in which each element showed 
either positive or negative segregation with relation to deoxidation 
practice } 

As far as deoxidation practice is concerned, CaSi-Al appears to pro- 
mote the least amount of segregation, with CaSi-SiMn next and Mn-Si 
the most. The ingot deoxidized with Mn-Si is also the acid open-hearth 
ingot, so it is impossible to determine whether the greater tendency 
toward segregation is due to melting practice, deoxidation practice, or 
some other factor. 

It is unfortunate that there were no ingots in this investigation which 
were deoxidized in the ladle with only Al. 


Table D 





Ratio of Segregated Elements to Number of Ingots 
G Mn P S Si Cr Ni Mo V 
Ratio 6/6 3/6 2/6 1/6 5/6 1/5 2/5 3/6 0 
Percentage 100 50 33.3 16.6 83.3 20 40 50 0 


Tendency to Segregate I III V VII II VI IV Ill VIII 


Table D shows that in the ingots investigated, the tendency to segre- 
gate by elements was, in their order of magnitude, as follows: 


I — Carbon V — Phosphorus 
II — Silicon VI — Chromium 
[IIf— Manganese and Molybdenum VII — Sulphur 
IV — Nickel VIII — Vanadium 


It will be noted that next to carbon, silicon is the element most prone 
to segregate in the ingots studied. Segregation of silicon occurs in all 
ingots except B, and even there an appreciable number of values for 
silicon fall just within the lower limit. The deoxidation practice for all 
six ingots included the use of silicon in some form. It would be interest- 
ing to know where and how the deoxidation was performed, in the bath, 
or in the ladle, or both places. Knowledge of this might throw some 
light on the effect of deoxidation on segregation of silicon in these steels. 

The low order of segregation of both phosphorus and sulphur is 
rather surprising. 

Several other factors such as pouring temperature, mold temperature, 
nozzle size and relative position of the ingots studied, in the heat, should 
be known in order to make the study complete. 

In all ingots except “F” the slenderness ratio, or ratio of length to 
minimum top ingot body dimension, varies from 2.5:1 to 3.5:1. This is 
in accordance with recognized good practice of keeping the ratio at or 
below 3.5:1. In ingot “F” this ratio is 5.7:1, yet the ingot appears to 
be sound, with no evidence of secondary pipe and practically no more 
tendency to promote segregation than the other round fluted ingots. 

One could conclude from the correlations shown above that the best 
practice for making ingots of SAE 4340 or a similar grade of steel is to 
melt in the basic electric or the basic open-hearth furnace, deoxidize with 
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CaSi and Al, and to use round fluted molds. During World War II, a 
great many gun tubes were produced in exactly this manner. 

Written Discussion: By C. A. Zapffe, consultant, Baltimore, Md. 

In a discussion last year of Mr. Spretnak’s paper, Reference 3, the 
matter of hydrogen content of butt sections was raised as an issue in 
explaining the results of that paper. 

Now in the present paper Mr. Spretnak again investigates a typical 
hydrogen phenomenon—cracking—in a typical ingot position—the bot- 
tom section. His study is based on the segregation of almost every ele- 
ment except hydrogen. Furthermore, the apex of the “cone of solidifica- 
tion” would be exactly the place where hydrogen would segregate to pro- 
duce its principal effects. 

Since the phenomenon is descriptively identical with a hydrogen- 
caused defect, the writer cannot forbear repeating his suggestion that 
that obvious possibility be tested. It is astonishing that it has not even 
been considered. Two simple procedures are available. The first is 
merely to extend his analysis to include hydrogen. The second and more 
impressive would be to demonstrate that a ladle-dehydrogenized steel 
poured into a carefully prepared mold does not develop the defects in 
question. 

Written Discussion: By Edward A. Loria, Fellow, Mellon Institute 
of Industrial Research, Pittsburgh. 

The subject of this paper is of fundamental importance for an under- 
standing of the solidification characteristics of steel ingots. One of the 
more important conclusions reached by the author pertains to the absence 
of a definite negative carbon segregation in the bottoms of ingots which 
does not lend support to the “sedimentation theory” of ingot solidification. 

The mechanism of macrosegregation in steel ingots is truly com- 
plicated by the several contributing factors mentioned ‘in the paper. Of 
these, the writer believes that steelmaking practice deserves primary 
consideration. The melted steel can be kept as homogeneous as possible 
only when the steel is in the furnace because, in any subsequent stage of 
its manufacture, it is always internally segregated. As a matter of fact, 
steel is not even homogeneous at the fluid stage as can be seen when 
observing the boiling slag on the addition of iron ore and also a short 
time later after a strong stirring action. Stirring the bath undoubtedly 
causes some mechanical movement of the fluid steel but this may not be 
sufficient to equalize the carbon content all over the bath. When one 
considers that the specific gravity of fluid steel is around 7.14 and that 
it is really very dense, one can surmise that there may exist in the bath 
small regions of different temperature or of different chemical composi- 
tion. Moreover, similar regions can be created by the addition of alloy- 
ing elements. The problem apparently lies in the solution of these ele- 
ments in such a way that they are evenly distributed throughout the 
fluid bath. In order to obtain this even distribution, strong and frequent 
stirring appears necessary. Also, the purpose of boiling is the degasifica- 
tion of the fluid steel, and the strong action in the fluid bath during boiling 
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makes it more homogeneous since the melted bath has a natural tendency 
to internal segregation of elements of different specific gravities. Un- 
doubtedly, the boiling action does this effectively. When boiling is carried 
out at the proper temperature the refining period proceeds smoothly. 

The writer would like to suggest that perhaps some secondary fac- 
tors occurring during the formation and growth of primary crystals, such 
as gas pressure and volume changes, are active in producing segregation. 
According to this theory, the pressure of gas liberated from the solidifying 
ingot can cause only normal segregation (liberation of gas means increase 
in volume). Thus normal segregation would result from an increase 
in volume during primary crystallization and inverse segregation to a 
volume contraction. Further study of the problem is certainly warranted 
in order to adapt ingot mold design and pouring practice to the produc- 
tion of sounder ingots. 

Would the author care to comment on the variations in density in 
the six ingots studied and whether or not there was a definite trend in 
the center position of decreasing density toward the top of the ingot? 
Also, a discussion of the center porosity in the various sized ingots 
(length to cross sectional dimension) produced by the various melting 
processes would be of interest. In a recently submitted paper dealing 
with subsurface cracks, subsurface porosity and other defects caused by 
the presence of nonmetallics in acid open-hearth forging ingots,*? the 
writer observed that pattern effect was more pronounced in transverse 
macroetch tests taken from the top section as compared to the bottom 
section of the ingot. It is of further interest that Ingot D made by the 
acid open-hearth process shows the most pronounced segregation of the 
six ingots studied. The positive sulphur segregation in the top part of 
this ingot and the positive silicon segregation in the bottom part are 
verified in our examination of the types of inciusions found in the top, 
middle and bottom transverse sections of 36-inch forging ingots. The 
greatest segregation of duplex sulphides was found in the top sections 
and the greatest number of complex silicates occurred in the bottom sec- 
tions of ingots. Did the author observe corresponding trends in the type, 
amount and distribution of sulphide and silicate inclusions in these areas 
of the various ingots? Perhaps little or no correlation of this sort is gen- 
erally possible. 


Author’s Reply 


The remarks by Mr. Carpenter are appreciated. It should be re- 
emphasized that these further deductions are based on a small sample 
size and on a “go-no go” basis. The six ingots were representative of 
six practices and no particular effort was made to control conditions in 
these practices so as to enable making intercomparisons on a sound basis. 
The factors examined by the discusser are effects of melting process, type 
of mold, deoxidation, and order of frequency of occurrence of segregation. 
On the “go-no go” basis for each ingot, for example, Mr. Carpenter ob- 


2E. A. Loria and H. D. Shephard, “Some Factors Affecting Subsurface Defects in 
Large Forging Steel Ingots’’, to be published by American Society for Metals. 
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tains the following decreasing order of frequency of occurrence of segre- 
gation for the metalloids: C, Si, Mn, Mo, Ni, P, Cr, S. If this analysis 
is made considering the presence or absence of segregation at each posi- 
tion analyzed in all the ingots, a quite different order is obtained as fol- 
lows: C, P, Mo, S, Si, Mn, Ni, Cr. Mr. Carpenter is quite correct in 
stating that in’ order to obtain a complete story on the various factors 
affecting macrosegregation, a well-controlled program of experimentation 
must be carried on. 

The subject of hydrogen is deftly introduced again by Dr. Zapffe. 
Perhaps some re-orientation at this point would not be out of order. 
The problem under consideration when these studies on ingots were made 
was the one of bore defects in seamless gun tubes. The quench cracking 
problem developed at a much later date. It is difficult to understand the 
value of determining the hydrogen content of the ingot in connection with 
a problem which occurred in forming a hollow cylinder after a reduction 
of about 22 to 1 and after going through several reheating operations at 
various stages in the process. If there is a correlation between the hydro- 
gen content in the ingot and in the much-reduced part at the time of the 
final operation, it must be experimentally demonstrated. The nature of 
these bore surface defects was such that it was doubtful that hydrogen 
had any significant role in their formation. Also, work by C. Sykes et al.* 
has demonstrated in normal steel processing that sections 5 inches or 
smaller lose hydrogen to a normal low value during the processing. As for 
hydrogen segregation in the ingot, Sykes found no hydrogen segregation 
along the center line from top to bottom of the ingot. Work in this 
laboratory also confirmed the absence of hydrogen segregation within 
the ingot, although these results were not published because of sampling 
conditions.“ Several workers have demonstrated the potent effect of 
abnormally high hydrogen contents on quench cracking. However, the 
effect of hydrogen contents normally encountered in steel on quench 
cracking has yet to be demonstrated experimentally. Finally, the reader 
is done a disservice if he is given the impression that hydrogen segrega- 
tion studies are casual and straightforward as are those for the metalloids. 

Mr. Loria brings out an important point in the matter of segregation 
in liquid steel. Perhaps a pattern of segregation in the liquid is super- 
imposed on the one resulting from the freezing process. It is interesting 
to note, however, that in general the order of “segregation ratios” is 
maintained as predicted from the characteristics of the binary systems, 
indicating that selective freezing is the fundamental process in bringing 
about macrosegregation. The explanation of segregation on the basis of 
gas liberation causing a decrease in density is difficult to follow. If it is 
proposed that gas liberation causes holes to be. formed in the dendrite 
interstices, then the segregation, of course, would always be negative. 
It is hoped that work on inclusion distribution and density variations in 
ingots will be published at a later date. 


8C. Sykes, H. H. Burton and C. C. Gregg, “‘“Hydrogen in Steel Manufacture,’ Jour- 
nal, Iron and Steel Institute, Advance Copy, Vol. 156, No. 2, June 1947. 


‘C. F. Sawyer, J. W. Spretnak and G. Derge, “‘The Distribution of Oxygen and Nitro- 


gen in an Alloy Steel Ingot,’”’ Transactions, American Society for Metals, Vol. 40, 1948, 
p. 922. 
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THE DISTRIBUTION OF OXYGEN AND NITROGEN IN 
AN ALLOY STEEL INGOT 


By C. F. Sawyer, J. W. SPRETNAK AND G. DERGE 


Abstract 


The distribution of oxygen and nitrogen in a 26 by 
26-inch ingot of SAE 4335 steel was studied by means 
of the vacuum fusion method of analysis. Groups of 
ten adjoining 12-gram samples from ten positions in the 
ingot were analyzed. The average oxygen content of the 
groups of samples from the center position near the ex- 
treme bottom of the ingot is significantly higher than the 
average for the other nine positions. There is no signifi- 
cant difference in the average nitrogen content of any of 
the ten ingot positions studied. The variation in oxygen 
and nitrogen content in the groups of ten adjoining sam- 
ples from a single position is nearly as large as the varia- 
tion from position to position in the ingot. Tables are 
presented showing the required sample size to determine 
the oxygen and nitrogen contents in a given position in 
the ingot with a given degree of precision. 


2 a previous paper (1)* of this series (1), (2), (3) relating to 
the ingot factors in the production of gun tubes by the seamless 
tube method, the high frequency of losses from bore defects and 
from quench cracking in tubes processed from the bottom thirds of 
ingots was demonstrated. This study suggested a determination of 
the difference between the bottom third and the remainder of the 
ingot in terms of (a) the primary ingot structure, (b) chemical 
segregation (macro), (c) variations in density of the steel, and (d) 
distribution of nonmetallic inclusions as to amount, composition, size, 


‘The figures appearing in parentheses pertain to the references appended to this paper. 


Contribution of the Metals Research Laboratory, Carnegie Institute of Technology, 
Pittsburgh. The work presented in the paper is part of the research carried on at the 
Metals Research Laboratory by NDRC Research Project NRC-39 under Contract No. 
OEMsr-755. 








A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, C. F. Sawyer 
was formerly associated with the Metals Research Laboratory, Carnegie Insti- 
tute of Technology, and is now metallurgist, Vanadium-Alloys Steel Co., 
Latrobe, Pa.; J .W. Spretnak is a member of the staff and G. Derge is asso- 
ciate professor of metallurgy and member of the staff, Metals Research Lab- 


oratory, Carnegie Institute of Technology, Pittsburgh. Manuscript received 
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and shape. The present paper describes the distribution of oxygen 
and nitrogen in an ingot used in the production of seamless gun 
tubes as determined by the vacuum fusion method of analysis. The 
distribution of oxygen is of particular interest since this element is 
found largely as nonmetallic inclusions in this killed steel ingot. 

Preliminary work showed a large spread in oxygen content in 
adjoining samples taken from the ingot for vacuum fusion analysis. 
It was found that the variations in samples taken side by side were 
nearly as great as those in samples from different regions of the 
ingot. Work was undertaken to determine the nature of the dis- 
tribution of oxygen and also nitrogen in the ingot and to develop 
an adequate sampling procedure for the determination of the content 
of these elements in a particular position in the ingot. 


MATERIAL 


The ingot used in this study was a 26% by 26% by 66%-inch 
ingot of fully killed SAE 4335 steel melted in a basic open-hearth 
furnace. The analysis of the heat was the following: 


C Mn Pp 5 Si Ni Cr Mo 
0.37 0.84 0.014 0.022 0.24 2.03 0.89 0.40 


The final deoxidation in the ladle consisted of an addition of 1% 
pounds of aluminum per ton and sufficient calcium silicide to adjust 
the silicon to the ‘desired range. 


EXPERIMENTAL PROCEDURE 


Samples 2% by 1 by % inches were taken from ten positions 
in the ingot. These samples were then sectioned as illustrated in 
Fig. 1 to give ten 12-gram samples for vacuum fusion analysis. 
Fig. 2 shows the location of the groups of ten 12-gram samples in 
the ingot. ay 

The total vacuum-fusion method of analysis was used with a 
standard type of vacuum fusion apparatus (4). The gases were 
liberated from each sample at a maximum temperature of 3090 °F 
(1700 °C). Oxygen, nitrogen, and hydrogen contents were deter- 
mined on each sample. Briefly, the procedure was to measure the 
total volume of CO, H., and N, evolved, then oxidize the CO to 
CO, and the H, to H,O with CuO. The water was frozen out by 
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Fig. 1—Method of Sectioning the 2% 
by 1 by %-Inch Steel Samples to Obtain 
Ten 12-Gram Samples for Vacuum Fusion 


Analysis. 











_ 
@ 
- 
ci! 


: Position 
1 2 
1 


! 
3 
4 
5 

Fig. 2—Positions of the Ten 
2% by 1 by %-Inch Samples in 
the 26% by 26%-Inch Ingot. The 
samples were taken from the mid- 


lane after sectioning the ingot 
ongitudinally. 


0 Quorter 


i* 


a mixture of dry ice and acetone, and the CO, was frozen out by 
liquid nitrogen. A total of ninety-six 12-gram samples from the 
ingot were analyzed. 


The primary purpose in this study was to gain knowledge of 
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the distribution of nonmetallic inclusions throughout the ingot. This 
means that oxygen is of first importance and that nitrogen is also 
of interest. The sampling technique and procedure in general (not 
including the actual analysis) was not carried out in such a manner 
that reproducible hydrogen results could be expected (5). Hvdro- 
gen diffuses through steel with relative ease, and therefore the 
hydrogen results are not considered reliable for the following rea- 
sons: (a) the time from the splitting of the ingot through the saw- 
ing and grinding stage of sampling was variable, (b) the tempera- 
ture of the samples during sawing and grinding was not controlled 
and varied considerably, and (c) the time during which the samples 
were subjected to the high vacuum ranged from a few hours to a 
few days. 


THe ACCURACY OF THE METHOD 


A total of eighteen samples of Steel No. 4 from the “Coopera- 
tive Study of Methods for the Determination of Oxygen in Steel” 
(6) were analyzed during the preparation for and the making of 
the analyses reported in the present paper. Steel No. 4 was selected 
because it has an oxygen content similar to that of the steel under 
investigation. The preparation of these eighteen samples was carried 
out exactly as directed in the co-operative study. The acceptable 
range of the per cent oxygen in Steel No. 4 was considered to be 
0.001 to 0.004% with the “best’”’ value given as 0.002%. This range 
and “best” value were selected arbitrarily by the co-operative com- 
mittee after a study of the analytical results and the techniques used 
in obtaining the results. Six nitrogen values were reported but a 
range and “best” value were not given for nitrogen. The nitrogen 
values, however, range from 0.002 to 0.0088% with an average of 
0.005% nitrogen. 

The frequency curves for the eighteen samples of Steel No. 4 
analyzed during this study are given in Figs. 3 and 4. The statistical 
symbols used in this paper are defined as follows: 


N =the number of tests 
X = the individual value ve 
f= the frequency of the individual value 





os wee Co ’ , 

x =- .* -==the average (arithmetic mean) 
i ae 

o¢= att — X* =the standard deviation 


ne ian te FTI ea R ny Pieri Ripe!" His ed 
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oy —=———= >= the standard error of the standard deviation 


og 
ox = —Th =the probable error of the average 


The per cent oxygen values tend to lie on the high side and 
four of the eighteen analyses were above the 0.004% upper limit of 
the arbitrarily selected range of the co-operative study. X for oxy- 


| 
K = 0.0033 % 
0 = 0.0013 % 
z= 0.0003 % 
Os= 0.0002 % 


% of Tests—~> 





O 0.0020 0.0040 0.0060 
0.0009 0.0029 0.0049 0.0069 
Oxygen %—> 


Fig. 3—Distribution of Oxygen Content Values Obtained 
on Eighteen Bureau of Standards Samples of Steel No. 4. 


gen is 0.0013% higher than the “best” value of the co-operative 
study. (There is no significance to the fact that X is one o higher 
than the “best’’ value.) 

The per cent nitrogen values tend to lie on the low side of the 
range of the six values included in the co-operative study. X for 
nitrogen lies 0.0015% lower than the average of the six values for 
nitrogen given in the co-operative study. 

If another group of samples of Steel No. 4 were to be analyzed, 
the average would be expected to lie within the limits X + 20x 
95.45 times in 100 times. For oxygen these limits are 0.0033 + 
0.0006% and for nitrogen these limits are 0.0035 + 0.000188%. If 





1948 OXYGEN AND NITROGEN IN INGOTS 927 


another single sample were to be analyzed, the results would be ex- 
pected to lie within the limits (X + 20x) + (20+ 200) 95.45 
times in 100 times or (X + 30x) + (36 + 300) 99.73 times in 100 
times. Assuming the probable errors in X and o to be cumulative 
(that is, operating to give the maximum spread in the limits), the 
oxygen 20 limits are 0 to 0.0069% and the 3o limits are 0 to 
0.0087%. The nitrogen limits under the same conditions could be 
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x = 0.0035 % 
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| z= 0.000094 % 
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0 
| 
10 r ae al aor T 
| 
fe) | 
0 0.0020 0.0040 0.0060 
0.0009 0.0029 0.0049 0.0069 


Nitrogen %—~> 


Fig. 4—Distribution of Nitrogen Content Values Obtained 
on Eighteen Bureau of Standards Samples of Steel No. 4. 


expected to be: 26, 0.00238 to 0.00462% and 36, 0.00182 to 
0.00518%.? 

Six of these samples of Steel No. 4 were analyzed with groups 
of samples from the ingot. Table I gives the ingot groups with 
which these standard samples were analyzed and the per cent oxygen 
and nitrogen obtained from each sample. 





2A rational examination of the data indicates that the probable errors og and o— are 


not likely to be cumulative in the extreme mentioned above and X + 26 and X + 3e will 
more closely define the limits to be expected. For oxygen these limits are 2¢, 0.0007 to 
0.0059% and 3c, 0 to 0.0072%. Considering nitrogen these limits are 2c, 0.0027 to 0.0043% 
and 3¢, 0.0023 to 0.0047%. 
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Table I 
Oxygen and Nitrogen Values for Standard Samples Analyzed With the Ingot Samples 

Group With Which -————-Steel No. 4 Samples————__, 

Sample Was Analyzed % Oxygen % Nitrogen 
Position 1 Center 0.0040 0.0037 
Position 1 Quarter 0.0038 0.0036 
Position 3 Center 0.0037 0.0029 
Position 3 Quarter 0.0032 0.0036 
Position 5 Center 0.0037 0.0028 
Position 5 Quarter 0.0048 0.0035 

RESULTS 


~ 


The oxygen and nitrogen values for the groups of samples 
from each of the ten ingot positions are reported in Tables II and 
III, respectively. The differences in the average oxygen and nitro- 
gen contents between the ten groups of samples were tested for 


Position | Not Position | 


Center (0.0052) Sig. Quarter (0.0067) 


Not, Sig. Not Sig. 


| 
at 
‘Com (0.0053) —— $7) ——> Quorter 1 (0.0071) 


at Not. Sig. 
iti Not Position 3 
Pron miag 3 (0.0062) ya Goartat (0.0076) 
Sig. Borderline 
i Not, Sig. 
al 3 
Position 4 Not Position 4 
Center (0.0052) = =: Quorter (0.0077) 
Position 5 Position 5 
Center (0.0124) +—— Sig Quarter (0.00872) 


Fig. 5—-Statistical Significance of the Difference Between the Averages of the Oxygen 
Content of the Ten Groups of Samples From the Ingot. 


t.2car significance statistically by use of the “t” test.2 The results for 
oxygen are shown in Fig. 5. 
The center sample in Position 5 had the highest average oxygen 





8J. F. Kenney, “‘Mathematics of Statistics,” Part II, 1939, p. 128. D. Van Nostrand 
Company, Inc., 250 Fourth Avenue, New York City. 
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Table Il 


Oxygen Content by Vacuum Fusion 
26% by 26%-Inch Ingot 


Average—0 .0052 
Range —0.0037 


Average—O .0053 
Range —0.0059 


Average—0 .0062 
Range —0.0077 


Average—0 .0052 
Range —0.0027 


Average—0 .0124 
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0.0056 
0.0057 
0.0088 
0 .0086 
0.0078 
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. Not determined 
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Not determined 


Average—0 .0067 
Range —0.0045 


Average—0 .0071 
Range— 0.0032 


Average—0 .0076 
Range —0.0043 


Average—0 .0077 
Range —0.0030 


Average—0 .0087 
Range —0.0034 








content and was significantly different from the other nine positions. 
This position is near the extreme bottom where solidification is rapid, 
and the high oxygen content may be a result of the entrapment of 
oxygen-bearing nonmetallic inclusions. The oxygen was also highest 
in Position 5 for the quarter samples although significantly lower 
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Nitrogen Content by Vacuum Fusion 
26% by 26%-Inch Ingot 
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Range —0.0020 
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Average—0 .0035 
Range —0.0013 


Average—0 .0030 
Range —0.0013 


-. verage—0O .0034 
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Not determined 


than the value at the center of this position. In the center positions 
there was no trend.in the average oxygen content above Position 5 
but in the quarter positions there was a trend for decreasing averages 
in the higher ingot positions. 

No significant differences in the average of the nitrogen con- 
The averages of the 


tent for the ten ingot positions were found. 
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quarter sample groups tended to be slightly higher than the averages 
of the center sample groups but these differences were not significant. 

The range in oxygen in the groups of ten samples varied from 
0.0027 to 0.0077%. None of the values of range was significantly 
different from ‘the others. The range considering all 96 values was 
0.0114% ; the maximum range in the groups of ten adjacent samples 
was 0.0079 or 69.3% of the total range. Neglecting the Position 
5 values in the center sample, the range of the remaining values was 
0.0077%. The per cent of the total range (neglecting the Position 
5 center values) for the ranges in various groups of ten samples is 
given in Table IV. 


Table I 


Per Cent of Total Range in the Ingot of Oxygen and Nitrogen Content Found 
in the Groups of Ten Adjoining Samples 











Oxygen %- . Nitrogen % 
Position Center Quarter Center Quarter 
1 48 .05 58 .44 66 .6 60.6 
2 76 .62 41 .56 63 .6 51.5 
3 100 .00 55 .86 60 .6 39.4 
4 35 .06 38 .96 ee 39.4 
5 


re 41.16 36.4 48.5 


The range in nitrogen in the groups of ten samples varied from 
0.0009 to 0.0022%. None of the values of range was significantly 
different from the others. The range considering all 96 values was 
0.0033%. The per cent of the total range for the ranges in the 
groups of ten adjacent samples is given in Table IV. 

The magnitude of the ranges tends to be slightly larger toward 
the top of the ingot, but statistically this tendency has no significance. 

The standard deviation in oxygen content in the ingot was 
6 =0.00148%. The standard deviation in nitrogen content in the 
ingot was o = 0.000582%. The limits about the true mean within 
which the mean of groups of adjacent samples from a particular 
ingot position can be expected to fall are given in Table V for oxy- 
gen and for nitrogen. This table gives the sample size (number of 
adjacent 12-gram samples) necessary to insure that the determined 
means will fall within certain limits of the true mean nine times out 
of ten and ninety-nine times out of one hundred. 

The numerical limits given in Table V‘ apply only to the ingot 





4The limits were calculated from the expression X + ao, where a =a_ constant de- 
pending upon sample size and certainty. The values for “a” are found in Table II, page 
41, Supplement A of ASTM ‘‘Manual on Presentation of Data.” 
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Table V 
Sample Size for Oxygen and Nitrogen 
Oxygen Nitrogen 
-————-o = 0.00148 ————o = 0.000582 

Number of 12 9 times in 10 99 times in 100 9 times in 10 99 times in 100 
Gram Samples True Mean + True Mean + True Mean + True Mean + 

4 0.00201 0.00499 0.000792 0.001963 

8 0.00106 0.00196 0.000417 0.000769 

10 0.00090 0.00160 0.000356 0.000630 

15 0.00070 0.00118 0.000274 0.000463 

20 0.00059 0.00097 0.000231 0.000382 

25 0.00052 0.00085 0.000203 0.000332 

100 0 


00025 0.00039 0.000097 0.000152 


studied because the respective limits depend on the standard devia- 
tions of oxygen and nitrogen content in the ingot. 


DIscussION 


These results demonstrate that a surprising degree of local 
heterogeneity exists in the distribution of nitrogen and especially 
oxygen in an ingot. This is undoubtedly a result of the fact that 
oxygen and nitrogen mainly occur in the form of oxides and nitrides 
which are heterogeneously distributed. The major difference be- 
tween the distribution of oxygen and nitrogen in the ingot is that 
there was no ingot position found in which the average nitrogen 
content was sigificantly different statistically from the average nitro- 
gen content of the other ingot positions studied. 

The degree of precision attained with equal sample sizes depends 
on the standard deviations (o's) for oxygen and nitrogen for the 
ingot, which in turn are a measure of the heterogeneity of the ingot. 
The knowledge of the degree of precision is important, since the 
establishment of trends is dependent upon how accurately the oxygen 
and nitrogen values are determined in various positions. For 
example, greater precision is required to show trends in a more 
homogeneous ingot. 

The results presented above may be interpreted as demonstrat- 
ing the manner in which erroneous conclusions can be drawn on the 
distribution of nonmetallic inclusions in an ingot on limited sample 
sizes. For example, a single vacuum fusion determination may lie 
within wide limits of the true mean. This problem of adequate 
sampling is probably even more acute in metallographic investiga- 
tion, which is a two-dimensional survey as compared with the three- 
dimensional survey of vacuum fusion analysis. The large amount of 





1948 OXYGEN AND NITROGEN IN INGOTS 933 


effort often expended in quantitative studies on nonmetallic inclu- 
sions warrants careful consideration of an adequate sampling tech- 
nique to insure reliable results. 


SUMMARY 


1. The distribution of oxygen and nitrogen in a 26 by 26-inch 
ingot of SAE 4335 steel was studied by means of the vacuum 
fusion method of analysis. Groups of ten adjoining 12-gram 
samples from ten positions in the ingot were analyzed. 

2. The average oxygen content of the group of samples from 
the center position near the extreme bottom of the ingot is 
significantly higher than the averages for the other nine posi- 
tions, ranging from 0.0124% at the bottom to a minimum 
of 0.0052% for the other positions. 

3. There is no significant difference in the average nitrogen 
content of any of the ten ingot positions studied. 

4. The variation in oxygen and nitrogen content in the groups 

of ten adjoining samples from a single position is nearly as 

large as the variation from position to position in the ingot. 

The range of oxygen in the groups of ten side by side sam- 

ples varies from 38 to 100% of the over-all range in the 

ingot (neglecting the values for the bottom center position). 

For nitrogen, this range varies from 27.3 to 66.6% of the 

entire range for the ingot. 

The data obtained were treated statistically and tables are 

presented showing the required sample size to determine the 

oxygen and nitrogen content, respectively, in a given position 
in the ingot with a given degree of precision. 


cn 
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MULTIPLE CORRELATION APPLIED TO STEEL PLANT 
PROBLEMS 


By W. T. RoGers 


Abstract 


This paper presents the application of multiple corre- 
lation methods to four different types of problems en- 
countered in a large steel plant. Its purpose is to show 
the versatility of this type of analysis tn its application and 
to point out the practical results which have been obtained 
by its use. 


INTRODUCTION 


Bicomgperames and regression analysis has been used by scien- 
tists from the first time they tried to determine the related 
movement of two or more sets of measurements. A survey of pres- 
ent-day fields of science reveals that many branches of scientific 
endeavor are using correlation methods to explain the various related 
phenomena which come under their observation. Specific fields to 
which these methods are being applied are too numerous to mention, 
but several of the more prominent professions would benefit if the 
practicality of the application of correlation methods were realized 
to a greater degree. 

In the field of economics the relations of wages, prices, indus- 
trial activity, weather, and various other factors all have a bearing 
on the economic status of the population of any country, and all 
must be taken into consideration in any study of economic condi- 
tions. In agricultural studies various factors such as rainfall, soil 
condition, and locality are related to crop yields. Biological prob- 
lems are also replete with variables such as heredity, environment, 
etc., which affect or are related to biological development. Research 
workers, in order to test hypothetical analysis for the purpose of 
establishing empirical equations in the fields of physics, chemistry 
and metallurgy, are continually confronted with problems involving 
more than one variable. 





A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, W. T. Rogers, 
is metallurgical statistician, Lorain Works, National Tube Co., Lorain, Ohio. 
Manuscript received May 6, 1947. 
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In view of the very successful history which these and other 
lines of endeavor have established in the use of this type of analy- 
sis, it is not difficult to see why the iron and steel metallurgical and 
production engineers are finding correlation and regression analysis 
applicable to many problems arising in the steel plant. 

In the study of factors affecting a dependent variable, it would 
be possible, if exact and complete knowledge of all related factors 
were known, to predict exactly the value of the variable being studied 
from the related factors. A simple and common relation of this kind 
is the calculation of the hypotenuse of a right angle triangle from 
known values of the height and base. This type of problem is a 
functional relationship wherein the dependent value can be exactly 
calculated from the two related variables. Opposed to this is the 
statistical relationship where the dependent variable can be predicted 
only on the average from a set of related factors and in which the 
exact calculation of any single value is not certain. A common. prob- 
lem of this kind is the yield strength of steel, which is known to vary 
with the carbon and manganese content according to the following 
type of equation: 


Yield Strength =a -+ x % Carbon + y % Manganese 


This equation will give the average yield strength only, and it 
cannot be expected that the actual yield strength obtained on a given 
piece of steel will coincide with the value given by the equation. It 
will, however, vary within predictable limits. If problems encoun- 
tered in the steel plant were of the simple or bivariate type, it would 
not be necessary to resort to the more complicated multiple corre- 
lation methods. However, this is not the case, for it is seldom that 
the factor under consideration can be examined without taking into 
account more than one associated variable. In addition, relationships 
are as likely as not to be curvilinear, thus requiring additional cor- 
relation technique. 

Problems requiring a correlation approach are found in practi- 
cally all phases of steel plant operations from the coke plant and 
blast furnace to the finished product. The various types of prob- 
lems deal with production, quality, research, the establishing of 
standards and the movement of material. Regardless of the type 
of problem and the phase of operations with which it deals, it will 
generally be found that the one specific relationship which is to be 
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studied is involved with a number of other factors which also must 
be taken into consideration in the study. It has been found, in 
addition, that in most problems the data necessary to the solution 
are limited to such an extent that other factors cannot be held con- 
stant by selection of values without reducing the original data to an 
insufficient quantity on which to base reliable conclusions. It is, 
therefore, evident that in order to use all of whatever data are 
available, a correlation technique which will enable the simultaneous 
evaluation of other factors, along with the particular one under 
consideration, is highly desirable. The need for this type of analysis 
for most practical purposes is met by multiple correlation methods.’ 
Generally, the problems encountered are not too complicated, and 
in most cases, experience will limit the number of variables to be 
analyzed to three or four. However, problems involving as many 
as thirty factors have been successfully handled. It is pointed out 
at this time that when the engineer does come in contact with a 
problem, it is well to work in conjunction with a trained statistician 
who is able to set up the various problems and work them out to a 
reliable conclusion. It is not often that either one, the engineer or 
the statistician, can do the work of both. Results should, of course, 
be tested for significance, but better still, and more readily under- 
stood by plant management, is a repetition of the analysis with new 
and current data. The knowledge gained is of value only as it is 
recognized and applied, and it is therefore necessary that, as much 
as possible, statistical and other extremely technical language be 
avoided in the presentation of results. Operating personnel will 
thus be made aware of the facts without having to interpret the 
language in which they are expressed. 

It is the aim of this paper to present different types of prob- 
lems which lend themselves to multiple correlation analysis in an 
effort to show the great diversity in the application of this tech- 
nique. 

The four examples chosen are as follows: 


1. A by-product yield on a coke plant. 

2. A metallurgical problem concerning factors which affect the 
hardness of castings. 

3. A problem involving the movement of material from one 
department to another. 

4. A production problem in an open-hearth shop. 


1Mordecai Ezekiel, ““Methods of Correlation Analysis,”’ John Wiley and Sons, Second 
Edition, 1941. 
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An attempt is made to point out how the several interrelated 
variables are reduced to a set of simple, explainable curves which 
evaluate all the data analyzed. As far as possible, all technical 
methods and terms will be avoided. 


By-Propuct YIELD ON A COKE PLANT 


Yield of usable material is a problem of primary importance in 
all departments of a steel plant, and, generally speaking, yields fluc- 
tuate with varying types of raw materials and operating conditions. 
The illustration used to point out the use of multiple correlation 
analysis to a problem of this type shows the relation of three factors 
to the yield of tar on a by-product coke plant. The tar yield was 
not constant from month to month, varying within limits of the 
average plus or minus 3.3 gallons per ton of coal, and it was desired 
by the coke plant operating department to determine the effect of 
variations in raw materials and production time on the variability of 
this yield. Wide variations in raw material composition were found 
to be due chiefly to per cent volatile matter and the per cent free 
moisture in the coal charged. From a preliminary analysis of the 
data, the hypothesis was developed that tar yield should fluctuate 
with these variables in coal composition and the coking time. 

The data submitted for analysis consisted of monthly averages 
of the four variables under consideration for a period of fifteen 
years and seven months. Linear regression coefficients were devel- 
oped by the Dolittle system of solving simultaneous equations, and 
the relations were subsequently tested for curvilinearity with results 
as shown in Figs. 1A, 1B, and 1C.*. The correlation method used 
has the effect of holding each variable mathematically constant so 
that the graphs presented show the independent effect of each vari- 
able. It is, therefore, evident that the complete story relative to 
the relations of the factors analyzed is clearly and completely told 
by these graphs. 

It is evident that the per cent volatile matter in the coal is the 
most effective factor and that this relation is linear with the tar 
yield, increasing approximately 0.35% for each increase of 1.0% 
in volatile matter. Coking time is shown to be effective in the range 
of 800 minutes to 1200 minutes, after which it ceases to be related 
to the yield of tar. The per cent free moisture in the coal charged 


2The number on an individual point in the graph indicates that that point is the 
average of that number of measurement. 









- 
° 


1948 STEEL PLANT PROBLEMS 939 
| s— 


| | - 


20 25 30 
% Volatile Matter in Coal 


> 
° 





Tar per Ton of Coal 
in Gallons 


Fig. 1A—The Independent Relation Between Per 
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Fig. 1B—The Independent Relation Between Cok- 
ing Time and Tar Yield on a By-Product Coke Plant. 
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is of importance from 2.7 to 3.8%, being associated with a reduc- 
tion in yield from 7.6 to 6.5%, after which it also becomes ineffective. 
In statistical terminology, an index of correlation of 0.81 is obtained 
with the relations of the three variables considered and the tar yield, 
thus indicating that it is possible to explain approximately 65% 
of the variability in yield by variations in the associated factors. In 
addition, a standard error of estimate is computed, which in this 
case is 0.50, and is a measure of the accuracy which can be ex- 
pected in estimating the yield from this set of relations. 

A hypothetical case is worked out as an illustration. Let it be 
assumed that we have the following values: per cent volatile matter 
= 22, coking time — 800 minutes, and free moisture = 2.7%. What 
is the best estimate of tar yield based on these three values? Start- 
ing with the average tar yield for all the data used, we have 6.84 
gallons per ton. Adjusting this for the deviation from average per 
cent volatile matter Fig. 1A gives minus 1.50 minus 0.50 for deviation 
from average coking time and plus 1.30 for deviation from free mois- 
ture in coal for an estimated tar yield of 6.14 gallons per ton of coal. 
With a standard error of 0.50 gallons per ton, it can therefore be 
stated that 19 times in 20 the actual average will be between the 
limits 6.14 plus or minus one or two times the standard error. 


A METALLURGICAL PROBLEM 


The Effect of Chemistry and Size on the Hardness of Cast Iron 
Mill Tools—Metallurgical problems are continually encountered in 
which some type of multivariate analysis is necessary. The most 
common problem of this type is probably the relation of chemical 
composition and size of material to physical properties. For in- 
stance, impact resistance of a material may be dependent on size 
and shape of test piece, grain size, temperature at which the test is 
made, heat treatment, and other factors. Yield strength, ultimate 
strength, and elongation of steel pipe are dependent on carbon, man- 
ganese, pipe diameter, and wall thickness to such an extent that these 
physical properties can be estimated with a known degree of accu- 
racy for various combinations of chemistry and size. In fact, almost 
any variable characteristic of metal which fluctuates in relation to 
other variables must be evaluated by some type of correlation analy- 
sis. The result of one problem of this type is presented as evidence 
of the utility of the multiple correlation method. 
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A mill manufacturing seamless steel tubes uses a certain type 
of cast iron tool, in one of the forming operations, which must with- 
stand severe abrasive wear. A study of the tools furnished for this 
operation showed that the best results were obtained on tools with 
a Brinell hardness number from 175 to 225, and it was also found 
that one out of every five plugs was outside the desired limits. The 
problem, therefore, resolved itself into one of determining the fac- 
tors affecting hardness and controlling such of these factors as pos- 
sible in such a manner that only a nominal percentage of the tools 
made will be outside the desired hardness limits. 

A multiple correlation analysis was made, from which the fol- 
lowing factors were found to be of sufficient significance to be con- 
sidered : 


1. Tool diameter 
2. Per cent chromium added 


3. Carbon/silicon ratio of cast iron. 


The relations developed are presented graphically in Figs. 2A, 
2B, and 2C. Examining these curves separately, it is apparent that 
size of the tool and carbon/silicon ratio are linear and inverse in 
their effect. The hardness decreases approximately 25 points on 
the average from the smallest to the largest size casting, and as the 
carbon/silicon ratio increases through the observed range, of 1.4 to 
2.3 the hardness decreases approximately 20 points. Chromium is 
ineffective until it exceeds 0.55% but thereafter its effect is very 
pronounced, increasing hardness 5 points for each additional 0.05% 
chromium. 

The index of correlation obtained was 0.77, indicating that ap- 
proximately 59% of the total variation in hardness in the tools stud- 
ied can be attributed to variations in size, chromium content, and 
carbon/silicon ratio. Comparing the estimated hardness values ob- 
tained from these curves with the actual values, it developed that 
the standard error of estimate was 12:74 points Brinell hardness, 
and, according to statistical inference, this indicates that the hard- 
ness number, as estimated from the curves obtained, will be within 
the range of the estimated value plus or minus two times the stand- 
ard error 19 times in 20. Inasmuch as the size of tool and the 
carbon/silicon ratio of the iron in this particular case are not con- 
trollable before the tools are cast, it is only necessary to vary the 
chromium additions in order to produce tools of any desired hard- 
ness. As previously stated, it is specifically desired to hold the 
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Fig. 2A—-Independent Relation Between Tool Diameter and Hardness. 
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hardness to 175 to 225 Brinell and as two standard errors equal 25 it 
is necessary to adjust the chromium addition to produce a casting 
with 200 hardness, and it can reasonably be expected that only one 
out of twenty tools will be outside the specified limits as compared to 
the one out of five obtained before the analysis was made. 


A PROBLEM IN THE MOVEMENT OF MATERIAL 


Factors Affecting Ingot Delivery Time from Open-Hearth Shop 
to Rolling Milli—The problem of ingot delivery time between the 
open-hearth shop and the rolling mill is common to most large steel 
plants.. In fact, as far as information is available, this time interval, 
which will be subsequently designated as “time on track,” is the 
subject of concern in all plants which produce large ingot tonnages 
for their own rolling mills. During the recent war, when every 
available unit of ingot production and rolling mill capacity was 
crowded to its limit, this time interval became of primary importance 
in the production of maximum tonnage. The fact that the war is 
now over has not caused a change in this situation for it is now 
apparent that the increased demand for civilian goods is taxing 
existing production facilities to the same extent as war production. 
Aside from metallurgical considerations, which impose certain limi- 
tations on the movement of ingots after they are poured, it must be 
considered that this “time on track’’ interval is a nonproductive 
period which should be reduced and held as nearly as possible to a 
minimum. In addition to being a nonproductive time of itself, its 
effect is also carried over to production rate in the rolling mill. As 
ingots are allowed to remain in transit for longer periods of time, 
they naturally become progressively colder and require longer peri- 
ods of time in the rolling mill soaking pits or reheating furnaces. 
The effect of increased time on track on heating time preparatory 
to rolling is shown in Fig. 3A. It is evident from this graph that the 
heating time in the rolling mills increases about 0.75 minute for 
each increase of 1 minute in time on track, or in other words, 
an hour’s delay in getting the ingots to the rolling mill will cause an 
additional delay of 34 of an hour in heating time. 

In the plant in which this study was conducted, the open-hearth 
shop consisted of twelve 150-ton furnaces, each of which made, on 
an average, 2 heats per day, or a daily total of 24 heats. With 
exactly uniform tapping intervals, this would require one heat every 
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Fig. 3A—Relation Between Time on Track and Heating Time. 
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Fig. 3B—Relation of Degree of Bunching to Time on Track. 


hour. Tapping intervals, however, were not uniform. At times 
there were periods of two to three hours during which no heats were 
tapped, and at other times as many as 6 heats would tap in a 1- 
hour period. Due to this irregularity of tapping sequence, it be- 
came the concern of the plant management to determine to what 
extent this bunching of heats was reflected in increased time on 
track. The problem was complicated by the fact that the one open- 
hearth shop delivered ingots to three rolling mills through three 
separate ingot stripper units. Ingots on each heat varied from 3 
to 10 tons in size and from 15 to 50 in number, and, in addition, 
metallurgical specifications required holding times of 20 to 90 minutes 
because of quality considerations. 
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Fig. 3D—Relation Between Time from Start to Finish 
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Fig. 3E—Relation Between Time to Charge and Time on 
Track. 
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It is, therefore, evident that in evaluating the effect of irregular 
intervals between taps or the bunching of heats, other considera- 
tions must be taken into account or the final answer will still be in 
question. Inasmuch as the stripper crane and the rolling mill charg- 
ing crane could handle only one ingot at a time, it was decided that 
the variability in number and size of ingots could be properly eval- 
uated by using the time from start to finish strip and the charging 
time at the rolling mills. The holding time specified by the metal- 
lurgical requirements was used as specified. The unequal interval 
between taps was designated by a numerical value which increased 
in direct proportion to the amount or “degree of bunching.” The 
relations of these four variables were then developed by multiple 
correlation, with results as shown in Figs. 3B, 3C, 3D and 3E. 

Fig. 3B shows the degree of bunching to be of no effect up to 
the numerical value of five, while bunching in excess of this amount 
is very serious in its effect. Relations with specified holding time, 
stripping time, and charging time are also shown to be of such im- 
portance that neglecting to take them into consideration would have 
caused some doubt as to the reliability of conclusions with respect 
to degree of bunching. 

The Effect of Moisture Content of Fuel Tar on Tume of Heat 
in an Open-Hearth Shop—The fuel tar used in an open-hearth shop 
was obtained as a by-product of the plant’s own coke ovens and was 
diluted with varying proportions of moisture, which, of course, de- 
creased its efficiency as a fuel. It was the desire of the plant man- 
agement to evaluate quantitatively the effect of varying concentra- 
tions of moisture on the average daily time of heat in order that an 
economic balance between cost of moisture removal and increased 
time of heat could be determined. 

The study covered 128 days on which tar was used as fuel. An 
examination of the data for this period showed that there were five 
other extremely important factors which must either be eliminated 
or held constant in order that the real effect of moisture in tar 
would not be obscured. The available data relative to the moisture 
content consisted of a composite daily sample which gave the aver- 
age for each day. As a consequence, all other factors had to be 
used on a daily average basis and the elimination of data because 
of other known effective variables would have reduced the total 
amount of data to the point where no reliable conclusions could be 
drawn. Multiple correlation was employed, and all other variables 
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Fig. 4B—Independent Relation Between Per Cent of 
High Scrap Charge Heats and Time of Heat. 


Average Daily Time of Heat 





0 0.4 0.8 1.2 1.6 20 2.4 
Ladies of Blown Metal per Furnace Day 


Fig. 4C—Independent Relation Between Ladles of Blown 
Metal and Time of Heat. 
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Fig. 4D—Independent Relation Between Per Cent Pit 
Scrap and Time of Heat. 
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Fig. 4E—Independent Relation Between Charge to Hot 
Metal Time and Time of Heat. 
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of importance were held constant in this manner. As a result, the 
independent effect of moisture content was evaluated, based on all 
the data at hand. 

The problem, therefore, resolved itself into one of six variables, 
plus the dependent variable, time of heat. Factors in addition to 
moisture in tar which had to be considered were as follows: 

1. Percentage of high scrap charge heats 

2. Ladles of blown metal used per furnace day 

3. Percentage of pit scrap in total charge 

4. Start charge to hot metal time 

5. Delay time between heats. 

The result of this study is shown graphically in Figs. 4A, 4B, 
4C, 4D, 4E, and 4F. Fig. 4A presents the independent relation 
of per cent moisture in tar with average daily time of heat. This 
relation can be represented by the equation: time of heat — 559.87 
+ 5.62 X moisture, indicating that the time of heat increases 5.62 
minutes for each increase of 1% in moisture. 

Fig. 4B shows that as the percentage of high scrap charge heats 
increases by 1% the time of heat increases 0.53 minute. Fig. 4C 
presents the effect of ladles of blown metal per heat. Here it is 
apparent that time of heat is reduced 2.58 minutes for each increase 
of 0.1 in the average number of ladles consumed. 

Percentage of pit scrap, average charge to hot metal time, and 
average delay time are also influencing factors, and their effect is 
found to be curvilinear, with percentage of pit scrap, Fig. 4D, being 
very effective from 3 to 5% after which it is of less importance. 
Average charge to hot metal time, Fig. 4E, is also more effective in 
the lower part of its range than at the higher values, and average 
delay time is only slightly curved, with the greatest effect apparent 
between 20 and 40 minutes. 

The index of correlation with the set of variables used is ap- 
proximately 0.80, indicating that about 64% of the observed varia- 
bility is explained by this analysis. Most important, however, is 
the fact that the particular variable under consideration is evaluated 
quantitatively without being obscured by other known factors. 


CoNCLUSION 
In the foregoing discussion, an effort has been made to show 


the versatility of the multiple correlation method in the solution of 
widely different problems which have a multiplicity of factors asso- 
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ciated with a dependent variable. It is felt that the problems chosen 
are sufficiently different to support the contention that this method 
is applicable to most steel plant problems of this type. 











DISCUSSION 
Wade 





Written Discussion: 
Cleveland. 

Steel producers have probably recorded more data on, and yet know 
less about, many of their processes than almost any large industry. This 
is due to failure to correctly interpret these data and lack of utilizing 
valuable tools well recognized by other industries. Of all the statistical 
techniques available to us the one described above is certainly one of the 
most valuable to steelmaking procedures, where it is virtually impossible 
to hold more than one or two of the many well recognized variables 
constant. 

We have done some of this work at Republic Steel and have recently 
been greatly surprised to find that certain factors, which had for years 
been considered of great importance, faded to relative insignificance in 
comparison with others. This particular technique is applicable to almost 
any type of problem involving several variables and we have used it on 
such things as deoxidation practices, evaluation of the comparative level 
of quality as performed by different men on a specific job, control of 
weight variability on slabs or Wllets for rerolling, and other diverse 
problems. 

One of the most gratifying things about these statistical procedures 
is that you are able to predict with astounding accuracy the “risk” that 
you assume in obtaining certain selected results. An operator readily 
understands when you tell him that “nine times out of ten your harden- 
ability results will lie within this range” or “four times out of five you 
can expect one off heat in four”. If these “confidence limits” are used 
in conjunction with the interpretations derived from correlation analysis, 
a great many management decisions would be more easily made, and 
more correctly, made. 

| should be particularly interested in having Mr. Rogers comment on 
his experience in the acceptance of interpretations so derived by the 
operators, the department superintendents and foremen. While this is a 
recognized management tool, it must receive practical acceptance by the 
men on. the job to be truly useful. 

Written Discussion: By Martin A. Brumbaugh, director of statistics, 
Bristol Laboratories, Inc., Syracuse, N. Y. 

Mr. Rogers’ paper presents a point of view and a set of illustrations 
which is well worth careful consideration by metallurgists and others 
responsible for quality of iron and steel products. Experience of several 
companies indicates that multiple regression is the preferred technique 
for segregating related causes of variability in steel manufacture. 


By R. Weaver, Republic Steel Corp., 
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This reviewer is in full accord with both the point of view and method 
presented by Mr. Rogers. There are a few detailed points which may 
be worth brief discussion: 

1. Page 9837—A repeat experiment is suggested as a substitute for a 
significance test. It is true that a duplicated experiment is more reliable 
than a single experiment, but it does not follow that the duplicated 
experiment is a substitute for the estimated confidence limits applicable 
to a very large number of parallel experiments. 

2. Page 940—Probability limits are quoted near the middle of the 
page as “19 times in 20”. This means that with similar conditions monthly 
results will fall within these limits 19 times in 20. These are not the 
confidence limits of a similarly conducted experiment. 

8. Page 942—lIllustration 2 is a good example of the use of multiple 
regression, but suffers from insufficient evidence. Control of these tools 
through holding chromium at 0.7% may be successful when the tool diam- 
eter is at 4 or 5 inches and c/s ratio between 1.4 and 1.8. It is doubtful 
whether good results will be achieved outside of these ranges. 

4. Figs. 3 and 4 appear to be excellent, although not too much detail 
is presented. 

In general, one might object to the fact that there is not sufficient 
information to permit the statistician to use these results comparatively 
in another plant. Likewise there is not sufficient explanation to permit 
the nonstatistician to follow the techniques. I1 suspect, however, that 
the purpose of the article is to stimulate inquiry into multiple regression 
techniques by metallurgists. If so, neither criticism is quite valid and 
the paper should serve well to foster curiosity. 

Written Discussion: By W. K. Bock, National Malleable and Steel 
Castings Co., Cleveland. 

Mr. Rogers refers to the book by Ezekiel. This book is an excellent 
work on the subject but difficult reading for the busy metallurgist who 
has no background in statistics. With the present paper as a guide the 
study of Ezekiel’s book should be somewhat simplified. Perhaps multiple 
correlation will attain some of the popularity this handy tool deserves. 

After a surface y = f (u, v, w, - - --) has been determined, there exists 
a standard error of estimate representing the effect of unknown variables. 
Reconsideration of the problem, more experience or any other reason may 
point to the advisability of adding another variable, making y=—g 
(u,v, w,xX----) in order to reduce the standard error of estimate and 
to present a more complete picture. Does Mr. Rogers think the proper 
method of adding this variable is by use of the residuals from the first 
surface and the corresponding value of the new variable or by working 
the problem from the start? 

In the problems reported in this paper the regressions are based on 
large numbers of sample. In such cases relatively small correlation co- 
efficients are statistically significant and due to the slope of the prob- 
ability curve for determining this significance, reasonable changes in the 
confidence limit will seldom affect the result as far as significance is con- 
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presented by Mr. Rogers. There are a few detailed points which may 
be worth brief discussion: 

1. Page 9837—A repeat experiment is suggested as a substitute for a 
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than a single experiment, but it does not follow that the duplicated 
experiment is a substitute for the estimated confidence limits applicable 
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cerned. The laboratory work can also be treated by the methods of 
multiple correlation but the surfaces are determined by small samples. 
In this case the slope of the probability curve is much less steep and so 
slight changes in the confidence limit may change our idea about the 
significance of a regression coefficient. Near the confidence limit, then, 
must exist a region of uncertainty. The author’s comments on this situ- 
ation would be of interest. 


Author’s Reply 





Mr. Weaver asks the author to comment on his experience in the 
acceptance of interpretations, derived by the multiple correlation method, 
by the operators, the department superintendents, and the mill foremen. 
In this connection, the author wishes to point out that he has been for- 
tunate in having a great deal of experience in the past 24 years directly 
in the operating departments and, to a greater extent than most technical 
men, knows and speaks in their own language. Due to this fact, little 
difficulty is experienced in interpreting results to the mill operators. 
It is also a fortunate circumstance, whether unusual or not, that the 
operating men at Lorain Works of National Tube Co. are progressive 
in their thinking and are more than willing to use every bit of knowledge 
placed at their disposal in order to produce a better product and effect 
the most economical procedures in their fabricating processes. 

In reply to Mr. Brumbaugh, it was not meant that a duplicate experi- 
ment should be used, in all circumstances, as a substitute for calculated 
confidence limits, but under the conditions prevailing in a large steel 
plant the testing of results by duplicate experimentation is better because 
it is more readily understood. With reference to Fig. 2 it is pointed out 
that with the range of chromium used in the illustration satisfactory 
results were not being obtained on the castings used in the analysis and 
0.7% chromium would not suffice in the larger size castings particularly 
when the c/s ratio was also a little on the high side. Through the knowl- 
edge gained through this analysis, however, the chromium additions were 
increased on the larger size. castings up to 1.2% and satisfactory results 
were obtained as would have been predicted by an extrapolation of the 
chromium curye. It is the author’s belief that results from routine pro- 
duction in one plant, for a number of reasons, are not directly applicable 
to other plants, nor was it intended that the paper should demonstrate 
technique. The primary purpose of the paper, as Mr. Brumbaugh sus- 
pects, was to demonstrate the versatility of the multiple correlation 
method in its application. 

In reply to Mr. Bock, either method of handling an additional vari- 
ble has proved satisfactory. If the new variable can be added as ar 
extension of the original data, then it is less work to make a simple cor- 
relation with the residuals and the additional variable, but if the additional 
variable is included in a different collection of data, it is preferred to run 
a new multiple correlation thus checking the validity of previous con- 
clusions and at the same time evaluating the additional data. 
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Confidence limits in general can be said to measure the degree of 
certainty. If limits are chosen which represent a 2 standard deviation 
range of confidence or a 19 in 20 chance and the results show that only 
1.6 standard deviation limits or 9 chances in 10 are met, it does not mean 
that the findings in a given problem do not represent the actual condition 
existing but that instead of a 1 in 20 chance of being wrong there is a 
1 in 10 chance. In general the author’s “rule of thumb” method is to 
accept a small chance if it is in line with engineering theory and to hold 
judgment in abeyance until supported by further data when doubtful 
chances of being correct are evident. The small laboratory experiment 
can probably be handled more efficiently by analysis of variance than by 
multiple correlation, 






























A NEW DESIGN OF MICROHARDNESS TESTER 
AND SOME FACTORS AFFECTING THE DIAMOND 
PYRAMID HARDNESS NUMBER AT LIGHT LOADS 


By R. F. CaMpBELL, Q. HENDERSON AND M. R. DONLEAvy 


Abstract 





A new design of microhardness tester for measuring 
Diamond Pyramid Hardness (DPH) with loads ranging 
from 5 to 100 grams is described. Over the hardness 
range of 225-900 DPH, microtester measurements with 
loads of 50 and 100 grams agree well with a standard 
Vickers tester at loads of 10 and 30 kilogranis. Below 
50 grams, the hardness number obtained with the micro- 
hardness tester decreases with decreasing load. Tests with 
two different penetrators, and also with a third penetra- 
tor in a similar tester, indicate that deviations from the 
specified geometry near the tip of the penetrator are 
largely responsible for the decrease in the hardness num- 
ber. An unetched test surface yields a lower hardness 
number than an etched surface when the test load is 50 
grams or less and this difference becomes increasingly 
greater as the load decreases. Some applications of the 
instrument in measuring the hardness of the constituents 
of microstructures are shown; tests on iron carbide show 
evidence that plastic flow occurred during indentation. 
















INTRODUCTION 





HIS paper describes a new design of microhardness testing 
machine, employing a range of load of 5 to 100 grams and a 
square-base, 136-degree diamond pyramid penetrator. Since it is 
intended to test hardness of thin material and of individual constitu- 
ents of microstructures, and to measure hardness gradients within 
areas too small to permit satisfactory exploration with the Vickers 
hardness tester, it is designed to meet the following requirements : 


1. The method of locating the desired test field under the 
penetrator must be precise. 


Of the authors, R. F. Campbell and Q. Henderson are associated with the 
Research Laboratory, United States Steel Corp., Kearny, N. J., and M. R. 


Donleavy was formerly associated with that Laboratory. Manuscript received 
October 2, 1947. 
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2. The loading mechanism must have minimum friction -and 
inertia. 

3. The penetrator must produce an impression which can be 
measured easily and reproducibly, yet be sufficiently small 
to lie within the area of a microconstituent. 

4. The device for measuring the impression must be such that 

the results obtained by different observers are concordant 

and accurate. 

The hardness number should be expressed on a scale in 

common use. 


tn 


DESCRIPTION OF TESTER 


As shown in Figs. 1 and 2, the microtester comprises an indent- 
ing mechanism, a mechanical stage for holding the specimen, a micro- 
scope for locating the test field and measuring the impression, and a 
control box. All parts are assembled on a heavy cast iron plate 
supported by steel legs which rest on wooden blocks and Keldur to 
minimize effects of vibrations present in the building. 


General specifications of the microtester are summarized in 
Table I. 

Indenting Mechanism—The indenting mechanism is shown in 
Fig. 1. A diamond penetrator of the Vickers rather than of Knoop 
(1)* type is employed for the following reasons: 


1. For a given load, a Vickers penetrator produces a smaller 
impression than a Knoop with respect to the diagonal 
measured; consequently, the Vickers is more suitable for 
making impressions in a small area with a load obtainable 
with less difficulty than the lighter load which the Knoop 
would require. 

Correlations between hardness values based on a standard 

Diamond Pyramid Hardness scale and measurements on 

the microtester are probably less affected by geometrical 

differences between penetrators than they might be with 
the radically different geometry of the Knoop. 

3. A series of measurements of small impressions made by 
each type of penetrator indicated that the Vickers impres- 
sion is easier to measure; difficulty was experienced in 
locating the ends of the Knoop diagonals. 


i.) 


The penetrator (P, Fig. 1) is carried on one end of a light but 
rigid duralumin lever (L1) pivotally mounted in a_ substantial 
bracket. The load pan, suspended on steel knife edges, is located 





'The figures appearing in parentheses pertain to the references appended to this paper. 















Item 
Penetrator 
Method 
of Schematic 


Loading 


Rate of Descent of Penetrator 


Time Interval that Penetrator 
is on Specimen 


Magnifications for Measuring 
Microns per Ocular Unit 
Specimen Depth 


Size Max. Width 
(mounted Max. Length 
or unmounted) Min. Width 

Min. Length 
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Specifications of Micrqhardness Tester 
136° Vickers-Type Pyramidal Diamond 
0.001 inch per second 


x 500 X 675* 
0.113 0.0876 0.0407 


X 1400 (oil immersion) * 


PPL 


SBS5s555 





exactly midway between the pivot centers and the point of the pene- 


trator, so that when the penetrator is supported by the specimen the 
applied load is one-half the weight carried by the pan. 
points are hardened and lapped steel pins inserted in a duralumin 
cross-bar of considerable length, thus providing a high degree of 
lateral stability ; they are conical with an included angle of 60 degrees 
and are supported in small ball-pivot bearings. 
balances the lever in a horizontal position which is also its position 
when the penetrator is in contact with the specimen. 
between pivots and bearings is adjusted so that a weight of 5 milli- 
grams placed on the load pan will upset the lever balance. 

Application and removal of the penetrator is accomplished by 
means of a secondary lever system (L2). 
above the penetrator lever (L1) which it raises and lowers by means 
of a connecting shackle thereby eliminating any shock or vibration 
transmitted by the operating cam (C1). 

One end of the lever system rests on the operating cam and 
is held in contact with the face of the cam by a torsion spring. This 
cam has a contour such that the penetrator descends rapidly at the 
start of a cycle of operation and then slows to a rate of 0.001 inch 
per second prior to coming in contact with the specimen and applying 
the load. This rate, determined experimentally, is such that impact 
loading is avoided. The operating or timing cam makes one revolu- 


A counterweight 


The pressure 


This is mounted directly 


1948 NEW MICROHARDNESS TESTER 957 


Px 


* 
& 


| ss 
Pa 
7? a hk | mae 
+2 Péeosve " PP ef 


ry 
maa a 


~wyrrvyyrvrrry 


a 
a 
> 
> 
a 
“ 
i“ 
a 
i 
. 
, 
? 
2 
. 
. 


> 
* 
a 
a 
a 
. 
“ 
? 
a 
. 
> 
? 
7 
_ 
as 
. 


ee ehhh hhh ad ¥ 


i P oe 
ne 2 
-e+eeve 


a ee a Pe 


To Aiea Me Adin 


Se beth dial 
ae a 





Fig. 1—Indenting Mechanism of Microhardness Tester. 


tion, a complete cycle, in 2 minutes. The load is applied for 30 
seconds, which from experience seems to be ample. 

Mounted on the same shaft as the operating cam are two other 
cams, one of which (C2) operates the automatic feed mechanism 
of the stage, the other (C3) operates the stop switch (S2). The 
feed cam (C2) has a fixed rise equal in proportion to the maximum 
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spacing of the indentations, the desired spacing being achieved by a 
rack adjustment (N, Fig. 2) on the stage; this is fully described 
in the next section. Cam (C3) has a knife-edge contact which mo- 
mentarily closes the normally open microswitch (S2), thus control- 
ling the stopping point of the cycle. The cam shaft is driven 
through a flexible coupling by a synchronous motor (M). 

Mechanical Stage—The stage, illustrated in Fig. 2, is fitted with 
compound slides mutually at right angles, each with a total travel of 
1 inch transversely and 2 inches longitudinally, permitting an area 
of approximately 2 square inches to be explored and tested. Each 
slide has a scale and index to facilitate returning it to a previously 
selected position; the drums of the adjusting screws are graduated 
to displacements of 0.001 inch, and provision is made for automatic 
takeup of any blacklash which may develop through wear. On the 
upper slide is mounted a slotted plate against the undersurface of 
which the specimen is held by mearis of an elevating screw clamp; 
this surface is so placed that the axis of the penetrator is normal to 
the plane of the specimen when the two are in contact. 

Hardness traverses may be made either by manual operation 
of the stage screws or by means of an automatic feature incorporated 
in the stage. This mechanism for automatic spacing of the indenta- 
tions, mounted on the right side of the stage, consists of a rack (R, 
Fig. 2) sliding in a guide and operating gearing which in turn moves 
the upper slide a predetermined distance in the longitudinal direction ; 
a ratchet and clutch arrangement allows motion in only one direction, 
and provision is made to move the gearing out of mesh with the 
slide screw, thus permitting manual operation. An adjustment nut 
(N, Fig. 2) on the front end of the rack sets the spacing between 
the feed lever (L3, Fig. 1) and the back end of the rack, which in 
turn sets the distance between indentations. This spacing can be 
adjusted over a range of 0.0005 to 0.010 inch, a scale and index 
being provided to indicate the setting. This automatic feature is 
advantageous when making traverses since the operator is free to 
perform other duties. 


The complete stage assembly is carried in a runway for transfer 
between penetrator and microscope; this movement is achieved by 
an endless chain and crank, the crank being counterweighted to pro- 
vide constant pressure between stage and gage stop. This arrange- 
ment allows an indentation to be made in a pre-selected field of the 
specimen; with careful operation an indentation coincides with a 
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Fig. 2—-Stage, Microscope and Contrel Box of Microhardness Tester. 
I 


selected area within about 5 microns, as illustrated by impression 
10 in Fig. lla. 


Microscope—The microscope equipment, shown in Fig. 2, is 


designed both for metallographic examination of a specimen and 
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for measurement of the length of each diagonal of an impression. 
Metallographic examination is usually made in a range of magnifi- 
cation of & 150 to 1400, whereas the impression is measured at 
a magnification in the range -of 500 to & 1400, depending on its 
size. The ocular micrometer device. for measuring an impression is 
in principle the same as that employed on the standard Vickers 
tester ; briefly it consists of two opaque shutters, viewed through a 
Ramsden-type, 12.5 eyepiece, which are brought to coincidence 
with the ends of the diagonal of the impression by means of a screw 
mechanism geared to a counter calibrated in microns against a ruled 
grating of 15,260 lines per inch. Depending on the objective lens 
employed, the equivalent of one ocular unit ranges from 0.0407 to 
0.113 microns. 

Control Box—The -control box, visible in Fig. 2, houses the 
automatic spacing mechanism and the ratchet relay for controlling 
the cycle; on the front panel are the various switches for starting 
(not visible in photograph), for selecting automatic or manual con- 
trol (S1), and for the microscope lamp. 

The cycle begins when the start switch is depressed, thus en- 
ergizing the ratchet relay; it is completed when the relay is again 
energized by the microswitch S2 operated by the cam C3 (Fig. 1). 

The mechanism for controlling the number of indentations in 
a traverse comprises a synchonous motor operating a screw and 
nut; a magnetic clutch connects motor and screw at the start of the 
indentation cycle. The number of indentations is selected by turning 
a thumb wheel (W, Fig. 2) which moves a travelling nut along the 
screw ; a scale and index indicate the number of indentations selected. 
The machine, when started, will continue to operate until the index 
returns to its zero position; the travelling nut then closes a micro- 
switch in series with the switch S2 (Fig. 1) thereby allowing the 
relay to be energized and stopping the machine. 


COMPARISON OF HARDNESS MEASUREMENTS MaApE WITH 
MICROTESTER AND VICKERS TESTER 


Accuracy of Measurement—Each load of the microtester was 





weighed at the diamond point with an electric strain gage and is 
accurate to +0.3%. 

Repeated measurements of a diagonal of an impression by means 
of the ocular micrometer of the microtester were made by two ob- 





1948 NEW MICROHARDNESS TESTER 961 


servers; the average deviation from the mean of the measurements 
of a single observer, or from that of two observers, is not greater 
than +0.1 micron, as shown in Table II. Thus, the error is less 
than 1% for a length greater than 10 microns; for shorter lengths 


Reproducibility of Measurement of Impression With Ocular 
Micrometer of the Microtester 


ee  —, 








Deviation From Deviation From Mean of 

-— Length of Diagonal——, Observer’s Mean All Measurements (9.38) 
Ocular Units Microns (Micron) (Micron) 
-~Observer—, -~Observer—, --Observer— -~Observer— 

A B A B A B 

83 83 9.38 9.38 —0.04 +0.04 0 0 

83 83 9.38 9.38 —0.04 -+0.04 0 0 

84 83 9.49 9.38 +0.07 +-0.04 +0.11 0 

84 8&4 9.49 9.49 +0.07 +0.15 +0.11 +0.11 

85 81 9.60 9.15 +0.18 —0.19 +0.22 —0.23 

83 83 9.38 9.38 —0.04 +0.04 0 0 

83 83 9.38 9.38 —0.04 +0.04 0 0 

83 81 9.38 9.15 — 0.04 —0.19 0 —).23 

83 82 9.38 9.23 —0.04 —0.11 0 —0.15 

83 84 9.38 9.49 — 0.04 +0.15 0 +0.11 

AVERAGE 9.42 9.34 0.06 0.10 0.04 0.08 











it increases rapidly, as shown in Fig. 3a. The corresponding devia- 
tion for the standard tester is +1.0 micron, or a measuring error of 
1% or less for lengths greater than 100 microns. It is important 
that this error be kept as low as possible since it results in approxi- 
mately twice the percentage error in DPH number as computed by 
the standard formula* as follows: 


Error in Measurement Error in DPH 
of Length of Diagonal (% ) (%) 
+0.5 —1.0 
—0.5 +1.1 
+1.0 —1.9 
—1.0 +2.0 
+3.0 —5.6 
—3.0 +6.3 
+5.0 —9,3 
—5.0 +10.8 


The significance of this is illustrated in Fig. 3b which shows how 
the reading error affects the computed hardness number as hardness 
increases, the effect being so great that a measuring error of 3% 
limits differentiation between hardness levels to a minimum of about 


50 DPH units at a hardness of 900 DPH. 


*DPH 1.8544 * L Where: DPH = Diamond Pyramid Hardness Number 


: L = Load in Kilograms 
d d = Length (mm) of Diagonal of Impression 








962 TRANSACTIONS OF THE A. S. M. Vol. 40 


(a) 


Vickers Tester Measuring Error 


bine 


Oo 40 80 120 160 200 240 280 
Length of Diagonal, Microns 





Reading Error, % 


o © O 
oOo °0 


Spread in Hardness Number, DPH Units 





0 200 400 600 800 1000 
Hardness Level, DPH 


Fig. 3a—Percentage Error at Different Lengths Intro- 
duc by a Measuring Error of +0.1 Micron and +1.0 
Micron With the Microtester and Standard Vickers Tester 
Respectively. 


Fig. 3b—Relationship Between Spread of DPH Number 
and Magnitude of Percentage Reading Error in Measure 
ment of the Length of the Diagonal of the Impression. 


Study of Penetrator Tip—Hardness measurements have been 
made using two different penetrators in the microtester. The origi- 
nal penetrator, which will be called number 1, was at first believed 
satisfactory,/ but in subsequent tests at high hardness levels, with 
consequent shallow indentations, it became evident from the shape 
of the impressions that the region near the tip of the penetrator de- 
viated from the prescribed geometry. Since this discrepancy was 
believed to have influenced the results to a considerable degree, a 
second penetrator, which will be called number 2, was installed. 

Goniometer measurements of the interfacial angles of eacli 
penetrator, listed in Table III, show that there is less deviation from 
the specified angles with the second than with the first penetrator, 
though the impressions resulting from either should have reasonably 
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Table Ill 
Measurements of Interfacial Angles of First Penetrator (1) and Second 
Penetrator (2) for Microhardness Testing 





Faces* ——————Angle Between Faces——————__, -~Deviation From Specified Size—, 

of Specified Penetrator Penetrator Penetrator Penetrator 
Angle Size 2 1 2 

a-d 136° 0’ 134° 25.2’ 135° 21.5’ 1° 34.8’ 0° 38.5’ 

b-c 136 0 134 34.8 135 33.3 1 25.2 0 26.7 

a-b 149 16.8 148 17.6 148 50.4 0 59.2 0 26.4 

b-d 149 16.8 148 10.5 149 0.1 1 6.3 0 16,7 

c-d 149 16.8 148 19.4 148 40.5 0 57.4 0 36.3 

a-c 149 16.8 148 14.8 149 8.7 1 2.0 0 8.1 


. Ke [a7 Plan view of faces of penetrator as mounted. 


Note: Measurements were made with a Fuess goniometer illumined by a sodium vapor 
arc lamp. Each angle was turned six times. 


square corners. The nature of the deviation in the first penetrator 
is illustrated by the fact that a shallow impression is oblong instead 
of square and shows evidence that the tip is wedge shaped, that is, 
the intersection of the pyramid faces forms a line instead of a point, 
as shown in Figs. 11b, 12b and 13a. The length of this wedge tip 
as measured on photomicrographs of several impressions appears to 
be constant regardless of size of impression, and is of the order of 
one micron, This does not become evident until the impression is 
of such a size that the length of the diagonal is 10 microns or less. 
The second penetrator produces a more nearly square impression, 
but its tip is also wedge-shaped, the length of the wedge being 
about one-third that of the first penetrator. 

In view of the goniometer measurements and the observations 
of the impressions, the schematic drawing of Fig. 4 represents the 
condition near the tip of the penetrator which is believed to be 
responsible for the oblédng shape and wedge effect observed with 
small impressions. Since the length of the side of an impression can 
be measured, angle alpha of Fig. 4 can be determined by the tangent 
function, and if it is assumed that the dihedral angle included be-- 
tween opposite faces of the pyramid is the same at the tip of the 
penetrator as that measured over the larger portion with the goni- 
ometer (Table III, opposite faces a-d and b-c), the linear dimensions 
of the pyramidal wedge having a base with a diagonal 10 microns 
in length can be computed. In such a manner it has been calculated 
that the vertical distance, GO, from the tip of the penetrator to the 
plane at which an oblong impression is first observed is one to two 
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microns. In a similar manner the lateral area (total of areas AEFD, 
DFC, CFEB and BEA, Fig. 4) can be obtained in terms of the 
length of the diagonal, the angle alpha, and the angle between oppo- 
site faces. Accordingly, for a given diagonal length, the lateral area 
is about 3% less for penetrator 1 than for a penetrator meeting 
specifications. 

At a point so near the tip of the penetrator, deviations in geom- 
etry are not surprising, but it is not known to what degree they 
can be controlled. An examination of the literature on microhard- 


© ° 
< 
AD>DC 
BOD = AOC = diagonal of 
impression 
EF = length of wedge 
= about 1 micron. 
OG = distance from tip to plane of 
first appearance 
of oblong impression 
2 > = 1 to 2 microns. 


Fig. 4—Schemat- 
ic Representation of 
Region Near Tip of 
Penetrator Number 1. 


Table IV 
Examples of Measurements of Impressions* With Ocular Micrometer of Microtester 


c——Length of Diagonal in Ocular Units for Indicated Load——, 
5 


Impression 100** 
Number Grams Grams Grams Grams Grams 

1 185 120 92 166 128 

2 192 119 88 167 134 

3 191 120 100 161 142 

4 183 117 91 180 133 

5 190 117 89 161 123 

6 187 117 91 187 134 

7 190 116 87 160 133 

8 187 118 93 166 128 

9 192 120 92 184 121 

10 190 118 94 171 131 

11 188 119 92 156 138 

12 191 117 90 175 130 

13 190 121 90 185 140 

14 193 114 90 191 131 

15 188 120 91 182 139 

16 186 113 94 181 137 

17 187 118 90 175 128 

18 188 124 86 181 133 

19 189 118 94 187 137 

20 186 90 156 135 
Average 189 118 91 174 133 
Microns 16.6 11.6 9.0 7.2 5.5 





Notes: *Impressions on etched surface of specimen B 
One ocular unit—0.0876 micron 
tOne ocular unit—0.0988 micron 
tOne ocular unit—0.0416 micron 
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ness testing with a 136-degree diamond pyramid penetrator discloses 
two publications, Bernhardt (2) and Steinitz (3), which contain 
photomicrographs? of impressions with a length of diagonal of 10 
microns or less. The penetrator used by Steinitz appears to be 
wedge-shaped and oblong near the tip to about the same degree as 
the number 2 penetrator, whereas that used by Bernhardt appears 
nearly perfect. 

Hardness Tests With Penetrator Number 1—Hardness meas- 
urements were made with the number 1 penetrator on four speci- 
mens, A, B, C, and D, each of a different hardness, Table VI, in a 
range of 225 to 900 DPH as measured on a standard Vickers tester. 
Each specimen, having its test surface transverse to the rolling direc- 
tion, was from the same bar of steel of the following composition : 


0.74% C; 0.42% Mn; 0.018% P; 0.031% S; 0.21% Si; 0.10% Cr 


The various hardness levels were achieved by austenitizing disks 
0.875 inch in diameter and 0.125 inch thick for 15 minutes at 
1500 °F, quenching in brine and tempering for 1 hour in a liquid 
medium at the indicated temperature as follows: 


Tempering 


--Temperature—@ 
Specimen °F "a 
212 100 
B 500 260 
C 900 480 
D 1300 705 


All coarse: abrasive grinding necessary to remove any decar- 
burized surface resulting from austenitizing was completed through 
the 100-grit stage before the tempering treatment. In this way, 
coarse grinding effects, which might extend well below the test sur- 
face, were avoided. After tempering, polishing was commenced at 
the wet lead-lap stage which was followed by repeated alternate 
polishing with levigated alumina and etching with saturated picral 
until no disturbed metal was visible by microscopic examination. The 
final etched surface was removed for measurements in the unetched 
condition ; subsequently a light etch with saturated picral provided 
a test surface in the etched condition. 

Table IV illustrates typical measurements made with the micro- 
tester on one specimen. These and similar measurements on other 
specimens were used to compile the summary Tables V and VI in 


“Ref. 2, Figs. 8, 10, 12 and 13; Ref. 3, Figs. 8 and 9. 
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which are listed measurements made on etched surfaces with a 
standard Vickers tester and with the microtester using number | 
penetrator. Tables VII and VIII summarize similar data for un- 
etched surfaces tested with the microtester using number 1 pene- 
trator. With each load, the average length of the diagonals of 17 to 
20 impressions, Tables V and VII, is considered representative of 
the length which would be obtained if the material were uniform. 
Although each specimen is of unusually uniform microstructure, as 
judged by microscopic examination, the spread in measured hardness 
derived from the small impressions of the microtester is many times 
greater than in that derived from the larger impressions of the 
standard tester. Since the standard deviation of the length of the 
diagonals of several impressions with the microtester is two to four 
times the reading error, it is believed that this spread is real and 
suggests inherent microscopic heterogeneity of the material which 
cannot be detected by metallographic examination. 

It should be noted that the hardness numbers listed in Tables 
Vi and VIII are computed with the multiplying factor (k = 1.8544) 
of the standard DPH formula: 


load a k (load ) 


Hardness Number = ; 
°» area d 


Where d = length of diagonal 

k = 1.9050 for Penetrator No. 1 
¢ = 1.8544 for standard DPH 
The use of a k factor as derived from the presumed geometry of 
the number 1 penetrator (geometry as shown in Fig. 4) would 
increase the hardness number by about 3%, but such a correction 
would not account for the large decrease in hardness number at 
loads of less than 50 grams. 

Tests With Penetrators 1 and 2 on the Same Material—Micro- 
hardness measurements were made with each penetrator on a me- 
tallographically polished and etched Rockwell C-62 standard block. 
The results of these tests are listed in Table IX; this table also shows 
results of tests on the same block with a third penetrator (penetrator 
3) in another microtester of similar design. Although these tests are 
regarded as only preliminary, they are useful in understanding the 
influence of the geometry at the tip of the penetrator on test results 
obtained. 





Discussion of Results—Microhardness tests on unetched and 
etched surfaces indicate that the measured hardness on an unetched 
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Table VIi 
Lengths of the Diagonals of Impressions on Unetched Surfaces 
















Vickers 

Test Tester ——————-Microtester With Penetrator Number 1—————_, 
Load —> 10 Kg. 100 Grams 50 Grams 25 Grams 10 Grams 5 Grams 
Length of Length of Length of Length of Length of Length of 
Diagonal Diagonal Diagonal Diagonal Diagonal Diagonal 
(Microns) (Microns) (Microns) (Microns) (Microns) (Microns) 
Specimen Range Avg. o* Avg. oo Avg. o Avg. o Avg. o Avg. 
A =] 145 04 141 0.2 105 0.7 89 O04 64 0.2. 49 

(10)** (20) (20) (18) (20) (17) 













B 





+1.5 165 0.2 16.5 0.4 12.7 i ee 0.4 7.7 0.3 6.7 


~ (10) (20) (20) (19) (20) (20) 
Cc +1.5 216 O03 218 -02 163 © 02.127 03 103 03 9.0 
(10) (20) (20) (20) (20) (20) 
D +1 285 0.4 28.4 0.3 21.2 0.4 163 04 130 0 






oa “ a oe 
(10) (20) (20) (20) (20) (20) 
*Standard Deviation 

**Number of Impressions 
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© 903 DPH Level 
4 673 “ . 
30 e 396 “ ‘ 
A 224 “ " ° 
Tests with No.|! 
Penetrator 


mM 
oO 


4 
673-903 DPH Levels 


3 


Decrease in Hardness Number, % 


224-396 DPH Levels 










100 





80 60 40 


Test Load, Grams 


20 0 


Fig. 5—The Percentage Decreasé¢ in Measured 
Hardness on an Unetched Surface With Respect to 
the Measured Hardness on an Etched Surface for 
Different Test Loads. 





surface is less than that on an etched surface for loads of 50 grams 
or less, and the magnitude of the effect of an unetched surface in- 
creases with decreasing load and is greater at the higher hardness 
levels, 675 and 900 DPH, than at the lower levels, 225 and 400 DPH. 
This is shown in Fig. 5 which shows that the measured hardness on 
an unetched surface is 10 to 30% less at the high hardness levels 
(675-900 DPH) and 5-15% less at the low levels (225-400 DPH), 
the decrease in measured hardness becoming greater as the test 
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load is reduced. This effect at light loads is possibly attributable to 
the presence on the unetched surface of a layer of disturbed metal 
which is removed by etching; such a layer may well be richer in fer- 
rite and poorer in carbide than the underlying metal, hence softer 
than the underlying tempered martensite structure. Moreover, it 
would be a greater proportion of the penetrated depth, and possibly 
cause a greater difference in measured hardness, the greater the 
hardness of the underlying structure. For this reason microhardness 
measurements on an etched surface are believed to be more reliable 
than those on an unetched surface. 

The measurements obtained have been analyzed in two ways 
in order to show the effect of the discrepancy at the tip of the pene- 
trator on the relationship between the load and length of the diagonal 
of the impression as well as on the computed hardness number. 
Smith and Sandland (4), in their original work with a 136-degree, 
square-based pyramid, showed by a series of tests on material having 
a hardness of about 250 DPH that the DPH number is independent 
of load for loads in the range of 10 to 100 kilograms. Experience 
with this test on ferrous snaterials shows this to be generally valid 
for these heavy loads. From this arises the assumption that for a 
given hardness the lateral area of the impression is proportional to 
the load, and it follows directly, since the penetrator is a square-base 
pyramid, that the square of the diagonal of the impression (d?) is 
proportional to the load (L); that is d?=—kL. This relationship is 
stated more specifically for a 136-degree pyramid in the formula for 
calculating the DPH number. 

1.8544 x L 


DPH . 
d 


The relation should be true at lighter loads provided : 

1. That the diamond penetrator has the specified shape at its 
tip, so that a shallow impression made with a light load is similar in 
shape to that made with a heavy load. 

2. That work hardening effects during deformation are rela- 
tively comparable to those at heavier loads. 

3. That elastic recovery does not significantly alter the dimen- 
sions of the impression after removal of the penetrator. 

From the relation d? == kL, it follows that 2 log d=log L + 
const., which indicates that if the above provisions are met, a 
plot of log d against log L should be a straight line with a slope 
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vf 2. This test has been applied to the data obtained with: (a) 
the number 1 penetrator on etched surfaces of specimens A, B, C 
and D, Table V, as shown in Fig. 6; (b) penetraters 1 and 2 and 
a third penetrator in a similar tester on a Rockwell C-62 block, 
Table IX, as shown in Fig. 7, and (c) penetrator number 1 on 


Specimen-ABCD 


est Load in Kilograms (Log Scale) 





0.003 0.0! 0.10 1.0 
Length of Diagonal, Millimeters (Log Scale) 
6—Relationship Between Test Load and Length of 


Fig. 
Diagonal of Impression in DPH Tests. (All tests on etched 
surfaces, microhardness tests with penetrator number 1.) 





unetched surfaces of specimens A, B, C and D, Table VII, in con- 
junction with data at comparable hardness levels on unetched sur- 
faces reported by Bernhardt (2) for quenched and tempered 0.90% 
C steel, Table X, as shown in Fig. 8. 

Fig. 6 shows that there ,is a marked deviation from a straight 
line with a slope of 2 at loads of less than 50 grams. Although this 
deviation may not seem of great magnitude on the log-log plot, it is 
reflected as a considerable discrepancy in the relationship between 
test load and computed hardness, as shown in Fig. 9. Fig. 6 also 
indicates that, for each hardness level tested, the hardness number 
is independent of load in the range of loads from 50 grams to 30 
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kilograms ; consequently, the average of the DPH numbers deter- 
mined with this range of loads is considered to be the constant hard- 
ness if experimental errors introduced in measurement and by non- 
uniformity of the specimen could be entirely eliminated. 

In Fig. 7 it can be seen that tests with penetrator number 2 


x 
30.0 Vickers 
; Tester 


10.0 


—x— Standard Vickers 
—a-—No.! Penetrator 
monte No.2 “ 


O. | <a No.3 . 


Microhardness 
Tester 


Test Load in Kilograms (Log Scale) 





0.00! 0.01 0.10 1.0 
Length of Diagonal, Millimeters (Log Scale) 


Fig. 7—Relationship Between Test Load and Length of 
Diagonal of Impression for Three Microhardness Penetrators 
of Different Geometry. (All tests on etched surface of Re 
62 Standard block.) 
show considerable improvement over those with the first penetrator 
in conforming to the relationship between load and length of diag- 
onal; that is, the log-log line with a slope of 2 extends to a lower 
load before deviation, in the case of the second penetrator. Thus, 
as the tip of.the penetrator approaches more nearly a point (pene- 
trator 2) the relation between log L and log d having a slope of 2 
extends to lower loads with a consequent extension of the load range 
in which the DPH is independent of the load. 
This trend is confirmed by measurements on the same block 
made with an apparatus substantially the same as the one described 
here except that the rate of loading is much slower. The diamond 
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penetrator (penetrator No. 3) in this tester appears to be much 
closer to the specified shape at the tip than either of our penetrators, 
No. 1 or No. 2. These measurements show that with this indenter 
the linear relation in Fig. 7 holds down to a load of about 10 grams 
below which some deviation is observed. 

In Fig. 8, the same trend noted in Fig. 7 is observed at the 
three higher hardness levels, aA, bB, cC, by comparing curves ob- 





0.116 
0.100 


0.050 
0.025 










x Vickers Tests 
Microhardness Tests 


Penetrotor No-! Bernhardt Dato 2) 
A-933DPH*~°-- 6-960DPH**-#— 
B-68! “ --o-- b-672 " —e- 
iv tr * 9300.24 6° =e 
0-230 * ~.4-- 4-202 ° —4- 
* DPH with load of 100 grams 
=e # " “" “ 116 " 






Test Load in Kilograms (Log Scale) 





















0.10 10 
Length of Diagonal, Millimeters (Log Scale) 


Fig. 8—Relationship Between Test Load and Length of 
Diagonal of Impression in DPH Test for Two Microhardness 
pemratere of Different Geometry. (Tests on wnetched sur- 
aces.) 





tained from measurements with the number 1 penetrator (most ob- 
long impression) with those obtained from the Bernhardt (2) data 
(square impression and penetrator come practically to a point) ; 
that is, again the more nearly pointed indenter has extended the. log 
L-log d relationship to lower loads. It will be noted that the 
curve (d) at the low hardness level for the Bernhardt data has a 
slope less than 2, but it is still a straight line, whereas the corre- 
sponding curve D for penetrator number 1 is tending to be a straight 


line with a slope of 2 in the range of 50 to 100 grams. An explana- 
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tion of this discrepancy, in the otherwise good agreement between 
the two groups of tests, is not now evident. 

In view of these trends, the apparent decrease in DPH number 
at loads less than 50 grams, as illustrated in Fig. 9, is believed to be 
due largely to deviation of the shape of the tip from that specified. 






1000 ’ 
{ Specimen A 
800 ¢ 
? 
700 Specimen B 
5 600 2 
E é 
2 500 ¢ 
x 
a Specimen C 
© 400 /\ am: ‘one 
300 +4 a ¢ 
Specimen D 
, Serene NRE er cee Ace 
200 a 
2 
100 > 


50 100 10 20 30 


5 10 25 
| Microtester Load, Grams | | Load, Kg | 
Vickers Tester 
Fig. 9--DPH Measured Under Different Loads on Mi- 
crotester and Standard Vickers Tester. (Load is plotted on 
log scale to gain convenient separation of points.- All tests 


on etched surfaces. Microhardness tests with penetrator 
number 1.) 


Since the magnitude of this decrease depends upon the precise con- 
figuration of the tip and since it appears difficult to obtain an indenter 
which does not depart significantly from the specified shape, meas- 
urements made at very low load should be interpreted and used only 
with caution. The shape of the indenter and its effect on the ap- 
parent DPH number must be determined for each indenter before 
results obtained with it can be trusted for anything beyond qualita- 
tive comparison. 

Another factor which may influence the slope of the curve in 
Fig. 9 at very low load is the possibility that the altered shape of 
the tip has changed the test in such a way that the work hardening 
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characteristics of the material under test affect the resistance to 
penetration in varying amount, that is, the higher the so-called work 
hardening capacity the greater will be the strain hardening with 
increasing loads in tests involving only the region of the penetrator 
near*the tip. This possibility is suggested by Heyer’s observation 
(5) that the DPH of a material of high work hardening capacity 
[capacity determined by Meyer “n” analysis (6)] was greater than 
that with a low capacity, even though both were of the same Brinell 
hardness as computed from impressions having a ratio of diameter 
of impression to diameter of ball equal to 0.1. The significance of 
this is that very little work hardening enters into the Brinell number 
measured with such a shallow impression, but the larger indentation 
of the DPH test induced considerably more strain hardening in the 
material of higher work hardening capacity. Meyer “n” values, as 
determined with a 2-millimeter steel ball and loads of 20, 40 and 60 
kilograms for specimens C and D are 2.33 and 2.15 respectively (the 
greater the “n” value the greater the work hardening capacity) ; 
specimens A and B are too hard for reliable testing with a steel ball. 
It can be seen in Fig. 9 that, as the testing load is increased from 
5 to 50 grams, the hardness number of specimen C, which has the 
higher measured work hardening capacity, increases a greater amount 


numerically, and its proportional increase in hardness is also greater, 
as follows: 


Increase in DPH 
With Increase of Load 
Specimen Meyer “n” From 5 to 50 Grams, % 
C 2.33 190 
D 2.15 165 


The size of the impression at which the first observed decrease 
in hardness occurs is not the same at different hardness levels so 
far tested. ‘This is illustrated in Fig. 10 in which is plotted the 
length of the diagonal of the impression, which is a measure of the 
size of the impression, and the corresponding percentage decrease in 
hardness observed in tests with loads of less than 50 grams. The 
hardness number resulting from averaging the DPH numbers ob- 
tained with loads of 50 grams to 30 kilograms is taken as the base 
for computing the percentage decrease; this average DPH number 
will be recognized as the constant hardness number discussed on 
page 972 in connection with Fig. 6. Fig. 10 shows that the length 
of the diagonal at which the initial decrease in hardness occurs is 
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greatest at the low hardness level, 20 to 22 microns at 224 DPH; 
this threshold or critical length decreases as the hardness level in- 
creases, and is least at the high hardness level 8 to 10 microns at 
903 DPH. It can also be seen that, for a given load, the percentage 
decrease in the hardness number tends to be a maximum at the 396 


" 5g Load, No.l Penetrator 
60 
ae 
+ 50 10g Load, No.! Penetrator 
O 
e 40 
@ 
5 ™ 25g Load, 
S 20 No.! Penetrator 
a 


50g Load, 
—*<~, No. Penetrator 


oo. 


Legend 


Avg. DPH of Symbol Penetrator 
Specimen 0.05 to 30 Kg Tests Number 
A 903 a Oe I 
“™673 —— x—— 


B 1 
Cc 396 —o— | 
D 224 —A— ! 
Re 62 Block 837 —~— | 
fe 810 “--@-- 2 


—e-—-—x——0o-—--—4-— Line of Constant Load 





2 6 10 14 Is 22 26 30 


Length of Diagonal, Microns 

Fig. 10—Percentage Decrease From Constant Hard- 
ness Number With Change in Size of Impression (Length 
of Diagonal), and the Difference in the Decrease at Differ. 


ent Hardness Levels When the Test Load Is Constant 
(Tests on etched surfaces.) 


DPH level and decreases as either higher or lower levels are tested, 
being the least at the high level of 903 DPH. This may indicate 
that at some hardness level above 903 DPH, and at another level 
below 224 DPH, the hardness number measured with loads of less 
than 50 grams may be in reasonably good agreement with that 
measured with a load of 50 grams or more, though it should be re- 
membered that this estimate is based only on an extrapolation of 
trends. The data obtained with penetrators 1 and 2 on the Rockwell 
C-62 block are also shown in Fig. 10, and it is evident that the tests 
with the geometrically better penetrator, 2, have reduced the decrease 
from constant hardness by one-third to one-half. 
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Fig. 11—-Mictohardness Tests on Iron Carbide With Penetrator Number 1. 
Picral etch. (a) Tests on three carbide particles. Test load and DPH number are 
listed in margin opposite each impression. DPH numbers are corrected on basis of 
correlation between microtester and Vickers tester for tempered martensite structure. 
< 500. (b) Rupturing of carbide at edge of impressions 3 and 4, 25-gram load; 
no rupturing with 10-gram load, impressions 5, 6 and 7. X 1500. 


Applications of Microtester—Figs. 11, 12 and 13 illustrate some 
applications of the microhardness tester. The microhardness num- 
bers are approximate conversions to standard DPH numbers derived 
from experimentally determined correlations between the micro- 
tester and the standard Vickers tester ; consequently, they may not be 
true DPH numbers but are believed to be a close approximation. 

An investigation of the hardness of iron carbide present in 
hydrogen-treated pure iron after gas carburizing yielded the follow- 
ing observations : 

1. As shown in Fig. 11b, rupturing of the carbide occurs with 
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Fig.‘ 12—Effects of Penetration Approximately 2 Microns 
Below Test Surface for Tests Shown in Fig. lla and b. Picral 
etch. (a) Bulge effect at boundary of carbide and adjacent to 
impressions 1, 3, 4 and 8 suggests plastic deformation of carbide 
occurred during test. > 500. (b) Rupturing of carbide with 
25-gram load. X 1500. 


a 25-gram load (impressions 3 and 4) but not with a 10- 
gram load (impressions 5, 6 and 7). 

2. At a depth® approximately 2 microns below the test sur- 
face, as shown in Fig. 12a and b, the 10-gram impressions 
have been removed except for traces of impressions 7 and 
8; the elongated carbide is displaced to the right with rela- 
tion to the impressions, as can be seen by comparison of 
the position of the center of impression 2 with respect to 
the edge of the carbide in Figs. lla and 12a. Rupturing 
is still present around the 25-gram impressions 1, 2, 3 and 


®*Three standard Vickers impressions, having diagonals of the order of 170 microns, 
were measured before and after removal of the surface metal. Since the depth of the 
impression is proportional to the length of the diagonal, the depth can be computed before 


and after removal of surface metal and the difference in depths is the thickness of metal 
removed. 
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DPH OF MIXTURE OF 
AUSTENITE AND 
MARTENSITE 





2) 
DPH OF AUSTENITE 





Fig. 13—Microhardness Tests With 10-Gram Load and Penetrator Number 1 


on Constituents of Microstructures. (a) Picral etch, conical illumination. Tem 
pered martensite, row 1; martensite adjacent to fracture, row 2; unknown consfitu- 
ent on surface of fracture, row 3. % 1000. (b) Electrolytic 10% chromic acid 


etch. Austenite matrix and mixture of austenite and constituent suspected of being 
martensite in austenitic weld metal. > 500. Note: DPH numbers are corrected on 
basis of correlation between microtester and Vickers tester for tempered martensite 
structures and are only approximate. 


4; furthermore, the elongated carbide now exhibits an 
unexpected edge contour in the form of bulges adjacent 
to impressions 1, 3,4 and 8. If this were the original con- 
tour of the edge of the carbide at this level, placing the 
impressions at the bulges is an unusual coincidence ; there- 
fore, it seems more probable that penetration caused plas- 
tic deformation of the carbide adjacent to the impressions. 
3. Owing to rupturing and probable deformation of the car- 
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bide around impressions 1, 2, 3, 4 and 8, and the prob- 
ability that the bulk of impression 7 is too near the edge 
of the carbide because of the slope of the carbide with re- 
spect to the plane of penetration, hardness numbers from 
these impressions are questionable. The acceptable im- 
pressions, 5, 6, 9 and 10, indicate that the DPH number 
of the iron carbide of this specimen is 800 to 960; Brodie 
(7) reports a Knoop hardness of around 900 for iron 
carbides. 
Fig. 13a illustrates the results obtained in measuring hardness 
of three different structures contained in a narrow zone along a 
fracture, and Fig. 13b shows the results of a comparison of the 
hardness of austenite and a constituent suspected of being mar- 
tensite ; the higher hardness in the latter region tends to confirm the 
presence of martensite although the individual areas of the unknown 
structure are too small to be individually tested. 


CONCLUSIONS 


A microhardness tester designed to use a 136-degree square- 
base diamond penetrator (DPH scale of hardness) has been de- 
scribed. Microhardness measurements with loads of 5 to 100 grams 
and with two different penetrators have been presented and compared 
with standard Vickers measurements at 10 and 30 kilograms for a 
0.74% carbon steel heat treated to four different hardness levels, 
each level being associated with a tempered martensite structure; 
microhardness measurements have been compared with those made 
with another penetrator in a similar tester. A comparison has been 
made with microhardness measurements reported in the literature 
for 0.90% carbon steel in the quenched and tempered condition. The 
results of the various tests lead to the following conclusions with 
respect to tempered martensite structures in the range of 225-900 
DPH: 

1. With test loads of 50 grams and less, unetched test sur- 
faces yield lower hardness numbers than etched surfaces, 
the discrepancy being greater at the higher hardness levels 
(675-900 DPH) than at lower levels (225-400 DPH) ; 
this effect is attributed to the possible presence on the un- 
etched surface of a layer of disturbed metal, probably 

richer in ferrite and poorer in carbide than the underlying 
tempered martensite structure. 

Over a region within approximately 1 to 2 microns from 
the tip of the penetrator, deviations from the prescribed 
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geometry (square-base pyramid, 136-degree angle between 
opposite faces) result in a decreasing hardness number 
with decreasing load at loads of less than 50 grams. The 
discrepancy in~ geometry results in oblong impressions 
showing evidence of a wedge tip, of the order of | 
micron in length, instead of a point. As this discrepancy 
is reduced there is less decrease in hardness and it starts 
at a lower load. 

3. The effect of the wedge tip may be that it enhances the 
influence of work hardening properties during penetration 
with consequent measurable differences in resistance to 
penetration. 

4. The decrease in hardness number is less as the hardness 

level is lowered, but the percentage error in hardness 

number is greatest at the low level and least at the high. 

In the range of loads from 50 grams to 30 kilograms, the 

hardness number is independent of load, but at loads of 

less than 50 grams the effect of the shape of the pene- 
trator on the apparent DPH number must be determined 
before test results can be more than qualitative. 


ys 
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METALLOGRAPHY OF HOT-DIPPED 
GALVANIZED COATINGS 


By D. H. RowLanp 


Abstract 


A new metallographic etching reagent for galvanised 
coatings has been developed. Through use of this re- 
agent, it is demonstrated that the “alloy layer’ of gal- 
vanized coatings, both experimental and commercial, 
contains all of the phases shown by the Schramm tron- 
sinc constitution diagram at the temperature level of com- 
mercial coating practice. Thickness measurements, and 
microhardness values of the various phases are presented. 
‘Alloy layer” structures of coatings made from aluminum- 
bearing spelter are discussed. 


OTWITHSTANDING the antiquity of the galvanizing in- 

dustry, progress.in the metallography of hot-dipped zinc 
coatings on steel has been very slow indeed. Considering the marked 
improvements which have been made in metallographic equipment 
in the last two decades, one may well inquire as to the reason why 
the majority of the photomicrographs of these coatings shown in the 
literature are so poor in quality, so lacking in the excellent detail 
which has characterized photomicrographs in other fields of physical 
metallurgy. The question is easy to answer: As of today, the prep- 
aration of cross sections of galvanized coatings for metallographic 
examination is largely an art. 

Zinc is so strongly anodic to the steel base that the polishing 
and etching of galvanized coatings require not only an experienced 
metallographer, but one with ingenuity and a great deal of patience. 
Inasmuch as zine coatings are relatively thick, and distilled water 
stains and darkens the polished cross section, special precautions 
must be observed throughout the mounting, polishing, etching, and 
washing procedures. 

The discovery of an etching reagent which will attack the steel 


A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, D. H. Rowland, 
is research associate, Carnegie-Illinois Steel Corp. Research Laboratory, Pitts- 
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base and not the coating will certainly be welcomed with a great 
deal of enthusiasm, because the metallographer’s ability to maintain 
an optically flat surface during the polishing of coatings on steel is 
largely dependent on his ability to etch preferentially the steel base, 
thus avoiding excessive rounding of the coating. Until such a re- 
agent is announced, the polishing of cross sections of galvanized 
coatings will continue to be difficult and time-consuming. 


DupLex NATURE oF Hot-Di1pprpep CoATINGsS ON STEEL— 
SIGNIFICANCE OF THE CONSTITUTION DIAGRAM IN 
CoMMERCIAL Hot-DippPpING OPERATIONS 


Sefore attempting a detailed discussion of the metallography 
of galvanized coatings, it may be well to outline a few theoretical, as 
well as practical, considerations which apply to the microstructures 
of all commercial hot-dipped coatings on steel. 

In order to obtain a commercially acceptable coating on steel 
by the hot-dipping process, there must be an interchange of atoms 
between the molten metal and the steel surface. If an interchange 
of atoms is to occur, it is essential for the molten metal to “wet” 
the steel surface. In other words, the surface must be freed from 
oxides and other foreign material by fluxing before it enters the 
metal bath. Whether this cleaning is accomplished by means of 
reducing gases such as hydrogen, carbon monoxide, and the hydro- 
carbons, or by passing the steel into liquids or molten salts floating 
on the surface of the bath, the ultimate result is the same and the 
term fluxing still applies. This does not mean, however, that all 
fluxes are equally efficient. 

There is a considerable difference of opinion among investi- 
gators regarding the theory of fluxing. It is believed by some (1),’ 
(2) that fluxing is merely a chemical action which removes oxides 
and other foreign matter; others suggest (3), (4), (5) that in addi- 
tion to cleaning the steel surface, a function of the flux is to lower 
the surface tension of the liquid metal, thus facilitating “wetting”. 

In no instance is a commercial hot-dipped coating simply a layer 
of coating metal mechanically sticking to the surface of the steel 
base. Because of the necessary alloying action to obtain adherence, 
these coatings are always composed of more than one layer: (a) an 
interfacial alloy, which may itself be composed of more than one 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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layer of complex types in which intermetallic compounds frequently 
occur; and (b) a layer of the coating metal superimposed on the 
alloy. Regardless of the number of layers which may be present in 
the alloy, they are collectively referred to in the trade as the “alloy 
layer’ of the coating. The rate of diffusion of iron in this alloy layer 
is nearly always greater than that of the coating metal (6), hence 
alloy layers tend to grow outward from the steel base, thus forming 
one or more phases rich in the coating metal. 

It is always possible to determine whether a metal will alloy 
with steel by immersing the suitably cleaned steel in the molten metal 
bath. This is the trial and error method, and, in some circumstances, 
is quite permissible. However, the basis for any systematic study 
of coatings formed by hot-dipping is the constitution diagram, which 
represents the equilibrium compositions of all possible alloys formed 
by the steel and the coating metal. It is necessary to base the study 
of the structure of hot-dipped coatings on conditions of equilibrium, 
for it is the condition which is approached as a limit when diffusion 
occurs, 

In commercial practice, when steel is immersed in a molten 
metal bath, all of the phases shown by the constitution diagram of 
these metals at the temperature level of the coating bath will form 
on the surface of the steel, assuming, of course, that the diagram is 
correct. Their order of occurrence under the microscope, starting 
from either end of the system, will be the same as that shown by 
the constitution diagram (7), (8). At first, the solid iron reacts 
with the molten metal to form a solid reaction product, and any 
further reaction must occur as a result of diffusion through this 
solid phase. In this way, one phase after another is formed until 
all the phases, the melting points of which are above the pot tem- 
perature, are present. As far as hot-dipped coatings are concerned, 
it is not known which phase forms first, and, until the rate of nu- 
cleation of the various phases is determined, the question must remain 
unanswered. It seems probable, however, that the entire comple- 
ment of diffusion phases are formed in a matter of seconds after 
the steel attains the temperature of the bath, their subsequent growth 
at the pot temperature being dependent, primarily, on time and on 
the rate of diffusion of iron and the coating metal through the vari- 
ous layers. It would be illogical, therefore, to consider the alloy 
layer of a hot-dipped coating, formed at the temperature level of 
commercial coating practice, as a cast structure. Certainly that por- 
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tion of a coating consisting of the unalloyed coating metal is a cast 
structure, and so, also, is the outermost layer of the alloy, but by 
far the major portion of the alloy is composed of diffusion layers 
which were formed at temperatures well below the melting points of 
the phases which comprise the layers. If the constitution diagrams 
show no phase changes below coating temperatures, the alloy layers 
of commercial coatings will contain the same phases that were 
formed at those temperatures. Whether the metallographer is able 
to disclose them under the microscope is another matter. 

The Phase Rule is a very useful tool in the metallography of 
hot-dipped coatings. For example, the Phase Rule indicates that 
in binary systems, under certain conditions of temperature and pres- 
sure, only single-phase diffusion layers can form; no two-phase 
layers appear. This is so because diffusion generally requires the 
presence of a concentration gradient, and the Phase Rule states that 
in a binary system when two phases are present in equilibrium, there 
is only one degree of freedom (pressure may be disregarded because 
it is atmospheric and substantially constant in most commercial hot- 
dipping operations). This means that either the temperature or the 
composition of one of the phases can be varied, but, if the temperature 
is constant, the compositions of both phases are fixed. It is evident, 
therefore, that there can be no concentration gradient in a two- 
phase region when the temperature and pressure are constant. 
Inasmuch as the alloy layers of hot-dipped coatings grow, two-phase 
regions must occur as interfaces between single-phase layers when 
the amount of impurities in the coating metal, either originally pres- 
ent or added to promote adherence, are insufficient to upset the 
binary status that exists between the steel and the coating metal. In 
a ternary system, it is possible for both single- and two-phase layers 
to form by/diffusion. 

It may be argued that any use of the Phase Rule implies that 
a state of equilibrium prevails, and diffusion layers, particularly those 
of commercial coatings, may not be in a state of equilibrium. With 
few exceptions, rapidly accumulating evidence indicates that diffusion 
layers of coatings formed at constant temperature and pressure are 
precisely those which may be predicted from the constitution diagram 
and the Phase Rule. The present paper is an example of the appli- 
cation of this principle. When predictions fail, it is usually found 
that the technique of the metallographer is at fault, or that the con- 
stitution diagram is incorrect, or both. 





































GALVANIZED COATINGS 


Table I 
Phases in the Iron-Zinc Constitution Diagram 


Formula, Per Cent Fe 


Greek X-Ray Space Space Atoms Per _ Lattice 
Letter Phases Data Atomic Weight Lattice Group Unit Cell Parameter, A Reference 
Alpha aFe FeZn 80- b.c.c. On® 2 2.862-— (9), (10), 
100 2.943 (11) 
Gamma yFe FeZn 55- f.c.c. On 4 (?) (9), (10), 
100 (11 
Capital 
Gamma r FesZno; 23.2— 20.5—_ b.c.c. Ta® 52 8.9560— (9), (10), 
or 31.3 28 8.9997 (11) 
FesZnjo 
Delta, 6; FeZn; 8.1— 7— Hexagonal C6v‘= C6me 550+8 a= 12.80 (9), (10) 
(?) 13.2 11.5 or e = 57560 
D6n* — C6mme c/a =. 5:1300 
Delta 5 FeZn; 8.1- 7- (?) (?) (?) (?) 
(7) 11.5 10 
Zeta C FeZnig 7.2- 6- Monoclinic C* — C, 28 a=13.65 (9), (10) 
> 7.4 6.2 or b= 7.61 (12) 
C*n om Cs/m cae  Sae 
B = 128° 44’ 
Eta n Zn Max. Hexagonal Dé6n‘ 2 a = 2.6600 (13) 
0.003 c.p. b = 4.9379 


1.8563 


THE IRON-ZINC CONSTITUTION DIAGRAM 


Due to its complexity, the investigation of the iron-zinc system 
is a laborious task, and, for this reason, the diagram has been 
amended frequently. Much of the early work, particularly on the 
zinc-rich portion of the diagram, has been unsatisfactory. It was 
not until 1937 that Schramm (9), (10), (11) as a result of magnetic, 
thermal, X-ray, and metallographic studies showed that a peritectic 
reaction, 6, + melt->€ ( a new phase), occurs in the iron-zinc 
system at 6.0% iron and a temperature of 986°F (530°C). Since 
publication of this new diagram, metallographers have been striving 
to show the relationship between it and galvanized coatings, Fig. 1. 
The zinc-rich end of the diagram contains a eutectic which has been 
drawn on an expanded scale and inserted in the diagram. Except 
for the two-phase region of the expanded diagram, single-phase 
regions only are designated. 

X-ray data on the various phases in the Schramm diagram are 
summarized in Table I. 


METALLOGRAPHY 


In preparing galvanized specimens for metallographic examina- 
tion, two problems immediately present themselves: (a) the mount- 
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Fig. 1—The Iron-Zinc Constitution Diagram According to J. Schramm. The phases 
present in a galvanized coating, magnification x 500, formed by immersing a sample 
of steel No. 1 in molten zinc for 3 minutes at 840 °F (450°C), the broken line 
X----X, corresponds to the phases of the diagram. Etchant No. 3. 


ing and polishing procedure; and (b) the etching procedure. The 
first of these problems was solved in 1943 (14), and a satisfactory 
abrasive is now available commercially under the name “Gamal’’.* 
The solution to the second problem has proved to be the more diff- 


*Fisher Scientific Company, Pittsburgh. 
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GALVANIZED COATINGS 


Table Il 
Compositions of Steels and Coatings 


Sheet 

Steel Gage —— Steel Composition, Per Cent . -—Coating Composition, Per Cent*— 
+ Mn Ss P Si Cu Pb Sn Cd Sb Si Al 
1 26 0.08 0.40 0.038 0.021 0.006 0.02 SMa a CIeWae TT kek MEA Taaeee eye 
2 20 0.07 0.38 0.021 0.020 0.030 0.01 Se. SE I ok mankie 
3 26 0.09 0.49 0.032 0.027 0.008 0.03 0.40 0.03 0.15 0.30 “Sa 
4 26 0.04 0.25 0.029 0.005 0.050 0.05 Loe... Gee Ohh: Oe ...s. ped 

5 24 0.09 0.50 0.033 0.050 0.007 0.02 0.32 0.02 0.20 0.33 ok 
6 26 0.07 0.39 0.027 0.031 0.025 0.03 ee” Be” ae is den 
7 26 0.07 0.39 9.027 0.031 0.025 0.03 is ae > ee oe 
8 26 0.08 0.31 0.032 0.011 90.180 0.31 0.50 0.52 0.17 Cae anon 
9 22 0.09 0.41 0.022 0.010 0.020 0.20 Gam We Geae oo: e csc. 0.09 
10 22 0.11 0.32 0.031 0.020 0.018 0.10 0.58 0.02 0.30 0.12 
il 22 0.10 0.38 0.030 0.017 0.060 0.01 0.52 0.04 0.32 0.16 
12 22 0.09 0.28 0.022 0.020 0.010 0.25 ae: ee eee ns hak. waco ue 0.20 
13 22 0.07 0.33 0.030 0.015 0.030 0.21 SS ee 0.14 


*Zinc and iron not determined. 


cult of the two, but its accomplishment has been well worth the 
effort. 

It was felt that the development of an etchant would be sim- 
plified if a specially prepared coating with relatively thick diffusion 
layers were available: To that end, specimens 2 inches wide by 6 
inches long of steel No. 1, Table II, after suitable fluxing of the 
surface, were immersed in molten Prime Western spelter at 840 °F 
(450°C) for 2 hours. At the end of that time they were withdrawn 
and allowed to cool in air. 

According to the diagram of Fig. 1, the etchant should reveal, 
starting at the iron end of the system at the temperature level of 
840 °F (450°C), the following phases: a, I, 8,, €, C+, and 7». 
The first four of these should be diffusion layers, as their melting 
temperatures are well above 840 °F (450°C); the last two should 
be formed by rapid solidification of the melt in the eutectic region of 
the zinc-rich portion of the system, and would not, therefore, be diffu- 
sion layers but cast structures. The presence of the two-phase layer 
in galvanized coatings is not, therefore, anomalous. The a and 
phases would, of course, be continuous with the steel base and the 
spelter, respectively. 

It may be well at this point to consider the probable structure 
of the two-phase layer €-++ ». As the iron diffuses through the solid 
C phase, the melt in the region of the C-melt interface becomes rich 
in iron. Simultaneously, nucleation is occurring and the € phase is 
becoming wider. If the growth of the solid phase is rapid, as is 
the case in galvanized coatings, the concentration gradient of iron 
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in the melt would be steep, and confined largely to the region of 
the interface. Hence, fast cooling of the melt should result in the 
superimposition of the two-phase layer, + y, on the € layer. As 
this region of the diagram contains a eutectic, it would be expected 
that the structure of this two-phase layer would resemble that of a 
eutectic, provided the cooling is sufficiently slow. With cooling 
rates commonly used in commercial hot-dipping operations, it would 
not be surprising if the structure of this duplex layer bore very 
little resemblance to that of a eutectic. As a matter of fact, in com- 
mercial coatings, it appears frequently under the microscope as a 
dark fringe on top of the € phase. 

The search for a new etchant which would fulfill the prescribed 
conditions was an exceedingly tedious task. More than seventy-five 
salts and acids, both organic and inorganic, in various concentrations, 
combinations, and in various solvents were tried before the desired 
result was obtained. Finally, it was found that on adding water 
to an alcoholic solution of picric acid, the etching characteristics of 
this acid, as far as galvanized coatings are concerned, were consid- 
erably altered. When the right proportions of picric acid, alcohol, 
and water were used, the various layers of galvanized coatings were 
usually well defined. It seems probable that at least one function 
of the water is to influence the degree of ionization of the acid. In 
any event, neither an alcoholic solution of picric acid alone, nor a 
water solution, will satisfactorily etch zinc coatings; a mixture of 
alcohol and water is required. Coatings formed by 1-minute or 
longer immersion in molten zinc were not only etched by the 
picric acid reagent, but the phases were colored differently, thus 
facilitating identification. The exact shade and intensity of the 
coloring produced by the etchant depends on the concentration of 
the acid, the alcohol-water ratio, the length of time of the etch, and 
the length of time the specimen is exposed to air after etching and 
drying. For example, the coloring is greatly intensified if inter- 
mediate etches are employed; that is, if a total etching time of 30 
seconds is required to clearly define the structure, the coloring will 
be deeper and more pleasing in appearance if the specimen is etched 
in steps, say, 10, 5, 5, 5, and 5 seconds with drying after each step, 
to make a total etching time of 30 seconds. It is best to observe 
the degree of coloring under the microscope after each etch. Very 
rich colors are obtained when specimens are allowed to stand in a 
desiccator for a day or so after etching. The I, 8,, and € phases 
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are colored lemon yellow, bluish white, and reddish brown, respec- 
tively. 

Reagent compositions which have given satisfactory results are 
listed in Table III. They were used at room temperature, 70 to 
75°F (20 to 25°C), and specimens were washed in alcohol and 
dried in an air blast after etching. As the addition of water to 
alcohol raises the temperature, it is usually necessary to cool the 
etching solution. It is not to be inferred that these compositions 


Tabie Ill 


Etching Reagents for Hot-Dipped Galvanized Coatings 
Etchant 
Coating No. Composition Remarks 

Regular 1 0.300 g Picric Acid. 10 ml 
Ethyl Alcohol. 50 ml Water. Etching time 3-6 seconds 

Tight and Extra Tight 2 0.075 g Picric Acid. 13 ml 
Ethyl Alcohol. 53 ml Water. Etching time 3-6 seconds 

Formed by Immersion 

of 1 Minute or Longer 3 0.068 g Picric Acid. 20 ml 
Ethyl Alcohol. 50 ml Water. Etching time 10-90 seconds 

Galvanneal 4 0.075 g Picric Acid. 13 ml 
Ethyl! Alcohol. 35-60 ml Water. Etching time 10-30 seconds 

Aluminum- Bearing 5 0.075 g Picric Acid. 18 ml 
_ Ethyl Alcohol. 60 ml Water. Etching time 3-6 seconds 

Aluminum- Bearing 6 5 Drops Nitric Acid. (Conc.) 
50 ml Amy! Alcohol. Etching time 10-30 seconds 


~ 


Aluminum- Bearing 0.500 g Potassium Ferricyanide 


(CP). 50 ml Water. 10 ml 
Ethyl Alcohol. 2 ml Ammo- 
nium Hydroxide (sp gr. 0.90). Etching time 15-30 seconds 


will always yield the desired results; the slightest change in either 
the steel base or the spelter composition may necessitate a readjust- 
ment of the alcohol-water ratio. Also, the solutions are unstable 
and should be used immediately after preparation. The alcohol may 
be either denatured ethyl alcohol, or 190 proof; nothing is gained, 
however, by the use of the latter. The picric acid is reagent grade 
(crystals), and the water distilled. A polishing procedure has been 
described elsewhere (14), and will not be repeated here. 


1. Experimental Coatings 


Photomicrographs of experimental coatings formed in 1, 3, 5, 
10, 30, 60, and 120 minutes are shown in Figs. 1 to 7, inclusive. 
These coatings were made with steel No. 1 and Prime Western 
spelter. The rates of growth of the diffusion layers, as measured 
by means of a microscope with a calibrated micrometer eyepiece, 
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: Fig. 2—Experimental Galvanized Coating Formed by Immersing Steel No. 1 
for 1 Minute in Molten Zinc at 840 °F (450 °C). Etchant No. 3. X 500. 


5 Fig. 3—-Experimental Galvanized Coating Formed by Immersing Steel No. 1 
for 5 Minutes in Molten Zinc at 840 °F (450°C). Etchant No. 3. X 500. 


Fig. 4—Experimental Galvanized Coating Formed by Immersing Steel No. 1 
for 10 Minutes in Molten Zinc at 840 °F (450°C). Etchant No. 3. X 509. 


are shown in Fig. 8. It appears that the [ phase acquired its 
maximum width in less than 1 minute. The rate of growth of the 
C phase was at first very rapid, but, with time, slowed up to such 
an extent that the rate of growth of the 8, phase was the greater. It 
came as a surprise that these three layers did not maintain their 
relative widths during growth. 


The results of Knoop (15), (16) hardness tests are given in 
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Fig. 5—Experimental Galvanized Coating Formed by Immersing Steel No. 1 
for 30 Minutes in Molten Zinc at 840 °F (450°C). Etchant No. 3. X 500. 


Fig. 6—Experimental Galvanized Coating Formed by Immersing Steel No. 1 
for 1 Hour in Molten Zinc at 840 °F (450°C). Etchant No. 3. 500. 


Table IV; each value represents the average of ten indentations. 
The T phase was too thin for accurate hardness determinations. As 
can be seen, the average hardness of the layers did not materially 
change with time in the pot. It was of interest to determine the 
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Fig. 7—Experimental Galvanized Coating Formed by Immersing Steel No. 


1 for 2 Hours in Molten Zinc at 840 °F (450 °C). 
centration gradient in the 6, layer. Etchant No. 3. X 500 


Hardness of Alloy Layer and Steel Base 


Etched 


to show 


the con- 


Average Knoop Hardness Number (KHN) 7 
—____—_—3$ Gram Load-—_|___—_- 


Steel 
Coating Base 
Experimental, 1 Min. at 840 °F, Fig. 2 151.3 
Experimental, 3 Min. at 840 °F, Fig. 1 150.0 
Experimental, 5 Min. at 840 °F, Fig. 3 154.0 
Experimental, 10 Min. at 840 °F, Fig. 4 150.5 
Experimental, 30 Min. at 840 °F, Fig. 5 149.6 
Experimental. 1 Hr. at 840 °F, Fig. 6 150.2 
Experimental, 2 Hr. at 840 °F, Fig. 7 150.7 
Commercial, Fig. 9 154.4 
Commercial, Fig. 10 168.1 
Commercial, Fig. 11 169.1 
Commercial, Fig. 12 192.4 
Commercial, Fig. 13 148.2 
Commercial, Fig. 14 147.3 
Commercial, Fig. 15a 211.6 
Experimental. Fig. 15b 187.2 
Commercial, Fig. 16a 209.8 
Experimental, Fig. 16b 183.7 


Experimental, Fig. 17 





6, Pha se 


457.7 
462.2 
458.1 
463.3 
462.3 


C Phase 
274.5 
273.7 
278.4 
270.8 
274.5 
271.7 
278.2 
274.5 


me me tN ob abe 
~UOnw 


NNN Nh 
~~ as ers 


» Phase 


37.1 
37.4 
37.% 
36.8 
37.3 
36.1 
36.9 
28.9 
61.6 
64.3 
31.1 
47.0 
64.2 


55.6 


$2.8 
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hardness gradient across the 8, phase in the specimens which had 
been immersed for 60 and for 120 minutes. The average hardness 
values obtained on the two specimens, notwithstanding the difference 
in thickness of the phases, were substantially identical—near the I- 
phase interface 514.7, center 453.7, and near the C-phase interface 
422.9 KHN, respectively. This gives a qualitative idea of the steep- 
ness of the diffusion gradient. 


2. Commercial Coatings 


In the trade, the terms “Regular”, “Tight Coat”, and “Extra 
Tight Coat” are used to indicate the relative freedom from peeling 
or flaking of commercial galvanized coatings during forming opera- 
tions. The “Extra Tight Coatings” are usually made in a lead and 
zinc pot, in which case the steel sheet travels through a layer of 
lead on the bottom of the pot, and emerges through a layer of zinc 
about 18 inches thick at the exit end of the pot. Of the three, the 
“Extra Tight Coat’’ sheet has the thinnest, and the “Regular” the 
thickest coating. In most commercial operations, the time required 
for sheets to travel through the zinc pot varies from about 6 to 20 
seconds, depending, among other things, on the gage of the sheets. 

The commercial galvannealing process consists in passing the 
freshly galvanized sheet through a muffle furnace the temperature 
of which is 1200 °F (650°C), or higher, depending on gage of the 
steel, coating weight, speed of travel, and length of the furnace. The 
heating time, approximately 12 to 15 seconds, promotes growth 
of the alloy layer to the surface of the coating, resulting in a frosty, 
matte appearance instead of the usual spangles. 

Because of the short time in the pot, many investigators have 
held the opinion that commercial coatings probably do not contain all 
of the phases indicated by the iron-zinc constitution diagram. That 
this belief is erroneous is evident from a study of photomicrographs 
Figs. 9, 10, 11, 13 and 14. 

As compared with ordinary galvanized coatings, the galvan- 
nealed coating of Fig. 12 shows no »-phase layer; this layer has 
been replaced by the € phase and ZnO, although a few small islands 
of the » phase are still visible. The structure of this coating checks 
well with X-ray data on galvannealed coatings (17), both as to the 
number of phases present and their relative amounts. 

Because tin is sometimes added to spelter to improve adherence 
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and to control spangle appearance, and because there appears to be 
a feeling in the industry that tin in excess of about 0.25% adversely 
affects the corrosion resistance of galvanized products, it was decided 
to examine two available tin-bearing coatings, Figs. 13 and 14. In 
amounts up to approximately 1.0%, the addition of tin apparently 
does not change the binary status of the steel and spelter. It would 
be interesting to check this relationship with higher tin contents. 


0.002! 
0.0018 
0.0015 
0.0012 


0.0009 


Width in Inches 





0 15 30 45 60 75 90 105 120 
Time in Minutes 


Fig. 8—Growth of Iron-Zinc Phases with Time at 840 °F 
(450 °C). 


There has been much discussion through the years regarding 
the reason for the improved adherence of galvanized coatings on 
silicon-killed, as compared with that on other types of steel. In 
Figs. 15a to 16b are shown two coatings on a silicon-killed steel 
base. It will be noticed that they are radically different in appear- 
ance, yet they are on the same steel base. This difference is prob- 
ably due to the fact that the coating of Fig. 15a was applied to a 
heavily pickled steel surface, whereas that of Fig. 16a is on a mod- 
erately pickled surface. As determined by bend and bead tests, the 
coating of Fig. 15a had somewhat the better adherence, notwithstand- 
ing its thicker alloy, but the adherence of both coatings was good. 

What appears to be a favorite theory in the industry is that 
this superior adherence may be the result of mechanical “locking” 
of the coating to the base metal, this locking being accomplished by 
penetration of zinc into fissures in the base metal which are the 
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Fig. 9—Commercial “Regular’’ Galvanized Coating on Steel No. 2. Average 
coating ae 1.25 oz/sq ft. Etchant No. 1. X 1000. 


Fig. 0—Commercial ‘‘Tight Coat’? Galvanized Coating on Steel No. 3. 
Average audios weight 0.75 oz/sqft. Etchant No. 2. X 1000. 


ofl acre a tes ee See 
result of intergranular attack during pickling. The zinc immediately 
alloys with the steel so that these fissures become a part of the alloy 
layer of the coating, Fig. 15a. Could not this improved adherence be 
due to the thinness of the I'-phase layer, as compared with that of 
other coatings ? 

It has long been known that the addition of about 0.10 to 0.30% 
of aluminum to the spelter improves the adherence of galvanized 
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Fig. 12—Commercial “Galvanneal” Galvanized Coating on Steel No. 5. Average 
coating weight 1.22 oz/sqft. Etchant No. 4. X 1000. 

Fig. 13—Commercial “Regular” Galvanized Coating on Steel No. 6. Tin con- 
tent of coating 0.30%. Average coating weight 1.24 oz/sqft. Etchant No. 1. X 1000. 

Fig. 14—Commercial ‘Regular’ Galvanized Coating on Steel No. 7. Tin content 
of coating 0.95%. Average coating weight 1.26 oz/sq ft. 


Etchant No. 1. < 1000. 


coatings, the average thickness of the alloy layer becoming less as 


the aluminum content is increased within this range, Figs. 17 to 
20 inclusive. 


Experience has shown, however, that in the range of 
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Fig. 15a—Commercial Galvanized Coating on Heavily Pickled ‘Silicon-Killed 
Steel No. 8. Average coating weight 0.90 oz/sqft. Etchant No. 2. X 1000. 


Fig. 15b—Specimen of Fig. 15a After Immersing for 10 Minutes in Molten 
Zine at 840 °F (450°C). Etchant No. 3. X 1000. 


0.10 to about 0.17% aluminum, the layer is notoriously nonuniform 
in thickness, and the coatings are subject to local flaking or peeling 
when bent. Now that it is possible to resolve the structure of the 
alloy layer of these coatings, the reason for the peeling is apparent. 
When localized growth of the layer occurs, as in Fig. 19, all of the 
phases common to galvanized coatings are present, and these areas 
are, therefore, subject to all of the properties that accompany such 
structures. 

When the y portion of several such coatings was removed, 
thus exposing what was originally the alloy-y phase interface, the 
areas of local growth had very much the appearance of mounds, 
which varied considerably in size and distribution. Regardless of 
the size of the mounds, they always contained the three single-phase 
layers T, 8,, and C, and usually the two-phase layer, € + », as well. 
Whether or not one should expect to find the two-phase layer de- 
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Fig. 16a—Commercial Galvanized Coating on Moderately Pickled Silicon- 
ae. Steel No. 8. Average coating weight 0.68 oz/sqft. Etchant No. 2. 
x1 


_ Fig. 16b—Specimen of Fig. 16a After Immersing for 10 Minutes in Molten 
Zinc at 840°F (450°C). Etchant No. 3. X 1000. 


pends on whether the growth occurs before or after solidification of 
the melt; if it occurs before, the two-phase layer should theoretically 
be present. 

The mechanism by which aluminum in zinc acts to restrict the 
growth of the alloy layer is still a controversial subject. It is hard 
to believe that the binary relationship of the steel and the spelter is 
changed by the small amount of aluminum present in the coatings. 
One theory is that an aluminum oxide membrane is formed on the 
surface of the steel, and, in this way, the rate of diffusion of both 
the iron and the coating metal is restrained. The idea could, of 
course, be checked by using a thoroughly killed steel, but it may 
well be asked why it is that a similar mechanism does not operate 
when hot-dipped aluminum coatings are applied to steel. Whatever 
the true explanation, it must be admitted that the nonuniform growth 
of the alloy layer does appear to indicate the presence of a film or 
membrane of some sort, and if this film contains discontinuities, or is 
punctured, the local growth of the alloy is very rapid. The fact that 
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Fig. 17—-Experimental Galvanized Coating Made from Aluminum-Bearing 
Spelter. Aluminum content of coating 0.09%. Steel No. 9. Etchant No. 5. 
x 1000. 

_ _Fig. 18—Experimental Galvanized Coating Made from Aluminum-Bearing 
Spelter. Aluminum content of coating 0.12%. Steel No. 10. Etchant No. 5. 
<x 1000. 

Fig. 19—Commercial Galvanized Coating Made _ from Aluminum-Bearing 
Spelter. Aluminum content of coating 0.16%. Steel No. 11. Average coating 
weight 0.75 oz/sqft. Etchant No. 5. X 1000. 


20—Commercial 
Aluminum content of coating 0.20%. 
Etchant No. 5. X 1000. 


J. 


Fig. 
Spelter. 
weight 0.69 oz/sq ft. 


Steel N 


Galvanized Coating Made from Aluminum-Bearing 


o. 12. Average coating 


there does not appear to be much restraint, once local growth has 
started, indicates that the formation of the film may be limited pri- 


marily to the original surface of the steel. 


In any case, it seems 
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Fig. 2la—Commercial Galvanized Coating Made from Aluminum-Bearing 
Spelter. Aluminum content of coating 0.14%. Average coating weight 1.50 
oz/sq ft. Etchant No. 6. xX 500. 


- Pig. nome Area as in Fig. 21a After Further Etching with Etchant 
0. x 5 


Fig. oa aie Area as in Fig. 21b After Brushing. > 500. 


probable from a metallographic study of these coatings that the 
major portion of the alloy layer, except in areas where local growth 
had occurred, consists of the cast two-phase layer ¢ + ». 

When it is desired to show only the total thickness of the alloy 
layer in aluminum-bearing galvanized coatings, a double etching 
procedure using nitric acid and potassium ferricyanide reagents, 
Table III, gives excellent results. The polished specimen is first 
etched with the nitric acid reagent, etchant No. 6, and dried. Fre- 
quently, this reagent will define both the alloy-steel, and the alloy- 
zine interfaces. In the event that the alloy-steel interface is not well 
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defined, as in Fig. 21a, the use of the ferricyanide reagents is desirable. 
(The ferricyanide reagent is one that was developed during this 
search for a new etchant.) Following the nitric acid etch, the dried 
specimen is agitated in the ferricyanide reagent, etchant No. 7, for 
the required length of time, removed and dried. The etched surface 
will have a dirty appearance, as in Fig. 21b. These loosely adhering 
particles of iron and zinc ferricyanide must be removed to clearly 
define the alloy layer, Fig. 2lc. The removal is accomplished by 
immersing the dried specimen in amyl alcohol and brushing with a 
camel’s-hair brush. The brush fluffs out in the amyl alcohol, hence 
better cleaning can be obtained if the brushing is done with the speci- 
men immersed. After brushing, the specimen is rinsed with clean 
amyl alcohol and dried. The ferricyanide reagent is unstable and 
should be used while fresh. Contrary to what might be expected, 
the brush does not scratch the specimen; when not in use it should 
be kept in amyl alcohol to keep the hair soft. 


SUM MARY 


It is believed that the information presented answers many 
of the questions which have gone through the years unanswered 
regarding structural details of galvanized coatings, and, in addition, 
raises others which should be incentives for future reséarch. It is 
now possible to investigate the important problem of “adherence” 
from the standpoint of the structure of the alloy layer. 

Among the new accomplishments which were presented and dis- 
cussed may be mentioned : 

(a) The development of a metallographic etching reagent which 
not only differentiates between the various phases in the 
alloy layer of galvanized coatings by clearly defining inter- 
faces, but, under certain conditions, colors these phases 
differently, thus facilitating identification. 

(b) The relationship between the Schramm iron-zine constitu- 
tion diagram and commercial hot-dipped galvanized coat- 
ings is illustrated by means of photomicrographs. 

(c) The rates of growth of the phases in experimental coatings 
are shown graphically; during growth, the phases appar- 
ently do not maintain their relative widths. 

(d) Knoop hardness values, determined with the long axis of 
the indenter at right angles to the direction of growth of 
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the phases, indicate that the average hardness of the phases 
remains substantially unchanged during growth. 

(e) In commercial coatings, excepting those made from alumi- 
num-bearing spelter, it is shown that the € phase consti- 
tutes the major portion of the alloy layer. 

(f) Structural details of coatings made from aluminum-bearing 
spelter are presented and discussed. 
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DISCUSSION 


Written Discussion: By F. R. Morral, Metal Trades Laboratory, 
Technical Service and Development Division, American Cyanamid Co., 
Stamford, Conn. 

Dr. Rowland is to be congratulated for this important contribution 
to the metallography of hot-dip galvanized coatings. His photomicro- 
graphs, particularly Figs. 2 to 7, are beautiful. The ability to obtain the 
various phases in color adds merit to his techniques. The usefulness of 
his process for the study of commercial products is shown in the paper. 

It is of interest to note that the zeta-phase (FeZn,;) has been given 
its rightful place. It had been proposed by Schueler® in 1925 as FeZnuw 
on the basis of chemical and microscopic determinations. Clark and Still- 
well‘ probably saw it in their X-ray patterns of galvanized wire. After- 
wards it was altogether discarded until Schramm’s exhaustive study of 
the binary Fe-Zn diagram revived it. Later we’ called attention to the 
fact that zeta was expected to be present in the coatings but underesti- 
mated the actual thickness of this layer. 

Some years ago we were able to show all the phases present in the 
FeZn system by polishing dry and etching with HF. The sample, 0.05 
inch thick, was obtained from a steel immersed for a long time in the 
spelter bath.” There are similarities between the phases present in Fig. 
7 and those of the sample shown in Fig. A. There is, however, one and 
possibly two regions which may be somewhat difficult to explain, unless 
etching with HF is more selective in the zeta region. This picture also 
showed that the 5, phase after a time grows to a thicker layer than the 
others. 

The paper shows well the effects on the coatings of pickling, the 
use of silicon-killed steel, the additions of tin and aluminum to the gal- 
vanizing bath, all of which are of practical interest. According to Scheil 
and Wurst’ with the presence of aluminum and tin in the bath, there was 
a decrease in the thickness of the total alloy layer at the temperatures of 
their experiments 2 hours at 932°F. With 1% tin the layer was reduced 
to 77% of its thickness, while 2.5% tin reduced it to 138% and 5% tin to 


*J. L. Schueler, Transactions, Electrochemical Society, Vol. 47, 1925, p. 210. 


‘C. W. Stillwell and G. L. Clark, “X-Ray Examination of Commercial Galvanized Iron 


by a Modified Reflection Method,”’ Industrial and Engineering Chemistry, Analytical Edition, 
Vol. 2, 1930, p. 266. 


_ .5J. L. Bray and F. R. Morral, Surface Treatment of Metals, published by American 
Society for Metals, 1941, p. 114. 


*F. R. Morral, Wire and Wire Products, Vol. 17, 1942, p. 346. 
"Zeitschrift fiir Metalikunde, Vol. 29, 1937, p. 228. 
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Fig. A—Zinc-Iron Alloy Layers on Steel Frem a 
Galvanizing Machine. Coating was 0.05 inch thick. It 
was copper plated to permit polishing. Polished dry 
and etched with HF. x 170. 
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6%. The type of alloy obtained with tin in the bath was of the same as 
that without. This conclusion is reached also by the author on examining 
his commercial coatings. 

Scheil and Wurst found that 0.01% aluminum in the spelter reduced 
the thickness of the alloy layer to 78%. However, 0.16% aluminum re- 
duced it to 0.8%, and 0.32% to 0.6%, which was not similar to the alloy 
types found with other elements present in zinc coatings. 

The etching techniques, together with the use of the Knoop hardness 
tests on the alloy layers demonstrated in this paper, and possibly with 
X-ray determinations as done by Clark and Stillwell* and others,** should 
make it possible to answer some of the questions raised by the author 
and others interested in galvanized coatings. These techniques may 
make it possible also to further the knowledge about galvanized coatings 
and possibly help in the development of new processes to make better 
hot-dip zinc coatings. 

Written Discussion: By S. A. Lapham, metallurgist, Research Labora- 
tories, American Rolling Mill Co., Middletown, Ohio. 


Dr. Rowland has shown some excellent photomicrographs of zinc- 
coated materials for which he is to be congratulated. As well as being 
interested in the studies of the intermetallic phases of the coating we 
are interested in the method of sample preparation mentioned in this 
paper and discussed fully in the previous paper.” 

Aiter the presentation of the 1943 paper, personnel in our laboratory 
tried some of the suggestions offered and succeeded in evolving a tech- 
nique which approaches that of the author in quality and seems to be 
somewhat simpler. For those who might be interested, it is outlined briefly. 

1. Thin copper spacers are used between coated sheets. These serve 

to outline the coated surface and effectively gasket the sample. 

2. The mounted sample is ground flat and hand polished on emery 
papers in the usual manner. 

3. The first wet polishing is done on a ceresin wax lap using levigated 
alumina suspended in a mixture of commercial liquid soap and 
water (1:1) applied continuously to the wheel ahead of the sample 
with a paint brush. 

4. Final polishing is done on “miracloth” using relevigated alumina 
suspended in liquid soap-water suspension applied from a “shaker 
bottle”. 

5. The sample is rinsed in amyl alcohol and dried by wiping with a 
stream of compressed air. 

6. The etchant is made by adding one drop of Timofeefs’ reagent 
to 50 ml of 4% picral. Timofeefs’ reagent is reported in Berglund 
“Handbook of Etching” as 94% nitric acid and 6% chromic acid. 

It was found that liquid soap solution is satisfactory in that no etch- 

“Ref. 17 in the paper. 


°F. R. Morral and H. J. Yearian, “Electron Diffraction Study on Hot 
Sheet,”” Metals and Alloys, July 1940, p. 54. 


_ | SE H. Rowland and O. E. Romig, ‘‘The Metallography of Galvanized Sheet Steel 
l sing a Specially Prepared Polishing Medium With Controlled pH,” Transactions, Ameri- 
can Society for Metals, Vol. 31, 1943, p. 980. 


Galvanized 
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Fig. B—Photomicrograph of a Zinc Coating Prepared as Described and Etched 
in Timofeefs’ Reagent Added to 4% Picral. yy 100. 


ing of the zinc and alloys occurs during polishing. The levigated alumina 
is the ordinary commercial variety. For the final polish a quantity is 
shaken up in distilled water and siphoned off after allowing 2 hours 
settling. This suspension is mixed with liquid soap of the type used in 
the mill wash rooms. 

A photomicrograph of a coated sample prepared by this procedure is 
shown in Fig. B. 

Written Discussion: By A. H. Ward, research associate, galvanizing, 
Carnegie-Illinois Steel Corp., Pittsburgh. 

Dr. Rowland is to be congratulated for his excellent contribution to 
our limited fund of information on the metallography of galvanized coat- 
ings. Certainly with the novel technique developed in his studies we 
have a new tool to use in the identification of the phases which make up 
the iron-zine constitution diagram. It is gratifying to note that the 
author was able with his etching reagents to correlate his metallographic 
data with the magnetic, thermal, X-ray and metallographic findings of 
J. Schramm in 1937. 

The relation between microstructural features and physical properties 
of hot-dipped coatings has been a matter of concern to all investigators 
in the coating field. In the industrial products manufactured we find 
heavy galvanized coatings that are very adherent to the steel base and 
heavy coatings that are nonadherent. We find light coatings that are 
adherent and light coatings that are nonadherent. We have galvannealed 
coatings composed substantially of 100% zinc-iron alloy phases that will 
withstand severe deformation and we have galvannealed coatings that 
flake off with but the slightest bending of the coated material. We have 
coatings that adhere with great tenacity to a steel base of a certain 
composition and coatings that are nonadherent when applied to a steel 
base of another composition, even though the treatment prior to gal- 
vanizing has been the same. We have a great multitude of metallurgical 
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and processing features that appear to have some bearing upon the ad- 
herence problem. 

Is it not reasonable to assume that the various conditions that appear 
to affect adherence properties function by virtue of their influence upon 
one basic mechanism that is responsible for the physical behavior, not only 
of zine coatings,‘ but also of all hot-dipped metallic coatings? In the 
case of the aluminum-bearing zinc coatings good adherence was obtained 
when the “alloying” reaction was retarded but poor adherence was ob- 
tained when the reaction was allowed to proceed to completion. In the 
case of the coating not containing aluminum and showing a thin capital 
gamma layer, could not the superior adherence properties be due to the 
fact that the reaction had not, because of base metal characteristics, coat- 
ing metal composition, immersion time, and reaction temperature, pro- 
ceeded to such an extent as to have caused the coating to become non- 
adherent? In this connection the writer has observed aluminum-bearing 
zinc coatings with extremely thin zeta layers that flaked miserably when 
the coated object was but slightly deformed. In the final analysis, can- 
not the metallographic structure of hot-dipped coatings be regarded as a 
manifestation of the intensity of an intermetallic reaction that may have 
a bearing upon the physical behavior of the completed product under a 
particular set of limiting conditions? Is it not the influence of the inter- 
metallic reaction upon the mechanism that is responsible for adherence 
rather than the actual presencée-of intermetallic products themselves that 
determines the character of bond between the base metal and the coating 
metal ? 

Written Discussion: By I. A. Rohrig, research metallurgist, Detroit 
Edison Co., Detroit. 

Dr. Rowland’s work is a valuable contribution to the understanding 
of the phase relationships that exist between zinc and iron as applied to 
galvanizing and answers many questions regarding structural details of 
galvanized coatings. 

In this connection, recent work by Heinz Bablik” may be of interest. 
Mr. Bablik concludes that the 6, phase is the thickest whereas Dr. Row- 
land's work shows that, in ordinary coatings, the zeta phase is the thickest 
layer. Mr. Bablik explains his selection of the 4, phase as widest on the 
basis of diffusion by stating that since delta phase has a wide range of 
homogeneity, it offers less resistance to diffusion and therefore is able 
to grow quickly. He describes the delta phase as consisting ot two layers: 
a compact one on the basis metal called the annex layer and the other a 
fragmented layer of columnar crystals called the pallisade layer. These 
appear to correspond with the gamma and 4, layers shown by Dr. Row- 
land. Mr. Bablik concludes also that alloy layer growth is a function of 
the reaction velocity of the iron surface and states that since reaction 
velocity is low on pure iron surfaces such as Armco iron or on decar- 
burized surfaces, less brittle alloy layer growth would occur than would 
be expected on an unstable surface such as lamellar pearlite. 





“Heinz Bablik, Metal Treatment, Vol, XIV, No. 49, 1947, p. 29. 
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Author’s Reply 


The author appreciates the discussion which has been offered on this 
paper because it frequently happens that through discussion additional 
contributions are made. There is little doubt that many attend the presen- 
tation of technical papers for the sole purpose of hearing the discussions. 
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Fig. C—Experimental Galvanized Coating Formed by Im 
mersing Steel No. 1 for 2 Hours in Molten Zinc at 840 °F 
(450 °C). Etched with picral-amyl alcohol-nitric acid solution. 
< 500. 


Referring first to Mr. Morral’s remarks covering the use of HF as an 
etching reagent, it seems probable that this reagent is more selective in 
the zeta region and accordingly defines the concentration gradient. It 
has been the author’s experience that etching reagents may vary con- 
siderably in the manner in which they define concentration gradients; this 
is apparent when Fig. C is compared with Fig. 7. 

As far as nonaluminum-bearing commercial galvanized coatings are 
concerned, the author has found no exception to his statement that the 
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zeta phase constitutes the major portion of the iron-zinc alloy. One cannot 
always predict the width of a phase on the basis of its homogeneity range 
alone. There are a number of additional factors such as relative atom 
size, type of space lattice, relative melting points of different phases, etc., 
which influence the rate of diffusion. It is possible that Mr. Bablik has 
based his conclusion on the examination of specimens which had been 
immersed in molten zinc for extended intervals of time. If such is the 
case, the author agrees that the 4, phase is likely to be the widest, but 
in the early stages of diffusion it is by no means an infallible rule that the 
phase showing the greatest solid solubility range will have the greatest 
width. The author believes that the layer referred to by Mr. Bablik as 
the “annex layer” is actually the capital gamma layer. 

Mr. Lapham’s comments regarding a simplified polishing procedure, 
and an additional etching reagent, are indeed welcome. Any technique 
which simplifies the polishing’ and etching of galvanized coatings for 
metallographic examination is likely to be accepted with enthusiasm by 
the trade. 

The author agrees with Mr. Ward that the problem of adherence may 
be quite complex. The tendency of galvanized coatings to peel or flake 
during bending appears to be associated with the bond between the 
capital gamma layer and the steel base. While it has been shown that the 
various layers present in galvanized coatings are predominantly binary 
in nature, it is possible that small amounts of metallics or nonmetallics, 
derived from the steel base and spelter, may affect the adeherence of 
the coatings. For example, in the case of the coatings in Figs. 15a and 
16a, chemical analyses have shown the presence of a small amount of 
silicon. Is the silicon respousible for the improved adherence, or is the 
thinness of the capital gamma layer the controlling factor? Aside from 
poor adherence resulting from incomplete wetting of the steel surface 
by the molten zinc, it seems probable that if the formation of the capital 
gamma layer were suppressed, or if its growth could be retarded to such 
an extent that it remained extremely thin, the coating would have im- 
proved adherence. It is anticipated that the new etching procedure will 
serve as a useful tool because of its ability to define the boundaries of 
the capital gamma layer. 








INDUCTION HARDENING OF A QUALITY 
CONTROLLED IRON 


By C. F. Watton anv H, B. Osporn, JR. 


Abstract 


The ready response of the as-cast structure of_the 
material studied makes it especially well suited to the short 
heating cycles inherent with the use of induction heating. 
A matrix devoid of free ferrite and consisting of either 
fine pearlite or sorbite and pearlite permits practically 
instantaneous carbide solution. Thereby more advantage 
can be taken of the shallow depth of heating provided by 
high frequency since greater depths of hardness resulting 
from soaking time can be minimized. Further, with 
induction hardening, this material develops unusually 
favorable properties of high wear resistance without loss 
of strength. 


INTRODUCTION 


HE literature is grievously lacking in data concerning the 

induction hardening of cast irons such as those that have been 
studied in this investigation. Due to the more widespread use of 
parts made of this material and hardened by high frequency, it be- 
comes desirable to secure information on the effect which induction 
hardening may have on its physical properties and to evaluate the 
response of this material ( Meehanite)* to the rapid heating inherent 
with the use of induction heating. 

There are numerous service applications which can be improved 
by the use of hardening and there are many potential uses for the 





1A material where both the quantity and form of graphite in a pearlitic matrix is 
precisely controlled. The compositions of the materials studied are as follows: 


Cast ‘‘A”’ 
Cast “B”’ Tensile Bars “‘A”’ 
Analysis Tensile Bars “B"’ Transverse Bars 
Total Carbon 3.02 2.88 
Silicon 1.61 1.40 
Manganese 0.83 0.83 
Phosphorus 0.069 0.081 
Sulphur 0.110 0.132 


A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, C. F. Walton 
is foundry engineer, Meehanite Metal Corp., Cleveland, Ohio, and -H. B. Osborn, 
Jr., is director of research, Tocco Division, The Ohio Crankshaft Co., Cleve- 
land. Manuscript received July 2, 1947. 
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material which may result from the availability of data on a pro- 
duction method of surface hardening. 


INDUCTION HEATING PRINCIPLES 


The underlying theory and principles of induction heating have 
been published elsewhere numerous times. It is therefore not con- 
sidered appropriate to discuss them in this paper (1), (2).2 How- 
ever, in these papers reference is made to the effect of prior structure 
on the final metallurgical results with parts inductively hardened. 
The longer heating times necessary to obtain adequate carbide solu- 
tion for required hardness when dealing with sluggish structures 
often does not permit that fullest advantage be taken of the shallow 
depths of heating offered by high frequencies. As will be shown, 
the ready response of the metallurgical structure of the material 
studied makes it practical to more readily surface harden this mate- 
rial to shallower depths than could be obtained with a conventional 
type of steel without the use of prior heat treatment or higher 
frequencies. 


EXPERIMENTAL PROCEDURES 


The following factors were studied and provide the information 

required : 
. Tensile strength. 

b. Transverse strength. 

c. Transverse modulus. 

d. Maximum deflection in transverse. 

e. Hardness. 

f. Distortion and growth. 


The effect of these properties was determined by induction 
hardening a series of test pieces to various case depths ranging from 
very thin to heavy. The properties of these pieces were compared 
with those in the as-cast condition as well as with a set of test bars 
fully hardened by heating in salt. The tensile tests were carried out on 
standard ASTM test bars of “B” size (Fig. 1) as machined from 
suitably cast blanks. Two different casts were used, identified as 
“A” and “B”. (See footnote 1 for analysis.) The transverse 
tests were carried out on bars 22 inches long and 1% inches in 
diameter cast on end. These were machined and finished by center- 


*The figures appearing in parentheses pertain to the references appended to this paper. 
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less grinding to a diameter of 1.200 inches and were all of one cast. 

The induction hardening was accomplished by the use of 9600 
cycles per second frequency. Power in kilowatts reported in the 
data represents the energy input to the inductor. Coupling dimen- 
sions are shown in the set-up drawings. 





Fig. 1—Tensile Test Bar Used Shown in Position in Cross Section of 
Inductor Used for Hardening. 


Tensile Tests—The tensile test bars were hardened in a station- 
ary inductor consisting of a single-turn coil integral with the spray 
quench fixture. A diagrammatic sketch of the inductor with the test 
bar in place is shown in Fig. 1. Photograph of set-up is shown as 
Fig. 2. The amount of power used and the length of heating tire 
were varied so as to produce a series of samples with hardened zones 
varying from very shallow to complete penetration. After control 
factors were properly established the actual application of power and 
quench was fully automatic as controlled by the usual electric timer 
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Fig. 2—Induction Hardening Set-Up for Tensile Bars. 


with accuracy to #5 second. The quench water was supplied at 
25-psi pressure and 85 °F temperature directly through the inductor. 
The following tabulation gives the power, heating time, delay, and 
quench, and the resultant depth of penetration of the hardened area. 





Power ao ——Time in Seconds———————~ Case Depth 
KW Heat Delay Quench in 1% in, 
100 1.0 0.0 7.7 4 
125 0.7 0.0 7.7 5 

60 2.3 0.0 9.0 9 
40 Sia 0.0 9.0 10 
20 6.3 0.5 5.3 20 
20 7.0 0.5 5.3 Through (26) 
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Fig. 3—Sections of Tensile Bars. A—Longitudinal section of induction hardened 
bar showing hardening profile. B—Tensile fractures. C—Etched sections. 


Fig. 3 is a series of sections from some of the bars showing fractures. 
corresponding etched sections, and a longitudinal section of one of 
the bars illustrating the hardness pattern obtained. The hardening 
was controlled to go just beyond the fillet and the same longitudinal 
dimension or width of pattern was maintained for all bars. Recog- 
nizing the presence of tensile stresses in the demarcation area be- 
tween the hardened zone and the as-cast structure, although narrowly 
confined, this area was purposely placed considerably beyond the 
fillet. In production, the same technique should be followed, or one 
which produces a hardness pattern which stops shy of the fillet area 
as is standard practice, for example, on crankshaft bearings. 

For purposes of comparison a set of bars was fully hardened 
by heating in a 1580 °F (860°C) salt bath for 10 minutes, followed 
by an oil quench. For this treatment the threads of the bars were 
kept from an abnormally fast cooling rate by winding a wire in be- 
tween them. After quenching, the bars were placed in boiling water 
to remove oil and adhering salt but other than this no drawing or 
stress relief was used on any of the test bars. After hardening all 
the bars were inspected by the magnaflux method. No evidence of 
cracks or defects of any kind was observed. 

Testing of the samples was done in a hydraulically operated 
universal testing machine. All of the fractures occurred in the re- 
duced parallel area. The results given in Table I are listed in order 
of increasing depth of hardened case. Ten of the bars were from 
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Fig. 4—Progressive Induction Hardening of Transverse Test Bars. 


one cast and fourteen from another so that as-cast strengths were 
determined for each group (“GA” and “GB”). For purposes of com- 
parison, the average as-cast strength for each group was established 
as 100% and each of the bars related percentage-wise to the average 
of its group. 

Transverse Tests—The 22-inch long transverse test bars were 
inductively hardened by a progressive procedure. Thus the inductor 
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Table | 


Tensile Test Results on 0.8-Inch Diameter ASTM Bars 
Induction Hardened and Furnace Hardened 








Bar Case Depth Tensile Strength Average 


No. Cast in 44% inch psi As-cast Strength 

4 GA As-cast RE nS ko Pe Rie Shr, 
13 GA As-cast GLUE oy ea ee, 
17 GA As-cast IDE = eR feta eg hg 
AV Soy ft aa 52,870 100% 

1 GB As-cast Me 35a sh te ge a 
10 GB As-cast SG sen he OTS Th we 
Av ars ee ey y's ee ME a Nah ke Oo me a 

6 GA 4 53,000 100 
18 GA 4 59,300 112% 

3 GB 4 47,600 104% 

5 GB 4 50,060 109 

9 GA 5 57,000 108 
16 GA 5 59,000 111 

GA 9 55,700 105 

14 GA 9 51,000 96% 

7 GB 9 48,300 105 

8 GB 10 44,600 97 

7 GA 10 47,700 90 

6 GB 20 27,500 60 

4 GB 23 40,200 88% 
10 GA Through (26) 37,700 71% 
11 GA Through (26) 40,800 77% 

2 GB Furn. Hard. Through 33,500 73 

9 GB Furn. Hard. Through 30,100 66 

5 GA Furn. Hard. Through 38,300 72% 
12 


GA Furn. Hard. Through 44,900 85% 


with continuously flowing integral quench travels along the length 
of the bar heating and quenching as it passes. Photograph of this 
set-up is shown as Fig. 4. The bar is rotated to equalize any mechan- 
ical or electrical off-center condition. The mechanism used for 
processing is a new development for high frequency equipment for 
continuous processing of stock. The power application, speed of 
travel, quenching, on and off cycles, and all other variables are 
electronically controlled. Continuous bands, selected bands, spots, or 
protrusions may be hardened automatically at will. The power used, 
speed of travel in feet per second, and the resulting depths of pene- 
tration are given below. 


Speed of Travel Case Depth 
Power KW Inches per Sec. in 4 inch 
29 0.26 3 
36 0.34 4 
70 0.44 6 
19 0.13 12 
19 0.11 16 
14 0.07 20 
20 0.09 32 
20 0.07 Through (38) 


Water Pressure, 10 pounds 


Fig. 5 shows longitudinal section of a test bar, fractures and etched 
sections of selected samples showing pattern from very shallow to 
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Induction Hardened —————__—__—_ Salt Heat 
Oil Hoard. 





Fig. 5—Longitudinal Section, Fractures, and Etched Sections of Transverse Test Bars. 


through hardened in salt. Note the uniform shallow depth on 
longitudinal section. 

The hardness pattern an these bars was carried uniformly from 
end to end by the automatic and correctly sequenced application of 
power, travel, and quench. 

Two of the transverse bars were also heated in the salt bath, 
oil-quenched, and cleaned for comparison with those inductively 
hardened. 

The transverse bars were also carefully inspected for surface 
defects by the magnaflux method. No indications of. hardening 
cracks or checks were observed. 

Transverse tests were made on a hydraulic machine. The three 
fulcrums used consisted of hardened and ground ™%4-inch diameter 
die pins with the supporting two spaced on 18-inch centers and the 
load applied equidistant between them. Load deflection data were 
taken up to the breaking point for each bar and resulting curves are 
plotted in Figs. 6 and 6a. These show the stress-strain relation- 
ship of all the bars to be practically the same up to a load of 2500 
pounds and a deflection of about 0.200 inch. Above this value the 
curves for the as-cast bars take a much shallower slope indicating 
some plastic flow. The fully hardened bars incapable of any elastic 
deformation broke at this load value. Their curves are straight and 
end abruptly at 2500 pounds and 0.200 inch deflection. The induction 
surface-hardened bars with deep penetration act similarly to the salt 
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Full Hard Bars 
Heated in |580°F Salt 
_ Oil- Quenched 


Pounds x 1000 
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Fig. 6—Stress-Strain Curves of Transverse Tests on Ground 


1.2-Inch Diameter 
Bars—18-Inch Centers. 


bath through-hardened bars. The induction-hardened bars of normal 
depth had curves very similar to the as-cast bars except that the 
upper ends of the curves continue at a steeper slope. This results 
in final deflection values almost as large as the as-cast bars but with 
a considerably higher breaking load. This breaking load and maxi- 
mum deflection are shown in relation to case depth in Fig. 7 

Distortion and Growth—All of the transverse bars were center- 
less ground to the same size and were straight before processing to 
within 0.001 inch in 22 inches of length. 

After hardening, these bars were again checked for straightness. 
Distortion occurred only with heavy cases and through-hardened 
bars. Maximum warpage due to induction hardening was 0.0015 
inch in 22 inches of heavy cases but with most of the bars affected 
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Fig. 6a—Stress-Strain Curves of Transverse Tests on Ground 
1.2-Inch Diameter Bars—18-Inch Centers. 


less than 0.001 inch. The two bars hardened in the salt bath were 
suspended on end in the salt and quenched on end in oil with a ver- 
tical agitating motion. These bars distorted from 0.007 to 0.010 
inch. | 

The diameters of all of the bars increased with treatment in 
relative amounts closely related to the depth of case. Results are 
shown in Fig. 8, Curve “A”’, with increase in diameter plotted against 
case depth. These values amount to about 0.5 to 0.75% of the depth 
(two case depths to a diameter) but with a maximum of 0.003 inch 
increase. 

Hardness—Since the attainment of surface hardness is essen- 
tially the primary purpose for processing of the material, it there- 
fore is one of the most important properties to consider. The values 
obtained on the transverse bars are plotted against case depth in 
Fig. 8, Curve “B”. It is to be noted that peak values of Rockwell 
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Fig. 7—The Effect of Case Depth on Transverse Strength and 
Deflection of Induction-Hardened Cast Iron 1.2-Inch Diameter— 
18-Inch Centers. 


C-59/60 are higher than would normally be expected of this material. 
This phenomenon has been reported in other articles and referred to 
as “super-hardness” (3) wherein it has been attributed to residual 
carbides and compressive stresses. 

Another interesting observation on hardness is that there was 
an increase of several points Rockwell C occurring sometime after 
the bars had been processed. This phenomenon bears further inves- 
tigation and may be closely related to microstresses. However, all 
values reported in this paper were determined 30 days after 
hardening. 

Microstructures—Explanation for the results obtained in the 
physical properties can be explained by a careful examination of the 
microstructures of the bars. The as-cast structure was typical of 
this type of cast iron as shown in Figs. 9 and 9a with small, ran- 
domly dispersed graphite and a fine pearlitic matrix with no excess 
carbide or free ferrite. Microstructures of the deeper cases and 
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inductively through-hardened bars were typical of a full, hard struc- 
ture with an entirely martensitic matrix as shown in Fig. 10. For 
comparative purposes see Fig. 11 showing the salt-bath-hardened bar. 

Structure of the normal or shallower cases was not that which 
has been reported normally. The carbide pattern of the pearlite is 
still in evidence as a ghost but with the interlamellar ferrite trans- 
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Fig. 8—-Effect of Case Depth on Surface Hardness and Increase 
in Diameter of Induction-Hardened Cast Iron 1.2-Inch Diameter Bars. 


formed to acicular, martensite (Fig. 12.) The presence of these car- 
bides in a matrix of martensite may explain the occurrence of the 
high hardness values. This structure often occurs in certain alloy 
steels such as SAE 4140 and SAE 4150 (4) where, although sufficient 
carbide solution and dispersion has been obtained to give maximum 
hardness, ghost images of the original pearlite still remain. A close 
check of the test bars showed that this pseudo-pearlitic structure was 
present in depths up to 0.200 inch in the 1.2-inch transverse bars and 
in depths up to 0.150 inch (gy inch) in the tensile bars. This 
dividing line corresponds quite well with the change in strength 
properties obtained from those above to those below the as-cast 
strength. 

The microstudies show that there is a narrow transition zone 
between hardened and unhardened areas in shallow and normal 
depths. There is a minimum of softening just under the case and 
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Fig. 9—Microstructure of “GA” Samples, As-Cast. Nital Etch. XX 1500. 
Fig. 9a—Microstructure of “GA’’ Samples, As-Cast. Unetched. X 100. 


no evidence of free ferrite having formed. Thus we need not be 
concerned with the formation of any tensile stresses in the radial 
demarcation zone. Further, there is no primary troostite present 
which is proof of the more than adequate hardenability for the case 
depths obtained. 


DISCUSSION OF RESULTS 


It is rather evident from this study that the induction hardening 
of this type of cast iron develops some unusually favorable properties 
wherein it is practical to produce a high wear resistant surface with- 
out loss in strength. The high hardness obtained is of considerable 
advantage in many applications wherein wear resistance is essential. 

Control of depth of hardness is not difficult and a depth of 0.030 
inch (3's inch) was obtained by careful processing of a test bar. 
A 0.040-inch case is normally considered as the minimum practicai 
depth to be obtained with 9600 cycles (2). However, in order to 
obtain such shallow depths with good martensitic structure and using 
medium carbon steels it is necessary to give the material a prelimi- 
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Fig. 10—-Microstructure of Induction-Hardened Cast Iron Near Surface of Deeply 
Hardened Bar. 


Nital etch. % 1500. This is nearly a typical martensitic structure 
though not 


quite as acicular as normally observed in a. furnace-hardened structure. 
Fig. 11—Microstructure of Fully Salt-Bath-Hardened “GA” Sample. Nital 
etch. X 1500. 

Fig. 12--Microstructure ef Induction-Hardened Cast Iren in a Shallow Case. 
Nital etch. & 1500. This pseudo-pearlitic structure is the result of the short time 


at temperature. The partially dissolved carbide lamella remain, but the ferrite has 
been transformed to martensite. 
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nary homogenizing heat treatment since the diffusion of carbon into 
the ferrite grains of untreated stock requires a longer heating time 
during which the depth increases by thermal heat flow. This diffi- 
culty is not encountered in the cast iron studied since the combined 
carbon is already well dispersed in the matrix. 

The absence of any cracking with a water spray quench on 
sections which would easily oil harden is a very favorable indication. 
However, any cast material to be perfect after induction hardening 
and finishing must be flawless, fer even a speck of cold shut, although 
invisible on a machined surface, or a minute microshrink crowfoot 
will be readily apparent on magnafluxing after hardening. 


CONCLUSION 


1. Cases up to 0.100 inch on a 0.800-diameter and up to 0.200 
inch on a 1.2-inch diameter do not weaken the full section strength. 

2. Through hardening (maximum hardness without drawing) 
reduces the strength about 30%. There is little difference whether 
the through hardening is done by induction or salt. 

3. Distortion on hardening is much less by induction than by 
furnace heating. 

4. Hardness values of Rockwell C-55/60 can be readily obtained 
in production processing of this material by induction hardening. 

5. Meehanite responds to induction hardening as readily as any 
grade of steel, and better than many, due to its carbide dispersion. 
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DISCUSSION 


Written Discussion: By T. E. Eagan, chief metallurgist, The Cooper- 
Bessemer Corporation, Grove City, Pa., and Mt. Vernon, Ohio. 

In Table I and in Fig. 7 the authors show a small increase in the 
tensile strength of the shallow hardened specimens which progressively 
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decreases as the depth of hardening increases until through hardening is 
accomplished. They also show a considerable decrease in strength in 
through hardened specimens. A maximum increase of 12% may be 
questioned because it can be within the limits of variance obtained from 
separately cast specimens of gray iron. However, the decrease is one 
that is always experienced in gray iron which has been hardened by 
quenching. Subsequent tempering, however, changes this condition. 
Tempering at 300 to 400 °F (150 to 205°C) will bring the tensile strength 
back approximately to its “as-cast” strength without an appreciable loss in 
hardness while tempering at higher temperatures up to 600° F (315 °C) 
will produce a much higher tensile strength than the “as-cast” condition 
with loss in hardness." 

Tempering would no doubt change the results obtained and perhaps 
the conclusions drawn by the authors. 

The use of the diamond indentor type of hardness testing machines 
for testing gray iron gives a somewhat distorted picture. The graphite 
flakes are usually so close together that they allow the metal around them 
to collapse under the pressure of the indentor, consequently it penetrates 
somewhat deeper than it would in a more solid material such as steel. 
The coarse graphite flake will allow deeper penetration than the finer ones. 
Hence we can obtain wide variations in hardness readings which can be 
attributed to the size of the graphite flake. They have no influence, 
however, on the wear resistance or other serviceable qualities of hard- 
ened gray iron. The hardness of the matrix material controls this quality. 
Hence Rockwell hardnesses of C-55 to 60 as reported by the authors 
are not the true serviceable hardnesses obtained by hardening. 

By using one of the microhardness testing devices the hardness of 
the matrix material may be obtained which would be much higher than 
the indicated Rockwell hardnesses shown. These microhardness testing 
devices are usually research tools which are not applicable to commercial 
testing. Sloan and Hays* in a paper given at this session show the hard- 
ness of the various constituents in hardened gray iron, and have covered 
the subject rather completely. The use of the file test will indicate the 
hardness of the matrix metal as it is not unduly influenced by the graphite 
flake. 

The matrix material in gray iron may be considered as a tool steel 
with a combined carbon of between 0.8 and 0.9% alloyed with silicon 
which may vary between 1.00 and 2.50%. Such a material hardened has 
a tendency to retain a considerable amount of austenite, especially when 
drastically quenched. This is demonstrated by the authors in Fig. 8, 
where deeper case depths give lower hardnesses. The deeper case depths 
are obtained by holding the material above the critical temperature longer 
which allows a more thorough solution of the carbon, hence a greater 
tendency to retain the austenitic phase during subsequent quenching. 


%Meehanite Metal Handbook, 1945, p. 51, also Cast Metals Handbook, American 
Foundrymen’s Association, 1944 Edition, p. 528-535. 


4J. R. Sloan and R. H. Hays, “Some Factors Affecting the Induction Hardening of 
an Alloy Cast Iron,’’ Transactions, American Society for Metals, Vol. 40, 1948, p. 1036. 
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Silicon tool steels are produced for services where hardness and toughness 
are prime requisites, the toughness being due to retained austenite. 
Tempering causes a change of the austenite to martensite, with the 
original “as-quenched” martensite changing to one of the lower transition 
phases. Apparently in hardened gray iron some sort of balance between 
these two transitions keeps the hardness almost unchanged by tempering 
up to 500 to 600°F (260 to 315°C). Above this temperature the hard- 
ness falls off quite rapidly. There is no more retained austenite to trans- 
form to martensite, thus the balance between these phases has disappeared 
and the lowering of hardness is quite rapid. 

This condition also influences the amount of distortion obtained in 
hardening and tempering. The distortion obtained in quenching can in 
many cases be almost eliminated by the proper choice of tempering tem- 
perature. This is due, of course, to two things, the first being the transi- 
tion of structures obtained and, second, the relief of quench stresses. 

Written Discussion: By H. H. Hursen, metallurgist, Association of 
Manufacturers of Chilled Car Wheels, Chicago. 

I am in agreement with the authors in their contention that there is 
a dearth of information concerning the possibilities existing in the use 
of high frequency current for the heat treatment of cast iron. 

In general, the use of this type of heat treating technique is asso- 
ciated with the surface hardening of steel, and the authors are to be 
commended for the novel manner in which their experiments illustrate 
the possible advantages which may be accrued by the adaptation of this 
process to the heat treatment of cast iron. Their work has demonstrated 
without question that, similar to steel, the specific type of cast iron used 
in their experiments possessed the required prior fundamental structural 
characteristics for its adaptation to the high frequency current process 
of heat treatment. 

I note with interest, however, the loss of tensile properties with a 
progressive increase of the hardened case depth. I recall that several 
years ago, when a considerable amount of work relating to the heat 
treatment of cast iron was done in our laboratory, the results obtained 
very definitely indicated that the tensile strength invariably increased 
with hardness. 

In this work the test bars were protected from decarburization with 
a covering of powdered graphite and heated throughout to a temperature 
of 1550°F (845°C) in a conventional-type muffle furnace, after which 
they were immersed in various quenching media, namely water, oil and 
700 °F lead, and in each case the tensile strength was vastly improved. 
However, with the exception of the hot lead-quenched bars, all test speci- 


mens were subjected to a subsequent drawing treatment for the purpose 
of relieving inherent quenching stresses. There was one specific instance 
in which an oil quench followed by a 400°F (205°C) draw treatment 
resulted in raising the tensile strength of a high quality gray iron from 
42,000 to 95,000 psi. 

In view of this, I am inclined to believe that the ioss of tensile 
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strength which accompanied the increase in the depth of the hardened 
zone, in the present case, was primarily due to the absence of a mild 
stress relieving treatment. The authors are probably also aware of this, 
but were more interested in demonstrating that no loss in properties was 
in evidence when a thin case was produced. 

It is quite possible that if the tensile bars had received a mild draw 
of, say, 400 or 500°F (205 or 260°C) the strength would have been im- 
proved without too much loss of wear resistant hardness, regardless of 
the case depths, and the authors would have possessed additional evidence 
relating to the advantages to be gained by the use of the process. 

Work done in our laboratory, relating to the wear resistance of var- 
ious heat treated cast iron structures, has indicated that excellent resist- 
ance to sliding friction is possessed by conventional gray irons, when 
heat treated to a hardness of Rockwell C-42 or better. Consequently, 
it does not appear probable that the slight loss of hardness resulting from 
thé suggested drawing treatment would substantially delete the wear 
resistance. 

The work reported in this paper has been specifically related to the 
production of an exceedingly shallow hardened case on a very high quality 
cast iron containing exceptionally fine randomly distributed flake graphite 
in a matrix composed entirely of lamellar pearlite, by the medium of the 
use of a relatively high frequency current of 9600 cycles per second. It 
should not be construed from this, however, that induction hardening of 
cast iron is applicable only to shallow hardening of relatively small items 
originally composed of high-grade cast iron. 

That induction heating is also advantageously adaptable to relatively 
large gray iron castings containing less ideal, or more normal, prior 
structure, was amply demonstrated by a series of experiments which we 
conducted several years ago. 

At that time our industry was investigating the possibilities of a gray 
cast iron freight car wheel, the tread of which was to be hardened by 
the medium of high frequency current to a depth of approximately one- 
half inch. This casting weighed 750 pounds and was 33 inches in diam- 
eter, which, needless to say, presented quite an impressive problem. 

Both authors are familiar with the problems we encountered. The 
experiments relating to this project were conducted in the research lab- 
oratory with which Dr. Osborn is associated; and Mr. Walton, who was 
in our employ at the time, was in our own laboratory carrying on with 
the allied research work. 

Due to the lack of previous experience with castings of this size, 
the development of the required technique was rather involved and con- 
sumed considerable time, but ultimately the desired results were obtained 
and we were able to harden the treads of these wheels to the required 
depth. 

Extremely high frequency current has a tendency to flow only on 
the surface of an object. Consequently, in order to penetrate to the 
required depth of 0.5 inch, it was necessary to deviate from the usual 
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procedure and resort to the use of a much lower frequency, namely 960 
cycles per second. It was learned that even this low frequency was not 
capable within itself of penetrating to the required depth and, conse- 
quently, the heating interval had to be prolonged to some extent to allow 
for some natural heat conduction to the required depth. The final chosen 
cycle consisted of a tread heating period of 12 minutes at 175 kilo- 
watts, after which the entire wheel was immersed in a tank of water. 

At first thought, the 12-minute heating period would appear unusually 
long when compared to the extremely short periods used by the authors 
in their present work. However, when it is realized that to have heated 
the 750-pound wheel casting in a conventional radiant heating-type fur- 
nace would have required in the neighborhood of 5 hours and, in addi- 
tion, would have required a much more complicated quenching technique 
to effect the desired localized hardening, the remarkable advantages to 
be accrued by the use of induction heating, even when very large castings 
are involved, are definitely apparent. 

In between the two extremes discussed here are many problems in 
which the need for a casting possessing a combination of both high 
strength and good wearing qualities exists, and the producers and users 
of gray iron castings would do well to thoroughly investigate the many 
possibilities and advantages offered by the induction hardening of this 
versatile material. 

Written Discussion: By A. W. Herbenar, chief metallurgist, The Budd 
Co., Induction Heating Division, Detroit. 

The paper presented by the authors represents a novel: approach to 
a phase of induction hardening in that it is the first time that a direct 
correlation of the effect of induction hardening on strength properties, 
as evaluated through standard tests, has been made. 

It is very interesting to note that tensile tests show a maximum 
improvement in strength at a case depth of 0.060 to 0.080 inch, and the 
transverse tests show optimum strength at approximately 0.175 inch case 
depth. Since hardening of cast iron through quenching normally results 
in a reduction of these physical properties, it is quite evident that such 
peaks’ must be somewhat associated with residual stresses which exist as 
a result of the induction hardening, and that these residual stresses must 
be constructive in nature to the applied load at the case depths mentioned. 

In the case of the transverse tests, it is noted that for the as-cast 
material and bars which have either been through hardened or almost 
through hardened, the load is directly proportional to the deflection 
within certain limits, while for shallower cases, this proportionality is less 
pronounced. It would be interesting to have the authors’ opinion in regard 
to this phenomenon as to whether such variation can be explained on the 
basis of residual stress distribution or whether it is due to a decrease ia 
the modulus of elasticity of the hardened material due to the retention of 
austenite. 

Written Discussion: By J. W. Cable; director, research and sales, 
Induction Heating Corp., Brooklyn, N. Y. 
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The authors have made a worthy contribution to industry in the 
presentation of this paper and the data that it contains. Quality con- 
trolled cast irons, such as these, are becoming more widely used in their 
as-cast state and there has always been the question in the heat treater’s 
mind as to whether or not induction heating can be successfully applied 
to this material, The data that have been on hand prior to this paper have 
been expressed solely in terms of individual applications and nothing as 
academically complete as this paper has been available. 

It is gratifying to see how well the values of hardness, heating times, 
quenching times and other indices corroborate the spot check points that 
we of the Induction Heating Corporation have determined in our lab- 
oratory. Small crankshafts and camshafts of this material which were 
hardened by induction heating at relatively short heating cycles check 
the hardness values as a function of case depth as shown in the authors’ 
Fig. 8. Microstructures of these parts also fall close to those obtained 
by the authors. 

The curve of transverse strength versus case depth shown in the 
authors’ Fig. 7 is most interesting, especially in showing a rapid decrease 
in transverse strength at a case depth of about 0.170 inch in a standard 
test bar with a diameter of 1.2 inches. This point occurs when the case 
depth is about 14% of the diameter. Actual field experience on crank- 
shafts of % inch O.D. also show a falling off in transverse strength as the 
case depth increases. It should be noted, however, that the over-all trans- 
verse strength for case thicknesses less than 14% shows an increase in 
transverse strength over the as-cast condition and therefore definitely 
gives induction heating, with its inherent capabilities of producing thin 
cases, a natural advantage in working with this type of metal. 

A word might be said on the use of oil quenching instead of water 
quenching with induction heating. On a crankshaft having an upper 
journal 1% inches in length by % inch diameter, a heating time of 7.5 
seconds using 20 kilowatts into the work produced a case depth of approx- 
imately 0.060 inch with oil spray quenching. The hardness under these 
conditions was Rockwell C-44. An eccentric journal on the same shaft 
1y@ inches diameter by ™% inch in length with a heating time of 4.5 seconds 
produced the same metallurgical results. 

This proven ability of selective and localized induction hardening of 
quality controlled cast iron is important to the foundry field for I believe 
that simplified molding and casting techniques can be developed as a 
result of it. Chills are now commonly used in controlled iron casting to 
bring about metallurgical changes such as selective hardening or grain 
size control. For instance, because of the variation of the rate of cooling 
over the mass of a casting of a large housing, the heavy hub, which was 
later bored out for a bearing surface, was largely ferritic, whereas a 
pearlitic structure was desirable. A chill was required at this point in the 
mold in order to control the cooling rate and so bring about the pearlitic 
structure. Localized induction hardening of this section after boring 
brought about the desired metallurgical results, thereby eliminating the 
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necessity for the chilling operation and all of the inherent processing and 
expense. In another manufacturer’s plant, a large number of textile 
machine parts were formerly selectively hardened during the casting by 
the placement of chills in such a manner that the metal hardened during 
cooling at the desired surfaces. This has now been eliminated by the 
use of induction heating with a reduction of the cost of this hardening 
operation to one-fifth of its former cost. 

We are being called upon every day to induction harden such con- 
trolled cast iron parts as rams and cylinders for presses, crankshafts and 
camshafts, large gears, valves and fittings for high temperature and high 
pressure service, brake drums, rolls and numerous other articles. This 
paper by Walton and Osborn will certainly permit everyone concerned 
with induction heating, either from a manufacturer’s standpoint or a user’s 
standpoint, to better understand and apply it to materials of this type. 

Written Discussion: By T. A. Frischman, chief metallurgist, Eaton 
Manufacturing Co., Axle Division, Cleveland. 

The authors are to be complimented on augmenting the available 
data on induction hardening of cast iron. Papers like this do much to 
create interest and give more courage to those who contemplate induction 
hardening yet are reluctant to go ahead with it because of the pioneering 
work that may be necessary. With the information presented in this 
paper the problem is simplified appreciably. 

Of practical importance is the fact that the authors have found that 
this material responds more readily to induction heat treatment than 
many of the conventional steels which have not received a prior treatment. 
This is especially good to know because many castings are bought to 
definite mechanical properties and in the cleaned condition. The customer 
may only want to selectively harden portions thereof and if pretreatment 
were necessary, additional time, added expense and possible alteration of 
the mechanical properties would thus be incurred. 

Several questions came to mind while reading the paper. Would 
the authors explain why a draw other than boiling water was omitted? 
The implication might be that drawing is not essential, but with cast iron, 
which is inherently brittle, it is my belief that a stress relief would be 
advantageous particularly at such a high hardness level as that produced 
by induction hardening and water quenching. While the authors did not 
experience quench cracking in their experiments, what would be the 
expectations of cracking where more intricate sections were involved in 
comparison with the plain cylindrical test sections they used? 

The temperature of the salt bath-hardened specimen was shown to 
be 1580 °F (860°C). Approximately what temperature was attained during 
the induction treatment and to what extent did either treatment affect 
the graphitic carbon? 

Reference was made in the paper to normal case depth. I believe 
this depth should more clearly be defined dimensionally. The authors’ 
statement that 0.040-inch case is normally considered as the minimum 
practical depth to be obtained with 9600 cycles per second without a pre- 
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liminary homogenizing treatment is pertinent, and is a good thing to 
remember. Perhaps it might be interesting to some readers to learn 
whether the length of the specimens increased such as had been the 
experience with 37-millimeter shot. Did the authors make any such 
determinations ? 

Written Discussion: By W. A. Silliman, chief metallurgist, The Oliver 
Corp., Cleveland. 

From the analysis of the material used in the tests there is no men- 
tion of the presence of alloying elements either as residuals or as special 
additions. 

From Table | it appears that the GA as-cast test bars represent a 
grade A Meehanite of 50,000 psi. It has been our experience that our 
castings of this grade contain alloying additions of both nickel and 
molybdenum. 

What effect would alloys have on the surface hardness and would 
they tend to make the material susceptible to quenching cracks? 

The effect of surface hardening upon the physical properties has been 
well covered with the exception of impact of shock loading. Has this 
been investigated? 

From the Table at the bottom of page 1015 giving power input, heating 
time, quenching time and case depth, it is noted that for shallow cases 
the quench time was 7.7 seconds; for-intermediate case depths the quench- 
ing time was 9 seconds; while the 20/64-inch and through hardened 
samples were only quenched for 5.8 seconds. Since there would be more 
heat to remove from the through hardened test pieces, an explanation 
seems to be in order. 

The authors are to be congratulated on this paper and it should serve 
to stimulate further study of the effects and application of surface hard- 
ening quality gray irons. 


Authors’ Reply 


A common point in three of the discussions is comment on the absence 
of a stress relief treatment. Results without the benefit of stress relief 
were desired for several reasons: 

1. In hardening portions of extremely large castings, stress relief 

treatment would be difficult if not impossible. 

2. Since the scope of this first study was limited, it was desirable to 
determine the effect of one treatment at a time. 

3. It is well agreed as to the desirability of stress relief but the un- 
desirability of its absence is not evaluated until determined. If 
it can be safely omitted, it is just one less manufacturing operation; 
however, when in doubt the highest stress relief temperature com- 
patible with minimum hardness limitations should be used. 

4. Facts regarding the increase in strength on drawing heat treated 
“GA” and “GB” Meehanite metal are well-known in the ferrous 
industry. 
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In reply to Mr. Eagan’s comment on the expected variation in tensile 
strength, it should be emphasized that the authors only concluded that 
light cases did not weaken the material. This seems fully justified in 
view of the fact that none of the bars so treated were below the “as-cast” 
strength. 

His comments on hardness are well taken. Due to the uniformly 
fine and dispersed graphite in the material tested, consistent Rockwell 
hardnesses can be obtained; however, as Mr. Eagan stated, the results 
are not directly comparable to those obtained on steel. This can be most 
easily demonstrated by comparing the machinability of hardened Meehan- 
ite metal and steei at the same hardness level. The file test is good but 
includes a great deal of personal element. The microscopic-sized hardness 
test mentioned is the better method. 

In regard to retained austenite, although there may have been some 
in the through hardened bars, this is definitely not the principal reason 
for the decreased hardness in the heavier cases. The full martensitic 
hardness for this material is Rockwell C-53 to 55 and the higher values 
obtained in light cases are due to undissolved and retained pearlitic 
carbides. 

Mr. Hursen’s discussion is a very useful addition to the paper and the 
information on the successful hardening of such a large surface area at 
once emphasizes the wide adaptability of the material process. However, 
his success with a material of “less ideal prior structure” (i.e., containing 
some free ferrite) should be considered in view of the relatively long 
heating period used. With heating cycles of a few seconds, as are com- 
monly used on smaller work, the presence of free ferrite is detrimental 
to successful hardening. 

In reply to Dr. Herbenar’s question, the authors agree that at ieast 
some of the phenomena observed is due to residual stresses. The increase 
of the limit within which load and deflection are in proportion in the 
hardened samples is due to removal of the ability for plastic deformation 
in the hardened zones. Prior work has shown that hardening does not 
materially change the actual modulus. 

It is certainly interesting to know that some results obtained by Mr. 
Cable on production work check that obtained in this paper. The replace- 
ment of chill hardening in the mold with induction hardening after finish- 
ing where it can reduce cost certainly appears desirable; however, such 
a replacement must be done with careful consideration for the type of 
service required, for the two methods of hardening do not produce the 
same properties. The hardness of chill (iron carbide) is stable even after 
heating to temperatures which would remove all of the hardness pro- 
duced by heat treating. Chilled iron also has a lower coefficient of fric- 
tion against some materials. Though Mr. Cable did not state so, it should 
be pointed out that the housing casting to which he referred was not of 
Meehanite metal, for this material is not subject to ferritization in heavy 
sections. 

In reply to Mr. Frischman, heat treating of intricate or irregular 
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sectioned objects always requires careful consideration regardless of the 
method. Localized heating can often be used to avoid an otherwise 
dificult hardening problem. Oil or air blast has been used as a quenching 
medium in induction hardening in cases where the more convenient water 
was too drastic. The induction hardening temperature was between 1550 
and 1600 °F (845 and 870°C). Changes in bar length were not determined. 

Tx regard to alloys, the regular “GA” Process of Meehanite metal 
does not contain alloys. If your castings are alloyed, they are of an- 
other process. Minor amounts of alloys should have little effect on 
induction hardening, but larger contents require special hardening tech- 
nique. 

Impact properties were not studied, but the product of breaking load 
and deflection (the area under the load deflection curve) is often a relative 
indication of the lower velocity impact strength. 

The shorter quench time for the deeper hardened bars was due to 
laboratory technique and was not increased when it was found to be of 
sufficient duration. 

The authors wish to thank all who gave generously of their time to 
write discussions. 
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SOME FACTORS AFFECTING THE INDUCTION 
HARDENING OF AN ALLOY CAST IRON 


By J. R. SLOAN AND R. H. Hays 


Abstract 


The induction hardening of the bore surface of gray 
cast iron cylinder liners, utilizing frequencies of 3000 and 
9600 cycles per second (cps), is discussed. Power inputs 
were varied for the 9600-cps current. 

An unexpected variance in results, when compared 
to similar treatments for steel, indicated additional factors 
are being introduced which have a considerable effect on 
the physical properties. The higher frequency concen- 
trates the heat energy input closer to the surface with a 
consequent increase 11 temperature. For a medium car- 
bon steel, this overheating produces a coarsening of struc- 
ture, grain growth and a reduction in physical properties. 
However, for an overheated cast iron, these same effects 
occur, along with some absorption of segregated alloys 
and resolution of graphite, thereby resulting in increased 
retention of austenite and a reduction of the expected 
surface hardness. In addition, certain low melting con- 
stituents usually not found in steel may be momentarily 
meited. 

Evidence to substantiate these conclusions is given 
by photomicrographic methods, subzero cooling, micro- 
hardness tests and by chemical and X-ray analyses. Com- 
parisons with structures conventionally hardened were 
made in order that a correlation of temperature and 
microstructure could be shown. The formation of several 
unusual structures found principally in the hardened 
cases of the 9600-cps liners was also investigated. 


INTRODUCTION 


HE surface hardening of steel utilizing high frequency induc- 
tion heating has become increasingly prevalent during the past 


decade with the development of improved equipment and techniques. 
Numerous articles published in technical literature have emphasized 


A paper presented before the Twenty-ninth Annual Convention of the 


Society, held in Chicago, October 18 to 24, 1947. Of the authors, J. R. Sloan 
is staff metallurgist, and R. H. Hays is metallurgical engineer, Caterpillar 


Tractor Co., Peoria, Ill. Manuscript received June 16, 1947. 
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both the theoretical and practical aspects of this subject. There has, 
however, been a paucity of published information concerning the 
induction hardening of cast irons. This condition is largely due to 
the relatively limited number of applications found for surface-hard- 
ened cast iron as compared to steel. One use of this type which 
has considerable! economic importance is the hardening of the bore 
surface of cylinder liners (or sleeves) in the larger internal com- 





Fig. 1—Photograph of Standard 534-Inch Bore Cylinder Liner After 
Induction Hardening. x 0.2. 


bustion engines to improve wear resistance. This hardening opera- 
tion can be advantageously performed by high frequency induction 
heating followed by'a water quench. Since little information could 
be discovered pertaining to the possible factors which might affect 
the induction hardening of a mildly alloyed cast iron, this investiga- 
tion was conducted to determine how the introduction of additional 
factors such as graphite flakes, pronounced segregations, and the 
presence of relatively large quantities of certain elements would 
influence induction hardening, when compared to steel. 


EXPERIMENTAL PROCEDURE 


Fifteen cylinder liners were cast for test purposes with the 
following dimensions: length 15 inches, bore diameter 534 inches, 
maximum wall thickness (at top) 54 inch, minimum wall thickness 
(at center) 3% inch (Fig. 1). Every effort was made to assure uni- 
formity before induction hardening; i.e., all liners were cast from 
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the same ladle of gray iron, walls machined to identical thickness. 
The iron was of the following analysis: Total carbon—3.03%, 
graphitic carbon—2.27%, combined carbon (by difference )—0.76%, 
manganese—0.86%, sulphur—0.15%, phosphorus—0.082%, silicon 
—1.98%, nickel—0.43%, chromium—0.11%, molybdenum—0.15%, 
and copper—0.13%. Physical properties of standard ASTM ar- 
bitration bars were: Brinell hardness number—surface 255, center 
255, tensile strength psi—No. 1—52,500, No. 2—49,200. Brinell 
hardness number of liners as cast ranged from 241 to 269. 

Six liners were then induction-hardened on the inside (bore) 
diameter using 3000 cycles per second (cps) current and six liners 
hardened using 9600 cycles per second current. The desired depth 
of the hardened case ranges from 0.060 to 0.085 inch. As this 
depth is normally produced by a much lower power setting for 9600 
cps than 3000 cps, the power input for the 9600-cps machine was 
increased to simulate as near as possible the 3000-cps power set-up. 
Two of the six liners hardened by 9600 cps were given this treat- 
ment. Three liners were not treated. Table I lists the pertinent 
information concerning the induction hardening operations. 





Induction Hardening Data 
Standard 9600 High Power 9600 Standard 3000 
cps Set-up cps Set-up cps Set-up 

Liner No. 2 9 14 
Power (Kilowatts) 360 425 455 
Speed (Inches /Second) 1.27 1.27 1.33 
Total Kilowatt Seconds 4266 5036 §119 
Power Factor 0.992 Lead 0.998 Lead 0.998 Lead 
Quench Water Temperature 69 °F (20.5 °C) 69 °F (20.5 °C) 82.5 °F (28 °C) 
Quench Pressure (Lb./Inch?) 94 94 108 
Residual Heat Maximum 200 °F (95 °C) 230 °F (110 °C) 220 °F (105 °C) 
Approximate Heating Time 1.1 Sec. 1.1 Sec. 1.1 Sec. 
Approximate Delay or Time 

at Temperature 0.5 Sec. 0.5 Sec. 0.5 Sec. 
Approximate Total Time of 

Heating Before Quenching 1.6 Sec. 1.6 Sec. 1.6 Sec. 
Power Input /Unit Volume 

Hardened at Liner Center 

(Kilowatt Sec. /Inch*) 206 203 307 


Induction hardening for each frequency was performed on 
separate Budd Liner Machines with power supplied by motor gen- 
erator sets. All liners were given a magnetic particle inspection 
test after hardening. No cracks were revealed. 

The distortion produced by hardening was determined for each 
liner by noting the changes in dimensions as measured before and 
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after the induction treatment. A general contraction was experi- 
enced in the length and internal and external diameters of all liners. 
This decrease in dimension was greatest for the 3000-cps liners, 
ranging from 0.001 to 0.010 inch on the inside diameter. The maxi- 
mum “out of round’”’ was 0.011 inch. Liners hardened with the 
standard 9600-cps set-up had the minimum and most uniform con- 
traction. The change in inside diameter was 0.004 to 0.0065 inch 
with 0.003 inch maximum “out of round”. The high power 9600- 
cps hardened liners were found to fall between these two sets of 
values. In all specimens, the outside diameter contraction was 
always somewhat less than the inside and changes in length were 
small and quite uniform, the maximum being 0.005 inch. 

A qualitative stress analysis was performed in order that a suit- 
able explanation could be advanced concerning these phenomena. 
A series of 2-inch wide circumferential rings was cut from the 
center sections of representative liners. One each of these rings was 
slit with a cut-off wheel. In every instance they closed in and 
seized upon the abrasive wheel, indicating a predominating com- 
pressive stress on the outer half of the liner wall. When other 
rings from the same liners were lit, after first removing the outer 
base metal by turning, an expansion was encountered which showed 
the hardened bore surface to be in compression and the transition 
zone to be in tension. Conversely, a contraction occurred when the 
hardened case was removed from another set of rings, thereby 
indicating the transition zone to be in tension and the outer base 
metal in compression. Longitudinal strips cut from additional liners 
bowed in a manner denoting a preponderance of tensile stresses 
nearest the bore. 

The foregoing data point to a relatively high tensile. stress 
state in the layer immediately beneath the hardened case (known as 
the heat-affected zone) with compressive stresses in both the hard- 
ened bore and base metal unaffected by the induction treatment. 
However, the compressive stresses in the base metal unaffected by 
the heat appear to be mild compared to those in the hardened case. 
The tensile stress in the heat-affected zone can be attributed to an 
upsetting action produced when the heated layer attempts to expand 
while constrained by the stronger cold base metal. During the 
quench this metal would try to contract to lesser circumferential and 
longitudinal dimensions than it had occupied beforehand. This 
would bring about residual tensile stresses. The compressive stresses 
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noted at the hardened surface stem from the two transformations 
introduced upon heating through the critical range and quenching to 
martensite, with their attendant volume contraction and expansion. 
These changes come just at the proper times, alleviating the greater 
upsetting action expected with the higher surface temperatures and 
likewise preventing excessive contraction when cooling through the 
martensitic transformation temperature range. Thus, it can be seen 
that the residual stress pattern depends upon a number of factors; 
namely, the ratio of martensitic case depth to heat-affected zone and 
base metal; the temperature, and therefore stress gradients, intro- 
duced upon heating and quenching ; the amount of retained austenite ; 
the magnitude of residual and tempering temperatures; and many 
other conditions. 

Normal procedure calls for a 1%4-hour stress relieving draw at 
360 °F (180°C), but such a treatment would change the metallo- 
graphic and physical properties as hardened so the following three 
liners were selected, each representative of its group in the un- 
tempered condition: No. 2—Standard 9600-cps set-up; No. 9—High 
power 9600-cps set-up; and No. 14—Standard 3000-cps set-up. 

Since the liners were cast horizontally and gated at the parting 
line, duplicate tests were made on the “cope” and “drag” sides at 
positions 1 inch from the top, the center, and 1 inch from the bottom. 
Due to an increase in the flux density, the hardened contour was not 
completely uniform along the liner bore but increased slightly in 
depth near each end. This increase was usually greatest near the 
bottom or skirt end because the inductor block heated that section last. 
Current regulators operating in conjunction with an automatic con- 
troller tend to reduce this effect, but do not entirely eliminate it. 
The resultant small increase in depth of case at the shoulder or 
flanged end is not considered detrimental as the point of maximum 
wear coincides closely at this zone. 

Before sectioning the liners for microstructural specimens, 
Rockwell “30N” hardness tests were made on the bore (surface) of 
each liner. Table II gives these hardness values. 

The depth of the hardened case for each of the test positions 
previously mentioned was determined by measurement of the frac- 
ture and by the extent of penetration of martensite as revealed in 
polished and etched specimens. This comparison was made since 
the routine production method for checking the hardened depth is 
by measurement of the case as revealed by examination of the frac- 
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Table II 
Bore Surface Hardness Rockwell ‘“30N”’ 


High Power 


Std. 9600 cps 9600 cps Std. 3000 cps 
Liner No. 2 9 14 
Cope Drag Cope Drag Cope Drag 
1 Inch from Top 66-68 65-67 64-65 64-66 72-73 71-72 
Center 66-69 65-68 65-67 65-66 73-75 73-74 


1 Inch from Bottom 65-67 66-67 63-64 63-65 71-72 72-73 


ture. Favorable agreement was obtained with each of these methods 
as indicated by Table IIT. 


Table Ill 
Depth of Hardened Case in Inches 


High Power 


Std. 9600 cps 9600 cps Std. 3000 cps 

Liner No. 2 9 14 

Cope Drag Cope Drag Cope Drag 

Measurement of Fracture 

1 Inch from Top 0.094 0.095 0.107 0.106 0.091 0.085 
Center 0.076 0.079 0.096 0.094 0.064 0.066 
1 Inch from Bottom 0.088 0.092 0.106 0.110 0.092 0.097 

Measurement of Martensite Penetration 
1 Inch from Top 0.087 0.091 0.105 0.105 0.085 0.078 
Center 0.075 0.078 0.091 0.092 0.062 0.061 


| Inch from Bottom 0.087 0.086 0.101 0.103 0.088 0.092 


anne 


A series of Knoop hardness indentations was made through the 
induction-hardened case for each test location, using a Tukon Micro- 
hardness Tester with an applied load of 1000 grams. Hardness 
measurements were taken every 0.005 inch except when progressing 
through the transition zone and near the liner surface, at which 
locations intervals of 0.001 inch were employed. Indentations were 
staggered in such a manner that work hardening would not affect 
successive readings (1).*_ Knoop hardness numbers were plotted 
against the depth from the liner surface, Fig. 2 illustrating a typical 
set of results for the center “drag” sections. The steep slope at the 
transition zone was common for all tests with no significant differ- 
ences being noted for either the 3000 or 9600-cps current. The 
wide spread in Knoop hardness values is due to the large variation 
in hardness of the microconstituents of cast iron. This wide spread 
occurred even though great care was taken to select indentation loca- 
tions that did not coincide with visible graphite flakes. However, 
as no suitable method could be used to account for possible discon- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 2—Hardness Penetration Curves for Center Drag Sections of Each Liner. 
The full circles and solid line give results obtained with a Rockwell “‘15N”’ indenter 
converted to Knoop numbers; the solid triangle indicates Rockwell ‘“‘30N” values taken 
- liner bore surface and converted to Knoop numbers; the hatched area indicates the 


ere of Knoop measurements with the dashed line representing the best curve for 
all data. 


tinuities beneath the surface, accurate interpretation of the hardness 
level in the induction-hardened matrix proved difficult. Therefore, 
in order to determine the average hardness of both the graphite flakes 
and matrix, a series of Rockwell “15N” hardness values was ob- 
tained, converted to Knoop hardness numbers, and plotted in a 
similar manner to the original Knoop numbers. Due to the larger 
indentations, the Rockwell “15N” give average hardness values which 
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Fig. 2 (Continued)—Hardness Penetration Curves for Center Drag Sections of Each 
Liner. The full circles and solid line give results obtained with a Rockwell “‘15N”’ in- 
denter converted to Knoop numbers; the solid triangle indicates Rockwell ““30N” values 
taken on liner bore surface and converted to Knoop numbers; the hatched area indicates 
the spread of Kncop measurements with the dashed line representing the best curve for 
all data. 


are more uniform in the case and core but do not indicate the sharp 
_ drop in hardness at the transition zones. Rockwell “15N” hardness 
penetration tests of the hardened cases agree closely with the con- 
verted Rockwell “30N” bore surface hardness values. The core 
hardness at the center of the wall thickness was Rockwell “30N” 
43 to 45 (“C” 22 to 24) for all liners. 


MICROSTRUCTURE 


An examination of the microstructure with a 1% nital etch 
showed the hardened cases to be predominantly martensitic for all 
three liners. The base metal was pearlitic. There were small in- 
clusions of manganese sulphide throughout both the base metal and 
case. A primary solidification cell pattern was outlined by a series 
of light etching constituents which were sometimes structureless and 
resembled carbides and in other instances appeared as typical cellular 
steadite. It is doubted that all of these areas are steadite in view of 
the low phosphorus content of the iron and the reported information 
on the solubility of phosphorus for plain and alloy cast irons (2). 
Electrolytic etching with chromic acid, which reportedly attacks car- 
bides but not iron phosphide (3), colored and roughened these areas, 
but at greatly varying rates, some being removed almost immediately 
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while others remained almost unaffected. The cell diameter ranged 
from 0.022 to 0.030 inch for the three liners examined microscopi- 
cally. The graphite flakes were classified as being 50 to 70% size 4, 
type A; 30 to 50% size 4 to 6, type E; with areas found mostly in 
the center-sections, where the wall thickness is a minimum (4), con- 
taining amounts up to 15% size 6 to 7, type B, in place of equivalent 
amounts of type A (ASTM—AFA Classification). The type E 
graphite was located principally near the liner surfaces. 

The transition zones were abrupt; the martensitic case 
suddenly changing to pearlite with no evidence of a definite zone of 
intermediate transformation products. This would indicate that the 
austenitic stability was long enough to allow complete transformation 
to martensite of all areas heated above the critical temperature. An- 
other factor contributing to this abrupt change is the completely 
pearlitic condition of the matrix, requiring no time for solution of 
ferrite or carbide other than that of eutectoid origin. Heterogeneous 
martensite or pseudomorphs of pearlite were quite evident near the 
transition zone (5), (6), (13). 

A slight difference could be detected in the abruptness of the 
transition from martensite to pearlite for che two frequencies used. 
This was best observed with an electrolytic chromic acid etch (3) 
which produced sharp contrasts by darkening the martensite without 
appreciably affecting the pearlite. The 9600-cps liners had uniform 
boundaries between the hardened zone and base metal with few 
entrapped areas of either constituent remaining in the other. The 
usual maximum variation of this border was 0.005 inch and did not 
differ much for either the standard or high power set-up. The 
transition of the standard 3000-cps liner was more ragged than those 
hardened by 9600 cps, covering an average distance of about 0.008 
inch. A considerable number of isolated areas of the two constitu- 
ents were located in each other. Typical transition boundaries for 
the two frequencies are illustrated in Fig. 3. Fig. 3a shows the 
standard 3000-cps transition zone while Fig. 3b shows a similar area 
of the standard 9600-cps specimen. It should be noted, however, 
that in speaking of the magnitude of irregularity in the transition 
boundaries, no actual transition constituents such as nodular pearlite 
were observed. The martensitic case became less and less acicular 
upon progressing beneath the surface with considerable heterogeneity 
(which was associated with the carbide lamellae of the pearlite) 
becoming apparent near the transition boundary. This martensite 
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Fig. 3—Transition Zones Typical of Each Frequency. Etched with electrolytic 
chromic acid. X 500. The dark-.etching areas are martensitic. Fig. 3a—Liner No. 
14, Standard 3000 cps. Fig. 3b—Liner No. 2, Standard 9600 cps. 


would abruptly cease with the pearlite lamellae continuing into the 
core. Tukon microhardness tests with a 25-gram load confirmed the 
fact that this was fully hardened martensite adjacent to comparatively 
soft lamellar pearlite. 

This evidence also tends to signify that all of the austenite 
formed in the heating cycle subsequently transformed to martensite 
or remained as retained austenite. For this situation to occur, the 
cooling rate would have to be great enough to exceed the critical 
cooling velocity so as to permit all of the austenite to reach the M, 
(Ar”) temperature without the formation of any intermediate trans- 
formation products. This would be likely in view of the relatively 
thin hardened case and high hardenability of this mildly alloyed iron. 

Examination at high magnifications revealed that transformation 
progressed more rapidly along certain pearlite lamellae than others. 
An area of this nature is illustrated in Fig. 4. In some instances 
two carbide plates with the intervening ferrite would be transformed 
for quite a distance in advance of neighboring pearlite lamellae. 
Normally the interlamellar spacing of the pearlite was too close to 
determine which constituents were transforming first to austenite 
but occasionally a section with wider spacing was observed in which 
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Fig. 4—Typical Transition Showing Heterogeneous Martensite Adjacent to Pearlite. 
Etched * ith electrolytic chromic acid. X 3000. 


Fig. 5—lInterdendritic and Cell Boundary Pattern as Revealed by Light Etching 
Areas in the Hardened Cases of the 9600-cps Liners. Nital etch. xX 25. Bore 
surface at extreme left. 


the carbide plates and ferrite immediately adjacent appeared to have 
transformed slightly ahead of the intervening ferrite which was more 
distantly removed from the bordering carbide lamellae. 

A light etching constituent was present in the hardened cases of 
the 9600-cps liners, which, when etched with nital, had the appear- 
ance of untransformed austenite. These areas were of consider- 
able magnitude and formed somewhat of an interdendritic pattern 
throughout the outer half of the hardened case as shown in Fig. 5. 
They were particularly concentrated along the cell boundaries, greatly 
facilitating the determination of cell size in the hardened cases. The 
cell configuration could be traced from the hardened surface into 
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Fig. 6—Variation of Structure 0.010 Inch Beneath the Hardened Surface for 


Center and Bottom Sections of Each Liner. Nital etch. > 500. 
Liner No. 9, High Power 9600 cps. Fig. 6b—Bottom, Liner No. 9. 
Liner No. 2, Standard 9600 cps. Fig. 6d—Bcttom, Liner No. 2. 
Liner No. 14, Standard 3000 cps. Fig. 6f—-Bottom, Liner No. 14. 


Fig. 6a—Center, 
Fig. 6c—Center, 
Fig. 6e—Center, 
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the base metal by following this pattern until it met the carbide and 
steadite areas near the transition zone. From this position on, the 
cell boundaries were outlined by these two constituents. The coarsest 
martensitic needles appeared in the high power 9600-cps liner with 
the standard 9600 next in size. These were located mostly at the 
tops and bottoms of the liners where the induction heating was the 
greatest and the case thickest. The standard 3000-cps liner con- 
tained the finest martensite. The variations in structure for center 
and bottom sections of each liner are illustrated in Fig. 6. 

Upon etching with 4% picral, the size of these light etching 
areas in the hardened zone was reduced considerably with two struc- 
tures becoming visible; light etching areas with many faint outlines 
of martensite needles throughout, and an extremely light etching 
center with a definite border which sometimes appeared similar to 
the steadite and carbide areas located in the base metal. Since these 
areas are mostly observed along the cell boundaries, they will here- 
after be termed “boundary constituents”. The effect of picral con- 
trasted to nital at the same location is demonstrated in Fig. 7. The 
specimen was first etched with picral (Fig. 7a), repolished, then 
etched with nital (Fig. 7b). 

The light etching boundary constituents appeared in three dis- 
tinct forms which changed progressively from the typical carbide 
and steadite structures identified in the unhardened zone to structures 
near the surface which gave evidence of having melted during the 
heating cycle. Fig. 8 illustrates the condition of one of these areas 
when located near the transition boundary. The dark etching border 
immediately surrounding has a lamellar structure resembling pearlite 
which in turn is embedded in a matrix of fine martensite. Tukon 
hardness tests with the 25-gram load failed to reveal a softening in 
the lamellar section as would be normal with pearlite, thereby point- 
ing toward the existence of a heterogeneous martensite in the pres- 
ence of undissolved carbides. Both electrolytic chromic acid and 
alkaline sodium picrate etchants (3) attacked the lamellar carbides 
but did nothing more than darken and slightly roughen the surface 
of the central constituent. Nearer the surface these areas appeared 
as in Fig. 7a. There the matrix is largely acicular martensite with a 
structure near the boundary constituent which might be untrans- 
formed austenite. The boundary constituents themselves have a 
twofold structure and are sometimes connected by a network of 
small cracks containing material apparently identical to that of the 
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Fig. 7—-Effect of Picral Contrasted to Nital at Same Location. High power 9600 
cps. > 500. Fig. 7a—Picral Etch. Fig. 7b—Same Area Repolished Lightly and 
Etched with Nital. 

Fig. 8—Appearance of Light Etching Cell Boundary Constituent When Located in 
ra Case Near Transition Boundary. Picral etch. Fig. 8a— Xx 500. Fig. 8b— 
x , 


parent bodies. This dual nature is characterized by structureless 
white bands that are quite regular in shape, having sharp rectangular 
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Fig. 9—Appearance of Light Etching Cell Boundary Constituent When Located 
Near the Hardened Surfaces of 9600-cps Liners. Note network structure indicating 
momentary fusion. Picral etch. > 500. 


boundaries unless intercepted by the matrix interface. Progressive 
stages in the formation of these bands can be traced by traversing the 
intervening distance between the structure depicted in Fig. 8 and that 
of Fig. 7a. First, a coalescence of the cellular structure within the 
boundary constituent (Fig. 8a) gradually produced spheroids of 
larger and larger size. Next, these globular areas changed to thin 
irregularly shaped bands, eventually growing into more uniform 
bands similar to those shown in Fig. 7a. 

When at or just beneath the hardened surface, these unusual 
structures assumed still another form as in Fig. 9. The banded 
areas disappeared, to be replaced by a white, almost structureless 
shape frequently associated with a network of microcracks appar- 
ently following the austenitic grain boundaries produced by the induc- 
tion heating cycle. Many of these cracks were filled with the same 
constituent as the main body proper. Microcracks of this nature 
are not uncommon in some heat treated cast irons, having beer 
observed previously by Dastur and Cohen (7). The small size 
of the grains outlined by the cracks adds strength to the assumption 
that these are the austenitic grains formed during the induction heat 
treatment rather than from the original solidification. 
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Since traces of this network structure could not be found any- 
where except in the hardened case, the most likely explanation for 
their formation seems that the temperatures actually rise high enough 
to momentarily melt the constituents comprising these phosphorus 
or carbide areas. The high thermal stresses set up by the rapid 
induction heating coupled with volume changes during liquefaction 
of this constituent could readily promote forces which would facilitate 
the formation of a network structure. That such forces actually 
come into play is demonstrated by the fact that a small microshrink- 
age usually can be located within the perimeter of each of these areas 
containing a network structure. If the shrink is not present in the 
first examination, subsequent removal of additional material by pol- 
ishing will normally reveal it. This is shown in Figs. Za and 7b. 
Microshrinks of similar nature were rarely associated with the bound- 
ary constituents when located in the unhardened base metal. 

Because some of the differences in physical properties of the 
hardened surfaces seemed related to the variation in microstructure 
in the vicinity of the light etching areas, an effort was made to iden- 
tify these structures. One method employed was a comparison of 
the etching characteristics produced by several etchants using known 
structures as standards. Two high phosphorus cast irons, 0.402 and 
0.80% phosphorus, were prepared in such a manner that the speci- 
mens contained fully chilled surfaces graduating to normal gray iron 
structures in the core. The microstructure of these irons contained 
large amounts of binary steadite in the gray iron section which be- 
came ternary in the mottled transition zone and then disappeared 
completely as a separate structure near the chilled surface. Elec- 
trolytic chromic acid and alkaline sodium picrate attacked the car- 
bides in the chill area and in the ternary steadite but only slightly 
darkened the binary steadite. Upon conventionally heating and 
quenching a series of these specimens from different temperatures 
after a total time in the furnace of 6 minutes, banded structures 
similar to those found in the induction-treated liners appeared in 
the specimens heated to 1875 and 1985°F (1025 and 1085 °C). 
Etching with the same two electrolytic etchants rapidly attacked the 
bands while darkening the surrounding steadite. The massive car- 
bides in the chill section were also rapidly attacked. Thus, the bands 
in the steadite areas acted much as free carbides. Their rectangular 
appearance also resembles carbides found in chilled irons. Moreover, 
these areas were located in the same areas that had contained the 
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Fig. 10—Comparison of Banded Structure Found in Induction-Hardened Liners 
and That Produced in a 0.402% Phosphorus Conventionally Hardened Cast Iron Heated 
to 1875 °F (1025°C). Light electrolytic chromic acid etch. X 1000. Fig. 10a— 
Induction-Hardened Liner. Observe excess carbides existing outside bounds of phosphide 
area proper. Fig. 10b—0.402% Phosphorus, Conventionally Hardened Iron. Note 
apparent three-phase structure of large carbide particle. 


ternary steadite before quenching, the binary steadite appearing much 
the same although somewhat reduced in volume by the heat treatment. 

When these same etching procedures were performed on the 
induction-hardened liners, similar response was obtained from the 
banded areas. This can be easily discerned by comparing the photo- 
micrographs in Fig. 10. Fig. 10a shows the results of an electrolytic 
chromic acid etch on a typical banded area from the high power 9600- 
cps liner as induction treated, while Fig. 10b shows an almost identi- 
cal structure as produced by conventionally heating and quenching 
the 0.402% phosphorus iron from 1875 °F (1025°C). Some doubt 
was expressed that the white bands were not the constituent being 
most rapidly attacked when etched. Longer etching times ruled out 
this belief as the material composing the white bands disappeared 
completely while little increased effect was noted for the intervening 
dark areas. An interesting feature is the cored nature of the large 
carbide in Fig. 10b, typical of many such areas seen in plain and 
alloyed cast irons. This multi-phased structure results from the 
formation of complex alloy carbides during solidification or heat 
treatment (8). 
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Table IV 


Average Knoop Hardness Numbers of Individual Constituents 
25-Gram Load, 1.30 N.A. Apochromatic Objective 


Constituent Range Average 
Bottom Section, 9600 High Power as Induction Hardened—4% Picral Etch 
oo Ss cc Sa Ge CEST GE EO SEER EER TCU eee 0 Fann 1095—1575 1305 
We i i oe ft da os I peed Sea a eel a Ln Ainge rade 410— 510 460 
Graphite........ MEE (us CPUEs Wap SHEN a oh ee Rap Feu Feweg ost ees a heehee ‘40 (?) 
EA A a a ots a is an keine hs 4a 2 dips ee ss ie e' Saale oa 365 (?) 
Gumpecees AMONG ATORS.. «2... . 68 ee cece cece eseees sie 595—1005 780 
Same Austenitic Areas after Minus 110 °F (Minus 80 °C).......... 965—1575 1200 
Cell Boundary Constituent in Base Metal with 
ES Pee Te 1360—1990 1810 
Cell Boundary Constituent in Base Metal with 
Se I I oo. baa vik ons g thine a's Corbin. bun ess 0 wae 965—1810 1290 
Cell Boundary Constituents in Hardened Case.................... 1465—1980 1720 
0.80% Phosphorus Cast Iron Specimen 
Massive Carbides............... ae <p.4 edie ON Oiea se o's Nee ee tea 1200—2060 1480 


Oe oer Se ae eel. ian boa aed bab eis are ers watts died ble e 805—1025 895 





Microhardness tests were made on the different constituents 
found in the liners to assist identification by comparison of hardness. 
The Knoop indenter was used with a 25-gram applied load and a 
2-mm 1.30 N.A. apochromatic objective. The relative hardness 
values are given in Table IV for the constituents tested. Whenever 
possible, a series of from ten to fifteen indentations was made to 
determine the average hardness of one constituent. However, the 
values obtained for the graphite and manganese sulphide are prob- 
ably much higher than they should be as only two satisfactory inden- 
tations could be obtained in each ingtance and these extended slightly 
into the surrounding martensite. As Knoop numbers vary inversely 
with the applied load unless certain factors are taken into account 
pertaining chiefly to elastic recovery and visibility errors (9), (10), 
direct comparison can be made only between indentations using the 
same load and optical set-up. For these reasons the values in Table 
IV cannot be compared directly with those in Fig. 2. 


The hardness of the light etching constituent, believed to be 
either a form of steadite or carbide, or a po$sible combination of both, 
was high. No great differences could be discovered between any of 
the three types of these structures in the hardened case, but some 
areas in the soft base metal appeared much harder than others. Since 
the hardness of the steadite in the high phosphorus irons was found 
to be lower than many of the massive carbide areas, it is likely that 
the extremely hard constituent in the liners is also carbide. The 
wide spread in hardness values for the boundary constituents in the 
hardened case can be attributed to the softening effects of unknown 
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microshrinks and the presence of the surrounding envelopes of aus 
tenite. It should be borne in mind, though, that the lengths of these 
indentations were exceedingly small and, therefore, subject to greater 
errors in measurement. 

Much of the evidence gathered indicates the light etching areas 
have characteristics similar to the iron-iron phosphide eutectic; 
however, the quantity of these areas present makes it unlikely that 
such a low phosphorus iron would contain steadite of this magnitude. 
Moreover, some of these areas in the core had slightly different etch- 
ing properties and hardness which were somewhat similar to massive 
carbides. Therefore, it is concluded that only part of these areas 
are phosphide-rich as evidenced by the melting near the surface and 
the presence of white bands or plates of carbide similar to those 
found in the mottled sections of high phosphorus irons. Other of 
these areas may be ledeburitic in origin, although this structure has 
been developed by the induction hardening of, defective liners, where 
cracks or defects cause melting by added concentration of the flux 
(11), and has been found not to resemble any structure in the liners 
investigated here. 

Since induction heating by high frequency currents produces 
the greatest temperature at the surface (12), (14) due to the inher- 
ent skin effect of the induced flux, it became likely that the forma- 
tion of these different types of structures could be thought of as 
principally a function of the maxsgmum temperature attained at their 
immediate locations. Comparison of the liner microstructures sub- 
stantiated this assumption since the number of network areas was 
greater in liner No. 9, the high power 9600-cps specimen, than liner 
No. 2, treated with the standard 9600-cps set-up. As the only con- 
dition varied between the two set-ups was the power input, the 
greater depth hardened and coarser microstructure obviously: indi- 
cate increased surface temperatures for the liner hardened with the 
high power set-up. In *each instance the coarser structure was 
associated with the greatest depth of case, which was always located 
near the liner ends. 

The microstructure of liner No. 14, hardened with 3000-cps 
current, differed considerably from that described for the liners 
hardened with 9600 cps. With the exception of a few scattered light 
etching areas and a slight coarsening of surrounding structures at 
the top and bottom, the hardened matrix was composed of fine mar- 
tensite. The carbide and steadite areas mentioned earlier as being 





1948 INDUCTION HARDENING CAST IRON 1055 


boundary constituents were generally similar to that illustrated in 
Fig. 8 and found only in the immediate proximity of the transition 
boundaries of the 9600-cycle liners. A few of these areas located in 
the top and bottom sections were of the banded type (Fig. 7a). The 
network structure found so often just beneath the surface in the 
9600-cps liners was completely absent. Therefore, the finer structure 
and dearth of network areas, indicating momentary fusion, show that 
for equal depths of hardening, the 3000-cps induction heating does 
not produce surface temperatures as high as those attained with 


9600 cps. 
IDENTIFICATION OF RETAINED AUSTENITE 


Considerable speculation has been evoked over the exact nature 
of the light etching areas developed by nital in the liners treated by 
9600 cycles. A substitution of picral as an etchant revealed these 
areas to be composed of several constituents surrounding a central 
structure appearing in several forms which varied according to the 
degree of heating. The true nature of this structure remained doubt- 
ful but its general appearance resembled that of a massive carbide or 
phosphorus-rich area. Immediately around this area was an envel- 
ope of uneven thickness, etching with a tone intermediate to that 
of the dark martensite matrix and the previously mentioned white 
centers. In many instances this envelope would be full of many 
faint needles similar to white martensite. The preponderance of 
these light etching areas in the 9600-cps liners, coupled with the 
reduced hardness when compared to the 3000-cycle specimens, tends 
to signify the presence of large quantities of retained austenite. 
Therefore, several methods were undertaken in an attempt to prove 
or disprove the presence of austenite along with some estimate of 
the quantity involved. These methods were subzero cooling, temper- 
ing, X-ray diffraction, and microhardness tests. 

It is now well established that an increase in hardness upon a 
subatmospheric cooling treatment indicates a transformation of the 
austenite-martensite shear type (15), (16), (17). If an increase 
in hardness does not occur, no significant transformation has taken 
place, but this does not preclude the possibility of austenite still being 
present, as stabilization may have taken place before the cold treat- 
ment (16), (18). Such stabilization is often produced by holding 
at room temperatures for extended periods, or by stress relieving 
and tempering at elevated temperatures. 
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Specimens were taken from each of the three liners at locations 
corresponding to the maximum and minimum depths of hardening 
previously found to be at the center and bottom sections. All tool 
marks were carefuly removed on both surfaces and a series of Rock- 
well “30N” readings taken over the hardened bore surface. These 
specimens were then cooled to minus 110°F (minus 80°C) for 
1 hour and allowed to return to room temperature. The hardness 
tests were repeated, care being taken that indentations did not lie 
too closely to the previous tests. The results of these tests are listed 
in Table V. A considerable increase amounting to 5 points Rock- 
well “30N”’ was observed in the bottom section of liner No. 9, the 
9600-cps high power set-up, while an increase of only 2 points Rock- 


Table V 


Subzero Cooling Data 
Specimens Held 1 Hour at Minus 110°F (Minus 80 °C) 











Liner —————————_Hardness Rockwell ‘‘30N’’-——— = 
As After Cold 
Quenched Treatment Increase 
No. 2 Standard 9600 cps 
Center Section 68—69 69—70 1 
Bottom Section 66—67 67—69 1% 
No. 9 High Power 9600 cps 
Center Section 66—68 68—70 2 
Bottom Section 62—65 67—70 5 
No. 14 Standard 3000 cps 
Center Section 72—74 73—74 4 


Bottom Section 69—71 70—72 1 











well “30N” occurred in the center section. Similar increases of the 
same order but to a lesser extent occurred in the standard 9600 and 
3000-cycle liners. The increase in the center of the standard 3000- 
cps liner was of such a small amount that it falls within the experi- 
mental error for the hardness tester even though the average of ten 
readings was taken. Room temperature stabilization may be a factor 
in inhibiting a complete transformation as the cold treatment was 
not performed until approximately 9 months after hardening. How- 
ever, a repeat of the experiment after 18 months gave substantially 
the same results denoting that whatever stabilization may have taken 
place was completed in a relatively short time. A series of similar 
specimens heated to 325°F (165°C) for 8 minutes in a bakelite 
mounting press failed to increase in hardness any detectable amount. 
Therefore, it can be seen that the austenite present is quite sensitive 
to low temperature draws in regard to stabilization. 

Retained austenite may also be transformed isothermally at 
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Fie. 11—-Change in Microstructure Resulting From Cooling to Minus 110 °F 
(Minus 80°C) for 1 Hour. Picral etch. % 1000. Fie. 1la—Light Etching Austen- 
itic Area in High Power 9600-cps Liner as Hardened. Fig. 11b—Identical Area After 
Cold Treatment. Additional transformation produced solely by dilation during austenite- 
martensite reaction, since no additional etch or other preparation was employed. 


elevated temperatures with the production of dark etching bainitc 
and pearlitic aggregates. It was found that a 3 to 4-hour temper at 
temperatures as low as 500°F (260°C) reduced the size of the 
light etching areas in the liners treated with 9600 cycles to a point 
where little remained but the white etching center of phosphide or 
carbide already discussed. The few small areas where a slightly 
coarser structure existed in the top and bottom of liner 14 (standard 
3000 cps) disappeared completely, leaving only the cell boundary 
segregations to mark their previous locations. 

Two separate X-ray diffraction investigations were performed 
on the liner hardened with the standard 9600-cps set-up in an en- 
deavor to determine what quantity of austenite was present. Both 
reports indicated the presence of some austenite but differed as to the 
amount, the results given varying widely. It is believed that the 
large segregations along the coarse macro cell boundaries apparently 
increase the quantity of the austenite in those regions and, therefore, 
may have contributed to the divergent results. 

The general location of the austenitic areas was determined by 
the Tukon hardness tester using the 25-gram load. Indentations 
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were made on areas suspected of being austenitic and also areas 
believed to be wholly martensitic. The hardness range and average 
for these different structures were determined and the specimen then 
cdéoled to minus 110 °F (minus 80 °C) for 1 hour. The specimen was 
lightly polished on the final cloth lap, re-etched and the hardness tests 
repeated in locations similar to those previously selected. The results 
indicated an average increase in Knoop hardness for the suspected 
light etching austenitic areas of from 780 to 1200. No increase was 
found for the dark etching martensitic areas. Great care had to 
be exercised in selection of the austenitic areas for hardness tests, as 
many of the grains, appearing completely austenitic but for the 
fainfest outline of white needles, gave much higher hardness readings. 
These needles most likely transformed near room temperature during 
the quench and suffered little tempering from the residual heat after 
hardening. Some indication of the degree of transformation resulting 
from the cold treatment in an area largely austenitic is shown in 
Fig. 11. Fig. 1la was taken before cooling to minus 110 °F (minus 
80°C) while Fig. 11b shows the identical area after cooling but 
with no additional surface preparation or etching; the visible increase 
in martensite being due to localized expansion of the surface upon 
transformation. 


CORRELATION OF TEMPERATURE AND MICROSTRUCTURE 


Since higher surface temperatures were suspected with com- 
parable hardened depths for the 9600-cps current, a group of speci- 
mens was conventionally furnace-heated and water-quenched in 
order to introduce some correlation between microstructure, hard- 
ness, and related properties for the various induction-heated liners. 
Eight % x 3% x 5-inch strips cut from one of the liners were furnace- 
heated for 6 minutes at temperatures of 1500, 1550, 1600, 1700, 1800, 
1900, 2000, and 2200 °F (815, 845, 870, 925, 980, 1040, 1095, and 
1205°C) and then quenched in water. The actual temperatures 
attained during the 6 minutes were determined by measurement with 
an optical pyrometer. This method was deemed accurate enough as 
the surfaces checked were roughly machined and covered by a layer 
of oxide scale. The specimen heated to 2200°F (1205°C) melted 
when held 6 minutes, so the time at this temperature was reduced to 
4 minutes. Immediately after the water quench, one end of each 
specimen from 1600 °F (870°C) upwards was broken off and cooled 
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to minus 110 °F (minus 80°C) for 1 hour. Comparisons were then 
made between the hardness and microstructure of each of these 
pieces. The combined carbon contents were obtained for each fur- 
nace-heated specimen by the total carbon-graphitic carbon differ- 
ence. This information is shown in Fig. 12. All of the above results 
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Fig. 12—Increase of Martensite in Microstructure Resulting From Cold 


Teentaal. Related data of conventionally heated and quenched specimens. The 
hardness, immédiately after quenching to room temperature and after subzero 
cooling, is shown along with the combined carbon for each specimen. A quali- 
tative estimation of the increase of martensite in the microstructure produced by 
the cold treatment is also indicated. 


were obtained from the side opposite the hardened case of the speci- 
mens in order not to have carry-over structures of the original induc- 
tion-hardened case. The decarburized surface was also removed. 
It was observed that the hardness decreased with increasing 
austenitizing temperatures and that the microstructure became pro- 
gressively coarser and more like the specimens induction-hardened 
with 9600-cps current. The light etching austenite surrounding the 
carbide-phosphide areas was first visible in the specimen quenched 
from 1650 °F (900°C). These areas increased rapidly in size upon 
approaching 2200°F (1205°C). Fig. 13 illustrates typical areas 
of these specimens. It can be noted that only partial transformation 
took place in the specimen heated to 1390°F (755°C). Incipient 
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Fig. 13—Representative Areas of Conventionally Treated Specimens. Picral etch. 
«x 500. Fig. 13a—Quenched from 1390°F (755 °C). Only partial transformation. 
Fie. 13b—Quenched from 1460°F (795°C). Fig. 13c—Quenched from 1525 °F 
(830 °C). Fig. 13d—Quenched from 1650 °F (900 °C). 


fusion effected a ledeburite structure in the specimen heated at 
2200 °F (1205°C). This brought about a slight increase in the 
expected hardness. No structures of this type were found in the 
induction-hardened liners. 

The center section from the hardened case of the standard 3000- 
cycle liner best resembles the structure found upon quenching from 
1525 °F (830°C) with some regions at the top and bottom falling 
between 1650 and 1770°F (900 and 965°C). The standard 9600 
specimen falls in the vicinity of 1770 and 1875 °F (965 and 1025 °C) 
and the 9600 high power liner between 1770 and 1985 °F (965 and 
1085 °C). While these temperatures cannot be considered as the 
actual temperatures reached during induction heating, due to the 
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Fig. 13—Representative Areas of Conventionally Treated Specimens. (Continued.) 
Fig. 13e—Quenched from 1770°F (965°C). Fig. 13f—Quenched from 1875 °F 
(1025 °C). Fig. 13g—Quenched from 1985 °F (1085 °C). Fig. 13h—Quenched from 
2125 °F (1105 °C). The increase in hardness of this specimen can be attributed to 
the formation of a considerable amount of ledeburite along the grain boundaries stem- 
ming from incipient fusion. 


fact that austenitizing is a process of nucleation and growth and, 
therefore, a function of both time and temperature (19), (20), (21), 
they probably represent the minimum temperatures developed and 
indicate a definite trend in the change in microstructure. It was also 
noted that the structural changes in the carbide-phosphide cell con- 
stituents were visible in the specimens quenched from the higher 
temperatures. 

A comparison of hardness and microstructure between the speci- 
mens quenched to room temperature and those given the additional 
cold treatment revealed an increase in retained austenite with increas- 
ing austenitizing temperatures. Since this indicates a decrease in the 
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M, temperature caused by an increased alloy and/or carbon content 
in the austenite (17), (22), analyses were made to determine what 
quantities of graphite had been reabsorbed. These results, as given 
in Fig. 12 along with hardness and microstructure changes, show 
that resolution of the graphite might be a factor of considerable im- 
portance in contributing to the production of retained austenite. 
However, due to the very rapid heating time of approximately 1.6 
seconds for the induction hardening cycle, appreciable resolution of 
carbon from the graphite would be unlikely except at the higher 
temperatures. There should also be large carbon concentration gra- 
dients surrounding each graphite flake, made visible by an increase 
of austenite in the immediate vicinity of the graphite. This condition 
was not observed in the hardened cases of the three liners. 


DISCUSSION OF RESULTS 


The theoretical and practical aspects of frequency in applications 
to surface induction hardening have been discussed by many (14), 
(20), (23), (24). Essentially, the principal effect is to concentrate 
the induced energy closer to the surface and increase surface tem- 
peratures. This temperature increase has been found to produce 
many apparently unusual results when applied to cast iron. 

Retained austenite was found to be located chiefly along the 
cell boundaries in the hardened case where considerable segregations 
are known to occur. This austenite also formed an interdendritic 
pattern near the surface, the location where austenitizing tempera- 
tures are greatest in the induction process. The retention of this aus- 
tenite probably stemmed from increased alloy contents and some 
resolution of graphite which would bring the M, temperature nearer 
to room temperature. Since phosphorus is known to segregate to 
a considerable degree at the cell boundaries in cast iron, the possibil- 
ity is suggested that this is one of the elements which may assist in 
the retention of the austenite. This possibility is not vitiated by 
the works of several which indicate that phosphorus increases the 
hardenability in cast iron and steel (25), (26). Murphy, Wood, 
and Girardi, in their isothermal transformation studies, also found 
an increase in transformation times fér austenite located along the 
cell boundaries (27). Exact information is lacking as to the effect 
of phosphorus on the M, temperature (28), but any suppression of 
pearlitic and bainitic formations would help the austenite to reach 
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the martensitic range where other alloying elements could then play 
an increasing role in depressing the M, temperature. 

Additional evidence of segregations at these boundaries is found 
in work by Adams (29) who developed the cell configuration for a 
cast iron by taking advantage of the sluggishness of these regions to 
transform to austenite upon heating. This condition was found in 
the liners investigated in that quantities of undissolved carbide 
lamellae were concentrated around some of the carbide-phosphide 
areas along with considerable variations in etching tendencies (Fig. 
8). However, it was found that while these areas were more slug- 
gish in complete reabsorption of the carbides, initial transformation 
to austenite seemed to begin about as soon as in the immediately sur- 
rounding localities. Thus, much of the increased alloy effect may be 
due to increased segregation of carbides and carbide forming elements 
in these areas. 

The light etching constituent developed by nital and picral etch- 
ants was thought to be a mixture of steadite and carbides, as some of 
the structures produced by induction hardening could be duplicated 
in the mottled regions of high phosphorus irons (Fig. 10). Many 
of these structures were found to have actually melted during the 
induction heating cycle, being exclusively located near the surfaces 
of the 9600-cps liners. This melting was indicated by the formation 
of a network structure of the steadite-carbide constituents which 
in most instances could be traced to one of these areas which was 
acting as the supplying reservoir. A small microshrink was gener- 
ally associated with this area, signifying a contraction upon solidifi- 
cation, an effect not at all unusual. Similar structures were not ob- 
served in the unhardened zone. 

Apparently anomalous results were obtained in regard to power 
consumption for the standard 3000 and 9600-cps liners, as less power 
was required to produce a slightly greater hardened depth with 
greater surface temperatures for liner No. 2 (Standard 9600). The 
explanation for this condition lies in the greater concentration of high 
temperatures at the surface, which in turn produces steeper tempera- 
ture gradients with the cold base metal (30). This results in niore 
heat energy being utilized for the production of hardenable austenite 
as contrasted to 3000 cps where less steep temperature gradients 
would allow a larger portion of the pearlitic base metal to be heated 
to very near the transforn.ation temperature without hardening. This 
energy, therefore, would be lost as far as production of a hardened 
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case was concerned. Some evidence confirming this explanation 
was found in the differences in transition zones. Liner No. 14, 
hardened with 3000 cps, was found to have a more irregular transi- 
tion boundary which covered an average distance of 0.008 inch; while 
both of the liners hardened with 9600 cps, but with different power 
inputs and consequently different depths of case, had quite similar 
and much more uniform transition boundaries covering only 0.005 
inch, 

The distortion was observed to be a general over-all contraction 
for all dimensions. This contraction was slightly greater for the 
3000-cycle induction-treated liners, in spite of the fact that lower 
surface temperatures during heating and a more complete martensitic 
transformation indicates higher bore compressive stresses. There- 
fore, these stresses should resist contraction of the length, I.D., and 
O.D. and result in less distortion being noted. The apparent irregu- 
larity in data for the liners hardened with 3000 cps is caused by the 
wider heat-affected zone which is in a state of tension. This zone 
of tension is apparently great enough to offset the increased com- 
pression at the bore surface and effect a larger over-all contraction 
than was experienced with the 9600-cycle liners. 

Normally, whenever economically feasible, the decision as to 
suitability of one method in preference to another is dictated by 
actual performance. Therefore, it is of considerable interest to dis- 
cover that while metallurgical factors indicate a poorer structure for 
the 9600-cps liners, actual wear tests show little difference between 
the two frequencies. Thousands of engines equipped with liners of 
each type have successfully operated for several years in actual serv- 
ice. This similarity in performance may be due, in part, to the 
specialized application chiefly involving abrasion and corrosion resist- 
ance and to the heavy layer of unhardened backing metal. 

If desired, a surface hardness and microstructure similar to that 
of the 3000-cycle liners could be produced with 9600-cps current. 
This would require a slight reduction in the specified hardened depth, 
thereby lowering surface temperatures. It is unlikely that the liner 
life would be reduced as a liner is generally considered unserviceable 
long before wearing completely through the hardened case. 

It has been suggested by some that the effect of frequency upon 
induction hardening has been overemphasized and that by proper 
adjustment of the power input, time of heating and delay before 
quenching, any desired specification could be met, within limits, 
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without special care in the selection of frequency (31). Strictly 
speaking, this statement is open to some criticism, for while there 
is a wide latitude of frequencies with which a given item apparently 
may be satisfactorily hardened, the choice is considerably narrowed 
if it is desired to maintain optimum metallurgical properties and 
efficiency for a specified hardened depth (32). The use of too high 
a frequency in the surface hardening of steel will manifest itself 
chiefly in a coarsening of structure, grain growth and a reduction 
in physical properties. This develops from excessive surface tem- 
peratures and is commonly referred to as “overheating”. The ex- 
pression should be further classified as “harmful overheating’’, to 
differentiate it from the overheating necessary for complete austeni- 
tization with the rapid induction heating rates, as compared to con- 
ventional practice. As no loss of desired properties results from the 
latter type, it may be considered as “harmless overheating”. At- 
tempts to determine the temperatures attained during induction 
hardening without appreciable structure coarsening have been sub- 
ject to much discussion, since the degree of harmless overheating 
varies inversely as the time of heating, consequently introducing con- 
siderable error in the measurement of high heating rates during 
unusually short times. 

The rate of power input for the cylinder liners investigated was 
of a high order, resulting in extremely small heating times; the effec- 
tive time of heating being 1.1 seconds with a delay before quenching 
of 0.5 second. Therefore, austenitizing of even a completely eutec- 
toid matrix for depths of 0.060 to 0.085 inch should produce some 
surface overheating, when consideration is given to the calculated 
theoretical depth of induced flux penetration, stated by Benninghoff 
and Osborn (23) to be 0.020 inch for 9600 cps, and to the short time 
of heating. - 

This overheating should be expected to affect the physical prop- 
erties of cast iron more readily than those of the steels ordinarily 
induction treated. For while gray cast iron has been termed “Steel 
plus Graphite” by MacKenzie (33), this expression only applies in 
a general sense as considerable segregations of certain elements are 
present which may affect the hardenability and other properties dur- 
ing heat treatment. The presence of graphite flakes has also been 
established to be a ready source of carbon at high austenitizing tem- 
peratures (34), (35). Since, in addition to a coarsening, changes 
in the carbon and alloy content of the matrix can produce large vari- 








1066 TRANSACTIONS OF THE A. S. M. Vol. 40 


ations in structure, cast iron can be considered as being more sus- 
ceptible to changes in physical and metallurgical properties when 
overheated, during induction hardening, than ordinary steels. 

These results are verified in this investigation as it was found 
that for comparable depths of hardened case, 9600-cps current pro- 
duced a softer, coarser surface structure with more retained austenite 
and less total power consumption. The factor contributing directly 
to these effects was the concentration of heating energy nearer to 
the surface with the resultant rise in surface temperatures. Since 
frequency was the only condition substantially altered in the hard- 
ening of liners Nos. 2 and 14 which could have effected these changes, 
the various differences in properties enumerated above can be attrib- 
uted to this source. 


SUMMARY 


The induction hardening of the bore surfaces of a series of 
mildly alloyed cast iron cylinder liners was performed : 

1. The effetts of two frequencies were compared, namely 3000 

and 9600 cycles per second. 

2. Power settings were varied for the 9600-cps frequency. 

The principal results of increasing frequency and power input 
were an increase in surface temperatures and depth of case. 

Higher frequencies concentrate heating energy more closely to 
the surface, thereby raising the surface temperatures and producing 
steeper temperature gradients which, in turn, give slightly narrower 
and more uniform transition boundaries. 

Higher temperatures produce a more highly alloyed austenite by 
reabsorption of elements concentrated along the primary solidification 
cell boundaries and some resolution of carbon from graphite flakes. 
This austenite, being more highly alloyed with carbon and other 
elements, resists transformation to martensite until near room tem- 
peratures, therefore resulting in greater proportions of retained aus- 
tenite and somewhat softer surfaces. 

This austenite can be transformed in part by subzero cooling 
with a resultant increase in hardness. Tempering to as little as 
330 °F (165°C) will so stabilize this austenite that the expected 
effects of the cooling treatment will be nullified. Tempering to tem- 
peratures of 500 °F (260°C) for 3 to 4 hours will also largely trans- 
form this austenite to ferrite-carbide aggregates of the bainitic type. 

A greater variance in results should be expected from an over- 
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heated induction-treated cast iron than a similarly treated mild carbon 
steel, as the most deleterious effect to the steel would be a coarsening 
of the structure while a cast iron would have, in addition to this 
coarsening, some resolution of graphite and other constituents which 
change the hardenability and M, temperatures of the matrix. ‘This 
effect is chiefly present along cell boundaries where segregations are 
greatest. Also the increased temperatures may actually melt certain 
low melting constituents present in cast iron. 

A high degree of uniformity was observed for the properties of 
similar locations of the liner cope and drag sections. 

Distortion was not a factor of importance, as wall thickness of 
4 to 5 times that of hardened depth minimizes this effect. 

Due to the fact that the surface hardening of cast iron cylinder 
liners is principally performed to increase wear resistance and this 
hardened surface is backed up by a relatively heavy wall, the 9600- 
cps induction treatment does not reduce performance characteristics 
when compared to those of 3000 cps. However, in certain applica- 
tions where other factors in addition to wear resistance have to be 
considered, these effects might be harmful. 
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DISCUSSION 


Written Discussion: By T. E. Eagan, chief metallurgist, The Cooper- 
Bessemer Corp., Grove City, Pa., and Mt. Vernon, Ohio. 

The authors are to be congratulated for presenting a complete and 
comprehensive paper which is a valuable contribution to our knowledge 
on induction hardening of cast iron. 

There is one point that the authors have apparently neglected to 
mention which may also shed some light on these light and dark areas. 
They state that the graphite distribution was 30 to 50% type E graphite. 
This type graphite shows dendritic pattern. Although we do not know 
too much about the reasons that graphite forms this shape, it seems 
logical to assume that it is caused by too rapid a cool through the solidus. 
Type E graphite distribution is an indication of an unstable condition in 
which a higher than usual amount of carbon is retained in the combined 
state. After solidification the carbon tends to migrate to the graphite 
flakes, but time is usually insufficient to allow a state of complete equilib- 
rium, thus we can get a cored structure with higher combined carbon in 
the center. This cored structure is not usually easily seen in the “as-cast” 
state; however, in the hardened condition it is seen due to the unequal 
attack of the etchant. 

It would be interesting to know whether the authors found these 
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light etching areas more prevalent in the areas which showed the type FE 
graphite distribution. 

Written Discussion: By R. G. McElwee, Vanadium Corporation oj 
America, Detroit. 

The title of this paper indicates that comment regarding other fac- 
tors affecting the response to heat treatment might be mentioned. The 
authors have done a remarkable piece of work which should be highly 
valuable in specifying a heat treatment for the type of iron which was 
investigated. 

Since induction hardening may be desirable on other analyses of cast 
iron, it should be mentioned, for the benefit of those who may be tempted 
to use any cast iron and expect equally good results, that quench tempera- 
tures are vitally affected by silicon content of the iron. 

The re-solution of carbon becomes very sluggish as silicon is raised 
and from a practical standpoint on furnace treatments quench tempera- 
tures may need to be raised as much as 100 degrees for an increase of 
0.50 to 1.00% silicon. 

It is not known, or at least not published, what effect silicon will 
have on rapid heating to higher temperatures than usually occur in fur- 
nace treatments. It would be interesting to investigate this effect. 

Written Discussion: By J. S. Vanick, Development & Research Divi- 
sion, The International Nickel Co., New York. 

In response to an invitation to discuss this paper, | examined it care- 
fully and acquired a deep appreciation of the thorough work which the 
authors had done. They have described their findings so thoroughly that 
the only area open for speculation resides in the special features which 
high frequency induction hardening develops as compared to conventional 
heat treating. In general, the results agree with theoretical expectations, 
namely that higher temperatures, faster cooling rates and cold treatments 
produce the differences in the quota of austenite, martensite and residual 
pearlite that is found in the microstructure. The thinking for induction 
hardening at high frequencies must be considered from the point of view 
of the rate of heating and the rate of diffusion and reaction to heat in 
contrast to the rates prevailing in conventionally heat treated cast irons. 
Segregation of iron carbide to the grain boundaries in a hypereutectoid 
steel, or segregation of ledeburite and its associated constituents like the 
phosphides, is known to occur in the normal solidification of a casting 
after pouring in the foundry. In this case, the high velocity at which 
segregation occurs is evident in the position of local concentrates of 
typical constituents in the microstructure. This is also shown in cast 
iron by the presence or absence of graphite in a casting that is locally 
chilled to produce a sharp temperature gradient in the cast specimen. 
The reverse reaction of diffusing these segregates, particularly in the 
solid, is exceedingly slow. The authors have confirmed the slow diffusion 
in the solid in their high frequency experiments and also in their 2125 °F 
(1165 °C) heatings, the resulting structures of which appear in Fig. 13. 
High frequency induction heating speeds up the rate of heat input, but 
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the heat appears to channel its way through the structure along selective 
ingredients, and in the case of phosphides it may become hot enough to 
achieve fusion before an appreciable diffusion occurs. Cases have been 
known to occur in which only a portion of the pearlite grain structure has 
been transformed to martensite and produced a high hardness, leaving 
skeletons or ghosts’ of the pearlitic pattern unchanged. Similar cases have 
been observed in which only the edges of a pearlitic grain have been 
altered while the core remains unchanged. The authors have illustrated 
some examples of an approach to this condition in Fig. 4 and they refer 
to it in other descriptions of the microstructure. High frequency heating 
would seem to provide an attractive method for locally hardening cast 
iron surfaces provided the process is controlled as the authors indicate 
and the material is of acceptable quality, so that no damage results that 
might threaten the successful performance of the casting. Much help can 
also be supplied through the foundry by employing compositions which 
possess as uniform and homogeneous a structure as it is possible to 
obtain to accommodate the high frequency hardening operation. The 
lesson in avoiding segregation in the original structures of the casting, 
I am sure, has been learned long ago by the foundry and metallurgical 
staff at Caterpillar Tractor Co. 

Written Discussion: By A. W. Herbenar, The Budd Co., Induction 
Heating Division, Detroit. 

The data presented in this paper represent a valuable contribution 
to our knowledge of the metallurgical characteristics of inductively heat 
treated materials. The writers have clearly indicated the effect of both 
frequency and energy input on the resultant microstructure of pearlitic 
cast irons. 

The power requirements listed by the writers for 9600 cps are in 
close agreement with those observed by us through the course of numer- 
ous experiments. Our most reliable values are as follows: 


Gray Cast Iron 9600 cps 1.375 in./sec. 
(Power requirements in KW-sec/in® hardened) 
Case Depth High C.C. and Fine Graphite Low C.C. and Coarse Graphite 
0.040 345 375 
0.060 . 247 270 
0.080 215 235 
0.100 197 217 


A significant item postulated through this experiment is the excessive 
retention of austenite along the primary solidification cell boundaries. 
We have frequently noticed a retarded rate of austenitization of carbide 
in the vicinity of intergranular steadite, and have felt that such regions 
were relatively rich in respect to alloy content, due to both the mode of 
solidification of the ternary eutectic and the limited solubility of complex 
carbide-forming elements in such mixture. At relatively high tempera- 
tures, the complex carbides in the vicinity of the cell boundaries dissoci- 
ate and dissolve forming a very stabilized austenite which does not readily 
transform on subsequent cooling to room temperature. 

Although the writers have indicated the formation and retention of a 





a Nie As RT in 





1072 TRANSACTIONS OF THE A. S. M. Vol. 40 


stabilized austenite due to segregation in as-cast gray iron structures, we 
have evidence that appreciable amounts of austenite, not distinguishable 
by means of etchants or other metallographic measurements, are present 
as a result of the high compression in the hardened case. It is conceivable 
that inducement of high compressive stresses at the time of transforma- 
tion will to some degree restrict the necessary dilation associated with 
the austenite to martensite transformation, the amount of this retained 
austenite being a function of the chemical analysis, austenitizing tempera- 
ture of the heated zone, as well as other factors which affect the final 
stress distribution in the hardened layer. 

As an example, we may cite the results of austenite determination 
on two inductively hardened gray cast irons, hardened with $600 cps, by 
means of magnetic analysis. The analyses of these irons with corre- 
sponding case depths are as follows: 


Iron C.D. =.C, Cx Mn P S Si Ni Mo Cr 
A 0.049 3.11 0.75 0.92 0.107 0.104 1.40 ceeee ooee osee 
B 0.058 2.95 0.61 0.82 0.110 0.123 2.30 0.946 0.06 0.57 


The magnetic analysis of austenite content had two objectives: first, 
to determine the amount of austenite present in the undisturbed cylinder, 
that is, with stresses due to heat treatment; and second, to determine 
the amount of austenite transformed on release of the internal stresses. 
The following tabulation is representative of the results obtained. 


-—% Austenite in Hardened Zone—, 


Indication at Indication at 
Iron Type of Specimen - 500 Oersteds 3000 Oersteds 
A Full Size Ring 26.8 
No Stress Relief 
A Strip Sample 16.5 14.3 
Stresses Relieved 
B Full Size Ring 46.7 
No Stress Relief 
B Strip Sample 31.3 27.5 


Stresses Relieved 


Although the above samples showed little evidence of intergranular 
retained austenite as was discussed in the paper, considerable amounts 
are present as indicated through magnetic analysis. It is interesting to 
note the increased amount of retained austenite in iron “B”, which con- 
tains stabilizing alloying elements and which was heated to a higher 
temperature by virtue of the increased case depth. Furthermore, it has 
been shown that in iron “A”, 38.5% of the retained austenite is trans- 
formed on release of the compressive stresses, while in iron “B”, 33.0% 
of the austenite is transformed by similar release of residual compression. 

In view of these results, we believe that it would be very interesting 
as a phase of further experimentation to compare the wear resistance of 
a nonhomogeneous pseudo-pearlitic structure as obtained through limited 
austenitization with that of a homogeneous martensitic structure, which 
in reality contains appreciable amounts of entrapped austenite. 
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Written Discussion: By Garnet P. Phillips, chief metallurgist, Inter- 
national Harvester Co., Chicago. 

We were interested in the types of stresses found in the induction- 
hardened sleeves. 

In the paper on induction-hardened sleeves, it was stated that: 

1. Slit rings cut from the center of the sleeves closed in, showing a 

predominant compressive stress on the outer half of the sleeve wall. 

2. Slit rings cut from the sleeves after removing the unhardened 
outer layer expanded, showing the hardened bore surface to be in 
compression and transition zone in tension. 

Slit rings cut from sleeves after removing inner hardened zone 
contracted showing transition zone in tension and outer, un- 
hardened layer to be in compression. 

In our largest size truck motors we use hardened, thin (approxi- 
mately 1/16 inch thick wall) dry-type cylinder liners. These are hardened 
by oil quenching and tempering. Prior to machining, they are annealed. 

Recently, tests were made on three types of metal as follows: 

1. Low carbon unalloyed iron. 

2. Low carbon molybdenum-chromium-nickel iron. 

3. Medium carbon fairly high nickel-chromium iron. 

Item 2 above was similar to the iron used by Messrs. Sloan and Hays, 
except the chromium content was 0.24% and molybdenum content 0.46%. 

After machining, hardening and finishing, the three types were care- 
fully checked for distortion and stress. All three were found to be 
barrel-shaped; i.e., the mean outside diameters at the centers were 
larger than either those at the top or bottom. The mean diameters at 
the top (flange) ends were greater than those for the bottom ends. The 
differences were numerically small, being within the specified range of 
4.5025 to 4.5030 inches. 

When one of each type was slit lengthwise, all opened up indicating 
predominant compressive stresses. No particular difference in stress 
could be found between the liners made with the three irons. 

Radial contours varied from a true circle in all three types but fol- 
lowed no definite pattern. The degree of out-of-round in all cases was 
within specified limits. 

As all three types were hardened to Rockwell C-45 to C-55 range, 
they were comparable in hardness to the hardened bores of the induction- 
hardened sleeves. Also, the three types of hardned thin dry liners corre- 
spond to the induction-hardened bore surfaces with the exceptions that 
the dry liners are thicker and, during hardening, are not confined within 
a layer of cool gray iron. 

The data on stresses indicate that both types of hardened layers are 
subject to the same types of stresses. 

When the unalloyed low carbon iron (type 1 above) is annealed prior 
to machining, the resulting structure is a mixture of free ferrite and 
pearlite with a low combined carbon and hardness in the range of Brinell 
130 to 180. When oil-quenched, a considerable amount of the graphite 
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goes into solution and the final structure is fully martensitic. The ques- 
tiun arises as to whether this type of structure would be hardened to as 
great a degree by the induction method with its very short heating time. 

The writer believes the paper prepared by Messrs. Sloan and Hays to 
be excellent and to represent the results of a great amount of painstaking 
research. It is a valuable addition to the scanty literature on induction 
hardening of gray iron. 


Authors’ Reply 


The authors wish to express their appreciation for the comments and 
questions advanced by the discussers of this paper. 

In answer to Mr. Eagan’s question concerning the location of the 
type E graphite with respect to the light etching areas, it was found that 
the type E graphite appeared chiefly near the surface of the liner centers 
while the light etching areas occurred mostly at the liner ends. The 
prevalence of the light etching areas was associated with the higher tem- 
peratures attained because of the inherent nature of induction heating, 
rather than any differences in degree of segregation. Very likely, the 
more rapid cooling of the center surfaces, coupled with the relatively low 
carbon and therefore more highly dendritic content of this hypoeutectic 
iron, promotes the formation of this graphite type. However, the carbon 
and general alloy content of the dendrites would be less than that of the 
interdendritic eutectic. Graphitizaton would lower the carbon in the 
eutectic matrix but would leave essentially the same high alloy content, 
especially segregated at the cell boundaries. It was concluded, therefore, 
that alloys other than carbon were contributing to the retention of the 
ausenite which occurred, for the most part, interdendritically. 

Mr. McElwee mentions a point which was not touched upon in the 
original paper as only one analysis was utilized. However, induction- 
hardened irons of higher silicon contents almost always give lower hard- 
ness values. Several causes for this effect are advanced: The increase 
in silicon lowers the eutectoid carbon content; there is a greater tendency 
toward the formation of free ferrite grains in the original casting; and 
the Aci; is raised with an accompanying decrease of austenitizing rates. 
Additional rehardening and greater power inputs do not remedy this con- 
dition, but actually reduce the hardness still further. The microstructure 
appears as fully hardened martensite with small islands of ferrite scat- 
tered throughout. Tukon tests of this martensite show it to be quite a 
bit softer than the martensite existing in liners which fall within specified 
hardness. Tempering and refrigeration tests indicate retained austenite 
is not the cause of this soft structure. 

The avoidance of excessive segregation and unsoundness, which Mr. 
Vanick emphasizes, is quite essential to the successful induction hardening 
of cast iron. The high thermal shock during heating and quenching may 
cause cracking in weak iron or along minute defects similar to incipient 
hot cracks and which are visible only as a line of apparently enlarged 
graphite flakes. 
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Dr. Herbenar presents data which confirm findings of the authors 
that power input requirements increase with the lower combined carbon 
and coarser graphite irons. At the same time, the coarse graphite irons 
do not harden as well as those with fine graphite. Besides raising the 
resistivity, higher silicon very likely causes the deviations in power input 
by increasing the graphite and consequently altering the magnetic and 
electrical properties. 

Although the presence of compressive stresses may facilitate the re- 
tention of austenite it would be of interest to know if the relief of 
residual stresses entered into the magnetic determinations of Dr. Her- 
benar, since the percentages of retained austenite for the case depths and 
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analyses given are somewhat higher than would be expected by the 
authors. 

Comparison of wear resistance between partially austenitic and hetero- 
geneous martensite bore structures does reveal unexpectedly good results 
for the austenitic cases, particularly in view of their lower hardness. 

Mr. Phillips inquires about the suitability of induction hardening par- 
tially ferritic and low combined carbon irons. As would be expected, 
present evidence shows that with rapid heating rates a uniform sorbitic 
or completely pearlitic matrix as cast is a necessary requisite to obtain- 
ing maximum hardness. This factor seems much more critical for cast 
iron than steel. 

To obtain a more accurate conception of the actual residual stress 
values and their distribution, a standard 3000-cps liner was analyzed by a 
modified Sachs’ method,’ by which the stress distribution was determined 





2G. Sachs and K. R. Van Horn, Practical Metallurgy, published by American Society 
for Metals, 1940, p. 179. 
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in the tangential direction. Fig. A shows the results of this investigation. 
The stresses were computed by measuring the average diametrical 
changes 7% inches from the head end upon removal of small increments 
of the bore. These values are not wholly correct due to neglecting the 
effects of triaxiality for the sake of simplicity; however, they are valid for 
illustrating the general stress character. The bore surface and hardened 
case stresses were compressive and reached a maximum of 18,700 psi. 
Just beneath, the values changed to tension, going to a high of 22,000 psi 
while the stress reverted to comparatively low compression (5000 psi) 
near the outside diameter. These results are in agreement with the 
works of Johnson,* wherein the residual stresses were determined for 
induction-hardened cylinders and ring gears. 





8W. G. Johnson, ‘Practical Applications of the Motor Generator Type of Induction 
Heating (Frequencies up to 10,000 Cycles),’”’ Induction Heating, published by American 
Society for Metals, 1946, p. 59. 





A STUDY OF THE METALLURGICAL CHARACTERISTICS 
OF THREE INDUCTION-HARDENED STEELS 
HEATED AT VARIOUS RATES 


By James W. PoyNTER 


Abstract 


Specimens of SAE 1045, 1.06 per cent carbon drill 
rod and SAE 4340 steels in the pearlitic, normalized, and 
spheroidized (drill rod only) prior conditions are induc- 
tion-heated at various heating rates to a temperature 
slightly above the critical and to 1040°C (1900 °F). 
Eberbach microhardness determinations and _ metallo- 
graphic examinations are made on the hardened zone. It is 
found that the hardness increases with heating time until 
sufficient carbon to produce full hardness has been dissolved 
and that the hardness then decreases slightly with longer 
heating times. This decrease is attributed to the presence 
of more retained austenite in the structure resulting from 
quenching a more homogeneous austenite. All the data 
can readily be explained by the conventional processes of 
solution, diffusion and transformation. It is suggested 
that the so-called superhardness is due partially to internal 
stresses, partially to less retained austenite resulting from 
quenching a nonhomogeneous austenite formed on rapid 
heating, and partially to the Burns, Moore and Archer 
values for the maximum hardness of steels of various 
carbon contents being slightly low for the higher carbon 
steels due to the presence of some retained austenite in 
the specimens used in their investigation. 


INTRODUCTION 


N most of the previous investigations on the metallurgical char- 

acteristics of steels heated by induced high frequency electric 
currents, the temperature to which the specimens are heated has been 
taken as the principal variable and the rate of heating subordinated 
to it. The heating times have varied from 2.5 to 120 seconds, with 
times of 7 seconds and more predominating. 





A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. The author, James W. 
Poynter, is metallurgist, Materials Laboratory, Engineering Division, Wright 
Field, Dayton, Ohio. Manuscript received May 27, 1947. 
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This investigation was conducted to show the effect of varia- 
tions in the rate of induction heating to two given temperatures 
[approximately 815°C (1500°F) and 1040 °C (1900 °F)] on the 
hardness and metallographic structures of three steels (4340, 1045 
and 1.0% carbon drill rod) each in different physical conditions 
before induction heating. The work is a continuation of that pre- 
viously reported (1)* and gives results obtained on more rapid heat- 
ing and with the addition of the two plain carbon steels. 


EXPERIMENTAL PROCEDURE 


The actual compositions of the three steels (4340, 1045 and drill 
rod) used in this investigation are given in Table I. The 4340 steels 
are the ones used in the previous investigation on induction hard- 
ened steel by the author (1). Specimens of the 4340 steels were 
prepared in the normalized and drawn and in the pearlitic conditions ; 
specimens of the 1045 steel were prepared in the normalized and 
pearlitic conditions ; and specimens of the drill rod in the normalized 
(pearlitic) and in the spheroidized conditions. All specimens were 
machined after heat treatment, thus insuring absence of any de- 
carburization. 

The heating rates were varied by changing the power input to 
the 30-kilowatt spark gap-type converter, by the use of different size 
heating coils (transformer type) and by the use of different size 
(% inch to % inch) specimens. 

For the slower heating rates, an optical pyrometer was tsed to 
determine when the specimens had reached the desired quenching 
temperatures. 

For the more rapid heating rates, the specimens were heated for 
a definite time. This time was the average of several determinations 
of the time necessary to heat a blank to the desired temperature as 
measured by the optical pyrometer. While the individual heating 
times on the blank may be in error due to the difficulty in reading 
the optical pyrometer during such rapid temperature changes, the 
average of the times is believed to be sufficiently accurate to produce 
substantially the desired temperature. 

A temperature 25 degrees higher than the minimum of the heat 
treating range specified in Army-Navy Aeronautical Specification 
AN-QQ-H-201, “Process for the Heat Treatment of Steels”, was 
selected as a suitable temperature slightly above the critical. A tem- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Chemical Composition of Steels Used 


4340 (Spec. AN-OQ-S-756) 





Normalized earlitic 
Element Specimens Specimens SAE1045 Drill Rod 
Carbon 0.40% 0.40% 0.46% 1.06% 
Manganese 0.67 0.65 0.63 0.25 
Silicon 0.25 0.18 
Sulphur 0.016 0.016 0.032 
Phosphorus 0.012 0.019 0.010 
Nickel 1.83 1.76 
Chromium 0.78 0.72 


Molybdenum 0.25 0.26 


perature of 1040°C (1900°F) was selected as a temperature at 
which the rates of solution and diffusion of carbon would be much 
more rapid. 

The exact time used in heating each specimen and each blank 
was determined by a cycle recorder so connected that it operated only 
while the converter was energized. 

The specimens were suspended in the center of the heating coil 
by an electromagnet. This electromagnet was so connected to the 
converter that it was de-energized when the power to the converter 
was shut off, dropping the specimen into a quench tank directly under 
the coil. With this arrangement the specimen was quenched in a 
very small fraction of a second after heating ceased. 

The induction-heated and quenched specimens were then sec- 
tioned carefully to avoid changing the structure, given a metal- 
lographic polish and etch, and examined. The examination and sub- 
sequent hardness determination were confined to the hardened area 
of the specimen. 

All hardness values were determined by use of the Eberbach 
microhardness tester using a 100-gram load. The value reported 
represents the average of at least 25 individual readings taken in two 
entirely separate areas of the hardened layer. The accuracy of the 
microhardness tester was frequently verified by checking the hard- 
ness of pieces on which the hardness had also been measured by the 
Vickers hardness tester. While the individual microhardness value 
might vary, it was found that the average of seven or more values 
always agreed within 5 to 10 VPN with the Vickers value. 


RESULTS 


Hardness Tests—The heating times and resulting hardness 
values of specimens heated to temperatures slightly above the critical 
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temperature are given in Table II. The same data are given for the 
specimens heated to 1040 °C (1900 °F) in Table ITI. 
Metallographic Examination—The results of metallographic 
examination of the specimens heated slightly above the critical tem- 
peratures are given in Table IV. The same information is given for 
the specimens heated to 1040 °C (1900 °F) in Table V. The various 
metallographic structures are shown in Figs. 1 to 11, inclusive. 


DISCUSSION 





The results of a previous investigation by the author led to the 
conclusion that quenched SAE 4340 steel had the same metallurgical 
characteristics regardless of furnace or induction heating (1). This 
finding is substantially the same as that reached by most of the other 
investigators of different steels (2), (3), (4), (5), and implies that 
the steel hardens by the usual austenite-pearlite type or austenite- 
martensite transformation on cooling of the austenite formed on 
heating. Equally well known is the fact that the rates and temper- 
atures at which these transformations take place are dependent upon 
the chemical composition of the steel. In conventional furnace heat- 
ing of steels, the heating time is long and ample time is available for 
most of the carbides to dissolve and for a relatively homogeneous 
austenite to result by diffusion. On quenching, all parts of this uni- 
form austenite will be expected to react alike. However, on rapid 
heating such as taking place in induction heating, the heating times 
may be so short that the austenite is still appreciably nonhomogeneous 
when quenched. 

Lauderdale and Harder (6) show that times of 1 second to 10 
minutes are necessary for sufficient carbon to dissolve in spheroidized 
steels to produce full hardness, the shorter times being associated 
with the higher transformation temperatures. Bain (7) points out 
that “the final properties (of hardened steels) are profoundly altered 
by . . . the degree of homogeneity of the distribution of dissolved 
carbon and other elements”, and states that he has seen quenched 
steels (originally a coarsely pearlitic state) in which the markings 
of the original lamellae are clearly visible because the “martensite 
was of uneven carbon content”. He also makes the significant 
observation that “an inhomogeneous austenite is not unlike an 
intimate mixture of two steels (and intermediate ones also).”’ 
Roberts and Mehl (8) conclude that “the austenite formed in 
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Table II 
Effect of Heating Time on Hardness of Steels Heated Slightly Above 
Critical Temperature 


: Hardness? Average 
Time Quench Range Average Converted to 
"PN 


Specimen Condition Method! Seconds Medium VPN Rockwell C? 
4340 Steel 
1 Normalized O 4.3 Oil 491- 698 603 54.5 
2 & Drawn O 5.3 Oil 550- 632 598 54.5 
3 282 VPN O 7.3 Oil 526- 777 641 56.5 
4 O 9.4 Oil 564- 880 675 58.0 
5 O 10.6 Oil 482- 860 648 57.0 
6 Pearlitic T 3.2 Oil 398- 578 496 48.0 
7 (175 VPN) 7 3.3 Oil 398- 698 550 51.5 
8 T 3.9 Oil 437- 731 554 52.0 
y O 7.7 Oil 421- 632 529 50.5 
10 =r 3.5 Water 564- 762 671 58.0 
1045 Steel 
11 Normalized T 2.6 Water 605- 990 730 60.5 
12 (178 VPN) T 3.0 Water 713- 960 809 63.5 
13 T 3.9 Water 605- 990 826 64.0 
14 Pearlitic O 3.2 Water 539-1020 777 62.5 
15 (151 VPN) O 9.0 Water 606- 988 703 59.5 
Drill Rod 
16 Normalized = 2.8 Water 681-1020 866 65.0 
(233 VPN) 
18 Spheroidized a 2:7 Water 591- 830 720 60.0 
19 (157 VPN) O 9.9 Water 762- 990 901 66.5 
20 O 16.9 Water 810-1020 903 66.5 
21 O 8.3 Oil 305- 437 364 36.5 
22 O 11.3 Oil 632- 990 784 63.0 


Notes: tLetter O denotes that the temperature was determined by an optical pyrometer 
sighted on specimen, 
Letter ] denotes the sample was heated for a time previously found to give the 
desired temperature. 
2Hardness measured by Eberbach Hardness Tester. 100-gm load. 
8VPN values converted to Rockwell ‘“‘C’’ using conversion table in Federal 
Specification QQ-M-151 ‘‘General Specification for Inspection of Metals’’. 


Table Ill 
Effect of Heating Time on Hardness cf Steels Heated to 1040 °C (1900 °F) 


Hardness? Average 


/ Time? Quench Range Average Converted to 
Specimen Condition Seconds Medium VPN VPN Rockwell C® 
4340 Steel 

23 Normalized 8.1 Oil 503-663 583 53.5 

24 and Drawn 12.0 Oil 526-731 610 55.0 

25 (282 VPN) 19,2 Oil 539-731 605 54.5 

26 22.7 Oil 539-650 599 54.5 

27 Pearlitic 14.4 Oil 482-681 590 54.0 

(175 VPN) 


1045 Steel 


28 Normalized 5.6 Water 550-880 686 58.5 
(178 VPN) 


Drill Rod 
29 Normalized 8.8 Water 605-990 770 62.0 
30 (233 VPN) 19.5 Oil 578-880 722 60.0 
31 Spheroidized 7.3 Water 762-990 867 65.5 
(157 VPN) 
32 20.0 Oil 713-990 816 64.0 


Notes: ?Temperatures were determined by an optical pyrometer sighted cu specimen. 
2Hardness measured by Eberbach Hardness Tester. 100-gm load. 
8VPN values converted to Rockwell C using conversion table in Federal Specification 
QQ-M-151, “General Specification for Inspection of Metals’’. 
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" Fig. 1—Original Structure of Normalized and Drawn 4340 Steel Before Induction 
eating. 


Fig. a Defined Martensitic Structure Found After Heating Normalized 
and Drawn 4340 Steel to Critical Temperature in 7.3 Seconds. 


Fig. 3—Acicular Structure with Pattern of Original Pearlitic Lamellae Still Visible 
in Pearlitic 4340 Steel Heated to Critical Temperature in 3.9 Seconds. 


Fig. 4—Pseudo-pearlite Found in Pearlitic 4340 Steel After Heating to Critical 
Temperature in 3.5 Seconds. 714 VPN. All nital etch. XX 500. 





INDUCTION-HARDENED STEELS 


Fig. 5—Structure of Normalized 1045 Steel Before Induction Heating. 


Fig. 6—Martensitic Structure Obtained in Normalized 1045 Steel After Heating 
to the Critical Temperature in 3.9 Seconds. 

Fig. 7—Structure of Normalized Drill Rod After Heating to Critical Temperature 
in 2.8 Seconds. 


Fig. 8—Structure of Spheroidized Drill Rod After Heating to Critical Temperature 
in 8.3 Seconds and Oil Quenching. All nital etch. > 500. 
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Fig. 9—Martensitic Structure Obtained on Heating Normalized and Drawn 4340 
Steel to 1040 °C (1900 °F) in 12 Seconds. 


10—Structure Obtained on Heating Normalized 1045 Steel to 1040 °C 


Fig. 
(1900 °F). 


Fig. 11—Martensitic Structure Obtained in Spheroidized Drill Rod Heated to 
1040 oe (1900 °F) in 20 Seconds. All nital etch. X 500 


eutectoid steels is not homogeneous when the ferrite disappears as a 
structural constituent, for undissolved carbide remains, the solution 
rate of which is dependent upon both time and temperature. Carbon 
concentration gradients exist for appreciable times after the carbide 
itself is no longer visible in the microstructure”. 
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Table IV 


Effect of Heating Time on Metallographic Structure of Steels Heated Slightly Above 
the Critical Temperature 





4340 Steel Normalized and Drawn : 
Original Structure—Resembled a poorly defined pearlite or a well tempered martensite 


(Fig. 1). 
Specimen 1—( 4.3 sec.) Uniform fine structure. A not too well defined acicular martensite. 
Specimen 2—( 5.3 sec.) A uniform, not too well defined martensitic structure. 
Specimen 3—( 7.3 sec.) A martensitic structure. The needles were thicker and more 
distinct than in the previous specimens (Fig. 2). 
Specimen 4—( 9.4 sec.) Structure similar to that of Specimen 3. 
Specimen 5—(10.6 sec.) Structure similar to that of Specimens 3 and 4 except it was 


more acicular and more clearly defined. Not entirely homogeneous 
since certain areas etch darker than the rest. The resulting 
pattern appeared to outline a previous coarse grain structure. 


4340 Steel—Pearlitic 
Original Structure—A well defined, medium coarse pearlite. 

Specimen 6—( 3.2 sec.) Lamellar structure, resembling pearlite. Evidence of some 
solution at extreme surface. 

Specimen 7—( 3.3 sec.) Lamellar structure, resembling pearlite. Lamellae were rounded, 
showing that some solution had occurred. 

Specimen 8—( 3.9 sec.) A poorly defined structure similar to that observed in Specimens 
3, 4, and 5. The structure type appeared acicular although the 
vee 3)” the original pearlitic lamellae is still clearly visible 

ig 

Specimen 9—( 7.7 sec.) A very poorly defined lamellar structure. Very similar to 
Specimen 8 except the lamellar pattern was less pronounced. 

Specimen 10—( 3.5 sec.) A _ definite lamellar structure closely resembling peariite was 
found near the surface. Further away from the surface, evidence 
of solution was noted but the lamellar structure was retained. 
Occasional areas of acicular martensite were found toward the 
interior (Fig. 4). 


1045 Steel Normalized 
Original Structure—Grains of very fine pearlite in a ferritic matrix (Fig. 5). 

Specimen 11—( 2.6 sec.) The grains which were pearlitic are now martensitic. The extent 
and appearance of the ferritic matrix was substantially unchanged. 
Evidence of partial transformation was found at several of the 
ferrite-martensite interfaces. 

Specimen 12—-( 3.0 sec.) Similar to Specimen 11 except much of the ferritic matrix had 
disappeared. No apparent grain growth had occurred. 

Specimen 13—( 3.9 sec.) The structure was martensitic. All the ferrite had disappeared. 
Possibly some slight amount of retained austenite close to surface. 
Many formerly ferritic grain boundaries could be detected by 
their darker etching characteristics (Fig. 6). 


1045 Steel Pearlitic 

Original Structure—A coarse pearlitic structure. Some of the lamellae were broken into 
short —" apparently indication of incipient spheroidization. 

Specimen 14—( 3.2 sec. Grains of s00rly defined martensite with a discontinuous ferrite 

network. No indication of the prior pearlitic structure was noted. 

Specimen 15—( 9.0 sec.) A structure similar to that of Specimen 14 except much less 

ferrite was noted. 


Normalized Drill Rod 
Original Structure—A coarse’ pearlitic structure with undissolved spheroidized carbide 
‘ particles distributed at random. 
Specimen 16—( 2.8 sec.) A matrix with an unresolved structure containing undissolved 
spheroidized carbide particles. No indication of the prior pearlite 
structure was noted (Fig. 7). 


Spheroidized Drill Rod 
Original Structure—Carbide particles well spheroidized with 
_ small to large. 
Specimen 18—( 2.7 sec.) A martensite structure containing undissolved carbides. Small 
areas of an unresolved transformation product were noted. 
Specimen 19—( 9.9 sec.) A martensitic structure containing undissolved carbides. The 
martensite was more clearly defined than in Specimen 18 and less 
carbide particles were noted. A number of areas of the dark 
etching acicular martensite were noted. 
Specimen 20— 6 9 sec.) The structure was similar to that of Specimens 18 and 19. 


particle sizes ranging from 


Specimen 21—( 8.3 sec.) The structure was made up of transformation products and 
carbide particles. Some small martensitic areas were noted 
(Fig. 8). 


Specimen 22—-(11.3 sec.) The structure was similar to that of Specimen 18 except thet 
the amount of transformation product was greater. 
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Table V 
Effect of Heating Time on Metallographic Structure of Steels Heated to 1040 °C : ™ 














4340 Steel Normalized and Drawn 
Original Structure—Resembled a _ poorly Seine’ pearlite or a well tempered martensite 


ig 

Specimen 23—( 8.1 sec.) A poorly defined structure containing an occasional distinct 
martensite needle. The ene was such as to indicate many 
of the crystallographic planes. Retained austenite was noted on 
and near the surface. Whe prior grain structure was frequently 
outlined by darker etching. 

Specimen 24—(12.0 sec.) An _ acicular martensitic structure. The structure was non. 
uniform and medium coarse. Some retained austenite was noted 
near the surface (Fig. 9). 

Specimen 25—(19.2 sec.) A poorly defined structure, most likely martensitic. This structure 
was more uniform than that of Specimen 24. 

Specimen 26—(22.7 sec.) A rather uniform medium coarse martensitic structure. Some 
retained austenite was noted near the surface. A few of the 
prior grain boundaries were delineated by darker etching. 

Pearlitic 4340 Steel 
Original Structure—A well defined medium coarse pearlite. 

Specimen 27—-(14.4 sec.) A poorly defined nonuniform martensitic structure. The lamellar 
character of the original pearlitic structure was still distinctly 
visible in some grains. 

Normalized 1045 Steel 
Original Structure—Grains of very fine pearlite in a ferritic matrix (Fig. 5). 

Specimen 28—( 5.6 sec.) A light etching, not well defined matrix (probably martensitic) 
containing some coarse needles of martensite. Evidence of 
retained austenite near the surface was noted (Fig. 10). 

Normalized Drill Rod 

Original Structure—A coarse pearlitic structure with undissolved 

particles distributed at random. 

Specimen 29—( 8.8 sec.) A coarse martensitic structure. 

Specimen 30—(19.5 sec.) A not too well defined martensitic structure containing undis- 
solved carbides. Numerous areas of low temperature trans 
formation products were noted. 

Spheroidized Drill Rod 

Original Structure—Carbide particles well spheroidized with 

small to large. 

Specimen 31—( 7.3 sec.) A martensitic structure with the acicular character not too clearly 


defined. Occasional very coarse martensitic needles are noted. 
Specimen 32—(20.0 sec.) A medium coarse acicular martensitic structure (Fig. 11). 


spheroidized carbide 


particle sizes ranging from 





Digges (9) has shown that, at least for high purity iron-carbon 
alloys, “the transformation of a nonuniform grain of austenite often 
proceeds at various rates in different regions within the grain” 

The various TTT curves presented by Davenport (10) show 
that, on a gross scale, variations in carbon and alloy contents produce 
definite changes in the transformation rates and temperatures. 

For the austenite-martensite reaction, Payson and Savage (11) 
conclude that a number of elements soluble in the austenite lower 
the M, point in proportion to the amount dissolved. Of these ele- 
ments, carbon has by far the greatest effect in depressing the Mg. 

This evidence tends to support McQuaid’s belief (12) that the 
characteristics developed by induction hardening are better explained 
by incomplete carbon solution and diffusion than by increased carbon 
solution and diffusion. 

It is proposed to review the data obtained in this investigation 
to see if they can be satisfactorily explained by this mechanism. 
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On heating to a temperature slightly above the critical, the hard- 
ness values of the normalized and drawn 4340 specimens, No. 1 to 5, 
inclusive, Table II, tend to increase with increased heating times up 
to about 9 seconds, and then to drop off slightly with longer heating 
times. Even with allowance for the approximate nature of the 
VPN-Rockwell C conversion tables, the hardness of Specimen 5 is 
still somewhat higher than that found on specimens of the same steel 
heated for appreciably longer times (1). 

The lower hardness found on Specimen 5 (10.6 seconds heating 
time) is readily explained by McQuaid’s assumption (12) that the 
austenite first formed by induction heating is nonhomogeneous; as a 
result, the martensitic structure formed from this nonhomogeneous 
austenite contains less retained austenite, compared to a martensitic 
structure formed from a homogeneous austenite. Presence of re- 
tained austenite is believed to be the cause of the sharp decrease in 
the minimum hardness value found in Specimen 5. 

Confirmation of this is found in the hardness values obtained on 
the normalized and drawn specimens (Nos. 23 to 26, inclusive, Table 
III) heated to 1040 °C (1900 °F). The hardness of these specimens 
is not appreciably affected by variations in the heating rate and agrees 
well with that previously reported (1) for steel of this composition 
and condition heated at much slower rates to temperatures above the 
critical. These hardness values are distinctly lower than those found 
on Specimens 3-5, Table II, heated rapidly to temperatures just 
above the critical and indicate the presence of more retained austenite 
in the specimens of more uniform composition. 

The metallographic structures show similar trends. In Speci- 
mens 1-5 inclusive, Table IV, the structure approaches a uniform 
martensite as the heating time increases. In Specimens 23-26 inclu- 
sive, Table V, the martensitic structure is coarser and better devel- 
oped, as would be expected from the higher diffusion and reaction 
rates at the higher temperatures, and evidence of retained austenite 
is noted. Although the structure is not as well developed in the 
shortest heating time (8.1 seconds) as in the longest (22.7 seconds), 
the coarseness of the structure appears to be the same in both cases. 
It is interesting to note that the structure shown in Fig. 9 (12 seconds 
heating time) appears identical with the structure previously ob- 
tained with 39.2 seconds heating time (Fig. 21 of Reference 1). 

The hardness values of the pearlitic 4340 Specimens 6 to 9 
inclusive, Table II, also increase with heating time but the values 
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are not as high as those of the normalized and drawn Specimens 
1 to 5. Metallographic examination shows that the lamellar char- 
acter of the previous pearlitic structure persists to some degree. 

When a specimen of the pearlitic 4340 steel is heated to 1040 °C 
(1900 °F), the full hardness for steel of this carbon content with an 
oil quench is developed (Specimen 27). This hardness is the same 
as that developed by the normalized and drawn Specimens 23-26 
inclusive, heated to the same temperatures. Metallographic exam- 
ination of Specimen 27 shows that the structure is martensitic and 
that most all traces of the prior pearlitic structure have disappeared. 
At 1040 °C (1900 °F) the diffusion rate apparently is sufficiently 
rapid to compensate for the differences in the size and spacing of the 
carbide particles. 

The treatment of pearlitic Specimen 10 (Table II) differs 
significantly from that of Specimen 7 in that Specimen 10 is water- 
quenched with the intention of obtaining the higher hardness pre- 
viously found on water-quenched specimens of this steel (1). While 
the hardness of Specimen 10 is considerably higher than that of oil- 
quenched Specimen 7, it is not as high as that obtainable on normal- 
ized and drawn water-quenched samples (Rockwell C-58 vs. C-62.5). 
Metallographic examination of Specimen 10 reveals a definite lamel- 
lar structure difficult to differentiate from pearlite (Fig. 4). 
A VPN hardness of 714 is found on a grain of this pseudo-pearlite. 
This water-quenched specimen contains a much better defined pseudo- 
pearlite than oil-quenched Specimen 7, even though Specimen 7 is 
presumably heated above the critical temperature for a shorter time 
than Specimen 10. 

These results indicate that the heating and quenching can be so 
rapid that an appreciable amount of carbon solution and diffusion 
does not take place. The measured hardness value probably repre- 
sents an average of the hardness of the undissolved carbide plates 
and the low carbon martensitic lamellae. Ellis (13) has found this 
pseudo-pearlitic structure of high hardness in induction-heated armor 
piercing shot and Martin and Wiley (4) report it in an 0.80% 
carbon steel. 

The hardness of the normalized 1045 steel (Specimens 11, 12 
and 13, Table II) increases with increased heating time similar to 
that of the 4340 specimens. Since only short heating times are used, 
no decrease in hardness due to retained austenite in the more homo- 
geneous specimens is noted. 
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The metallographic examination, Table IV, indicates that, as 
would be expected, the amount of free ferrite decreases with increas- 
ing heating time due to the diffusion of carbon. 

The pearlitic 1045 steel Specimens 14 and 15, Table II, behave 
in the same way as the normalized 1045 steel. However, the longer 
heating time (9.0 seconds) is enough for a decrease in hardness to 
occur, indicating a more uniform austenite and consequently a greater 
possibility of retained austenite after quenching. Since no evidence 
of the lamellar structure of the original pearlite remains, and since 
a hardness equal to that of the normalized material is obtained, it 
appears that the solution and diffusion of the carbide is more rapid 
in pearlitic 1045 than in the pearlitic 4340 steel. 

This is contrary to the finding of Martin and Van Note (5) that 
the alloy steels respond more readily on rapid heating than plain 
carbon steels of the same carbon content. 

When a specimen (No. 28) of normalized 1045 is heated to 
1040 °C (1900 °F), the resulting hardness is lower than that found 
on any of the 1045 specimens heated to the critical temperature since 
a more homogeneous austenite results in more retained austenite on 
quenching. The hardness of the specimen (No. 15) heated to the 
critical at the slowest rate, which consequently had the most time for 
diffusion of the carbon, is nearest that of Specimen 28 The hard- 
ness of these two specimens (686-703 VPN, or approximately Rock- 
well C-58.5 to C-59.5) is about 4 Rockwell C units less than the 
value (Rockwell C-62 to C-63) given by Burns, Moore and Archer 
(14) as the maximum hardness obtainable with a 0.46% carbon 
steel. This difference between the maximum possible and that ob- 
tained under ordinary quenching conditions is the same as that found 
for 4340 steel (1). 

The normalized drill rod (Specimen 16, Table II) fully hardens 
when heated to a temperature slightly above the critical in 2.8 seconds ; 
however, the spheroidized Specimen 18 does not fully harden in this 
time. This again emphasizes the relation between the spacing and 
size of the carbide particles and the time required for sufficient solu- 
tion and diffusion of the carbon to develop full hardness in the 
quenched structure. A similar difference in response between nor- 
malized and tempered and spheroidized structures in 4340 steel has 
already been reported (1). 

Full hardness of the spheroidized drill rod is developed on 
9.9-seconds heating time to the critical temperature (Specimen 19). 
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Contrary to the behavior of the 4340 and 1045 steels, the hardness 
of the spheroidized drill rod does not decrease with still longer heat- 
ing times (Specimen 20). 

The very large hardness difference (364 VPN vs. 901 VPN) 
between Specimens 21 (oil-quenched) and 19 (water-quenched), 
Table II, of the spheroidized drill rod is of special interest since both 
specimens were heated for substantially the same time and since 
obviously the entire hardness difference cannot be explained by 
differences in internal stress. The metallographic examination shows 
that the structure of Specimen 21 is composed of carbide particles 
and intermediate temperature transformation products of the decom- 
position of austenite while the structure of Specimen 19 is marten- 
sitic. This suggests that the heating time is not sufficient to allow 
for much solution and diffusion of the carbon after the ferrite- 
austenite transformation and consequently that the severity of the 
oil quench is not enough to suppress the reverse transformation in 
most parts of the nonuniform austenite until the M, temperature is 
reached. 

In the drill rod specimens heated to 1040°C (1900 °F), the 
prior structure of the specimens as well as the method of quenching 
after induction heating affect the resulting hardness. The normal- 
ized Specimens 29 and 30 (Table III) heated to 1040 °C (1900 °F) 
develop lower hardnesses than the normalized Specimen 16 heated 
slightly above the critical temperature while spheroidized Specimens 
31 and 32 (Table III) heated to 1040 °C (1900 °F) develop hard- 
nesses substantially equal to those of the spheroidized specimens 
(Nos. 19, 20, and 22, Table II) heated slightly above the critical 
temperature, This behavior can be explained on the assumption that 
the small and uniformly distributed carbide particles of the normal- 
ized material produce a uniform austenite more readily than the 
larger spheroidized particles and that quenching this uniform austen- 
ite results in a structure containing some retained austenite with the 
resultant slight decrease in hardness. It would be expected that a 
corresponding decrease in the quenched hardness of the spheroidized 
material due to retained austenite would be found in specimens 
heated for longer times or at higher temperatures to permit the 
development of a more homogeneous condition. 

It is interesting to note that the difference in hardness between 
the water-quenched and the oil-quenched specimens is not as great 
as is found in the other two steels and that the phenomena of so- 
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called “‘superhardness” are not apparent since the maximum hardness 
developed (850-900 VPN, or approximately Rockwell C-65.5 to 
C-66.5) agrees very closely with the value (Rockwell C-67) given 
by Burns, Moore and Archer (14) as the maximum obtainable in 
quenched steel. This maximum hardness is reached with a carbon 
content of approximately 0.55%. In the case of the 1.06% carbon 
drill rod steel, the formation of an austenite of this carbon content 
should be quite rapid since only half of the available carbon must 
go into solution, the remainder serving to increase the concentration 
gradient and consequently the speed of diffusion and the resulting 
uniformity of the austenite. Because of this uniformity, retained 
austenite is present in the quenched structure and the observed hard- 
ness agrees well with the Burns, Moore and Archer value. The 
lower carbon contents of the 1045 and 4340 steels also dissolve but 
the concentration gradients are obviously lower and more time is 
therefore necessary for the austenite to become homogeneous. Little 
if any retained austenite results in specimens quenched before the 
austenite becomes uniform and a higher hardness results. 

In this connection consideration should be given to the possibility 
that the hardness values reported by Burns, Moore and Archer may 
be somewhat lower than the maximum possible for steels in the 
higher carbon range due to the presence of retained austenite since 
their small specimens were presumably heated for sufficient time for 
a homogeneous austenite to result and then quenched in iced caustic 
solution. These authors are aware of this likelihood for they point 
out that their “values for maximum hardness . .. . do not reflect the 
possibility of additional increases in hardness of a few points on the 
Rockwell scale by tempering at low temperatures.” 

It may well be that the “superhardness” effect is produced par- 
tially by the presence of internal stresses (1), (2), (5), (15), par- 
tially by the lesser amounts of retained austenite in the martensite 
resulting from the quenching of nonhomogeneous austenite formed 
in short heating times, and partially by the Burns, Moore and Archer 
hardness values being slightly under those obtainable if the quenched 
structure contained no retained austenite. In this connection, Martin 
and Van Note (5) also conclude that some of the superhardness is 
due to retained austenite but attribute it to “a finer martensitic 
structure’. 

In those cases where specimens have been heated to the critical 
temperature and to 1040 °C (1900 °F) in approximately equal times, 
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a comparison of the metallographic structures shows a definite 
coarsening in the structures of the specimens heated to the higher 
temperature. In all cases, the structures of the specimens heated to 
1040 °C (1900 °F) are better defined than those of specimens just 
heated to the critical temperature in comparable times, reflecting the 
more rapid diffusion at the higher temperature. These results sub- 
stantiate the author’s previously reported conclusions (1) that the 
martensitic structure of induction-heated steels coarsens with in- 
creasing temperature in the same way as furnace-heated steels. 


SUMMARY 


The results of this investigation lead to the conclusions that 
the behavior of steel during heat treatment is governed by exactly 
the same fundamental metallurgical principles of solution, diffusion, 
and transformation rate, regardless of the method or rate of heating. 
This conclusion, based on data obtained with varied rates of heating 
to fixed temperatures, is the same as that reached in practically all of 
the investigations based on data obtained with substantially constant 
heating rates to different temperatures. The apparently anomalous 
structures or hardness values sometimes observed on rapid heating 
can readily be explained when proper consideration is given to the 
form and distribution of the carbon in the original structure, the 
amount of solution and diffusion of this carbon, the effect of non- 
homogeneous austenite on the amount of retained austenite in the 
quenched structure, and to the presence of internal stresses. A pre- 
diction that exactly the same metallurgical behavior would be ob- 
served in specimens heated at the same rate to the same temperature 
in a molten salt bath or other method of heating therefore seems 
justified. Martin and Van Note (5) have presented some data on 
SAE 2350 and SAE 4160 steels showing less retained austenite in 
a specimen heated 3 seconds in a lead bath than in one heated 3 hours. 
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DISCUSSION 


Written Discussion: By A. W. Herbenar, The Budd Co., Induction 
Heating Division, Detroit. 

The author should be highly commended for the presentation of this 
data relative to the rates of heating during induction hardening. An 
analysis of this data clearly indicates the necessity of maintaining a 
proper energy input and time cycle, relative to the material analysis and 
original structure, in order to attain the best metallurgical characteristics 
of the hardened layer. 
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It is very significant that the analyses chosen for this experiment 
were such that the SAE 1045 and SAE 10105 both contained a proeutec- 
toid phase in the original microstructure, namely, ferrite and carbide; 
while the SAE 4340 contained a single homogeneous structure. In nu- 
merous instances problems involved in successfully induction hardening 
a given part center around the ability to obtain complete solution of the 
proeutectoid phase and, therefore, proper austenitization before hardening. 

The sluggishness of the SAE 4340 in response to austenitization at 
accelerated rates can be partially explained on the increased stability of 
the carbide phase. The presence of carbide stabilizers, such as chromium 
and molybdenum, greatly affects the temperature at which the complex 
carbides will dissociate integral with their solution in the already formed 
austenite. This is substantiated by experiments conducted on SAE 52100 
and SAE 10100, wherein the same energy input at 9600 cps was employed. 
Although both analyses showed the same original microstructure, the 
degree of complete austenitization was much more pronounced in the plain 
carbon analysis than in the alloyed analysis. This is in accord with the 
results on pearlitic SAE 1045 and pearlitic SAE 4340 obtained during the 
course of this experimental work. 

In case of hypoeutectoid type of steels exhibiting excess ferrite, it 
is necessary to employ sufficient energy input to completely dissolve this 
phase. This energy requirement, as indicated by Mr. Poynter, is depend- 
ent upon the size and distribution of this excess constituent which in 
turn governs the time-temperature relationship to accomplish necessary 
diffusion for homogeneous austenitization. In most cases, complete ab- 
sence of ferrite or a remnant intergranular quenched pearlitic structure is 
not desired in the hardened structure, both from the standpoint of wear, 
as well as fatigue strength. 

The retarded rate of austenitization of a spheroidized hypoeutectoid 
structure as compared to one completely lamellar can be explained on 
the basis of the difference in specific resistivity between the two struc- 
tures and, hence, the temperature of austenitization at a given energy 
input. For an example, we have found that in hardening internal sur- 
faces with 3000 cps, and a feed rate of 0.75 inch per second, the energy 
requirement of 26.5 K.W. sec/in® is required to austenitize a medium 
lamellar structure, while an energy of 28.7 K.W. sec/in’ is required on a 
spheroidized structure with the diameter of the spheroidal carbide being 
equivalent to the thickness of a carbide lamella. A slightly deeper case 
also results in case of spheroidized structure due to higher energy input. 

It is our feeling that the factor of austenite retention in inductively 
hardened material is not only a function of the austenitizing temperature, 
but also of the compressive stresses which are set up during the hard- 
ening operation. It is quite evident that high compressive stresses will 
restrict necessary dilation changes associated with the austenite to 
martensite transformation. Some experiments which we have conducted 
on alloyed cast irons indicate a transformation of 30 to 35% of the re- 
tained austenite in an inductively hardened layer merely through me- 
chanically relieving the internal stresses through cutting. 
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Although the data submitted in this paper indicate, in a general way, 
the behavior of certain steels on accelerated rates of heating, it is felt 
that such data would provide more constructive information if the factors 
of power input and case depths were correlated with the heating times 
and resultant microstructure. 

Written Discussion: By R. H. Lauderdale, metallurgist, Northern 
Ordnance Inc., Minneapolis. 

Mr. Poynter has conducted additional experiments to verify findings 
of other investigators to the effect that induction heating of steel causes 
solution, diffusion, and transformation processes to occur just as they 
would occur as a result of any other method of heating. 

I have had occasion to study many induction-hardened steels under 
the metallographic microscope and have observed that as a result of the 
extremely short heating cycles used on most production jobs, undissolved 
carbides are found in most cases, especially in the medium to higher car- 
bon steels. It is my opinion that extremely high hardness values often 
developed by the induction hardening process are due not only to the 
absence of retained austenite in the quenched structure, but due to the 
extremely high stresses set up by pressure quenching a thin heated layer 
of steel. Regarding the quenching technique used by Mr. Poynter, I am 
inclined to doubt the accuracy of hardness values obtained by dropping 
the heated specimens into a tank of either oil or water. It has been my 
experience that more reliable and uniform results can be obtained by pres- 
sure quenching of the part under controlled conditions of time, pressure 
and temperature of the quenching medium. 

Written Discussion: By J. P. Moran, Induction Heating Corp., 
New York. 

We want to take this opportunity to express our appreciation for 
again being asked to discuss this latest paper by Mr. Poynter since we 
had this opportunity at the last Metal Congress. We want to also com- 
mend Mr. Poynter for continuing his work in investigating the metallur- 
gical aspects of induction heating because we, as manufacturers of such 
equipment, are always interested in information obtained by those outside 
the industry. The problem Mr. Poynter has investigated is of very great 
interest to all users of induction heating, but we feel the data pre- 
sented are somewhat incomplete. We fully realize that with the limited 
induction heating equipment and accessories at his disposal the author 
is handicapped to a certain extent, and the following discussion should 
be taken in the light of constructive rather than destructive criticism, 
because he does not have the latest in induction equipment which is avail- 
able to the manufacturers. 

The data obtained and the explanations of them seem plausible enough 
at first glance, but contain the possibility of serious error when analyzed 
in the light of the methods used to obtain them and their presentation. 

In describing the procedure the author states that all specimens were 
quenched by immersion in oil or water contained in a tank directly below 
the heating coil. He further states that variation in heating time was 
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obtained in part by the use of “different size (4 to % inch) specimens”, 
In Induction Heating Corporation laboratories we have found that im- 
mersion quenching without agitation of either the part being quenched 
or violent agitation of the quenching medium can account for variation 
in hardness on pieces heated for the same length of time of as much 
as 3 or 4 points Re dependent on the size of the part. This latter fact 
has a bearing on the use in these tests of different sized specimens. 
With different diameter specimens the ratio of surface area to mass is 
different, and therefore the cooling rate will vary. The imposition of 
these variables quite conceivably could go a long way toward explaining 
some of the results obtained. 

Part of the difference in hardness obtained might possibly be the 
results of variation in cooling rate as well as differences in diffusion or 
transformation. This is particularly true since, as the author points out, 
we are dealing with structures which are metallurgically nonhomogene- 
ous, and the cooling rates required will be somewhat greater than those 
needed for furnace-heated specimens. For the above reasons common 
commercial practice in quenching with induction heating usually involves 
rather precise control of the quenching medium and its application. 

It is unfortunate that the data given in Tables II and III did not 
include the specimen size. This is especially important when we remem- 
ber that induction heating is a surface effect and we assume that tem- 
perature readings were made at the surface. Under these conditions the 
total depth of heated surface will vary with the heating time; the total 
mass of material to be quenched will, therefore, vary and thus the cooling 
rate. We feel that the results were analyzed with a variable present 
which was not taken into account. 

Specimens 14 and 15, for instance, show that the latter heated for 
9 seconds resulted in an Re of 59.5, three points lower than Specimen 14 
which was heated for 3.2 seconds to Re 62.5. Presumably Specimen 15 
is the larger of the two and under the quenching conditions existent 
would have a slower cooling rate and thus might account for the 3 Rc 
points lower hardness. We have observed variations of this order in 
similar steel specimens which were corrected merely with changes in the 
quenching fixtures. 

The same reasoning might be applied to Specimen 28 with a hardness 
5.5 Re under the maximum obtainable for 1045 steel (as given by Specimen 
13). The amount of retained austenite in this steel could hardly be suffi- 
cient to reduce the hardness to this extent, since in Table V the metal- 
lographic examination showed, and we quote “Evidence of retained aus- 
tenite near the surface was noted”. It is more likely to suppose that 
larger specimen size and the relatively slower cooling rate through the 
range 1300 to 900°F (705 to 480°C), because of the higher quenching 
temperature, might well explain the lower hardness. 

In conclusion we sincerely hope that with the data the author has, 
some correlation of the results represented can be made taking into con- 
sideration the variation in the cooling rate due to different diameter speci- 
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mens and the range of hardness readings on which the reported values 
were based. 

Written Discussion: By H. B. Osborn, Jr., sales manager, The Ohio 
Crankshaft Co., Tocco Division, Cleveland. 

As one who is very much interested in the use of induction heating 
for processing of metals, I was pleased to have had an opportunity of 
reviewing Mr. Poynter’s paper. 

He is to be commended for having done a very excellent job of 
research on presenting data and information which should be of extreme 
value to people who plan to give consideration to the use of induction 
hardening for processing of their parts. 

Having been faced with the preparation of pictures for publication 
purposes, I should like to congratulate the author on the excellence of his 
photomicrographs. 

As I have stated in several recent publications, I quite agree that 
there is nothing unusual or unique about the use of induction heating 
from the metallurgical standpoint if we accept and understand the funda- 
mentals which must be taken into consideration when we are involved 
with extremely short heating cycles. 

Further, earlier publications have shown the difference between 
hardnesses obtained with induction heating as compared with those pro- 
duced by conventional methods. The explanation offered by the author 
that the Burns, Moore and Archer data are slightly in error due to the 
presence of retained austenite is a new idea, to me at least. None the 
less, it seems quite evident that the rapid treatment by induction heating 
does impart stresses to the hardened area which unquestionably give 
evidence of their presence by slightly higher hardnesses. 


Author’s Reply 


The statements:of Messrs. Herbenar, Lauderdale and Osborn that 
internal stresses are a factor in the “superhardness” effect observed in 
induction-hardened steels are quite true. Internal stresses are not given 
more emphasis in this paper since their effects are rather extensively dis- 
cussed in a previous paper (1) which includes experimental data. 

Some data on the effects of power input and heating time on the 
case depth and resulting metallographic structure, in which Dr. Herbenar 
expressed an interest, can also be found in this previous paper. 

The results of Dr. Herbenar which show that plain carbon 10100 steel 
austenitizes much more completely than alloyed 52100 steel under the 
same conditions of induction heating are a welcome confirmation of my 
findings on 1045 and 4340 steels. Both of these findings tend to disprove 
the validity of the statement of Martin and Van Note (5) that the alloy 
steels respond more readily to induction heating than plain carbon steels 
of the same carbon content. 

Although the effectiveness of the quenching technique is questioned 
by Mr. Lauderdale and Mr. Moran, it is believed that the procedure used 
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is entirely adequate for the purpose and is reproducible. The quenching 
technique allows the heated specimens to fall through 24 inches of water 
or oil in a large tank. Since the specimen enters the quenching medium 
in the same position each time and passes through it in the same time 
with substantially the same amount of agitation, the quenching technique 
is considered reproducible. It also seems reasonable to assume that, in 
view of the small volume of heated metal to be cooled, the agitation pro- 
duced by the passage of the specimen through the quench is sufficient 
to cool the specimen below 900°F (480°C) before it reaches the bottom 
of the tank. 

Mr. Moran’s remark concerning the necessity for a more severe 
quench for some parts of nonhomogeneous structures emphasizes the 
discussion given in the paper of the behavior of Specimens 19 and 21. 
Of course, it is theoretically possible that a certain area in a nonhomo- 
geneous austenite may be of such composition that even the most drastic 
quench possible would not be sufficient to suppress the pearlitic-type 
transformation. Variations in the severity of quench through a wide 
range therefore cause changes in the area and compositions of the non- 
homogeneous austenite which will and will not undergo the pearlitic-type 
transformation without changing the basic principles involved. 

For this reason, and since it is desired to minimize the effect of 
internal stresses which are known to be associated with the more drastic 
quenches, quenching procedures are selected which are considered com- 
parable with those used in quenching furnace heated steels of similar 
compositions. 

Mr. Moran’s explanation of some of the observed hardness variations 
being due to differences in specimen size is at variance with the experi- 


mental data. All specimens are 4% inch in diameter, with the exceptions 
noted in the following tabulation: 





















Specimen No. 








Diameter (Inch) 











2 V, 
4 %, 
5 VA 

24 \ 

25 ¥4 

2 


Va 


It is therefore seen that it is not possible to explain the observed differ- 
ences in hardness between Specimens 14 and 15 and between Specimens 
13 and 28 by differences in the size of the specimens or by differences in 
the cooling rate. 

In conclusion, it is desired to thank all those who have kindly par- 
ticipated in the discussion. 
















THE EFFECT OF CARBON CONTENT ON THE HARDEN- 
ABILITY OF BORON STEELS 


By G. D. RAHRER AND C. D. ARMSTRONG 


Abstract 


This paper concerns an investigation to determine 
the predominant factors influencing the hardenability of 
boron steels. Hardenability values are based on a com- 
parison of results from end quench hardenability speci- 
mens representing 53 boron steels of open-hearth manu- 
facture and companion boron-free steels of substantially 
the same analyses. Compositions include plain carbon 
to medium alloy types with carbon contents from 0.12 
to 0.95%. 

Results indicate that, with boron additions of 0.0006 
to 0.0045%, only carbon content and intensity of deoxida- 
tion affect the hardenability factor for boron to a demon- 
strable degree. Considering carbon content, the multi- 
plying factor for boron can be expressed by the formula: 


Fg = 1+ 1.5 (0.90 — C) 


in which Fy represents the multiplying factor, and C, the 
carbon content im per cent. Evidence is presented that 
steel must be well deoxidized for attaining the potential 
increase in hardenability from a boron addition. 


REVIEW OF SOME PREVIOUS INVESTIGATIONS 


HE usual method for estimating the hardenability of a steel of 

known chemical composition is that proposed by Grossmann 
(1).* Its basic principle is that the hardenability of a steel can be 
expressed as a product of multiplying factors, one for each of the 
elements present in its composition. In general, the factor for any 
one element increases as its content in a steel increases. The multi- 
plying factors for each alloying element have been determined experi- 


'The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-ninth Annual Convention of the 
Society, held in Chicago, October 18 to 24, 1947. Of the authors, G. D. Rahrer 
is staff metallurgist, Metallurgical Division, Alloy Unit, Western Area, Car- 
negie-Illinois Steel Corporation, and C. D. Armstrong is metallurgist, Research 
Laboratory, Gary Steel Works, Carnegie-Illinois Steel Corporation. Manu- 
script received June 4, 1947. 
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mentally from the effect of varying contents in an otherwise constant 
composition. Various attempts have been made to measure the ef- 
fect of boron by this same method. The reason for the variations 
in the factor as reported by various investigators now appears to be 
in the differences in carbon contents of the basic compositions in- 
vestigated. 

The general conclusion was that hardenability increased to a 
certain value with increasing boron content. After this maximum 
gain in hardenability was attained, increments to the critical amount 
of boron produced no deeper hardening and even some diminution 
from the maximum effect. 

Testing samples of 0.60% carbon steel with various boron addi- 
tions, Grossmann (1) found a maximum hardenability factor for 
boron of 1.49 calculated from hardness patterns of quenched rounds. 
The optimum boron addition was 0.0025% with the actual amount 
recovered in the steel not determined, but probably 0.0015 to 
0.0020% boron. 

Working with samples of alloy steels containing 0.30 to 0.55% 
carbon, Crafts and Lamont (2) calculated an average value of 1.76 
for the multiplying factor for boron. Hardenability was determined 
from end quench specimens by the method of Asimow, Craig and 
Grossmann (3). The investigators also concluded that the addition 
of deoxidizers, such as aluminum in an amount sufficient to produce 
a fine grain structure at the usual quenching temperatures, was nec- 
essary to achieve the maximum effect of boron. 


Grange and Garvey (4) pointed out that the effect of boron on 
hardenability was greater as carbon content decreased. This con- 
clusion was based on experimental results obtained on samples from 
four commercial opeii-hearth heats to which boron-containing alloys 
had been added to some ingots during teeming. All were plain car- 
bon steels with carbon contents of 0.40, 0.52, 0.63 and 0.75%. 
Hardenability was estimated in terms of ideal critical diameter from 
end quench specimens. Comparisons with specimens from boron- 
free ingots of the same heats indicated hardenability increases due 
to boron of 75, 53, 30 and 12% with corresponding 0.40, 0.52, 0.63 
and 0.75% carbon contents. Results indicated that a minimum of 
0.001% boron content or slightly less was required for the maxi- 
mum increase in hardenability. 


More recently, Udy and Rosenthal (5) found that the harden- 
ability of 0.30% carbon alloy steels containing boron was approxi- 
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mately twice that of steels of the same compositions without boron. 
Hardenability values were determined from end quench specimens 
in both the forged and cast conditions. The values, in terms of ideal 
critical diameters, were based on observed distances from quenched 
end to 50% martensite. One set of compositions was 0.30% C, 
0.50% Ni, 0.50% Cr, and from 0.00 to 0.40% Mo; another set of 
compositions was 0.30% C, 1.60% Mn, and from 0.00 to 0.40% Mo. 
Optimum effects of boron (hardenability factors of 1.60 to 2.40) 
were produced from additions of 0.0015% B in the form of ferro- 
boron or 0.002% B in the form of a commercial alloy containing 
principally manganese, aluminum and titanium. Additions of 0.003 
to 0.006% B effected a smaller average increase in hardenability. 
The hardenability effects found in the cited previous investiga- 
tions are presented for comparison with the authors’ values in Fig. 3. 


SAMPLES ON WuiIcH DATA ARE BASED 


The samples on which the authors’ data are based were obtained 
from commercial open-hearth heats produced at the Gary Steel 
Works of the Carnegie-Illinois Steel Corporation. The total ingot 
weight of each heat ranged from 15 to 180 tons. Melting and 
teeming practices were the same as those usually followed excepting 
the addition in some cases of greater than standard amounts of alu- 
minum. All ingots were of killed steels and cast in hot top molds 
with the exception of the ingots from which Samples Nos. 14 and 
15 (Table 1) were obtained. The latter ingots were poured in open 
top molds. 

Representative analyses of the commercial boron addition agents 
used are given in Table II. In general, the boron contents of the 
addition agents indicated by the producers can be considered as min- 
imum amounts. Analyses of which the authors are aware show up 
to twice the published content of boron. Boron additions were made 
either to the ladle after other additions or to the ingot during teem- 
ing, the method of addition being indicated in Table I. If added 
to the ingot, the boron alloys and aluminum shot were distributed 
uniformly during the pouring of the ingot. 

For comparison with each boron steel sample, another without 
boron of approximately the same chemical composition was obtained. 
If a sample containing boron originated from a ladle-treated heat, 
a comparison specimen was taken from a boron-free heat of the 
same chemical composition and processed by the same methods. If 
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the boron addition agent was added to a test ingot, a companion 
sample was taken from an adjacent ingot without boron. 

Of the boron-containing samples, 20 were plain carbon steels 
with carbon contents ranging from 0.21 to 0.95%; 33 were of low 
or medium alloy content and contained from 0.12 to 0.69% carbon. 
The number of alloy steels containing boron, identified according to 
principal alloying elements, were as follows: 2 manganese; 6 molyb- 
denum; 9 silicon; 1 chromium-molybdenum; 1 manganese-molybde- 
num ; 4 nickel-molybdenum ; 7 chromium-nickel-molybdenum ; 3 man- 
ganese-chromium-nickel-molybdenum. 

Chemical analyses, grain size, kind and amount of boron addi- 
tion agent, and total aluminum added are presented in Table I. Check 
chemical analyses were made on the bar samples. 


ESTIMATION OF HARDENABILITY 


The basis of hardenability measurement was the standard end 
quench or Jominy test. Most samples were taken from the middle 
of the ingot; in all cases, samples of boron and boron-free steels to be 
compared were obtained from the same ingot location. In prepara- 
tion, the full section of the rolled product was forged to a round ap- 
proximately 114 inches in diameter, normalized approximately 100 
°F above the intended quenching temperature, and machined to 
standard dimensions. Each specimen was heated to the conventional 
quenching temperature for that particular steel. 

At least two longitudinal flats 180 degrees apart were formed 
on each Jominy specimen by surface grinding to a depth of 0.020 to 
0.030 inch. Rockwell C values were determined at intervals of 7% 
inch to a distance of 2% inches from the quenched end. The vaiues 
used in hardenability estimations were average readings on two sides 
of the specimen; or in some cases, the average of all readings on 
duplicate tests. 

The hardenability of each steel was expressed in terms of ideal 
critical diameter (D;) using the method proposed by Asimow, Craig 
and Grossmann (3). Estimation of D; is based on the relation be- 
tween D, and distance on the Jominy bar (D;) from the quenched 
end to a critical hardness. Unpublished data by the Research Labo- 
ratory of South Chicago Works, Carnegie-Illinois Steel Corporation, 
indicate that the values for D, on steels of very low hardenability 
should be somewhat lower. This conclusion was based on the experi- 
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Table Il 
Analyses of Boron Addition Agents 













Code Mn Si Al Ti Vv Zr Ca B 
Alloy V_ (Ferroboron) ex 2.63 bade hae eeny a sa oe oghak’ Re 
Alloy W (Silcaz No. 3) «aa 39.54 6.60 9.84 sa este 7.49 9.68 0.44 
Alloy X (Grainal No, 1) oer 1.22 10.38 13.38 26.88 wited peel 0.38 
Alloy Y (Grainal No. 6) 0.55 2.67 14.39 20.71 13.45 in ee : 0.40 


Alloy Z (Grainal No. X-79) Fat 12.22 23.52 ° ..... iM ia 
















ideal Diameter (inches) 











0.4 0.8 1.2 1.6 
Distance from Quenched End, (inches) 


2.0 


Fig. 1—Revised Curve for Estimation of Ideal Critical 
Diameter From Jominy Distance to Critical Hardness. 










Hardness - Rockwell © 


~--M.A.Grossmann -Piain Carbon Steels 
— J.M. Hodge a M.A.Orehoski-Low Alloy Steels 


0.10 0.30 0.50 0.70 0.90 
Carbon % 


Fig. 2—Relation Between Carbon Content and Hardnesses 
of 50% and 90% Martensite. 













mentally determined correlation of hardness of quenched rounds and 
of Jominy tests. This modified curve, which has appeared in a paper 
by Hodge and Orehoski (6) and is shown in Fig. 1, was the basis 
of hardenability determinations. 

From the end quench test values, two values of D,; were deter- 
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mined for each steel; one on the basis of Jominy distance to 50% 
martensite, and the other to 90% martensite. The relations between 
critical hardnesses and carbon contents are shown in Fig. 2. For the 
low alloy steels, the critical hardnesses assumed for 50% and 90% 
martensite at various carbon contents were those found by Hodge 
and Orehoski (7) from the correlation of hardnesses and micro- 
structures observed on a series of end quench tests with contents of 
0.15 to 0.79% carbon. For the plain carbon steels, the critical hard- 
nesses assumed for 50% martensite at various carbon contents are 
those of Asimow, Craig and Grossmann (3). The values for 90% 
martensite are from unpublished data of Grossmann. 

The hardenability factors for boron were determined essentially 
from the ratio of the D; (derived from end quench test) of a boron 
steel to the D,; of the companion boron-free steel. For example, from 
Samples 1 and 2 the hardenability factor for boron estimated directly 
from end quench test results is 1.97 (2.17 -- 1.10). 

To compensate for slight differences in chemical composition of 
companion samples, a correction based on hardenability calculated 
from chemical composition was applied. The multiplying factors are 
according to Grossmann (1) with the exception of that for titanium 
which is according to Crafts and Lamont (2). The correction fac- 
tor obviously would be inversely proportional to the ratio of the 
calculated D,; of the boron steel (omitting a factor for boron) to the 
calculated D, of the companion boron-free steel. Referring to the 
above example of Samples 1 and 2, the correction to be applied is 
0.91 (0.79--0.87). The final value for the multiplying factor 
for boron is, accordingly, 1.79 (0.91x1.97) in this case. 

The various D,; values employed in calculations and the final 
results for the hardenability factors for boron in the samples investi- 
gated are listed in Table I. 


DISCUSSION OF RESULTS 


It will be noted that the hardenability factor for boron in any 
one sample is approximately the same, whether calculated from Dy, 
values based on 50% martensite or based on 90% martensite. This 
could be anticipated from Hodge and Orehoski’s conclusions in their 
paper (6) on the relation of hardenability values and the percentage 
of martensite as determined on various end quench tests. 

The effect of boron on the hardenability values of the samples 
examined is shown graphically in Figs. 3 and 4. Values found by 
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0.40 0.60 
Carbon% 
Fig. 3—Effect of Carbon Content on the Hardenability 


Factor for Boron (Based on Ideal Critical Diameters Derived 
From 50% Martensite Critical Hardness). 


0.80 


Hordenability Factor 
















0.40 0.60 
Carbon % 


Fig. 4—Effect of Carbon Content on the Hardenability 
Factor for Boron (Based on Ideal Critical Diameters Derived 
From 90% Martensite Critical Hardness). 


0.80 










earlier investigators are also plotted in Fig. 3. The average effect 
of boron on hardenability was slightly less in the commercial heats 
herein considered than found by previous investigators since more 
values are lower than a curve indicating their average results. Re- 
sults of this investigation agree in that the effect of boron becomes 
negligible at about eutectoid composition. 
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o 1OB25 Specimens 
2.20 F e 10845 Specimens 
x 10875 Specimens 


1.60 


1.40 


Hardenability Factor 











O O05 1.0 oS . 209 se. 20 23 
Aluminum Addition - Pounds per Ton 


Fig. 5—Effect of the Amount of Aluminum Added on 
the Hardenability Factor for Boron. 


The factor for boron in the calculation of hardenability as af- 
fected by carbon content can be expressed approximately by the 
formula: 


Fz = 1 + 1.5 (0.90 — C) 


where Fy, is the hardenability factor for boron and C is per cent car- 
bon. This assumes a value for Fy, of 1.00 at 0.90% carbon and of 
1.90 at 0.30% carbon. This variation of the multiplying factor for 
boron with carbon content is shown in Fig. 3 as an approximate 
average. The authors believe that the assumption of a straight-line 
graphical expression of the relation between C and Fx, will yield 
a result sufficiently accurate for practical purposes. 

Considering all samples, a study of the effect of the amount of 
aluminum added indicated no apparent correlation with the influ- 
ence of boron. However, an analysis of results on samples from the 
same grades, especially those from ingots of the same heat to which 
varying amounts of aluminum had been added, disclosed a rather 
pronounced trend. Such results were available on 10B25 (Samples 
3 to 8), 10B45 (Samples 12 to 23), and 10B75 (Samples 29 to 34), 
and are presented in Fig. 5. An extrapolation through the points 
on each grade indicates that, without an aluminum addition, boron 
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would have little effect on hardenability. Udy and Rosenthal (5) 
drew the same conclusion from a similar analysis of their data. They 
expressed the opinion that the addition of other deoxidizers besides 
aluminum in sufficient quantity to insure the maximum effect of 
boron on hardenability would not be practical. It is at least evident 
that, for optimum benefits, steel must be well deoxidized before the 
addition of boron. 


COMBINED EFFECT OF CARBON AND BORON ON HARDENABILITY 


Using the relation Fg = 1 + 1.5 (0.90 — C) the combined ef- 
fect of carbon and boron at various carbon contents was calculated 
by multiplying the boron factor by the factor for carbon assuming a 
grain size of 7. Two sets of calculations based on the factors for 
carbon derived by Grossmann (1) and by Kramer et al. (8) were 
made. Both are presented in Fig. 6 since it has not been generally 





1.20 
wo 
6 
e 1.00 
ow 
25 
oo 0.80 
oe (1) Curve Based on Grossmann's Factors 
© 0.60 for Carbon, No.7 Grain Size | 
os (2) Curve Based on Kramer, et al. Factors 
ie 040 for Carbon, No.7 Grain Size 
a 

0.20 

0 0.20 0.40 0.60 0.80 
Carbon % 


Fig. 6—Carbon Content Versus Combined Effect of Boron 
and Carbon on Hardenability. 


agreed which system of factors achieves a calculated hardenability 
that agrees most closely with the hardenability of a steel as measured 
by the end quench test. 

Fig. 6 indicates that the greatest depth to a certain per cent of 
martensite would be achieved in boron steels at 0.40 to 0.60% carbon 
with other alloying elements constant. However, it appears that the 
hardenability of boron steels varies to an unexpectedly small degree 
with carbon content in contrast to the marked effect of carbon con- 
tent on the hardenability of boron-free steels. It can be inferred 
that the depth to a certain per cent of martensite would change little 
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as carbon content is varied in an otherwise constant composition with 
quenching conditions uniform. The depth to any certain hardness 
would vary, of course, because of the variation of martensitic hard- 
ness with carbon content. 


CONCLUSIONS 


1. Carbon content affects the increase in hardenability due to 
boron. The hardenability factor for boron can be expressed approxi- 
mately by the formula: 


Fg = 1+ 1.5 (0.90 — C) 


in which Fg = hardenability factor for boron and C = carbon con- 
tent in per cent. 


2. Adequate deoxidation with aluminum or other strong deoxi- 
dizers prior to or accompanying the addition of boron is required to 
realize the potential increase in hardenability from boron. 
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DISCUSSION 


Written Discussion: By Murray C. Udy, Battelle Memorial Institute, 
Columbus, Ohio. 

The authors are to be congratulated on a fine piece of work. The 
data on commercial steels presented by them are a welcome addition to 
the literature on boron-treated steels. It should be pointed out, however, 
that carbon is not the only element that can cause a variation in the 
effectiveness of boron for increasing hardenability. Variations in some of 
these other elements might be the cause of some of the scatter in the 
results presented in the paper. Nitrogen is a particularly bad actor. 
Digges and Reinhart® point out that in high-nitrogen steels addition of the 
normal amount of ferroboron was ineffective in increasing hardenability, 
but that, when the nitrogen was tied up by titanium or zirconium, the 
effectiveness of the boron addition was maintained. These same investi- 
gators report that for some of their steels the maximum improvement, 
eaused by the addition of boron, increased with the increased amounts of 
molybdenum, chromium, or manganese. This same effect of molybdenum 
was also noted by Udy and Rosenthal.* 

Written Discussion: By Gerrit DeVries, associate metallurgist, U. S. 
Naval Proving Ground, Dahlgren, Va. 

Previous work*® has shown that the addition of boron to a steel does 
not always increase the hardenability as much as could be expected. This 
may be a result of the combination of the boron with the dissolved nitro- 
gen and oxygen in the steel or of the form in which the boron exists in 
the austenite. 

Therefore, a formula based on the higher values of increase in hard- 


approximation than that of the authors who based their formula on the 
average of a number of tests. 


A formula based on the higher values would show less change in 


*T. G. Digges and F. M. Reinhart, ‘Influence of Boron on Some Properties of Experi- 
mental and Commercial Steels,” Journal of Research, National Bureau of Standards, Vol. 
39, July 1947, p. 67-131. 


*M. C, Udy and P. C. Rosenthal, “Boron in Certain Alloy Steels,” A.I.M.E. TP 2085, 
Metals Technology, October 1946. 
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hardenability with carbon content than the authors’ formula when the 
combined effects of carbon and boron on hardenability are calculated. 

Written Discussion: By Thomas G. Digges, metallurgist, National 
Bureau of Standards, Washington, D. C. 

During the course of an investigation of boron-treated steels at the 
National Bureau of Standards,’ tests were carried out to determine the 
relation between boron, carbon and hardenability. End-quench tests were 
made on steels from three induction heats containing 0.20, 0.30 and 0.45% 
carbon. These heats were split and treated so that four ingots containing 
0.000, 0.0015, 0.003 and 0.006% boron were obtained from each heat. The 
results, as summarized in Fig. A (this discussion), show that the harden- 
ability was enhanced by all the additions of boron. The improvement, 
however, varied irregularly with the amount of boron retained. For 
example, in the heats with 0.20 and 0.45% carbon, the maximum improve- 
ment was attained by the addition of 0.006% boron, whereas the retention 
of 0.0015% was equally as effective or even more effective than 0.003%. 

Ideal diameter (D;) values were estimated from the results of the 
end-quench test by means of the relationship given by the authors in their 
Fig. 1. Using the procedure described in the text for determining the 
hardenability factor from D; values, results were obtained as follows: 





~————Per Cent — Hardenability 
Cc B Factor 
0.20 0.0015 1.4 
0.20 0.003 1.4 
0.20 0.006 2.1 
0.30 0.0015 1.5 
0.30 0.003 1.7 
0.30 0.006 1.7 
0.45 0.0015 1.4 
0.45 0.003 1.2 
0.45 0.006 1.5 


The results show no significant trend, although the maximum value 
of hardenability factor for each heat decreased with increase in carbon 
content. Comparison of the average hardenability factor shows that a 
change in carbon from 0.2 to 0.45% did not materially affect the response 
of these steels to the boron treatments. 

The writer has not found a definite correlation between the harden- 
ability as determined in the end-quench test and the amount of boron 
added or retained in steel. In many experimental heats, each containing 
about 0.30% carbon, the optimum hardenability was obtained with small 
additions of boron (0.001% or less retained), while in other steels the 
hardenability increased continuously with increase in boron within the range 
investigated. In still other steels, the addition of boron as a simple or com- 
plex intensifier was either without effect or even impaired the hardenabil- 
ity. The hardenability of the boron-treated steels was affected by the state 
of deoxidation of the heat and the final nitrogen content. High soluble 
nitrogen (and possibly oxygen) was detrimental to the effect of boron 
on hardenability. The magnitude of the hardenability effect due to boron 
appears to depend on the form in which it exists in austenite, not neces- 
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Fig. A—Relation of Carbon Content to the Hardenability of 
Boron-Treated Steels Containing 1.6% Manganese and 0.25% Silicon. 
The distances from the quenched end of the bar correspond to a 
structure of 50% martensite. Two pounds of aluminum per ton 
(0.10%) were added to each heat before making the ferroboron addi- 
tions in the furnace. 


sarily upon the amount present in the steel. The results obtained by 
calculating the hardenability of boron-treated steels should be used cau- 
tiously at the present time as it is believed that they are of questionable 
value, 

Written Discussion: By Walter Crafts, chief metallurgist, and John 
L. Lamont, research metallurgist, Union Carbide and Carbon Research 
Laboratories, Inc., Niagara Falls, N. Y. 

Messrs. Rahrer and Armstrong are to be commended for making 
data available from a sufficiently large number of commercial boron steels 
to permit a more accurate evaluation of the effect of boron on harden- 
ability. Data on open-hearth steel are particularly necessary as the effect 
of boron depends to a large degree on the conditions of melting. Arc 
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furnace and to an even greater degree high-frequency furnace steels 
require larger boron or deoxidizer additions to achieve the maximum 
effect. The necessity for combining boron with a strong deoxidizing 
treatment is essential to effective use of boron and ‘was recognized early 
in the development of the treatment (U. S. Patent 2,280,283). Aluminum 
is not specifically essential and the boron effect may also be brought out 
to a comparable degree vy other deoxidizers, such as silicon,. titanium, 
zirconium and vanadium. The lack of suitable data has also retarded the 
quantitative relation between boron and carbon, although such a relation 
was recognized qualitatively in our 1944 paper on hardenability factors. 


—— Hodge and Orehoski | 
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Fig. B—Effect of Boron on the Martensite Gradient. 


Boron, like zirconium, has the special property of increasing the 
steepness of the hardness gradient, so that, for the same ideal critical 
diameter (50% martensite), full martensite hardening penetrates to a 
greater depth in boron-treated steel than in untreated aluminum-killed 
steel. Boron does not harden, and may actually soften, the nonmarten- 
sitic constituents, increases the depth of hardening at 50% martensite and 
produces its greatest effect at 100% martensite. Evidence of this dis- 
proportionately large 100% martensite hardenability was presented in 
discussion of the Hodge and Orehoski paper and the extent is shown in 
Fig. B. 

For the same 50% martensite hardenability boron increases the ideal 
diameter of full martensite by 30 to 40%. The disproportionate increase 
does not seem to be dependent on carbon, but does increase somewhat 
at larger ideal critical diameters. The effect of boron on 90% martensite 
hardenability was derived by the method used in this paper from data 
given by Digges and Reinhart.? It will be noted that boron raises 90% 
martensite hardenability by 8 to 15% over untreated steels of the same 
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ideal critical diameter. Inspection of the data in Table I of the paper 
shows that the authors’ data are consistent with the relation shown in 
Fig. B when the ideal critical diameter is over 3 inches, but are not con- 
clusive at lower hardenability levels, possibly on account of treatments 
that did not effectively increase the ideal critical diameter. The upper 
limit in Fig. 4 is somewhat higher than that of Fig. 3, but the difference 
revealed by the Bureau of Standards’ data is greater than the authors’ 
observation would indicate. 


Mortensite Factor for Boron Steel 
Multiplying Factor 





0 02 04 O6 O08 
Martensite % Carbon % 


Fig. C—Martensite Factors for Boron. Left—Martensite gra- 
dient factor. Right—-Boron multiplying factor for 90 and 99.9% 
martensite. 


The effect of boron on the martensite gradient may be expressed as 
an extra factor proportional to the percentage of martensite by which 
the boron 50% martensite factor may be multiplied. This martensite fac- 
tor is shown in Fig. C, together with the modified boron factor for 90 
and 99.9% martensite based on the Rahrer and Armstrong boron factor 
for 50% martensite. 

The increased steepness of the hardness gradient and corresponding 
depth of fully hardened structure conferred by boron is of major signifi- 
cance and makes boron of special value in addition to its effect on 50% 
martensite hardenability. It materially increases the assurance that the 
optimum qualities dependent on quenching to a wholly martensitic struc- 
ture will be achieved. These qualities, as evidenced by the study reported 
by Patton,‘ are further intensified by the effects of special deoxidizing 


*W. G. Patton, “Mechanical Properties of NE, SAE and Other Hardened Steels,’ 
MeEtTAL Procress, Vol. 43, 1943, p. 726. 
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elements when the addition is made by means of one of the special boron- 
bearing complex addition alloys. 

Written Discussion: By Edward A. Loria, Fellow, Mellon Institute 
of Industrial Research, Pittsburgh, Pa. 

This paper is an interesting sequel to the recent contribution by 
Grange and Garvey (4) on the factors affecting the hardenability of 
boron-treated steels. The importance of securing adequate deoxidation 
with aluminum or other strong deoxidizers prior to or accompanying the 
addition of boron in order to realize the potential increase in hardenability 
from boron has been emphasized by the authors. However, it has not 
been mentioned that both nitrogen and oxygen are detrimental to the 
potential increase in hardenability achieved through boron addition. In 
a discussion of the Grange and Garvey paper the writer ascribed the 
boron effect as contingent on the presence of nitrogen and the possible 
formation of boron nitride. In steel, elements such as boron, aluminum, 
titanium, zirconium, and silicon form nitrides of greater stability than 
iron nitride. Since boron is similar to aluminum, zirconium and titanium, 
it becomes evident that one or more of these elements must be added 
to fix the nitrogen so that the added boron is not consumed through the 
supposed interaction between boron and nitrogen. Moreover, if nitrogen 
is responsible for temper brittleness, the addition of strong nitride- 
forming elements would affect susceptibility to temper brittleness. Boron- 
treated steels are very definitely susceptible to temper brittleness and 
titanium or zirconium additions do not prevent the phenomenon. 

Similarly, since boron is also an adequate deoxidizer, its effectiveness 
as a hardenability intensifier is sensitive to the degree of deoxidation and 
to the history of the heat before deoxidation. Therefore, some caution 
should be exercised in applying conclusions from experimental laboratory 
heats to large-scale, commercially made heats. The authors’ data pertain 
to commercial open-hearth heats. In steel made in the electric arc fur- 
nace, it is apparent that the effectiveness of boron in improving harden- 
ability is decreased unless one of the stable nitride formers mentioned 
above is used to counteract the appreciable amount of nitrogen introduced 
into the metal during the steelmaking process. Indeed, these facts only 
serve to emphasize the importance of the melting medium on the results 
achieved through boron addition. 

Considering the experimental results more specifically, the following 
questions arise which the writer would like to refer to the authors: 

1. Would they care to discuss the efficacy of boron distribution when 
added to the test ingot? In those steels where boron was added to the 
mold, it appears that there is but a small possibility of its uniform dis- 
tribution. Only a painstaking investigation of samples taken from all 
billets coming from the same ingot might produce the necessary data on 
the distribution of boron. 

2. The writer is aware that most of the Jominy test samplés were 
taken from the middle of the ingot. Did the authors observe the segre- 
gation of boron in any part of the ingot of their ladle-treated or mold- 
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treated steels? Billets of boron-treated steels often show pronounced 
variation of hardenability across the section, which gives rise to etching 
patterns similar to those caused by segregation. In such steels the boron 
effect has been found often to be practically confined to the outside ma- 
terial or to that within the central segregate. 

3. At what austenitizing temperatures were the grain sizes reported 
for the several steels determined? in general, the hardenability of any 
given steel increases as the austenitizing temperature (hence the austenite 
grain size) increases, but this does not appear to be true for steel con- 
taining boron. Grange and Garvey determined the influence of austeni- 
tizing temperature upon hardenability for several different boron-treated 
steels; in each case, the hardenability was less at an austenitizing tem- 
perature in the vicinity of 2000°F than at 1500 to 1600°F. The relative 
decrease in hardenability after high austenitizing temperature varied 
among the several steels, but was always appreciable. Perhaps, at high 
temperatures, austenite grain growth is arrested by the formation of a 
monoatomic layer of boron, which is surface-active toward gamma-iron 
and lowers the free energy of the grains. 


Authors’ Reply 


The authors are indeed grateful to those who have prepared dis- 
cussions. Their comments, by directing attention to new aspects of the 
data and contributing additional material of their own, have undoubtedly 
increased the value of the paper. 

For the sake of brevity, the deleterious influence of nitrogen on the 
hardenability of boron steels, discussed by Messrs. Udy, Loria and Digges, 
will be considered first. That nitrogen has an effect has been realized for 
some time but, to the authors’ knowledge, there were very few data on 
boron steels containing various amounts of nitrogen presented prior to 
Messrs. Digges and Reinhart’s comprehensive report (refer to discus- 
sions by Messrs. Udy, Digges and DeVries). This material, published 
before submission of the subject paper to the ASM, was not available to 
the authors for comment. 

The authors have noted that boron steels made in the electric arc 
furnace with 0.013% nitrogen or over did not achieve the hardenability 
anticipated if titanium or other strong nitrogen stabilizers were not 
included, even if the amount of aluminum was adequate. However, it 
seems doubtful if nitrogen, per se, influenced the hardenability of the 
samples of open-hearth steels examined, the nitrogen content of which 
was usually 0.002 to 0.004%, rarely up to 0.006%, even though titanium- 
type additions were not made in all cases. The authors are not familiar 
with data demonstrating that nitrogen in this limited quantity decreases 
the hardenability effect of boron if sufficient aluminum is added to pre- 
vent the oxidation of boron, as was shown in the subject paper. It seems 
reasonable that the requisite aluminum would also stabilize the nitrogen 
present, since, as Mr. Loria points out, it forms a stable nitride. 





$ 
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The authors did not include the analyses for nitrogen or discuss its 
effect on boron steels in the subject paper for the reasons cited above. 

In reply to Mr. Udy’s comments, we have noted his discussion in the 
paper by Udy and Rosenthal on the effect of molybdenum on the hard- 
enability factor for boron. The results on our samples containing molyb- 


denum showed this trend but not consistently. The range of composi- 


tions studied was not wide enough to determine the influence of varying 
amounts of elements other than carbon. Discussions and conclusions 


were therefore restricted to material on which reasonably conclusive evi- 
dence had been collected. 








D,-90% Martensite 
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Fig. D—D1 Values Based on 50% Martensite Versus 90% Martensite. 
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Messrs. Crafts and Lamont’s observations on the effect of boron on 
the martensite gradient arouse some very interesting speculations. How- 
ever, examination of the authors’ data did not reveal consistently greater 
increases in hardenability to 90% martensite than to 50% martensite in 
boron steels. This point is illustrated in Fig. D, which indicates no 
appreciably larger ratio of D: (90% martensite) to D: (50% martensite) 
in the boron samples. In general, a fairly constant ratio, D; (90% mar- 
tensite) to D; (50% martensite), of 5/6 is maintained for both boron 
and nonboron steels. 

Fig. E presents a different approach to essentially the same relation. 
A definite trend to higher values of the multiplying factors for boron 
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based on 90% martensite is apparent but not of the magnitude found by 
Messrs. Crafts and Lamont. However, so important a property as 
increased hardenability to a predominantly martensitic structure merits 
further consideration. 


Mr. Loria’s comments on the influence of nitrogen have been par- 
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Fig. E—Hardenability Factors for Boron. 


tially discussed earlier. However, concerning the observation on the 
susceptibility of boron steels to temper brittleness, other investigations by 
the authors on the physical properties of boron steels and results obtained 
by other investigators indicate that temper brittleness is not appreciable 
if the amount of boron added is limited to 0.0025% or less. The authors 
have no data on the precise effect of combinations of titanium, etc., with 
boron on this property. The authors believe that the lower impact values 
of boron steels reported in comparison with nonboron steels are often 
due to differences in microstructure arising from the higher hardenability 
of boron steels. 

Regarding Mr. Loria’s specific questions: 

1. The segregation of boron was estimated from chemical analyses 
of the rolled product from the top, middle and bottom of test ingots, the 
usual size of which was 23 by 23 by 85 inches. Results indicated that 
boron segregates in a manner and degree quite similar to sulphur. The 
mode of addition, i.e., to the ladle or to the ingot, caused no appreciable 
differences in segregation. Nominally uniform distribution of boron in 
the ingot was achieved by tossing 5 to 10 small packets of the boron alloy 
into the stream, this result being probably due to the violent stirring 
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action of the stream. In heats with ladle additions of boron, no decrease 
in boron content of the product of ingots teemed last was noted if an 
adequate amount of aluminum was included in the ladle additions. 

Supplementing the evidence of chemical analyses, end quench tests 
representing the top, middle and bottom locations of various test ingots 
revealed no greater differences in hardenability than could be ascribed to 
segregation of elements other than boron. Of course, the material tested 
in the standard end-quench specimen represents the outer portion of the 
ingot, since the test is prepared by forging or rolling the entire section. 

2. Concerning other evidences of segregation of boron, the authors 
examined numerous etched billet sections from boron steel ingots, some 
boron-treated in the ladle and some in the ingot. Comparison with simi- 
lar sections of the same steel compositions without boron revealed no 
significant differences in macrostructure. 

3. The grain sizes reported were determined at the austenitizing tem- 
peratures which were adjusted according to carbon content as follows: 


Normalizing Austenitizing 
Carbon Temperature Temperature 
% cs! °F 
0.25 or under 1650/1700 1650/1700 
0.26 to 0.40 1600/1650 1550/1625 
0.40 to 0.50 1600 1525/1560 
0.50 to 0.75 1600 1500/1550 
Over 0.75 1600 1475 


Exceptions to the above were on samples of the 9260 type steels which 
were normalized at 1625°F and austenitized at 1600 °F. 

The authors investigated the effects of various heating temperatures 
on the grain size of samples of SAE 1045 steels, some without boron and 
others containing various amounts of boron. Specimens were heated 1 
hour at temperatures from 1500 to 2000 °F at 50°F intervals. 

The grain size characteristic of a heating temperature was determined 
both by microscopic examination of a gradient quench specimen and by 
the fracture method. On all samples the grain size coarsened rapidly in 
a narrow zone of increasing temperature. With few exceptions the boron 
steels exhibited this characteristic at a slightly lower temperature. Very 
gradual changes in grain size were observed above the coarsening tem- 
perature but in none of the samples, with or without boron, was a com- 
plete arrest in increasing grain size noted, nor were the grain sizes of 
the boron steels appreciably smaller at 2000 °F. 

The authors have no explanation for the decrease in hardenability of 
boron steels as quenching temperature is increased above a certain maxi- 
mum. However, on the basis of the results described above, a cause other 
than an arrest in grain growth is responsible. 

We agree with Mr. Digges’ contention that the multiplying factors 
for boron are uncertain in the sense that exact predictions of the hard- 
enability of boron steels are not possible. However, the authors believe 
the factors are sufficiently accurate to be practical if applied to properly 
deoxidized steels with nitrogen stabilizing elements included if necessary. 
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To illustrate this point, the hardenabilities and the factors for boron 
of the samples cited by Mr. Digges were calculated by the same method 
as in the subject paper and tabulated as samples 9 to 12, 1 to 4 and 
5 to 8 inthe accompanying table. Data on other samples listed in Messrs. 
Digges and Reinhart’s report are also included. 








Chemical Analyses—Per Cent 


Sample Total 
Number Cc Mn P S Si Al Ti Ne 
9 0.21 1.54 0.012 0.020 0.28 ico see caret 
10 0.20 1.58 ieee ie ee 0.24 
11 0.20 1.55 0.25 
12 0.18 1.50 0.25 
1 0.29 1.60 0.011 0.020 0.26 ~ 0.006 
2 0.28 1.60 anon pews 0.23 0.05 0.005 
3 0.27 1.59 0.26 0.06 0.006 
4 0.27 1.61 0.26 0.05 0.005 
64 0.30 1.64 0.012 0.026 0.25 0.06 0.01 
68 0.29 .65 oh de im tes 0.41 0.06 0.02 ‘ae 
69 0.29 1.66 0.57 0.07 0.03 0.009 
C15 0.43 1.58 0.020 0.019 0.31 0.025 0.001 0.004 
C 7 0.43 1.59 0.018 0.016 0.45 0.05 0.027 0.004 
C 8 0.43 1.58 0.019 0.019 0.50 0.058 0.053 0.003 
5 0.47 1.56 0.011 0.020 Re aa} As a Beh eens 
6 0.47 1.58 ee ows Bima 0.23 
7 0.46 1.57 0.23 
& 0.44 1.57 0.23 
D1 From D1 Cale. 
Per Cent Aluminum Jominy- Hard. Hard. 
Sample Boron Added Grain 50% (Omitting Factor 
Number Added Lbs./Ton Size Martensite Boron) for Beron 
9 none 2 8 1.25 1.16 cm 
10 0.0015 2 8 1.85 1,14 1.50 
11 0.003 2 7 1.95 1.21 1.50 
12 0.006 2 6 2.75 1.25 2.04 
l none 2 8 2.15 1.39 cSacahe 
2 0.0015 2 7 3.15 1.45 1.41 
3 0.003 2 7 3.65 1.43 1.65 
4 0.006 2 6 3.65 1.58 1.50 
64 » none 2 8 1.80 1.48 aa 
68 0.003 2 8 4.00 1.64 2.00 
69 0.006 2 & 4.40 1.82 1.99 
C15 none Not 8 2.35 1.73 ss miale 
2 0.0015 Reported 8 4.85 1.98 1.80 
Cc 8 0.0022 S 4.65 2.08 1.65 
5 none 2 7 2.55 1.84 Te 
6 0.0015 2 6 3.60 2.01 1.29 
7 0.003 2 6 3.05 1.97 1.12 
8 0.006 2 5 3.95 2.09 1.37 


Samples 9 to 12, 1 to 4, and 5 to 8 were treated with ferroboron additions. 
Samples 64 to 69, and C15 to C8 were treated with Sileaz No. 3 additions. 


Samples C7, C8 and C15 were obtained from ingots of a commercial 
open-hearth heat to which boron additions were made while teeming. 
The remainder of the samples were prepared from small induction furnace 
heats. Calculations of D; values and multiplying factors were based on 
end-quench curves shown in Messrs. Digges and Reinhart’s report. 

The values derived vary somewhat from those calculated by Mr. 
Digges in his discussion, presumably due to differences in method of 
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adjusting for variations in chemical composition and grain size. The mul- 
tiplying factors do agree with Mr. Digges in that only the maximum in 
each group is within the limits shown in the authors’ Fig. 3. The aver- 
age of the hardenability factors in each group does, however, show a 
definite trend with a change in carbon content from 0.20 to 0.45%. 

On the other hand, the multiplying factors for boron on samples 
64, 68, 69, C7, CS and C15, containing titanium and zirconium, were con- 
sistent with the range of values in the authors’ Fig. 3. Although the 
nitrogen content, 0.005 to 0.006%, of samples 9 to 12, 1 to 4 and 5 to 8 
seems rather small, it appears to have rendered the contained boron only 
partially effective. At least, when titanium and zirconium were added 
to substantially the same compositions with carbon contents of 0.30 and 
0.45%, as in samples 64, 68, 69, C7, C8 and C15, the effects of boron were 
increased and nearly in accord with the authors’ formula. No examples 
of boron steels in the 0.20% carbon group with titanium-type additions 
were found in Messrs. Digges and Reinhart’s data. 

The authors agree with Mr. DeVries’ proposal of the formula 
Fy =1+1.8(09—C) for predicting the maximum increase in harden- 
ability from boron. However, considerations other than the attainment 
of maximum hardenability are often involved in the specification of addi- 
tions to a boron heat. It is believed that the authors’ formula 
Fp =1+1.5(0.9—C) will better serve the purpose of calculating the 
hardenability to be anticipated in a boron steel of open-hearth manu- 
facture. 





INFLUENCE OF NITROGEN ON THE HARDENABILITY 
AND NOTCH TOUGHNESS OF BORON-TREATED STEELS 


By Tuomas G. DIGGES AND FrEp M. REINHART 


Abstract 


End-quench and Charpy impact tests were made to 
determine the influence of nitrogen on the hardenability 
and notch toughness of boron-treated steels. Similar tests 
were cai ried out with high nitrogen steels containing about 
0.0015% boron and varying amounts of titamum, chro- 
mium or zirconium. 

Nitrogen had no significant effect on the hardenability 
of the steels without boron. Boron increased the harden- 
ability of all the low nitrogen steels but its presence was 
relatively ineffective in the high nitrogen steels that did 
not contain titanium or zirconium. Improvement in hard- 
enability due to boron, however, was attained in high 
nitrogen steels by including sufficient amounts of either 
titanium or zirconium. The notch toughness of the fully 
hardened and tempered steels was not materially affected 
by nitrogen or boron whereas the notch toughness of the 
high nitrogen-boron steels containing titanium, chromium 
or zirconium varied with the concentration of these ele- 
ments, hardness and test temperature. 


INTRODUCTION 


27 of the primary roles of an alloying element in steel is to 
increase its depth of hardening or its hardenability. At the 
beginning of the recent emergency, it was known that the addition 
of about 0.001 to 0.005% boron with so-called “intensifiers” or 
“needling agents” materially increased the hardenability of certain 
steels. This significant influence of boron suggested the possibility 
that it might be substituted for a part or all of the elements commonly 
used as alloying agents in steel. Obviously, the need was imperative 
for the conservation of strategic elements by the substitution of 


Published with the approval of the Director, National Bureau of Standards. 
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other elements available in relative abundance and by using leaner 
alloy steels. Accordingly, an investigation was carried out during 
1942 to 1944 at the National Bureau of Standards under the auspices 
of the War Metallurgy Committee, National Research Council, to 
determine the influence of boron on some properties of commercial 
and experimental steels. Special attention was directed to a study 
of the effect of boron on the properties of experimental steels varying 
in carbon, nitrogen, manganese, chromium, nickel or molybdenum. 

The results obtained during the course of the investigation were 
issued as restricted reports through the Office of Scientific Research 
and Development (1 to 10)* and some of these data were recently 
summarized in a paper (11). The results of end-quench harden- 
ability and Charpy impact tests obtained with the experimental steels 
containing varying amounts of nitrogen are assembled in the present 
report. 


STEELS USED 


The chemical composition of the steels used is given in Table I. 
All heats were made without a slag in a magnesia lined induction 
furnace at the Battelle Memorial Institute. Ingot iron was used as 
the base and additions as required of calcium cyanimide (technical 
grade) were made to the molten charge before deoxidizing with 
0.10% aluminum and pouring the first in a series of six ingots each 
weighing about 50 pounds. The boron additions were made in the 
furnace with ferroboron (12.1% boron) or in the ladle with Grainal 
No. 79 (0.54% boron, 7.5% manganese, 19.6% titanium, 3.6% 
zirconium and 13.0% aluminum). 

Four heats (9699, 9700, 9701 and 10138) were prepared alike 
except for the treatment with calcium cyanimide for variable nitrogen 
content. The steels from each of these heats consisted of a base 
without boron or titanium; 0.0015 and 0.003% boron additions with 
ferroboron; 0.0015 and 0.003% boron (ferroboron) and 0.20% 
titanium added as ferrotitanium; and 0.0015% boron added with 
Grainal No. 79. The latter steels also contained small amounts of 
titanium and zirconium from the addition with Grainal. 

The other heats were prepared with a high nitrogen content 
(about 0.020% ), 0.0015% boron added with ferroboron and vary- 
ing amounts of titanium, chromium (without and with titanium), or 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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zirconium. (A steel without boron was prepared from each heat 
containing chromium. ) 

Boron was determined by a distillation-colorimetric method 
using phosphoric acid and turmeric. The solubility of boron in the 
phosphoric acid varied with the amounts of titanium or zirconium 
retained in the steels. In the absence of these elements, a large per- 
centage of the boron was usually insoluble but in the steels treated 
with sufficient titanium (about 0.1%) or zirconium (about 0.2%) 
a large proportion of the boron was acid soluble. 

Nitrogen was determined in all of the steels by either the vacuum 
fusion or modified Allen method and in several of the steels by 
both methods. The usual procedure was to make one or more de- 
terminations on each steel that was tested by vacuum fusion and two 
or more determinations on those tested by the modified Allen method ; 
when two or more determinations were made, the average value is 
given in the table. The values obtained by the two methods agreed 
very closely. The nitrogen soluble in sulphuric acid (1 to 1 or 
stronger) varied with the titanium content but its solubility was not 
affected by the presence of either chromium or zirconium. That is, 
the titanium nitrides were insoluble whereas the zirconium nitrides 
(also chromium nitrides if any were present) were soluble in this 
acid. 

The steels with less than 0.05% titanium or 0.1% zirconium 
were relatively clean; the nonmetallic inclusions were chiefly man- 
ganese sulphide stringers with a few silicates and oxides. Numerous 
nitride inclusions were observed in the steels containing the higher 
additions of titanium or zirconium; these inclusions were often 
present in streaks. 

All ingots were hot-rolled, without difficulty, into plates which 
were subsequently normalized at 1650°F (900°C) and used for 
preparing the test specimens. 


AUSTENITE GRAIN SIZE 


Determination was made of the grain sizes established at 1575, 
1650, 1750 and 1900 °F (855, 900, 955 and 1040°C). Small speci- 
mens were heated in a furnace at the desired temperature for 45 
minutes (1 hour at 1650°F) and then cooled in a manner suitable 
for delineating the parent austenite grains. The grain size of the 
polished and etched specimens was estimated by comparing its micro- 
scopic image at 100 diameters with an American Society for Testing 
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1948 BORON-TREATED STEELS 1129 





Fig. 1—Influence of Nitrogen, Boron and Titanium on Austenite 
Etched with 1% nital. > 100. 


Grain Size. 


Grain 
Steel Boron —_—_—+—— Per Cent —————_ Size at, 
Fig. No. Agent B Ti N °F 
a 138 None None None 0.005 1650 
b 139 Ferroboron 0.0016 do 0.005 1650 
c 150 None None do 0.014 1900 
d 152 Ferroboron 0.0032 do 0.018 1900 
e 142 Grainal 0.0010 ie 0.004 1650 
No. 79 


f 143 Ferroboron 0.0015 0.11 0.007 1650 
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Materials standard grain size chart. Some of the observed trends 
are illustrated by the typical photomicrographs of Fig. 1, and the 
grain sizes established at the temperature used in hardening 
(1575 °F) are included with the data given in the hardenability 
charts of Figs. 2 and 3. 

The steels were fine-grained at 1575 °F (855°C) except that 
some grains of intermediate size (ASTM No. 4) were obtained in 


On 
oO 








Rockwell Hardness-C Scale 


0 2 Ci ome Boe Rs a a 
Distance from Quenched End of Specimen - Sixteenths of Inch 


Fig. 2—Hardenability Curves of Steels Varying in Nitrogen Content. The chemi- 
cal composition of the steels is given in Table I. Specmens were normalized at 1650 °F 
(900 °C) and end-quenched from 1575 °F (855°C). All the steels were fine-grained 
(ASTM No. 7 to 8 or 8) at 1575 °F. 


two boron-treated steels (195 and 196) which contained appreciable 
amounts of zirconium. The plain nitrogen steels (without boron, 
titanium or zirconium) were also fine-grained at 1650 °F (900 °C) 
(Fig. la). At 1750°F (955°C), some coarsening occurred in the 
low nitrogen steels whereas the intermediate and high nitrogen steels 
were fine-grained at 1900 °F (1040°C) (Fig. Ic). 

The addition of 0.0015 or 0.003% boron with ferroboron (no 
titanium or zirconium) tended to lower the coarsening temperature 
of austenite in low nitrogen steels (Figs. la and 1b), but the presence 
of intermediate or high nitrogen was usually effective in raising the 
coarsening temperature of the boron-treated steels (Fig. 1d) above 
the range ordinarily used in heat treating. 

The effect of titanium on the austenite grain size of the steels 
containing boron varied with the amount added and with the boron 
and nitrogen contents. With low nitrogen (about 0.005%), a small 
addition of titanium (0.03% retained) with a ferroalloy (Grainal 
No. 79) containing boron was ineffective in preventing a slight 
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coarsening due to boron at 1650°F (900°C) (Fig. le) but with 
higher additions of titanium (0.11% retained) with ferrotitanium 
the boron steels were fine-grained at 1650°F (900°C) (Fig. 1f). 
At 1900 °F (1040 °C), all low nitrogen steels were coarse-grained. 
With intermediate nitrogen (0.010 to 0.015%), one of the two steels 


Rockwell Hardness -C Scale 





0 8 16 24 32 0 8 16 24 32 
Distance from Quenched End of Specimen - Sixteenths of Inch 


Fig. 3—Hardenability Curves of High Nitrogen Steels. The chemical compo- 
sition of the steels is given in Table I. Specimens were normalized at 1650 °F 
and end-quenched from 1575 °F. All the steels were fine-grained (ASTM No. 7 


to 8 or 8) at 1575 °F, except steels 195 and 196 which ranged from ASTM No. 
4 to &. 


treated with Grainal No. 79 (low titanium and zirconium) was fine 
and the other was coarse-grained at 1900°F (1040°C) (steels 148 
and 154, respectively). With high nitrogen (0.020 to 0.030%), the 
trend was for the coarsening temperature to be lowered by the 
addition of titanium in the steels without and with chromium. How- 
ever, two steels (191 and 203) with relatively high amounts of 
titanium were fine-grained at 1900°F (1040°C). All the steels 
treated with Grainal No. 79 or with ferrotitanium contained titanium 
nitride inclusions. 

The austenite grain size of the high nitrogen steels containing 
boron was not appreciably affected by small additions of zirconium 
but with additions sufficiently high to retain 0.20% or greater there 
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was a marked decrease in coarsening temperature. The latter steels 
contained zirconium nitride inclusions. 

These results indicate that the role of each of the elements, 
nitrogen and titanium, in aluminum-killed steels containing boron is 
to raise the coarsening temperature of austenite but the presence of 
both of these elements in the same steel tends to neutralize their 
effectiveness as grain growth inhibitors. At steelmaking tempera- 
tures, titanium reacts with nitrogen to form titanium nitride, a com- 
pound insoluble in austenite at ordinary heat treating temperatures. 
Unlike alumina and some other insoluble oxides or undissolved car- 
bides in austenite of plain carbon or low alloy steels, the presence 
alone of titanium inclusions of microscopic dimensions was ineffective 
in raising the grain coarsening temperature of these steel containing 
0.0015 or 0.003% boron to that of. the high nitrogen steels without 
boron. An interesting feature is that many of the high nitrogen 
steels, without and with boron, and several with boron and titanium 
or zirconium were fine-grained at 1900°F (1040 °C). 


HARDENABILITY 


An end-quench (Jominy) test was made on a specimen pre- 
pared from hot-rolled plates (about 1% inch thick) of each steel 
and the results are summarized in the curves of Figs. 2 and 3. The 
water-cooled end of each specimen was prepared from the same 
relative position of the original ingots. The specimens, as normal- 
ized at 1650 °F (900°C), were finished to standard size and then 
end-quenched from 1575°F (855°C) (in furnace at temperature 
for 45: minutes) and tested in accordance with the procedures 
recommended by the American Society for Testing Materials (12). 
The relative hardenability of the various steels is obtained by a 
comparison of the positions of the curves of Figs. 2 and 3. However, 
the magnitude of the hardenability effect due to boron is conveniently 
shown by comparing the distances from the quenched end of the 
bars corresponding to the same hardness value or structure. The 
distances from the quenched end of the bar for Rockwell hardness 
values of C-45 and C-35 (95 and 50% martensite in 0.30% carbon 
steel) is given in Figs. 4 to 7. 

A change in nitrogen from 0.005 to 0.027% had no significant 
effect on the hardenability of the base steel without boron (Fig. 4). 
However, variations in nitrogen of this magnitude had a pronounced 
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O— -0% Boron, without Titanium 
X—— 0.0015% Boron, without Titanium 
A-— — 0.0015 % Boron with Titanium 
o— 0.0015 % Boron (Grainal No.79) 
@— 0.003 % Boron, without Titanium 
A— 0.003 % Boron with Titanium 


Rockwell C 45(95% Martensite ) 


Distance from Quenched End - Sixteenths of inch 





0.002 0.006 0.0I0 0.014 0.018 0.022 0.026 
Nitrogen % 


Fig. 4—Influence of Nitrogen on Hardenability. (Steels 138 to 155 
and 180 to 185.) 


effect on the boron-treated steels that did not contain titanium. In 
the low nitrogen (about 0.005%) steels the addition of boron mark- 
edly improved the hardenability regardless of the titanium content, 
but the hardenability was not materially improved by boron in the 
steels containing about 0.010% or more nitrogen that did not also 
contain titanium. That is, the beneficial effect of boron on harden- 
ability of the steels comprising these heats (without titanium) was 
obtained only in the low nitrogen steels. The action of boron in 
increasing hardenability was maintained to a considerable degree in 
the high nitrogen steels by the addition of titanium, either as a 
separate addition with ferrotitanium or as a complex intensifier 


(Grainal No. 79). 
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The effect of titanium on the hardenability of high nitrogen 
(0.020% ) steels containing approximately 0.0015% boron is shown 
by the curves of Fig. 5. There was some difference in the harden- 
ability of the two steels without titanium, each with the same boron 
content and the value for one steel containing titanium appears to 
be out of line with the remaining steels of this particular heat. It 


Rockwell C 45(95% Martensite ) 


Distance from Quenched End - Sixteenths of inch 





0 0.08 0.16 0.24 0.32 
Titanium % (Retained) 


Fig. 5—Influence of Titanium on the Hardenability 
of high nitrogen steels containing boron. 


should be noted that the hardenability of these high nitrogen steels 
without titanium was apparently somewhat improved by boron, 
especially steel 156. (Compare with the results, given in Fig. 4, of 
the high nitrogen steel without boron.) Differences of this order of 
magnitude may be expected from heat to heat of steels similar in 
chemical composition. The trend was for the hardenability of the 
steels comprising each heat to increase with titanium (retained) 
from 0 to about 0.08% and thereafter to decrease with an increase in 
titanium (only one heat with retained titanium in excess of 0.1%). 

The hardenability of the steels from two heats containing high 
nitrogen and varying amounts of chromium (Fig. 6) was not mate- 
rially increased by 0.0015% boron (addition with ferroboron) 





ee ee 
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whereas the hardenability was improved when the steels were also 
treated with titanium. 

The hardenability data of the high nitrogen steels containing 
0.0015% boron (additions with ferroboron) that were treated with 
zirconium are given in Fig. 7. Additions of zirconium ranging from 


O Steels without Boron or Titanium 
@ Steels with Boron, without Titanium 
A Steels with Boron and Titanium 








Distance from Quenched End - Sixteenths of inch 


Rockwell C 35(50% Martensite) 





0 0.2 0.4 0.6 0.8 
Chromium % 


_ _Fig. 6—Influence of Chromium on the Hardenability 
of High Nitrogen Steels. (Steels 168 to 173 and 198 
to 203.) 


0.0 to 0.20% were made to one heat (9703) but the maximum 
amount recovered was less than 0.01% (Table I). Considerably 
higher additions, therefore, were made to some of the steels of the 
other heat (10141) and a maximum concentration of about 0.6% 
was attained. The hardenability of the high nitrogen steels with less 
than 0.01% zirconium retained (steels 162 to 167) decreased with 
increase in amount added. The hardenability of the other heat (steels 
192 to 197) was not appreciably affected by the retention of zir- 
conium up to about 0.07% but the hardenability was improved when 
the amount of zirconium was in excess of 0.20%. The presence of 
zirconium nitride inclusions was observed only in the latter steels 
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with the relatively high hardenability. The wide difference in hard- 
enability of the two steels (162 and 192) not treated with zirconium 
might be due principally to a difference in carbon content. 

A correlation of the nitrogen values (Table I) with harden- 
ability shows, in general, a fair agreement between the proportion of 
nitrogen soluble in 1 to 1 sulphuric acid and the hardenability of 


Zirconium Added 
(Steels 162 to 167) 


Distance from Quenched End 
Sixteenths of inch 


mL 7 zirconium Added (Steels 162 to 167) 
| 





0 0.10 0.20 0.30 0.40 0.50 0.60 
Zirconium % 


Fig. 7—-Influence of Zirconium on the Hardenability of High Nitrogen 
Steels Containing Boron. 


the boron steels without and with titanium. In the high nitrogen 
steels prepared without titanium or with zirconium practically all 
the nitrogen was soluble in sulphuric acid, whereas in the steels 
containing titanium a large percentage of the nitrogen was usually 
insoluble. Whether the boron enhanced the hardenability of these 
steels without titanium or zirconium depended primarily upon the 
nitrogen content. If the values for soluble nitrogen were high, then 
the boron was usually relatively ineffective in improving the harden- 
ability and such a steel was comparatively shallow hardening. If 
sufficient titanium were added to combine with the nitrogen to form 
titanium nitride, then a large percentage of the nitrogen was insoluble 
in acid and the boron was effective in increasing hardenability. The 
exceptions were high acid-soluble nitrogen-boron steels without 
titanium (steels 156 and 162) and with titanium (steels 183, 157, 
158, 159, and 187) that had relatively fair to good hardenability. 
Microscopic examination showed the presence of titanium nitride, a 
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compound insoluble in sulphuric acid at 350 °F (175°C), in all the 
steels treated with titanium. 

For the high nitrogen steels treated with zirconium, practically 
all the nitrogen was soluble in sulphuric acid. Microscopic exam- 
ination, however, showed that zirconium nitride inclusions were 
formed with the addition of sufficient zirconium. These inclusions 
were insoluble in austenite at heat treating temperatures but were 
soluble in sulphuric acid. It is clear, therefore, that nitrogen com- 
pounds may readily exist that are soluble in a given acid and insoluble 
in austenite at heat treating temperatures. A close correlation in all 
cases between acid-soluble nitrogen and hardenability of boron- 
treated steels should not be expected. It should also be pointed out 
that aluminum nitrides, if present from the deoxidation practice, 
were also soluble in sulphuric acid as is evident from the values 
obtained with the steels without titanium, zirconium or chromium. 
Furthermore, additions of titanium or zirconium in excess of that 
required to react with the nitrogen in boron-treated steels may form 
carbides or enter into solution in the austenite and thus affect the 
hardenability. 

The results of this study indicate that the role of titanium or 
zirconium in enhancing the hardenability of boron-treated steels con- 
taining high nitrogen is to act as a “fixer” for nitrogen by forming 
nitrides insoluble in austenite at hardening temperatures and thus 
to decrease the amount of soluble nitrogen available for reaction with 
boron. Both titanium and zirconium appear to have a greater affinity 
than boron for nitrogen, and the presence of sufficient amounts of 
either of these elements in high nitrogen steels treated with boron 
has a desirable over-all effect on hardenability similar to that of a 
boron addition to a low nitrogen steel. 


Notcu TOUGHNESS 


Charpy impact tests were made on quenched and tempered 
V-notched specimens of the form and dimensions shown in Fig. 8. 
All specimens were prepared from %4-inch thick plates, normalized at 
1650 °F (900 °C), by rough machining to 0.41 to 0.45 inch square 
by about 2.16 inches long. The oversize specimens were heated in 
a furnace at 1575 °F (855 °C) for 30 minutes followed by quenching 
in water at room temperature and then tempering at 450, 800, 1000 
or 1200 °F (230, 425, 540 or 650 °C) for 1 hour and cooling in air. 
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After heat treating, the specimens were wet ground to size (Fig. 8) 
and notched (ends and notch not ground) with the notch located at 
right angles to the rolled surfaces of the plates and normal to the 
direction of rolling. Tests were carried out in duplicate at room or 
low temperature (tests at —40 and —70°F made only on Apeeaene 
tempered at 1000 °F) (540°C) in a Charpy machine of 224.1 foot- 
pounds capacity and a striking velocity of the hammer of 16.85 feet 


45° "v" Notch, .079" Deep 
.Ol" Radius at Bottom 


web. 
kot, 


a es a .394" 
Direction of Rolling 





Fig. 8—Dimensions of 
Charpy "nachna and Its Loca- 
tion in Relation to the Direction 
of Rolling the Steels. 


per second. The values for notch toughness, summarized in Figs. 9 
to 14, are the average obtained on duplicate specimens. 

The notch toughness at +70 °F (room temperature) of the fully 
hardened steels increased with increase in tempering temperature 
(decrease in hardness) as is illustrated in Fig. 9 for steels with 
variable nitrogen. It should be pointed out, however, that tests were 
not made on specimens tempered at temperatures between 450 and 
600 °F (230 and 315°C) and the exact shape of the energy-temper- 
ing temperature curve was not established for this temperature range. 
There was an appreciable scatter in values obtained for notch tough- 
ness of the steels heat treated and tested alike, especially after tem- 
pering at the higher temperatures (Fig. 9) and testing at low tem- 
peratures. The magnitude of these effects and the influence of 
variations in chemical composition are shown in Figs. 10 to 14. 

Variation in nitrogen from about 0.004 to 0.030% had no marked 
effect on the notch toughness at +70°F of the steels heat treated 
for various hardnesses or on the notch toughness at —40 or —95 °F 
of the steels when tempered at 1000 °F (540°C) (Fig. 10). Some 
trends, believed to be insignificant, were observed, such as a decrease 
in notch toughness at +70°F with a change from low to medium 
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Fig. 9—Effect of Tempering Temperature on the Notch Toughness at +70 °F 
of Steels Varying in Nitrogen Content. The Charpy specimens were quenched from 
1575 °F (855 °C) in water and tempered as indicated. 


nitrogen in the steels with 0.0 and 0.0015% boron without titanium 
when tempered at 1000 or 1200 °F (540 or 650°C). It should be 
emphasized, however, that with low nitrogen there was a significant 
trend for the notch toughness at +-70, —40 and —95 °F of the steels 
containing boron (0.0015 or 0.003%) and about 0.10% titanium to 
be lower than that of the base steels or the steels containing low 
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concentrations of titanium (treated with Grainal). (The notch 
toughness at +-70 °F of the boron-titanium treated steels was as high 
as that of the steel without boron when tempered at 450 °F.) 

The influence of titanium on the notch toughness of high nitro- 
gen steels with approximately 0.0015% boron (additions with Ferro- 


O— 0% Boron, without Titanium 
K—— 0.00I5% Boron, without Titanium 
Am=— 0.0015% Boron with Titanium 
o— 0.0015 % Boron (Grainal No.79) 
@— 0.003 % Boron, without Titanium 
A-— 0.003 % Boron with Titanium 


Tempered at |OOO°F; Tested as Indicated 


Energy Absorbed, 





004 .012 .020 .004 .Ol2 .020 
Nitrogen % 
Fig. 10—Influence of Nitrogen on the Notch Toughness at 
+70, —40 and —95°F. (Steels 138 to 155 and 180 to 185.) 


The Charpy specimens were quenched from 1575 °F (855 °C) in 
water and tempered as indicated. 


boron) is shown by the results summarized in Fig. 11. The retention 
of titanium up to about 0.15% had no material effect on notch tough- 
ness at +70 or —40 °F, but the notch toughness was usually de- 
creased by the addition of 0.36%. (At the higher hardness, tempered 
at 450 °F, the toughness at +70 °F of the latter steel was as high 
as that of the steels with lower titanium.) The trend was for the 
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notch toughness at —95 °F (steels tempered at 1000 °F) to decrease 
slightly with increase in titanium. 

The presence of chromium had no marked influence on the notch 
toughness at +70 °F of the steels when tempered at 450 °F (230 °C), 
whereas the values obtained with the chromium steels tempered at 
800, 1000 or 1200 °F (425, 540 or 650°C) were lower than similar 


O Steels 156 to I6!, Tested at +70°and -40°F 
@ Steels 186 to 19/1, Tested at + 70° and -40°F 
DO Steels I56to !6!, Tested at -95°F 
m Steels I86to I9l, Tested at -95°F 


Tempered as indicated Tempered at |OOO°F 
Tested at + 70°F Tested as indicated 
0.2 0.4 O 0.2 
Titanium % 
Fig. 11—Influence of Titanium on the Notch Toughness at 
+70, —40 and —95 °F of High Nitrogen Steels Containing Boron. 


The Charpy specimens were quenched from 1575 °F (855 °C) in 
water and tempered as indicated. 


treated steels without chromium (Fig. 12). It should be pointed 
out that chromium steels resist softening by tempering and some- 
what higher values for hardness after tempering at the higher tem- 
peratures were obtained on these steels than on those without chro- 
mium; notch toughness usually decreases with increase in hardness 
of heat treated steels. The trend also was for the notch toughness 
at —40 and —95 °F to decrease with increase in chromium (speci- 
men tempered at 1000°F). The addition of about 0.10 to 0.25% 
titanium to different heats adversely affected the notch toughness at 
+70, —40 and —95 °F of the high nitrogen steels containing chro- 
mium and boron when tempered at relatively high temperatures. 
The addition of 0.20% zirconium (less than 0.01% retained) 
to steels with high nitrogen and about 0.0015% boron (steels 162 to 
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O Steels without Boron or Titanium 
@ Steels with Boron, without Titanium 
4& Steels with Boron and Titanium 


Tempered at lOOO°F; Tested at Temperatures Indicated 
el 


Tempered as Indicated. Tested at + 70°F 
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nm 
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0 0.2 0.4 0.6 
Chromium % 





Fig. 12—Influence of Chromium on the Notch Toughness at +70, —40 and 
—95 °F of High Nitrogen Steels. (Steels 168 to 173 and 198 to 203.) The Charpy 
specimens were quenched from 1575 °F (855 °C) in water and tempered as indicated. 


167) had no appreciable effect on the notch toughness for any of 
the conditions investigated (Fig. 13). A noteworthy feature was 
the high values for notch toughness at low temperature of all the 
steels comprising this heat. At relatively high hardness (tempered 
at 450 °F), retained zirconium up to about 0.6% had no significant 
influence on the notch toughness at +70 °F of the steels (Fig. 14). 
However, the toughness at +70 °F of the specimens tempered at 800, 
1000 or 1200°F (425, 540 or 650°C) rapidly increased with in- 
crease in zirconium up to about 0.1%; remained constant or slightly 
increased with further increase in zirconium to about 0.45% and 
then decreased with the higher amount (0.6%). The notch tough- 
ness at —40 and —95 °F of the steels tempered at 1000 °F (540 °C) 
also rapidly increased with the zirconium up to about 0.1% and 
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Tempered as indicated Tempered at |000°F 
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Fig. 13—Influence of Zirconium on the Notch Toughness at +70, —40 and 
—95 °F of High Nitrogen Steels Containing Boron. Less than 0.01% zirconium 
was retained in any of these steels. The Charpy specimens were quenched from 
1575 °F (855 °C) in water and tempered as indicated. 
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j Fig. 14—Influence of Zirconium on the Notch Toughness at +70, —40 and 
—95 °F of High Nitrogen Steels Containing Boron. The Charpy specimens were 
quenched from 1575 °F (855 °C) in water and tempered as indicated. 


thereafter decreased with the higher amounts of zirconium. The 
values for notch toughness at +70 °F of the steels with 0.0 and 0.6% 
zirconium were of the same order of magnitude when treated alike. 








1144 TRANSACTIONS OF THE A. S. M. Vol. 40 


SUMMARY 


End-quench and Charpy impact tests were made to determine 
the influence of nitrogen on the hardenability and notch toughness 
of aluminum-killed experimental steels (split heats) prepared with- 
out and with boron and with both boron and titanium. Similar tests 
were made on high nitrogen steels containing 0.0015% boron and 
variable amounts of titanium, chromium or zirconium. 

All ingots were hot-rolled without difficulty into plates that 
were subsequently used for preparing the test specimens. 

The base steels were fine-grained at the temperatures used in 
hardening and normalizing. Additions of boron to these steels tended 
to increase the grain size at heat treating temperatures, whereas the 
addition of either nitrogen or titanium to the boron steels tended to 
raise the grain coarsening temperature. The presence of both nitro- 
gen and titanium in the same steel, however, tended to neutralize the 
effectiveness of each as a grain growth inhibitor. The grain size 
established at 1575 to 1900 °F (855 to 1040 °C) in steels containing 
high nitrogen and 0.0015% boron was not appreciably affected hy 
small additions of zirconium but there was a marked decrease in 
coarsening temperature in the steels with 0.20% or greater amounts 
of retained zirconium. Some of the high nitrogen steels, without and 
with boron, and several with boron and titanium were fine-grained 
at 1900 °F (1040 °C). 

Variation in nitrogen from about 0.005 to 0.030% had no sig- 
nificant effect on the hardenability of the steels without boron. All 
these steels were relatively shallow hardening. 

The effectiveness of boron in enhancing the hardenability varied 
with the nitrogen content of the different heats but a definite cor- 
relation was not always obtained between the nitrogen soluble in 
sulphuric acid and hardenability. In low nitrogen steels, the addition 
of boron markedly improved the hardenability, whereas in high nitro- 
gen steels (without titanium or zirconium) the boron was relatively 
ineffective in increasing the hardenability. However, improvement 
in hardenability due to boron was attained in steels with high nitro- 
gen by the addition of sufficient amounts of either titanium or zir- 
conium. In such steels, the titanium or zirconium formed nitride 
inclusions that were insoluble in austenite at the temperature used 
in hardening, thereby reducing the soluble nitrogen available for 
reacting with the boron. 
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The solubility of nitrogen in sulphuric acid varied with the 
titanium content but its solubility was not affected by the presence of 
zirconium or chromium or by deoxidation of the steels with 0.10% 
aluminum. 

Variations in nitrogen had no material effect on the notch tough- 
ness at room and low temperatures of the fully hardened and tem- 
pered steels. 

The notch toughness at room and low temperatures was usually 
lowered in the low nitrogen-boron steels by the retention of about 
0.10% titanium and in high nitrogen steels by high titanium. The 
effect of chromium and zirconium on the notch toughness of high 
nitrogen-boron steels varied with the concentration of chromium or 
zirconium, the hardness of the steels (tempering temperatures) and 
the test temperature. 

The steels containing chromium showed some resistance to sof- 
tening by tempering, but this property was not affected by nitrogen, 
boron, titanium or zirconium. 
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SOME CHARACTERISTICS OF THE METASTABLE AUS- 
TENITE OF 4 to 6% CHROMIUM + %% MOLYBDENUM 
CAST STEEL 


By GLEN J. GUARNIERI AND J. J. KANTER 


Abstract 


Inasmuch as a number of medium alloy steels are 
capable of retaining their austenitic condition for pro- 
longed times after being cooled to subcritical tempera- 
tures, an opportunity is provided for determining some 
of the mechanical properties of such austenite at these 
temperatures. Interest in these properties was aroused 
during the course of an investigation concerning the effect 
of stress on the transformation characteristics of a 5% 
chromium + %% molybdenum cast steel. A technique 
is described for conducting both high temperature tensile 
and impact tests on metastable austenite of this steel as 
well as a method capable of indicating the magmtude and 
nature of the stress effect on the austenite reaction. 

Stresses capable of plastically deforming the austenite 
at the transformation temperature definitely accelerated 
both the nucleation and the growth process of the reaction 
at least at temperatures below the apex of the time-tem- 
perature-transformation (TTT) curve. This stress 
effect may be a factor effecting more rapid transformation 
during the normalizing of large heavy sectioned castings 
of air hardening steels not reflected by the slower reaction 
taking place in small laboratory specimens cooled at cor- 
responding rates. 

Application of the knowledge of the mechanical prop- 
erties of subcritical austenite as well as its behavior during 
transformation under stress might be used to advantage 
in various forging, heat treating, casting, and welding 
operations. 


INTRODUCTION 


URING the past decade or two, many metallurgical investiga- 
tions of carbon and low alloy steels have been concerned with 
the study of austenite when cooled below its equilibrium temperature. 
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Impetus to such studies was first provided in this country through 
the introduction of the isothermal techniques of Davenport and 
Bain (1). 3 

In all such investigations one of the major points of interest has 
been that of the austenite stability and characteristics of its transfor- 
mation reaction at subcritical temperatures. Many variables affecting 
the rate and nature of the austenite transformation have been evalu- 
ated and from such data has emerged a most convenient and -fruitful 
concept of the austenite reaction not only from a theoretical stand- 
point but also in its application to various practical heat treating 
problems. 

The time-temperature-transformation (TTT) type of diagram 
demonstrates the persistence of the austenite at subcritical tempera- 
tures. Thus we see from such diagrams, typical of the air hardening 
type of steels, that this phase can exist intact for appreciable lengths 
of time at certain temperature levels well below the critical tempera- 
ture. In fact in certain steels this temporary existence of austenite 
at subcritical temperatures is so prolonged that examination of some 
of the mechanical properties of the austenite phase at these tempera- 
tures becomes quite feasible. 

A determination of such mechanical properties might prove 
useful simply from the standpoint of giving us even greater famili- 
arity with metastable austenite. Conceivably, information of this 
type could be applied to the interpretation of certain heat treating 
difficulties, such as quench cracking or in the development of low 
temperature forging techniques, and might even be extended to vari- 
ous casting or welding problems. From such data an opportunity 
is had for comparing the properties of the face-centered and body- 
centered lattice structures of quite similar composition at the same 
temperatures. 

The immediate interest of this investigation is concerned with 
an attempt to appraise the effect of possible size factors determining 
differences existing in the response to heat treatment between large 
commercial castings and small laboratory dilatometer specimens. 
This study was inspired by the consideration that stresses arising in 
large commercial sections due to greater thermal gradients might 
considerably exceed those obtaining in the small laboratory specimens 
used for transformation studies when subjected to similar cooling 
rates, as reported in the investigations of Ziegler and Meinhart (10) 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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and (11). Other investigators have considered a number of vari- 
ables affecting the austenite reaction, but apparently little or no 
actual data on the effect of stress have been available. Earlier reports 
in the literature have mentioned this factor and argue its effect in 
a general way through continuous cooling experiments. Mathews 
(2) in 1925 called attention to the observation that in a number of 
alloy steels capable of being hardened in oil, more austenite may be 
retained by oil quenching than by water quenching. Bain (3), in 
discussing further such an effect, attributed the more complete aus- 
tenite transformation of the water-quenched steels to the more 
intense stresses induced by water quenching as compared to oil 
quenching. 

Hoyt (4) in 1927 summarized the contemporary viewpoints of 
other investigators (5), (6), (7) by applying the LeChatelier prin- 
ciple stating the view that stresses tending to decrease volume (sim- 
ple hydrostatic pressure) might oppose transformations which are 
accompanied by increase in volume and vice versa. He classified 
the stresses set up in a steel bar undergoing cooling by dividing the 
cooling process into three steps: 

1. Period between-commencement of cooling and start of aus- 
tenite transformation of the skin. 
Further cooling of the skin to room temperature. 

3. Cooling of the interior to room temperature and its trans- 

formation. 

During the first period the exterior skin is always in tension and 
the inside core in compression but these stresses are relatively low 
since they are limited by the elastic limit of the high temperature 
austenite. During the second stage, the outer layer transforms and 
thus goes into compression which is further aggravated by the 
shrinkage of the core. If the temperature difference between the 
core and skin is large, the stresses may be large and the core may 
undergo its transformation aided by these tensional stresses according 
to the LeChatelier principle. Where a small temperature differential 
exists between skin and core during the approach of the core to its 
transformation temperature, these internal stresses would be small 
and when the core actually started to transform, the stresses would 
be reversed with the core in compression and skin in tension. The 
hydrostatic compression on the core would oppose further progress 
of the austenite transformation. The low temperature differential sit- 
uation is obtained from the oil quench and the large temperature dif- 


2? 
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ferential from the water quench, thus accounting for the relative 
quantities of retained austenite between certain oil and water- 
quenched alloy steels. 

Scott (8) has shown that the surface stress existing at room 
temperature in a water-quenched 1-inch diameter 1% carbon +- 1.5% 
chromium steel is approximately 30,000 psi compression while a 1% 
plain carbon steel which hardened only to a depth of 4% inch showed 
110,000 psi compression at the surface. In the shallow hardening 
steel the specific volume of the martensitic skin was greater than that 
of the core transformation products, thus giving rise to the more 
intense stresses and thereby appearing to accelerate the core trans- 
formation. 

More recently Manning (9) has pointed out that the probable 
reason for the failure to obtain a good correlation between predicted 
hardness and actual hardness of steels based on equal cooling rates 
is due to stresses caused by thermal gradients and allotropic trans- 
formations. Suggestions had been made that the transformation char- 
acteristics of steel could be followed under large hydrostatic pres- 
sures, but to our knowledge no such studies have been reported. 
These studies concerned with observations under direct and known 
simple tension are therefore reports for what further understanding 
they may afford. 


Test MEtTHops 


Preliminary to a study of the isothermal transformation rates 
of austenite while under stress, it was desirable to establish first the 
transformation characteristics of the unstressed austenite of the same 
steel and second to determine the tensile properties of the austenite 
for purposes of estimating a reasonable set of test stresses to be 
superimposed upon the transformation process. A cast 5% chro- 
mium + 14% molybdenum steel was selected for these tests because 
of its sluggish reaction rate. Exhaustive information on the trans- 
formation character of this type of cast steel is to be found in the 
investigations of Zeigler and Meinhart (10), (11). 

Test coupons 6 inches long by 1 inch wide were cast in standard 
keel blocks (four coupons per block) from a 6-ton basic electric are 
furnace heat of the following chemical compositions : 


C Mn Si S P Cr Ni Mo 
0.26 0.62 0.72 0.007 0.028 5.17 0.32 0.46 
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All coupons were normalized first at 1800 °F (980°C) and then at 
1650 °F (900 °C) followed by a 5-hour draw at 1300 °F (705 °C). 

Tensile Tests—High temperature tensile tests were conducted 
on the austenite at subcritical temperatures using a standard 0.505- 
inch diameter specimen with a 2-inch gage length. On the basis of 
preliminary TTT determinations conducted on this steel, it was pos- 
sible to select temperature levels at which the austenite was retained 
for sufficient time to permit carrying out such tensile tests. 

The tensile specimen, threaded into its holders, was austenitized 
by heating at 1700°F (925°C) for % to 1 hour. The assembly 
was then air-cooled to the approximate tensile testing temperature 
during which time an automatic recording high temperature-type 
extensometer was attached to the specimen. The assembly was then 
inserted into the tensile test furnace which had been preheated and 
adjusted to the test temperature with a dummy setup. After the 
temperature gradient over the gage length had been smoothed to a 
maximum variation of 5 °F, the specimen was loaded in a hydraulic- 
type tensile machine at a rate approximating 0.001 inch per inch 
per minute strain on the gage length. This strain rate was acceler- 
ated several fold after exceeding the yield point. At the conclusion 
of each such test, one end of the fractured specimen was water- 
quenched from the test temperature and checked by metallographic 
and hardness examination to insure that no transformation had oc- 
curred during the short-time tensile test. Conventional high temper- 
ature tensile tests were conducted on the normalized and drawn 
structure for comparison purposes by heating the specimens directly 
to the test temperature. 

Impact Tests—To make a more complete comparison of the 
properties of the austenite with those of the ferrite-carbide structure, 
Charpy impact tests (keyhole notch) were made on the two structures 
at elevated temperatures. The metastable austenite was tested using 
a heating cycle similar to that described for the tensile tests. Three to 
four seconds were required for transferring specimens from furnace 
to machine and testing. 

Isothermal Transformation Tests—The effect of tensile stresses 
upon the speed of the austenite reaction was studied using a modified 
form of the isothermal technique. Threaded 0.505-inch diameter 
tensile specimens with a 134-inch gage length from shoulder to 
shoulder were used for this purpose. The specimen, with the 
threaded ends fully engaged in a set of austenitic nickel-chromium 
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steel holders, was positioned in a conventional-type beam loading 
creep unit without load and austenitized at 1700 °F (925°C) for % 
to 1 hour. The austenitizing furnace was then removed and the 
specimen was air-cooled to approximately the subcritical test tem- 
perature at which time a second furnace, preheated on a dummy 
setup at the test temperature, was placed over the tensile specimen. 
With a little experience it was possible to cool the specimen from 
the austenitizing temperature ‘to the transformation temperature and 
have less than 10°F temperature gradient from one end of gage 
length to the opposite in 5 to 8 minutes at which time the stress was 
applied.” 

In determining the TTT curve for the zero stress condition, % 
inch diameter by % inch long specimens were austenitized at 1700 °F 
(925 °C) for 1 hour and air-cooled to the transformation tempera- 
tures at approximately the same cooling rates as encountered by the 
stressed specimens. While small errors were introduced in deter- 
mining the true time for start of isothermal transformations, due to 
the delayed cooling, the stress effect on this time was evaluated from 
specimens all cooled similarly from the austenitizing temperature to 
the transformation temperature. At temperatures near the nose of 
the TTT curve where transformation gets under way in the course 
of a few minutes, no attempt was made to conduct transformation 
tests under stress. 

Progress of the transformation was checked metallographically 
in the unstressed specimens. Since in most cases the transformation 
occurred over a period of hours and days, a recording device was 
arranged for continually recording the length change of the stress- 
transformation specimens. As pictured schematically in Fig. 1, this 
was accomplished by measuring the travel of the beam through 
which the stress was applied. At constant load and temperature 
the only stretch in the system was that due to the gage length change 
of the specimen since its threaded ends were fully engaged in the 
holders. The holders themselves, being an austenitic nickel-chro- 
mium steel, underwent no transformation. The motion of the creep 
unit beam which reflected the extension of the test specimen was 
indicated by a change in millivoltage through attaching to the beam 
a device consisting of a pulley affecting a variable voltage divi‘ter 
(R,). The voltage gradient across the divider was established by 
a single 1.5-volt dry cell (E) and was adjusted t» some fixed value 





*The actual time the specimen was cooling below the A; temperature of about 1500 °F 
(816 °C) would be less than 5 to 8 minutes. 
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To Beam of Creep Unit 






Variable Diameter Pulley 


Voltage Divider 


Counter Weight —\ | 


R, { To Recording Potentiometer 





R; 5000 Ohm Voltage Divider 

Re 5000 Ohm Variable Resistance 
E 1.5 Volt Dry Cell 

V O.C. Voltmeter 


Fig. 1—Schematic Diagram of Recording Dilatometer. 


by the variable series resistor (R,). A standard type of multiple 
point temperature recorder served to record both the specimen tem- 


perature and the voltage change induced by the length change of the 
specimen. 
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Voltage Gradient Across 
Voltage Divider 
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1.99 Volts 
(46.5 Mv. per i 


Vertical Movement of Pulley Wire - Inches 





0 5 10 15 20 25 30 35 40 
Millivoltage Change 


Fig. 2—Calibration of Recording Strain Gage Using 4-Inch Diameter. 


Since the principal purpose of noting the length change of the 
specimen was to determine the time for beginning and ending of 
transformation it was not necessary to know the actual value of the 
length changes. However, calibration of the voltage gage was made 
to get some indication of its sensitivity. As indicated in Fig. 2, the 
taper of the voltage divider was linear over a wide range of milli- 
voltage change and the sensitivity could be increased in proportion 
to the voltage gradient across the divider. For the transformation 
tests reported here, 1.48 volts was impressed across the divider which 
permitted a sensitivity at the beam of 0.028 inch per millivolt 
change. Since the recorder was capable of detecting a voltage change 
of at least 0.10 millivolt and since the specimen extension was mag- 
nified through the lever system of the beam by a factor of seven, the 
over-all sensitivity was at least as good as 0.0003 inch in 1 inch of 
gage length. 

One complicating factor in following dilatometrically the trans- 
formation of stressed austenite is the specimen length change due to 
creep alone. However, this did not interfere with the determination 
of the time for transformation to begin as there was a sharp increase 
in the rate of elongation when this reaction started. 
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Millivolts 
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Temperature 
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Temperature Recorded 
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1100 °F Furnace 
Placed on Specimen 


| 
Load Applied 
to Specimen 
: eae 
0 pe 
800 1000 1200 1400 1600 
Temperature °F 






Austenitizing ——* 
Furnace Removed 


Fig. 3—Transformation of Stressed Austenite at 1100 °F (595 °C) of Cast 5% 
Chromium + %% Molybdenum Steel. 


The dilatometric method of establishing the time for beginning 
of transformation was checked metallographically by the method 
illustrated in Fig. 3. In this case the transformation was followed 
at 1100 °F (595 °C) with 20,250 psi (1.5 times the yield stress of 
the austenite at 1100°F). After 30 minutes, start of the transfor- 
mation was noted on the recorder. After 45 minutes, the ioad was 
removed, the specimen unscrewed from its hclders while still in the 
furnace and water-quenched to room temperature. The microstruc- 
ture confirmed the recorder data that transformation had just got 
under way. At the conclusion of all such stress-transformation tests 
the specimen was similarly treated and examined metallographically. 

The dilatometric criterion used to establish the beginning of the 
transformation was the sharp break in the time versus extension re- 
cording which checked well with the first appearance (metallo- 
graphically) of a transformation product. At the temperature levels 
where transformation was carried to completion a similar but opposite 
break in the extension curve indicated the end point of the reaction. 








1156 TRANSACTIONS OF THE A. S. M. Vol. 40 
100 


Normalized and Drawn 


90 Metastabie Austenite ~~ 


80 


Stress - 1000 psi 
wn 
Oo 


+ 
oO 


30 


20 


Elongation % 


Elongation in 2 inches 





700 900 1100 1300 
Temperature °F 


Fig. 4—High Temperature Tensile Properties of Cast 5% 
Chromium + %% Molybdenum Steel. 


DISCUSSION OF RESULTS 


Mechanical Properties of Austenite—In addition to indicating 
the strength and ductility characteristics of metastable austenite, the 
data of Fig. 4 compare the tensile properties at the same elevated 
temperatures of the austenite lattice and ferrite-carbide structure in 
5% chromium + 14% molybdenum steel. Typical are the relatively 
low yield stress and high ductility values of the austenitic structure 
particularly at temperatures below 1100 °F (595 °C). 

The high temperature yield strength properties of such a steel 
when in its austenitic condition suggest the possibility of carrying on 
forming operations in the temperature range of 1000 to 1200 °F (540 
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Fig. 5—High Temperature Impact Strength of Cast 5% 
Chromium + %% Molybdenum Steel. 
to 650°C). Such a procedure would permit the use of extremely 


low finishing temperatures followed by a recrystallization during 
the subsequent austenite transformation. In fact, if the hammering 
operation were carried out during the austenite transformation rather 
than before it started, the forgeability or flow characteristics might 
be found to be even better than that indicated by the yield strength 
values of the austenite. This observation can be appreciated more 
fully after consideration of some of the stress-transformation results 
which indicate the severe loss in hot strength the steel evidences while 
undergoing transformation. 

The comparatively high impact strength of the austenite (Fig. 


Table I 


Cast 5% Chromium + %% Molybdenum Steel 
High Temperature Mechanical Properties of Austenitic and Ferrite-Carbide Structure 


Yield Stress 





Charpy 


Tensile Elongation Reduction 
Strength (0.2%) in 2 inches of Area Impact 
——— psi wer, —— psi . —k—— ————_ -——-Ft-Lbs——_, 
Temp. Aus- Ferrite Aus- Ferrite Aus- Ferrite Aus- Ferrite Aus-_ Ferrite 
oF tenite Carbide tenite Carbide tenite Carbide tenite Carbide tenite Carbide 
750 23,000* 78,000 11 42 
800 80,000 95,000 22,000 76,000 60 12 57 41 55 
900 90,000 69,000 16 45 53 37 
1000 58,750 85,000 16,300 57,000 47 22 63 60 55 30 
1100 50,300 50,000 13,500 40,000 50 30 65 72 30 
1200 13,000* 19,000 > 60 33 
1400 10,000* 


*Estimated from loading rate dial of tensile testing r.achine. 





No extensometer. 
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Fig. 6—Beginning of Isothermal Transformation of Cast 5% Chromium + %% 
Molybdenum Steel. 


5) reflects the low yield-high tensile strength characteristics of this 
phase. 

Austenite Transformation—Figs. 6 and 7 together with Table 
II summarize the results obtained from 91 unstressed and 27 stressed 
isothermal transformation test specimens. The diagrams represent- 
ing the times for beginning and completion of the austenite trans- 
formation have been constructed by considering points of equivalent 
strain condition at the different temperature levels. Thus a line has 
been drawn through the points representing transformation of the 
unstressed austenite and has been labeled the no stress line. Simi- 
larly, another line has been drawn through a set of points which 
represent a condition wherein the austenite has been subjected to 
a tensile stress equal to 1.5 times its yield strength at the particular 
temperature of the austenite transformation. Such stress values 
were chosen on the basis of the previously determined tensile data 
of the metastable austenite. In this manner an attempt was made 
to compare the reaction rates at different temperatures for the aus- 
tenite exposed to conditions of approximately equal strain rather 
than equal stress. 
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Table Il 
Effect of Stress on Austenite Transformation of 5% Chromium fee Yy% ap erann Steel 
Trans- 
Transformation formation Duration of 
Transformation ———Stress————, Begins Ends Transformation 
Temp., °F Psi Minutes Hours Hours 
750 : ie a > 500 
800 + 63,000 3 ys 8 aaa 
850 eee ere PP > 500 
900 ee So ae 18,000 > 1000 
2 ee 3,000 1500 1450 
1000 16,300 y-s. 3,000 ein'hn 
24,450 1.5 y.s 1,300 550 "525 
ee 2. ee ae 180 75 73.5 
8,000 p.1. 180 oats ciel 
1100 13,500 y.s. 40 60 59.2 
20,250 1.5 y.s. 40 35 34.2 
40,000 3 y.s. 25 staat eee 
_ Fe er a 25 6 5.5 
1200 6,000 p.L. 30 3.5 3 
— 1.5 y.s 10 3.3 3.2 
1300 oseeee 5 1 4 
0 Dik 3 (ferrite) 2 eas 
1400 on ; ote aie ; ey Fs ty 
vowed 1 errite ; 
se 2 MRL SARs e Sy 25 (pearlite) 
Note: = yield stress; p.l. = proportional limit. 
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1200 
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oO 
oO 


1000 


Fig. 


Ferrite + 
Pearlite 


Molybdenum Steel. 








Time - Hours 





7—Ending of Isothermal Transformation of Cast 5% Chromium + %% 


The argument in favor of this method of comparison is sub- 


stantiated by the nature of the results obtained. 


At a particular 


temperature in the range of 800 to 1200 °F (425 to 650°C) both 
the time for beginning and ending of the austenite transformation 
was shortened if the austenite was stressed at loads equal to or in 
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Figs. 8 and 9—Typical Isothermal Transformation Products of Cast 5% Chromium 
+ %% Molybdenum Steel. X 500. Etched in Picral + HCl. Fig. 8—1450 °F (790 
°C), 26 Hours. Fig. 9—-1100 °F (595 °C), 21 Hours. 


excess of its yield stress while little effect could be distinguished 
when lower stresses were used. Apparently the extent of plastic 
deformation was the factor to be considered. | 
In the temperature range of 1000, 1100 and 1200 °F (540, 595 
and 650°C) in which most of the stress tests were conducted, the 
austenite to pearlite reaction is nucleated at the grain boundaries and 
progresses by diffusion of the participating atoms from within the 
grains. In this same temperature range, deformation of the 5% 
chromium + %% molybdenum steel under stress may occur both 
by displacement at the grain boundaries and by transgranular slip, 
the higher temperatures and slower rates of strain contributing more 
to the intergranular mode of deformation. These strain energies 
and lattice disturbances occurring at the nucleating center materially 
accelerate the austenite transformation. At temperatures below 
1000 °F (540°C) the acicular bainite transformation product and 
the strain deformation in this steel both originate within austenite 
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Figs. 10 and 11—Typical Isothermal Transformation Products jof Cast 5% Chro- 
mium + %% Molybdenum Steel. X 500. Etched in Picral + HCl. Fig. 10—800 °F 
(425 °C), 1 Hour. Fig. 11—800 °F (425 °C), 63,000 psi, 4% Hour. 


grains and are guided by the pattern of the austenite lattice shear 
planes. Again this coincidence of transformation and deformation 
sites would be expected to facilitate the reaction. The order of 
magnitude of this effect at 800 °F (425 °C) is indicated in Fig. 6. 

The photomicrographs of Figs. 8 to 11 illustrate typical micro- 
structures of the transformation products found in this steel. 

While only a few preliminary stress tests were made at tem- 
peratures above the nose of the transformation curve, the indication 
was that stress had little effect in accelerating transformation at these 
temperatures. Apparently the temperatures are sufficiently high to 
render the more rapid diffusion rates relatively insensitive to the 
strain factor. 

While the data obtained represent the situation for tension only, 
it is likely that an effect of the same order of magnitude would be 
obtained under conditions of uniaxial compression. In this case, 
deformation and lattic disturbances would occur as in the case of 
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tensile loading while little restraint would be imposed on the growth 
of the more voluminous reaction products as would be the situation 
for pure hydrostatic compression. 

Of general interest is the relationship of stress, creep, and aus- 
tenite transformation that was noted during the course of many of 
the stress tests. After application of a load to a specimen in the 
austenitic condition at the transformation temperature, very little 
creep could be detected before tlie reaction started. However, during 
the transformation process a very rapid rate of creep was noted 
which declined after the transformation was completed. For ex- 
ample, in Fig. 3 the deformation of the specimen as recorded by 
the gage over the 15-minute period that the transformation was 
under way represents an elongation of 0.41%. Actually, only about 
0.02% is due to the small amount of transformation that has occurred 
(10) so that the remainder of 0.39% represents the large amount 
of creep that occurred during this short time interval. This is in 
agreement with much of the experience with the creep of metals 
whereby any disturbance existing within the metal, such as spheroidi- 
zation, recrystallization, and some forms of precipitation, has been 
found to accelerate creep deformation. The transformation of aus- 
tenite definitely gives rise to a drastic type of microstructural dis- 
turbance and accordingly accounts for the low load carrying ability 
of the steels during the time this reaction is taking place. This tem- 
porary but pronounced loss of strength of a steel during the time 
this transformation is taking place is unquestionably a contributing 
factor to the formation of cracks and tears whenever the cooling 
cycle is such as to produce high stresses during the transformation 
process. 


CONCLUSION 


The existence of thermal and transformation stresses in steels 
has been recognized generally for some time. Actual determination 
of calculation of the magnitude of such stresses in irregularly shaped 
objects at elevated temperatures becomes quite complex. It was the 
original intent in undertaking this investigation to determine more 
fully to what extent stresses might influence the heat treating be- 
havior of a 5% chromium + %% molybdenum steel. On the basis 
of the observations made, it is understandable how large size heavy 
sectioned castings during a normalizing treatment may sustain trans- 
formation upon cooling to 700 or 800 °F while a smail laboratory 
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specimen may not transform until cooled to below the M; tempera- 
ture in the vicinity of 350°F (175°C). Where large quantities 
of such castings are being double normalized and drawn, considerable 
saving in time and furnace utilization may be effected through the 
demonstrations that transformations occur more rapidly than indi- 
cated by conventional studies. 

A knowledge of the mechanical properties of metastable aus- 
tenite might be used to general advantage in the processing and 
treating of air hardenable steels. 

It would be of fundamental theoretical interest to conduct long- 
time creep tests on the metastable austenite of this type of steel at a 
temperature of about 950°F (510°C) where the austenite exists 
for a prolonged period approaching 1000 hours. Comparison of the 
austenitic creep strength with that obtained on the normalized and 
drawn structure at the same temperature might give more insight 
into whether the face-centered lattice per se is responsible for the 
relatively high creep strength of the austenitic stainless steels or 
whether this strength is more a function of composition. 

There is nothing unusual about the manipulation and physical 
testing of metastable austenite if one permits the inclusion of the 18-8 
stainless steels and Hadfield manganese steels in this category, both 
of which are prone to transform at room temperature when suffi- 
ciently stressed. Extension of our knowledge of the physical and 
mechanical characteristics of lower alloyed austenites should 
strengthen our fund of basic information upon which we rely for 
interpretation and prediction of steel behavior. 
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